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TECHNICAL PROGRAM AND REPORTS OF OFFICERS 
AMERICAN SOCIETY FOR METALS—4ist ANNUAL 
CONVENTION, CHICAGO, OCTOBER 31 AND 
NOVEMBER 1-6, 1959 


F YR THE purposes of record and for the benefit of members who 
were not in attendance at the Forty-first Annual Convention of the 
Society, held in Chicago, October 31 and November 1-6, 1959, the Pro- 
grams of the Technical Papers and the Reports of Officers for 1959 are 
herewith published in full. 


ASM SEMINAR ON 
RESONANCE AND RELAXATION IN METALS 


Saturday, October 31 
Hotel Sherman, Ballroom—9 a.m 


Chairman: John N. Hobstetter 


Acoustic and Magnetic Resonance—Arthur S. Nowick, IBM Research Center 
Cyclotron Resonance in Metals—John K. Galt, Bell Telephone Laboratories 
Nuclear Resonance in Metals at Low Ficlds—Alfred G. Redfield, IBM Watson 
Laboratory 
Hotel Sherman, Ballroom—2 p.m 
Chairman: R. I. Jaffee 
Ferromagnetic Resonance—Donald S. Rodbell, General Electric Research Labo- 


ratory 
Relation of Metallic Bonding to Elastic Constants—Charles S. Smith, Case Insti 


tute of Tec hnology 
Hotel Sherman, Ballroom—3 p.m 
Chairman: Morris E. Fine 
Dislocation Relaxation at High Frequencies—P. G. Bordoni, University of Pisa, 
italy 
Sunday, November 1 
Hotel Sherman, Ballroom—9 a.m 
Chairman: Morris Nicholson 
Elastic Internal Friction Effects in Crystals and Dislocations—James S. Koehler, 
University of Illinois 
Large Amplitude Effects and Fatigue—W. P. Mason, Bell Telephone Labora 
tories 
Investigation of Radiation Damage Using Acoustics—David K. Holmes, Oak 
Ridge National Laboratories 
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Hotel Sherman, Ballroom—2 p.m. 
Chairman: Raymond L. Smith 


Stress Induced Atom Motion—Charles A. West, University of Illinois 

Interaction of Conduction Electrons and Acoustic Waves—Donald F. Gibbons, 
Bell Telephone Laboratories 

Investigation of Metallurgical Phenomena Through Elastic Constants—John M 
Sivertsen, University of Minnesota 


TECHNICAL PROGRAM OF AMERICAN 
SOCIETY FOR METALS 


Monday, November 2 


Hotel Sherman, Louis XVI Room—9 a.m. 


Steel I 


Presiding Officers 
G. H. Enzian, Jones & Laughlin Steel Corp. 
W. T. Lankford, U.S. Steel Corp. 


Effect of Cold Work on Temper Brittleness—A. S..Keh and W. C. Porr, U.S 
Steel Corp., Research Center, Monroeville, Pa. 

Influence of Static Stress and Temperature on Internal Damping—J. W. Clark 
and W. C. Hagel, General Electric Co., West Lynn, Mass 

Correlation Between Internal Friction and Temper Brittleness in Steel—A. F. K 
Kaddou and P. C. Rosenthal, University of Wisconsin, Madison 

Gas-Metal Reactions During Box Annealing of Low-Carbon Steel—R. M. Hud 
son and G. L. Stragand, U.S. Steel Corp., Research Laboratory, Monroeville, 
Pa. 

The Importance of Directionality in Drawing Quality Sheet Steel—R. L. White 
ley, Bethlehem Steel Co., Bethlehem, Pa. 


Hotel Sherman, Assembly Room—-9 a.m. 


Titanium 


Presiding Officers 
P. D. Frost, Battelle Memorial Institute 
H. Margolin, New York University 


Anomalous Effect of Hydrogen on the Mechanical Properties of Ti-8 Mn Alloy 
A. H. Fleitman, Crane Co., Engineering Div., Chicago 

Supersaturation as a Factor in the Hydrogen Embrittlement of Titanium Alloys 
D. N. Williams, F. R. Schwartzberg and R. I. Jaffee, Battelle Memoria! 
Institute, Columbus, Ohio 

Diffusion of Oxygen in Alpha and Beta Titanium—W. P. Roe, American Smelt 
ing & Refining Research Laboratories, South Plainfield, N. J.. H. R. Palmer 
Titanium Metals Corp. of America, Henderson, Nev., and W. R. Opie, Na 
tional Lead Co., Research Laboratory, South Amboy, N. J. 

Kinetics of Decomposition of Alpha Prime in a Titanium-Copper Alloy—M. P 
Gomez, Boeing Airplane Co., Renton, Wash., and D. H. Polonis, University 
of Washington, Seattle 

On the Aging Behavior of the Alloy Ti-6Al-4V—J. M. Dupouy, M. B. Bever 
and B. L. Averbach, Dept. of Metallurgy, Massachusetts Institute of Tech 
nology, Cambridge 

Corrosion Behavior of Titaninm-Palladium Alloy—M. Stern and C. R. Bishoy 
Metals Research Laboratories, Union Carbide Metals Co., Niagara Falls 


N. Y 
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Hotel Sherman, Louis XVI Room—2 p.m 
High-Strength Steels 


Presiding Officers 
L. G. Ebeling, General Electric Co 
O. O. Miller, International Nickel Co 


Fatigue Properties of High-Strength Steels—H. E. Frankel and J. A. Bennett, 
National Bureau of Standards, Washington, D. C., and W. A. Pennington, 
University of Maryland, College Park 

Influence of Pre-Existing Sharp Cracks on Brittle Fracture of a Ni-Mo-V Forg- 
ing Steel—E. T. Wessel, Westinghouse Electric Corp., Research Labora 
tories, Pittsburgh, Pa 

Dimensional Stability of a Precision Ball Bearing Material—E. B. Mikus, Convair 
Astronautics, San Diego, Calif., and J. M. Gerty, T. J. Hughel and A. C. 
Knudson, General Motors Technical Center, Warren, Mich. 

Effect of Deformation Prior to Transformation on the Mechanical Properties of 
4340 Steel—E. B. Kula and J. M. Dhosi, Watertown Arsenal, Watertown, 
Mass 

Strength of Martensite Formed From Cold Worked Austenite—J. C. Shyne, 
V. F. Zackay and D. J. Schmatz, Ford Motor Co., Scientific Laboratory, Dear 
born, Mich 

Tuesday, November 3 


Hotel Sherman, Louis XV 1 Room—9 a.m 
Steel II 
Presiding Officers 
M. Cohen, Massachusetts Institute of Technology 
S. L. Gertsman, Dept. of Mines & Technical Surveys, Canada 


Effect of Austenitizing, Tempering and Microstructure on the Properties of a 
Cr-Mo-V Steel—F. E. Werner, T. W. Eichelberger and E. K. Hann, West 
inghouse Electric Corp., Research Laboratories, Pittsburgh 

Effect of Cooling Rate From Ms Temperature to Room Temperature on Mag- 
netic Properties of 3.5% Chromium Magnet Steel—W. L. Hodapp, Crucible 
Steel Co., Sanderson-Halcomb Works, Syracuse, N. Y., and E. A. Loria, 
Climax Molybdenum Co. of Pennsylvania, Pittsburgh 

Tensile Properties of Copper-Bearing Low-Carbon Steel—G. W. Bush, Pennsyl- 
vania State University, and R. W. Lindsay, Crucible Steel Co., Central Re- 
search Laboratory, Pittsburgh 

Retained Austenite in Precipitation Hardening Stainless Steels—G. Krauss, Jr., 
and B. L. Averbach. Dept. of Metallurgy, Massachusetts Institute of Tech- 
nology, Cambridge 

Hotel Sherman, Assembly Room—9 a.m 
Creep and Deformation 
Presiding Officers 
D. Krashes, Worcester Polytechnic Institute 
K. M. Carlsen, Jones & Laughlin Steel Corp 

Effect of Stress on the Creep of Aluminum in the Dislocation Climb Range—A. 
Bayce, W. D. Ludemann, L. A. Shepard and J. E. Dorn, Institute of Engi 
neering Research, University of California, Berkeley 

Experimental Survey of the Deformation of the Hard Ductile Two-Phase Alloy 
System W’'C-Co—C. Nishimatsu and J. Gurland, Engineering Div., Brown 
University, Providence, R. I 

Directional Grain Structures for High-Temperature Strength—F. L. VerSnyder 
and R. W. Guard, General Electric Co., Research Laboratory, Schenectady, 
N. Y. 

Activation Energies for Creep of an Alpha Solid Solution of Magnesium in 
Aluminum—N. R. Borch, L. A. Shepard and J. E. Dorn, Institute of Engi 
neering Research, University of California, Berkeley 








nn 
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Hotel Sherman, Louis XVI Room—2 p.m. 


Physical Metallurgy 


Presiding Officers 
R. A. Swalin, University of Minnesota 
W.R. Upthegrove, University of Oklahoma 
Study on the Relationship Between State of Aging and Notch-Fatigue Per 
formance of a High-Strength Aluminum Alloy—G. W. Form, Dept. of Metal 
lurgical Engineering, Case Institute of Technology, Cleveland 
Precipitation Process in Copper-Chromium Alloys—R. O. Williams, Cincinnati 
Milling Machine Co., Cincinnati 
Effect of Trace Elements on the Tensile, Electrical Resistance and Recrystalli 
f High-Purity Nickel—K. M. Olsen, Bell Telephor 


sation Properties 
Laboratories, Inc., Murray Hill, N. J. 
Thermal and Electrical Conductivities of Ductile Cast Iron and Several Gr 
Cast Irons—J. H. Brophy, Massachusetts Institute of Technology, Can 
bridge, and M. J. Sinnott, University of Michigan, Ann Arbor 
Investigation of Aluminum-Copper Composites Prepared by Solid-State Bond 
M. Williams, Aircraft Nuclear Propulsion Dept., General Elect: 
B. Bever, Massachusetts Institute of Tec! 
Alloys Disclosed 
S. Weissman 
,N 


ing- -J. 
Co., Cincinnati, Ohio, and M 
nology, Cambridge 
Substructure Characteristics of Fine-Grained 
Reflection Microscopy and Diffraction Analysis 
Rutgers University, Bureau of Engineering Research, New Brunswich 


Metals and 


| 


X-Ray 


AMERICAN SOCIETY FOR METALS ANNUAL MEETING 


Wednesday, November 4 
Hotel Sherman, Ballroom—9 a.m 


Campbell Memorial Lecture 
of Metals 


Role of Hydrogen and Other Interstitials on the Mechanical Behavior 
A. R. Troiano, Case Institute of Technology 
Hotel Sherman, Louis XVI Room—2 p.m 


Mechanical Working 


Presiding Officers 
J. F. Libsch, Lehigh University 
E. M. Mahla, E. I. du Pont de Nemours & Co 
Effect of Rolling Variables on the Hot Rolling of Titanium and Titanium Al 
loys—F. R. Larson and J. Nunes, Ordnance Corps, Watertown Arsenal 
Watertown, Mass 
Effect of Initial Increments of Hot Working on the Mechanical Properties 
Certain Ferrous Materials—H. J. Wagner, Battelle Memorial Institute, Co 
University, Columbus 
Thermo-Mechanical Method for Residual Quenching Stresses 
Aluminum Alloys—H. N. Hill, R. S. Barker and L. A. Willey, Engineerir 
Design Div., Alcoa Research Laboratories, New Kensington, Pa 
Calculation of Rolling Forces Using the Orowan Theory—J. E. Hockett, Lo 
Alamos Scientific Laboratory, Los Alamos, N. Mex 
Effect of Selenium on the Machinability and Tensile Properties of 5% Chromiun 
Joulger, Div. of Ferrous Metallurgy, Battelle Memorial In 


lumbus, and J. W. Spretnak, Dept. of Metallurgical Engineering, Ohio Stat: 
‘7 


Relieving 


Steel—F. W 
stitute, Columbus 
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Thursday, November 5 
Hotel Sherman, Bal Tabarin Room—9 a.m 


Nuclear Metals 
Presiding Officer 
W. W. Martin, Los Alamos Scientific Laboratory 

High-Strength Zirconium Alloys—R. K. Wagner and H. E 
ternational, Canoga Park, Calif. 

Effect of Uranium Hydride Distribution and Recrystallization on the Tensile 
Properties of Uranium—H. R. Gardner and J. W. 
Co., Richland, Wash. 

Textures in Extruded Uranium—R. B. Russell, 
bridge, Mass 

Transformation Kinetics and Mechanical Properties of 
Columbium-0.5% Molybdenum Alloys—E. G. Zukas, Los 
Laboratory, Los Alamos, N. Mex. 

Metallographic Study of Stringers in Inert Atmosphere-Melted Zircaloy-2—J. D. 
Grozier, L. S. Rubenstein and J. G. Goodwin, Core Engineering Dept., West- 
inghouse Electric Corp., Bettis Plant, Pittsburgh 


Kline, Atomics In- 


Riches, General Electric 
Nuclear Metals, Inc., Cam- 


Uranium-0.5% 
Alamos Scientific 


Hotel Sherman, Assembly Room—9 a.m 


Austenitic Alloys 


Presiding Officers 
W. O. Harms, University of Tennessee 
S. W. Poole, Republic Steel Corp 


Some Metallurgical Factors Affecting Stress Corrosion Cracking of Austenitic 
Stainless Steels—H. H. Uhlig, Dept. of Metallurgy, Massachusetts Institute 
of Technology, Cambridge, and R. A. White, Standard Oil Co. of California, 
San Francisco 

Tensile and Yield Strength of Cr-Mn-N Steels at 1 Temperatures—J. C. 
Shyne, F. W. Schaller and V. F. Zackay, Ford Motor Co., Scientific Labora- 
tory, Dearborn, Mich 

Effect of Interstitial Carbon Plus Nitrogen and Precipitation Reactions on the 
Properties of Austenitic Cr-Mn-C-N Steels—C. M. Hsiao, Peking Institute 
of Iron and Steel, China, and E. J. Dulis, Crucible Steel Co. of America, Cen 
tral Research Laboratory, Pittsburgh 

Role of Boron in Cast Austenitic Alloys—R. W. Kraft, Jr., United Aircraft 

Corp., East Hartford, Conn., and R. A. Flinn, Dept. of Chemical and Metal 
lurgical Engineering, University of Michigan, Ann Arbor 

Structure and Properties of Austenitic Alloys Containing Aluminum and Silicon— 
D. J. Schmatz, Ford Motor Co., Scientific Laboratory, Dearborn, Mich. 

Development of a Ferromagnetic Cobalt-Base High Temperature Alloy—A. 


Cochardt, Westinghouse Electric Corp., Research Laboratories, Pittsburgh 


Hotel Sherman, Bal Tabarin Room—2 p.m 


Refractory Metals 


Presiding Officers 
H. H. Chiswik, Argonne National Laboratory 
C. T. Sims, Knolls Atomic Power Laboratory 


Properties of Refractory Alloys Containing Rhenium—C. T. Sims, Knolls Atomic 
Power Laboratory, General Electric Co., Schenectady, N. Y., and R. I 
Jaffee, Battelle Memorial Institute, Columbus 

Flow, Fracture and Twinning of Commercially Pure Vanadium—W. R. Clough, 
Connecticut Operations—Canel, Pratt & Whitney Aircraft, Middletown, 
Conn., and A. S. Pavlovic, Union Carbide Metals Co., Niagara Falls, N. Y. 
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Exploration of High-Boron Alloys—A. U. Seybolt, General Electric Co., R¢ 
search Laboratory, Schenectady, N. Y. 

Columbium-Oxygen System—R. P. Elliott, Armour Research Foundation 
Illinois Institute of Technology, Chicago 

High-Temperature Oxidation of Tungsten-Columbium Alloys—J. W. Semme! 
General Electric Co., Flight Propulsion Laboratory Dept., Cincinnati 


Monday, November 2 


Hotel Sherman, G. Bernard Shaw Room—9 a.m 


American Society for Metals Engineering Program 
Panel Conference on Composite Metals 


Precision and Specialty Composite Metals—J. J. Buchinski, B. C. Coad and E. M 
Jost, Metals and Controls Div., Texas Instruments, Inc 

Vacuum Coated Composites—Howard M. Farrow, NRC Equipment Corp., and 
Philip J. Clough, National Research Corp. 

Clad Metals—Louis K. Keay, Lukens Steel Co 

Hotel Sherman, G. Bernard Shaw Room—2 p.m 

Laminated Metal and Ceramic Composite Materials—F. R. Shanley, Universit 
of California, Los Angeles 

Fiber Reinforced Metallic Composites—D. L. McDanels, Robert W. Jech, an 
J. W. Weeton, NASA 

Metal Reinforced Ceramics—Joseph W. Chambers, Marquardt Aircraft Co 

Vinyl-Coated Metals—Edward B. Osborne, B. F. Goodrich Chemical Co 


AMERICAN SOCIETY FOR METALS ENGINEERING 
PROGRAM CONFERENCE ON EXPLOSIVE 
FORMING 


Tuesday, November 3 
Hotel Sherman, G. Bernard Shaw Room—9® a.m 
Principles and Future of Explosive Forming—C. P. Williams, E. I. du Pont 
Nemours & Co ) 
Adapting Explosive Forming to Production—John J. Kelly, Stanford Researc! 
Institute a : 
Dies, Explosives and Energy Transmittal—C. O. Williams, Olin Mathieso 
Chemical Corp 
Tuesday, November 3 
Hotel Sherman, G. Bernard Shaw Room—2 p.m 
{pplicability and Range of Applications of the Process: 


Panelists—Floyd Cox, Ryan Aeronautical Co., Joseph L. Bird, Nitrofor: 
Inc., C. P. Williams, E. I. du Pont de Nemours & Co., John Rinehart, Colo 


rado School of Mines, John Pearson, China Lake, Naval Ordnance Te 
Station 


AMERICAN SOCIETY FOR METALS ENGINEERING 


PROGRAM CONFERENCE ON REFRACTORY 
METALS 


Wednesday, November 4 
Hotel Sherman, G. Bernard Shaw Room—2 p.m 


Beryllium—N. W. Bass, Brush Beryllium Co 
V anadium—T. W. Merrill, Vanadium Corp. of America 
Columbium—Ralph H. Hiltz, Tapco Group, Thompson Ramo Wooldridge, In 
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Thursday, November 5 


Metal Treating Institute 
Jointly With American Society for Metals 


Hotel Sherman, Ballroom—9 a.m. 


Heat Treating to Rigid Specifications 


— Control During Heat Treatment—Frank Hobbs, Ipsenlab of Canada 

td. 

How to Obtain Specified Requirements Through Heat Treating—L. J. Haga, 
State Heat Treat, Inc. 

Heat Treatment of Gears 
Panelists: N. O. Kates—Furnace and Induction, J. Howat—Flame, H. C. 
Knerr—Nitriding, M. Soviak—Salt Bath 


Wednesday, November 4 


Metal Powder Industries Federation and Powder Metallurgy 
Parts Manufacturers Association 
Jointly With American Society for Metals 


Hotel Sherman, Old Chicago Room—2 p.m 
. f 


Powder Metallurgy Clinic—Advantages, Invitations, Applications: Case His- 
tories of Parts, Principles of Powder Metallurgy (Movie), Panel Discussion 


METAL ENGINEERING PROGRAM 
Thursday, November 5 


Hotel Sherman—9 a.m 
New Materials and Fabrication Techniques 


Foamed Metals—Johan A. Bjorksten, Bjorksten Research Laboratories, Madison, 
Wis 

Delvin, a Plastic With Metal-Like Properties—W. C. Warriner, Polychemicals 
Dept., E. I. du Pont de Nemours & Co., Inc., Wilmington, Del. 


Hotel Sherman—2 p.m 


Forming and Fabrication of Yttrium Metal—J. M. Williams and C. L. Huffine, 
ANPD, General Electric Co., Cincinnati 

Electron Beam Melting, Welding and Ingot Conditioning—Mars Hablanian and 
James H. Moore, NRC Equipment Corp., Cambridge, Mass. 

Plasma for Working and Testing Modern Materials—James A. Browning, 
Thermal Dynamics, West Lebanon, N. H. 


Thursday, November 5 


Ultrasonic Manufacturers Association 
Jointly With American Society for Metals 


Hotel Sherman, Assembly Room—2 p.m 


'Itrasonic Cleaning—H. F. Osterman, Branson Ultrasonic Corp., and Stanley 
E. Rich, The General Ultrasonics Co. 

Ultrasonic Processing—Paul M. Platzman, Narda Ultrasonics Corp., and Thomas 
J. Bulat, Pioneer-Central Div., Bendix Aviation Corp 

Ultrasonic Drilling, Machining and Grinding—Harvey B. Foulkes, Jr., Cavitron 
Equipment Corp., and Paul A. Sorensen, Raytheon Manufacturing Co. | 

Ultrasonic Welding, Soldering and Brazing—William C. Potthoff, Aeroprojects, 

Inc. 


~ 
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Monday, November 2 
A.S.M.—A.E.C. Symposium on the Rare Earths and Related Metals 
Hotel Sherman, Bal Tabarin Room—9 a.m. 
Occurrence and Extraction 

General Introduction—R. R. Nash, Div. of Research, Atomic Energy Commission 
Historical Introduction—F. H. Spedding, Iowa State University 
Chemistry of the Rare Earths—Therald Moeller, University of Illinois 
Occurrence and Strategic Supply—R. J. Anderson, Battelle Memorial Institut: 
Separation by Fractional Crystallization—Howard E. Kremers, Lindsay Chemi 

cal Div., American Potash and Chemical Co 
Separation by Liquid-Liquid E-xtraction—D. F. Peppard, Argonne 

Laboratory 
Separation by lon Exchange—J. E. Powell, Iowa State University 


National 


Hotel Sherman, Bal Tabarin Room—2 p.m 
Applications of Metals and Compounds 
Non-Nuclear Applications to Magnesium—T. E. Leontis, Dow Chemical Co 
Non-Nuclear Applications to Ferrous and Other Light Metals—John F. Collins 
V. P. Calkins and J. A. McGurity, General Electric Aircraft Nuclear Pri 
pulsion Dept 
Non-Nuclear Applications to Non-Metallic Items—Howard E. Kremers, Lindsay 
Chemical Div., American Potash and Chemical Co 
Nuclear Applications—Kermit Anderson, Knolls Atomic Power Laboratory 
Analytical Chemistry of the Rare Earths—C. V. Banks, Ames Laboratory, Iowa 
State University 
Analytical Spectroscopy of the Rare Earths—V. A. Fassel, Ames Laboratory 
Iowa State University 
Tuesday, November 3 
Hotel Sherman, Bal Tabarin Room—29® a.m 
Preparation of Rare Earth Metals 
Metal Production From Fluorides—O. N. Carlson and F. Schmidt, Ames Labo 
ratory, Iowa State University 
Metal Production From Chlorides, Bromides and lodides—F. E. Block, Alba 
(Ore.) Station, U. S. Bureau of Mines 
Metallothermic Preparation of Rare Earth Metals—A. H. Daane, Ames Lab 
ratory, Iowa State University 
Metallothermic Preparation of Yttrium—O. N. Carlson, Ames Laboratory, Iow 
State University 
Electrolytic Preparation—E. Morrice and R. G. Knickerbocker, Reno Statio1 
U. S. Bureau of Mines 
Refining and Purification of Rare Earth Metals—C. L. Huffine and J. M. Wi 
liams, General Electric Co., Aircraft Nuclear Propulsion Dept 
Mechanical Fabrication of Rare Earth Metals—Karl M. Bohlander, Genera 
Electric Co., Aircraft Nuclear Propulsion Dept 
Tuesday, November 3 
Hotel Sherman, Bal Tabarin Room—2 p.m 
Properties of the Metals and Their Alloys 
Physical Properties of the Rare Earth Metals—A. H. Daane, Ames Laboratory 
Iowa State University 
Crystallography of the Rare Earth Metals—K. A. Gschneidner, Los Alamo 
Scientific Laboratory 
Metallography of the Rare Earth Metals—B. Love, Research Chemicals Co 
Phase Diagrams—C. E. Lundin, Denver Research Institute 
Principles of Alloying Behavior—J. T. Waber and K. A. Gschneidner, L« 
Alamos Scientific Laboratory 
Mechanical Properties of Rare Earth Metals—C. R. Simmons, General Electric 
Co., Aircraft Nuclear Propulsion Dept. 
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FourtH ANNUAL AWARDS LUNCHEON 


At the Fourth Annual Awards Luncheon of the American Society 
for Metals, more than 500 members and guests were present. The 
meeting was held in the Grand Ballroom of the Hotel Sherman, Tues- 
day, November 3, 1959. 

Presiding at the luncheon, President Clarence Lorig introduced the 
persons seated at the top table and then proceeded with the presenta- 
tion of the awards. 

The awards and those recipients receiving the awards are listed as 
follows: 

Metal Treating Institute Annual Achievement Award to—Helen Hoover 

[he Henry Marion Howe Medal to—John E. Dorn, Frank E. Hauser and 
Philip R. Landon 

Che ASM Teaching Award to—Walter A. Backofen 

The Francis F. Lucas Metallographic Award by A. I. Buehler to—F. M. Beck 

A Distinguished Life Membership in the American Society for Metals to 
Thomas F. Patton 

Those seated at the top table were : George F. Sullivan, Editor, The 
Iron Age, Philadelphia; Harold B. Gotaas, Dean, The Technological 
Institute, Northwestern University, Evanston, Ill.; E. P. Doyle, Ex- 
ecutive Editor, Chicago American, Chicago; Marion J. Goglia, Dean, 
College of Engineering, University of Notre Dame, Notre Dame, Ind. ; 
Archer W. P. Trench, President and Publisher, American Metal 
Market, New York, N. Y.; Peter Robertson, Vice President, Research 
and Planning, Republic Steel Corporation, Cleveland; Frederick M. 
Gillies, Chairman, Board of Directors, Acme Steel Company, Chicago ; 
John F. Smith, Jr., President, Inland Steel Company, Chicago; E. R. 
Johnson, Vice President, Operations, Republic Steel Corporation, 
Cleveland; Arthur Lehr, President, Bliss & Laughlin, Inc., Harvey, 
Il.; J. L. Mauthe, Chairman, Youngstown Sheet and Tube Company, 
Youngstown, O.; Joseph L. Block, Chairman, Inland Steel Company, 
Chicago ; C. L. Hardy, President, Joseph T. Ryerson & Son, Inc., Chi- 
cago; Joel Hunter, President, Crucible Steel Company of America, 
Pittsburgh ; Allan Ray Putnam, Managing Director, American Society 
for Metals, Metals Park, Novelty, O.; Thomas F. Patton, President, 
Republic Steel Corporation, Cleveland ; C. H. Lorig, President, Ameri- 
can Society for Metals, Technical Director, Battelle Memorial Insti- 
tute, Columbus, O.: Earle C. Smith, Chief Metallurgist and Director 
of Research, Republic Steel Corporation, Cleveland; Walter Crafts, 
Vice President, American Society for Metals, Associate Director 
Technology, Union Carbide Metals Company, Niagara Falls, N. Y.; 
Cyril S. Smith, Professor of Metallurgy, Institute for the Study of 
Metals, The University of Chicago, Chicago; John E. Dorn, Professor 
of Metallurgy, University of California, Jerkeley, Calif.;: Frank E. 
Hauser, Assistant Professor of Mechanical Engineering, University of 








10 TRANSACTIONS OF THE ASM Vol. 52 


California, Berkeley, Calif.; Philip R. Landon, Research Metallurgist, 
University of California, Lawrence Radiation Laboratory, Livermore, 
Calif. ; A. I. Buehler, President, Buehler Ltd., Evanston, II. ; Walter A 
Backofen, Associate Professor of Metallurgy, Massachusetts Institute 
of Technology, Cambridge, Mass.; K. U. Jenks, President, Metal 
Treating Institute, Secretary and Treasurer, Lindberg Steel Treating 
Company, Melrose Park, Ill.; James R. Mills, Jr., Lt. Colonel, Com 
manding Officer—Department of the Army, Chicago Ordnance Dis 
trict, Chicago ; H. H. Northrup, District Manager, Republic Steel Cor 
poration, Chicago; Kempton H. Roll, Executive Secretary, Metal 
Powder Industries Federation, New York, N. Y.; Basil L. Walters, 
Editor, Chicago Daily News, Chicago; Jack T. Welch, President, 
Ultrasonic Manufacturers Association, Sheffield Corporation, Dayton, 
©.; Philip C. Rosenthal, Chairman, Metallurgical Engineering, Uni 
versity of Wisconsin, Madison, Wis. ; Irwin H. Such, Editor-in-Chief, 
Steel, Cleveland. 

The address of the meeting was presented by Thomas F. Patton, 
President, Republic Steel Corporation, Cleveland, entitled ‘Men, 
Money, and Ignorance.” 


ANNUAL MEETING OF AMERICAN SOCIETY 
FOR METALS 


9:00 A.M., Wednesday, November 4, 1959 
Grand Ballroom, Hotel Sherman, Chicago 


Order of Business : 
President’s Address 
Report of the Secretary 
Report of the Treasurer 
Report of Managing Director 
Report of ASM Foundation for Education and Research 
Election of Officers 
Presentation of Past Trustees Certificates 
Presentation of 10-yr. Chapter Secretary 
Presentation of Certificate of Appreciation 
Campbell Lecture 
President Lorig called the 41st Annual Meeting of the American 
Society for Metals to order at 9 am. and extended a cordial welcome 
to all members and guests. Before presenting his annual address he 
asked Vice President Walter Crafts to take the chair while he presented 
his report 
Following the President’s Address Dr. Lorig called upon the several 
officers of the Society to present their annual reports. These reports 
are presented in full as they were delivered at the annual meeting. 





ANNUAL ADDRESS OF THE PRESIDENT 


CLARENCE H. Lorie, President 
Forty-first Annual Meeting, Chicago, November 4, 1959 


O PREPARE an annual report to you of all activities and prog- 

ress of your Society is not a simple undertaking. I am aware that 
ASM is close to your hearts, and share the belief you have every right 
to learn what your Society is doing in your behalf. 

In a dynamic year of change, the theme at ASM headquarters has 
been consolidation, consolidation of the physical resources for added 
efficiency, and consolidation of the organizational functions to make 
ready for an era of continued phenomenal growth for ASM over the 
next decade. 

To achieve its objectives in advancing the technology and practical 
aspects of the metals industry, the Society depends upon you and upon 
other men of action to serve on numerous committees, upon the en- 
thusiasm and hard work of Chapter officers and members, and upon a 
dedicated and loyal staff at the National Office. These are the ingre- 
dients that make your Society a success. 

This year the Members of the Board of Trustees in their visits to all 
Chapters had an opportunity to observe the Chapters at work. Your 
President met with 44 Chapters besides attending the Western Metal 
Congress and Exposition in Los Angeles, the Southern Metals Con- 
ference in Augusta, Georgia, and several regional meetings. Each of the 
other members of the Board met with from 4 to 8 Chapters. Vice Presi- 
dent Crafts, in addition to fulfilling his normal allotment of Chapter en- 
gagements, scheduled a series of 15 regional Chapter officers’ meetings 
to which were invited the Chairmen, the Vice Chairmen, and Chapter 
Secretaries. 

Problems concerning operations at both Chapter and National levels 
were taken up, and a wealth of information on Chapter problems and 
activities was gathered. These regional Chapter officers’ meetings em- 
phasized a growing need for establishing and maintaining an effective 
means of communications between Chapters and the National Office. 
The Board is determined to improve these communications and has 
assigned T. C. DuMond from the headquarters staff to this responsi- 
bility. 

I would be remiss if I did not mention that demands upon the indi- 
vidual members of the Board of Trustees were multiplied this past year 
by a need to participate more actively in the affairs of the Society. De- 
mands upon the staff were also much greater. It was asked to accept 
many new duties and in undertaking them found new directions in 
which to serve industry, the Chapters, and the membership of ASM. In 
measuring up to its added responsibilities, the staff has been outstand- 
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ingly successful. | want to express my personal thanks to each Board 
member and to the staff for their generous support. 

In line with the program at headquarters to consolidate organiza 
tional functions, the firm of Ernst & Ernst was requested to study the 
system and procedures long used by the Society for recording and r 
porting financial transactions. The request sprang from a desire to know 
whether the accounting procedures and data processing operations of 
ASM should be streamlined for more effective control. The study led 
to several recommendations that are now being complied with in bot 
the accounting and data processing areas. 

I am sure all will agree no one can replace Bill Eisenman in the 
American Society for Metals, and yet, if the Society is to carry on ir 
the spirit of its founders, it must continue to have strong and unde 
standing leadership. This year the Board was faced with finding a suc 
cessor for Bill. A first step in this task was to retire Bill's title of Secré 
tary, so far as headquarters management is concerned. A secretary will 
continue to serve as a member of the Board but will not direct head 
quarters staff activities. The position of Managing Director was create 
to take over management of the Society. The search for a candidat 
the position was left to a confidential committee empowered to use the 
service of a management consultant firm. In due course of time and by 
good fortune, the Society succeeded in employing Allan Ray Putnam as 
our first Managing Director. 

I am sure many of you knew Ray in his former position as Assistant 
Executive Secretary of the American Society of Tool Engineers. He 
came to us with considerable first-hand experience in the administrati 
of technical societies and looks on his new duties as a welcomed cha 
lenge. I am confident all members of ASM will feel as I do,—that 
Society will continue to be in good hands. 

Ray joined us at the completion of the new headquarters building 
situated in those lovely rural surroundings east of Cleveland. What 
could have been more appropriate, in the interest of the Society’s future 
than to have these two major events occur simultaneously! I cannot | 
believe they signal the beginning of a great era of service, growtl 
prosperity for ASM. 

The new headquarters building is quite properly an outstat 
architectural showcase for metals. The search for a design by Bill 
man and the Board of Trustees was successfully concluded in the sele 
tion of John Terence Kelly as architect. Tribute should be paid t 
also to R. Buckminster Fuller, designer of the geodesic dome 
to the contractors and engineers, the Gillmore-Olson Company, \ 
capably carried forward this unique undertaking. Standing in 
beautiful garden environment, it symbolizes what man, given the crud 
materials of nature, can fashion into marvelous products through his 
knowledge of science and technology. Virtually every engineering metal 
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found a place in the structure. The Society can take pride that modern 
achievements in metals and materials have provided a home that ex- 
presses all that ASM stands for and fulfills the dream of William H. 
Eisenman. 

I would like to remark that voluntary contributions from Chapters 
and individual friends of the Society to a fund as a memorial to Mr. 
Eisenman are now over $10,000. In due course, this fund will be used to 
purchase fitting items for the new headquarters to commemorate the 
dedication of his life to ASM. 

The foresight and judgment which Bill Eisenman demonstrated in 
guiding the destiny of the Society to useful service for its 30,000 mem- 
bers will be missed. But the rich heritage which now is ours built up 
over a period of more than four decades must be preserved. It is the 
conviction of the Board that the execution of the trust which Bill left 
us for the benefit of our successors should not be left in the hands of any 
individual but that collective action must be sought to see that ASM 
continues to be led into the path of service such as Bill had visualized. 
[t is important that policies and plans for the future should be reviewed, 
examined, and formulated in the light of what is certain to come. This 
ASM will strive to do through its Long-Range Planning Committee. 

The specific objectives of the Long-Range Planning Committee are 
to consider programs covering all phases of contemporary and future 
activities and to serve in an advisory capacity to the Board on definite 
goals in the future. Its three meetings held during the current year pro- 
vided the opportunity to take stock of progress and ascertain our needs 
in the immediate future. 

In line with efforts to have the Society remain sensitive and respon- 
sive to the changing pattern of things in this dynamic age has come a 
feeling that growth in research, development, and engineering has 
altered our viewpoint on the fields of interest of ASM to one that is less 
restrictive. The secret of ASM’s strength heretofore was linked with an 
avowed interest embracing, principally, secondary fabrication processes 
and properties of metals. In the face of changing technology we are now 
tending to lean strongly, also, toward application or the use of not only 
metals but other materials as well. This reflects an important departure 
from the area in which ASM has traditionally operated. The question 
we must find the answer to is this—should ASM expand its scope to 
cover materials science and materials engineering ? The logic behind all 
of this becomes clearer if you will realize that metallurgy as a discipline 
or profession appears to be dividing into several fields—for instance, 
chemical engineering, physics, materials engineering, etc., in which the 
common denominator is broader than metals. 

ASM'’s sponsorship of the Saturday-Sunday seminars on solid-state 
physics, the expanded field, including materials, covered in revising the 
Handbook, and wider editorial content of Metal Progress might be con- 
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sidered as the opening wedges to extend the scope of the Society int 
materials broadly rather than metals only. We should bear in mind that 
this trend is gaining momentum fast and is already affecting the edu 
cational, professional, and industrial activities of our members. 

So that you are not mislead in believing we can thrive without effort 
I must hasten to say that growth in some areas of ASM activities has 
been slow. This year, for example, our membership has increased to 
30,256 from 29,553, not an imposing record. An analysis of membership 
potentials indicates we should obtain some 10,000 new members. If, 
in addition, the Society is to broaden its field of interest to include ma 
terials, as I mentioned, another important segment of industry would b: 
added for membership growth. Programs at both Chapter and National 
levels need, therefore, to be instituted that are certain to stimulate 
growth in membership. This year petitions were received and approval 
granted to establish 4 new chapters, which brings the total number t: 
110. We have yet to exhaust the possibilities in this area. 

In a sense, all of our activities are educational since they are dé 
signed either to train and cultivate the mind or to provide a repository 
of technical information to be found in books, magazines, papers, and 
pamphlets published by the Society. What we are doing in these areas 
is impressive, and yet I have the feeling that in relation to the indust1 
we serve, it is still inadequate. The number of opportunities for 
strengthening our technical services is large, but careful study will be 
needed to determine what areas require further cultivation. 

On the other hand, our Society has been utilizing regional meeting 
effectively for special technical and newsworthy symposia, engineering 
panels, and refresher courses. Such meetings constitute one of out 
important assets, and more of them should be encouraged. Our eng 
neering conferences, known as the William Park Woodside Par 
Conferences, designed to help upgrade the technical skills in the met 
industry, have had wide appeal. The response and interest shown at 
two that were scheduled this year certify to their importance as a ser\ 
ice to our membership. Our technical papers program is being steadil 
improved through the work of the Transactions Committee. We ar 
hoping to do more toward raising the standard of excellence of tec! 
cal papers by setting up an even stronger technical committee organi 


r 


zation. 

Now I want to single out a few activities that have contributed mu 
toward establishing the Society’s eminent position in the educatio1 
field. The ASM Seminar on Residual Stresses was held toward 
end of and the day after the National Exposition and Congress last Fall 
Mr. R. Weck, Director of the British Welding Research Associati 
who is also on the Faculty of Cambridge University, delivered sever 
important lectures. Coupled with these excellent lectures were sever 
discussion periods conducted by fourteen American experts. Our 
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Saturday-Sunday seminar on Resonance and Relaxation Phenomena 
held just prior to this Annual meeting was well attended and was of 
the order of excellence we have come to expect such seminars to have. 

The activities of the Metals Engineering Institute are likewise in 
keeping with the affirmed policy of ASM to support educational serv- 
ices for industry. 

The broad scope of ASM services parallels some interests of other 
technical and professional societies. Hence, T. C. DuMond has been ap- 
pointed to work closely with other Societies to see that there is a mini- 
mum of overlap in subject material at future Metal Congresses, joint 
meetings, and regional meetings. Cooperating with us at this 41st Na- 
tional Metal Exposition and Congress are three divisions of the Metal- 
lurgical Society of the American Institute of Mining, Metallurgical and 
Petroleum Engineers, the Society of Nondestructive Testing, the Metal 
Powder Industries Federation, the Metal Treating Institute, the In- 
dustrial Heating Equipment Association, the Ultrasonic Manufacturers 
\ssociation, and the Metals Division, Special Libraries Association. 

I should also like to report that ASM will join with the Metallurgical 
Society of AIME to serve as host to the Iron and Steel Institute of 
London, England, at our annual meeting in 1961. In the months ahead, 
detailed plans for the meeting will be developed. James B. Austin, Past 
President of ASM, is to head the planning committee on which T. C. 
DuMond will be the ASM representative. 

It is traditional for the President at the Annual Meeting to record 
the names of those who were honored and received awards at the pre- 
vious National Metal Congress, which was held in Cleveland. 

The President’s Medal was given to Donald S. Clark, Professor of 
Mechanical Engineering, California Institute of Technology ; the ASM 
Medal for the Advancement of Research was awarded to Crawford H 
Greenewalt, President of E. I. du Pont de Nemours & Company ; and 
the ASM Gold Medal was presented to Albert John Phillips, Vice Pres- 
ident and Director of Research of the American Smelting and Refining 
Company. The Sauveur Achievement Award was presented to William 
G. Pfann of Bell Telephone Laboratories, Inc., while the Henry Marion 
Howe Medal was awarded to George Gerard and Ralph Papirno of New 
York University for their paper “Dynamic Biaxial Stress-Strain Char- 
acteristics of Aluminum and Mild Steel.”” The ASM Teaching Award 
was given to Robert F. Hehemann, Associate Professor of Metallurgi- 
cal Engineering, Case Institute of Technology. The Edward de Mille 
Campbell Memorial Lecture was delivered by Peter Payson, Manager, 
Central Research Laboratory, Crucible Steel Company of America. 

Honorary Membership was conferred on Ernest E. Thum, Editor- 
in-Chief of Metal Progress, Distinguished Life Memberships were 
bestowed on Avery C. Adams, President of Jones and Laughlin Steel 
Corporation; Hiland G. Batcheller, Chairman of the Board of Alle- 
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gheny Ludlum Steel Corporation; Aaron E. Carpenter, Chairman of 
the Board of E. F. Houghton Company ; Thomas E. Millsop, President 
of National Steel Corporation, and I. Melville Stein, President of Leeds 
& Northrup Company. 

At the third Annual Awards Luncheon the guest speaker was Ken 
neth Headlam-Morley, Secretary of the Iron and Steel Institute of 
London, England, who addressed the group on “An Englishman Looks 
at the American Steel Industry.” 

This brings us up to date—to our present Metal Exposition and 
Congress. Seldom have I seen such a fine program or one so well 
pointed towards the problems of the metals industry today. To the 
authors, chairmen and others who have made this Congress possible 
and especially to the Committees who worked so hard to make it a 
success, the Society certainly wishes to express its gratitude. 

On behalf of the members of the Society I want to pay tribute to 
those on the Board who are retiring this year. Past President G. M 
Young was most generous of his help and wise counsel. I know it has 
been at the sacrifice of his leisure time for he has had heavy responsi 
bilities with his own position. Robert H. Aborn was a tower of strengt! 
as Treasurer of ASM and spared no effort in contributing to the worl 
of the Society during these critical times. The two retiring Trustees 
E. Eugene Stansbury and J. Herbert Hollomon were most cooperative 
and active and were highly valued members of the Board. These four 
men have labored diligently to serve you well. I want to express my 
personal thanks for their loyal and active service. 

And now we approach a new year with many things accomplished 
and important developments right before us. As I bring this report to 
a close, Iam sure you will agree it is good once in a while to sit back, as 
we have done this morning to take a look at ourselves—at our aims and 
our purposes, and how well we may be serving those who look to us for 
guidance. Although I sincerely feel that those who guided the Society's 
destiny in the past would not be dissatisfied with today’s state of affairs ; 
nevertheless, it does not mean there should be any room for con 
placency. Many have labored to make this Society strong. There exists 
a personal obligation on all of us to keep it so. 

It has been a wonderful experience to serve you as President. It 
has been rewarding in friendship, in spirit, and in the sense of cot 
tributing in some small measure to a great organization. I have had 
marvelous cooperation and support from you, from the industry, and 
from our loyal staff at the National Office. I am confident you will give 
our new President, Walter Crafts, the same degree of friendship and 
support that you gave me so generously. For all of this | am deeply 
grateful. 
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NASMUCH as we now have a very capable managing director 

serving our society it would seem desirable that he present that part 

of the usual Secretary’s report which relates to the staff who are under 

his direct supervision. Accordingly in the report I am about to present 

I have omitted that part more directly related to the staff activity and 
Mr. Allan Ray Putnam will give the report on this activity. 


MEMBERSHIP 


The American Society for Metals on October 1, 1959 had a total 
membership of 30,368, a gain of 214 members since last October. Of 
this number 25,880 are regular members, 1768 are student members, 
2571 are sustaining members, and 149 are honorary and life members. 

There are now 110 chapters in the society. 

The chapters that have been established since the last annual meet- 
ing are: Medicine Hat, New Hampshire, Pueblo and Sangamon Val- 
ley. 


TRANSACTIONS COMMITTEE 

Eighteen persons constituted the membership of the TRANSACTIONS 
Committee for 1959, under the chairmanship of G. H. Enzian, Jones 
& Laughlin Steel Corporation, Pittsburgh. The members of the Com- 
mittee and their Chapter affiliation are: J. H. Bechtold, Pittsburgh; 
H. H. Chiswik, Chicago; Morris Cohen, Boston; J. E. Dorn, Golden 
Gate ; P. D. Frost, Columbus; S. L. Gertsman, Ottawa Valley; R. W. 
Guard, Eastern New York; David Krashes, Worcester ; T. E. Leontis, 
Saginaw Valley ; E. M. Mahla, Wilmington; E. C. Miller, Oak Ridge ; 
O. O. Miller, New Jersey; W. R. Opie, New Jersey; S. W. Poole, 
Canton-Massillon; G. H. Tenney, Los Alamos; W. R. Upthegrove, 
Tulsa; W. C. Winegard, Ontario; and T. C. DuMond, Secretary, 
Cleveland. 

During the year the Committee has had four meetings ; December 1, 
March 30 and June 1—2 and September 14. The Committee reviewed 
109 papers. Of this number, 52 papers have been accepted for pres- 
entation at the 1959 Metal Congress, 8 papers have been accepted for 
presentation at the 1960 Metal Congress and the remaining papers 
were returned to authors for revision and resubmission or were not 
approved for publication. 

The final date for submission of papers for presentation at this con- 
vention was June 1, 1959, and arrangements for the technical program 
at this convention were made during the June 1-2, 1959 meeting at 
which time 34 papers were selected for presentation. 
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The next meeting of the committee is scheduled for December 7, 
at which time new papers will be considered and plans made for 1960 
meetings. 

TRANSACTIONS 

Since the last National Metal Congress, Vol. 51 and Vol. 51A of the 
TRANSACTIONS were published and distributed to those of our mem 
bers requesting them. Vol. 51 totals 1136 pages and contains the 1958 
Edward DeMille Campbell Memorial Lecture ; 60 technical papers and 
their discussions; the president’s, secretary’s and treasurer’s reports 
for 1958; a report of the 1958 convention ; a list of ASM chapters and 
officers, and other current items of record. 

Vol. 51A contains 13 papers (350 pages) presented at the Seminar 
on “Magnetic Properties of Metals and Alloys” held on Saturday and 
Sunday, October 25 and 26, 1958, during the National Metal Congress 
and Exposition in Cleveland. This Seminar was sponsored by the 
American Society for Metals, the subject being selected by a committee 
appointed by the Board of Trustees. The personnel of this committee 
was: Dr. W. R. Hibbard, Jr., Chairman, Eastern New York; Bruc 
Chalmers, Boston; W. A. Backofen, Boston; T. H. Blewitt, Oak 
Ridge ; G. B. Craig, Ontario; J. E. Dorn, Golden Gate; M. E. Fine 
Chicago; J. J. Harwood, Washington; R. I. Jaffee, Columbus; M. | 
Nicholson, Minnesota; W. D. Robertson, New Haven; R. L. Smith, 
Philadelphia; D. S. Wood, Los Angeles; F. Lincoln Vogel, Phila 
delphia, and T. C. DuMond, Secretary, Cleveland. The preparation and 
coordination of the series of subjects and solicitation of authors wa 
conducted by Dr. Walter R. Hibbard, Jr., of the General Electric Con 
pany. 
PREPRINTS OF TRANSACTIONS PAPERS 

Under the plan instituted in 1956, of quarterly preprinting of tec! 
nical papers that have been approved by the TRANSACTIONS Commit 
tee, 61 papers have been preprinted at four different times during the 
past year, and made available to the membership. Lists of the pr: 
prints, and notices of their availability, appeared in the October, Janu 
ary, April and July issues of METALS Review. The total number of 
pages in the four series or preprints produced so far this year is 1126 
Approximately 34,000 copies of the preprints have been distributed free 
to members who have requested them. 


SPECIAL LIBRARIES ASSOCIATION 


The Metals Division of Special Libraries Association is holding it 
10th fall meeting in conjunction with the National Metal Congress 
and Exposition. Meetings will be held on Thursday and Friday, at 
a library display booth and information center is maintained at 
National Metal Exposition during the entire week. 

On Thursday visits will be made to the Institute for the Study of 
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Metals at University of Chicago, and to Argonne National Laboratory, 
and on Friday a session on Steelmaking and Production Packaging 
will be held, culminated by an inspection tour of the oxygen converter 
steelmaking operations at Acme Steel Company. 


ASM ComMMITTEE ON METALLURGICAL DOCUMENTATION 


The Committee held three meetings during the fiscal year—on 
February 5 and 6 in Cincinnati as guests of the General Electric Com- 
pany’s Flight Propulsion Laboratory library, on June 30 and July 1 
in Cleveland, and on September 2 in Washington, D. C. These meet- 
ings were devoted to discussions of future trends and policies of ASM 
documentation activities, including the abstracting, indexing and 
searching of metallurgical literature. Personnel of the Committee is as 
follows: Frank T. Sisco, Chairman; D. G. Ebeling, D. C. Hilty, Her- 
man Henkle, I. H. Jenks, J. W. W. Sullivan, E. E. Thum, C. E. 
3irchenall, Harry Goodwin, Albert R. Fairchild, Board Representa- 
tive ; Marjorie Hyslop, Secretary. 


SEMINAR COMMITTEE 

Fourteen persons constitute the membership of the Seminar Com- 
mittee for 1959, under the able chairmanship of W. R. Hibbard, Jr., 
General Electric Company, Schenectady. The members of the Com- 
mittee and their chapter affiliation are: Bruce Chalmers, Boston; W. 
A. Backofen, Boston; T. H. Blewitt, Oak Ridge; G. B. Craig, On- 
tario; J. E. Dorn, Golden Gate; M. E. Fine, Chicago; J. J. Harwood, 
Washington; R. I. Jaffee, Columbus; M. E. Nicholson, Minnesota; 
W. D. Robertson, New Haven; R. L. Smith, Philadelphia; D. S. 
Wood, Los Angeles; F. Lincoln Vogel, Philadelphia, and T. C. 
DuMond, Secretary, Cleveland. 

During the year the committee held one formal meeting at the 
St. Francis Hotel in San Francisco on February 15, 1959, at which 
time the subject for the 1960 Seminar was selected with J. J. Harwood 
as coordinator. The 1960 Seminar will be on the subject of “Mecha- 
nisms of Strengthening.” 


SEMINAR ON RESONANCE AND RELAXATION IN METALS 

The Seminar on “Resonance and Relaxation in Metals’ was ar- 
ranged into five sessions this year with morning and afternoon sessions 
on Saturday and Sunday, October 31 and November 1, immediately 
preceding the Metal Congress. An extra session was held Saturday 
afternoon during which Professor P. G. Bordoni of the University of 
Pisa (Italy) presented a paper on “Dislocation Relaxation at High 
Frequencies.” 

A capacity audience attended all sessions to hear this and eleven 
additional papers by the following authors: Dr. Arthur S. Nowick, 
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I.B.M. Research Center; Dr. John K. Galt, Bell Telephone Labora- 
tories; Dr. Alfred G. Redfield, IBM Watson Laboratory ; Dr. Donald 
S. Rodbell, General Electric Research Laboratory; Professor C. S. 
Smith, Case Institute of Technology; Professor James S. Koehler, 
University of Illinois ; Dr. W. P. Mason, Bell Telephone Laboratories ; 
Dr. David K. Holmes and Dr. D. O. Thompson, Oak Ridge National 
Laboratories ; Professor Charles A. West, University of Illinois; D1 
Donald F. Gibbons, Bell Telephone Laboratories and Professor John 
M. Silvertsen, University of Minnesota. 

Preparation and coordination of the series of lectures on this subject, 
and the solicitation of the speakers were under the direction of F 
Lincoln Vogel. 

THe Pustications Pottcy CoMMITTE! 

The Publication Policy Committee suggested by the Long-Range 
Planning Committee was formed this year arid have had their first 
meeting. As its name implies this important committee is reviewing 
present policies and recommending our future course on all ASM 
publications. Its chairman is Robert J. Raudebaugh and consists of 9 
members as follows : 


Robert J. Raudebaugh—Chairman—ASM Treasurer 
Joseph F. Libsch—Lehigh Valley 

Allan Ray Putnam—Managing Director 

T. C. DuMond—ASM Staff 

A. P. Ford—ASM Staff 

Allen Gray—ASM Staff 

Taylor Lyman—ASM Staff 

Earl Parker—ASM Board of Trustees 

Merrill Scheil—ASM Board of Trustees 


ScrENCE ACHIEVEMENT AWARD 

To this program, which began in 1951, the Society annually con 
tributes $20,000. This activity is sponsored by the American Society 
for Metals and conducted by the Future Scientists of America Founda 
tion of the National Science Teachers Association. 

Thousands of entries are judged annually and awards made in 
eleven regions of the United States. Entries from Canada are included 
in adjacent regions. Awards are made in each of three grade divisions 
grades 7-8, $25 savings bonds ; grades 9-10, $50 savings bonds ; grades 
11-12, $75 savings bonds. There are also many Honorable Mentions 

There were this past year 22 National Metals Awards, consisting of 
a $100 savings bond, a gold FSAF lapel pin, an FSAF plaque for the 
school bearing the winner’s name, and a national award certificate in 
the name of the winner 


TEACHING AWARDS 


The ASM Teaching Award program began in 1952. The Society 
recognizes annually a teacher of metallurgy under 35 years of age. The 
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recognition consists of an award, and $2000. Fourteen men have re- 
ceived these awards. 

The Award Committee this year selected Walter A. Backofen of 
Massachusetts Institute of Technology as the winner. 


DISTINGUISHED LIFE MEMBERSHIP 


Thomas F. Patton, President, Republic Steel Company, was pre- 
sented with the Distinguished Life Membership at the 1959 Awards 
Luncheon on November 3. Mr. Patton gave the principal address at 
the luncheon. 


VISITING LECTURESHIP PROGRAM 

Under this program, the ASM pays the traveling expenses of lec- 
turers needed by accredited colleges and universities to supplement 
their usual courses. Request is made to ASM for such a contribution. 

Thirteen lectures were arranged and paid for in the most recent 
school year. The lectureships included: Dr. J. E. Dorn to the Uni- 
versity of British Columbia; J. P. Ogilvie to Nova Scotia Tech.; Dr. 
A. H. Daane to University of Cincinnati; Dr. Morris Cohen to Uni- 
versity of Washington; Dr. G. C. Kuszynski to University of Cali- 
fornia; Dr. Egon Orowan to Illinois Tech.; Dr. C. S. Barrett to 
University of Alberta; Dr. C. L. Faust to Penn State; Dr. J. W. Free- 
man to University of Wisconsin; Dr. A. H. Cottrell to University of 
Pennsylvania ; Dr. W. M. Baldwin to Carnegie Tech. ; Dr. Earl Parker 
to Notre Dame and Dr. Frederick Seitz to Rice Institute. 

Total ASM expenditures for this highly effective lectureship has 
averaged close to $3000 annually. 


METALLOGRAPHIC EXHIBIT 


The 14th annual ASM Metallographic Exhibit is being held during 
the National Metal Exposition at the International Amphitheatre. 
More than 250 entries have been received and prizes for Best in Class 
and Honorable Mention awarded in 14 classes. 

The Grand Prize for Best in Show—The Francis F. Lucas Award 
for excellence in metallography—has been presented by the judges to 
Francis M. Beck. General Electric Co., Schenectady. 

The subject is Crystal Growth and Structure of Magnesium Platino 
Cyanide. 

This award of $500, endowed by Adolph I. Buehler, was presented 
to the recipient at the annual Awards Luncheon on November 3. 

All prize-winning entries will again be assembled in a traveling 
exhibit for shipment to ASM chapters and engineering schools during 
the winter season. Last year’s winning micrographs were sent to the 
following chapters and schools; Canton, Penn State, Milwaukee, To- 
ledo, Notre Dame, Chicago Western, Columbus, Cincinnati, Terre 
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Haute, Des Moines, Rockford, Wichita, Stevens Institute, and Uni 
versity of Minnesota. The micrographs were also on display at the 
Western Metal Congress in Los Angeles last March. 


CAREER PUBLICATIONS 

ASM has three career publications which have a total circulation 
of well over 550,000. These are: the well-circulated 95-page “Your 
Career in the Metallurgical Profession,” revised early in 1958; th 
leaflet “Does Engineering Appeal to You?” and the Metal Progress r: 
print “Metallurgists Needed Badly.” ASM chapters, secondary schools, 
colleges and libraries throughout the United States and Canada re 
quest the literature for distribution and for reference by vocational 
guidance leaders. 


STUDENT AFFAIRS 

ASM chapters are becoming increasingly active in Student Affairs 
Activities. More than 80 chapters have standing committees handling 
such activities. Efforts of the committee range from setting up Stu 
dent’s nights at chapter meetings to establishing complete night courses 
of study in local vocational schools, junior colleges and universities. In 
addition, chapters are active in the ASM-sponsored Science Achieve 
ment Award programs and local Science Fairs and similar competition 
Many chapters also provide scholarships for students of metallurgy in 
local and state college and universities. 


EDUCATIONAL FILMS 
Educational films produced by ASM and made available free 
charge to chapters and schools continue in great demand. In all, five 
films are currently being offered and are in constant demand through 
out the school and chapter year. Showings of the films during the 
1958-59 period totalled: 


METAL CRYSTALS 149 times 
IRON-CARBON ALLOYS 137 times 
HEAT TREATMENT OF STEEL 93 times 
How METALS BEHAVE 76 times 
Tue METALS INFORMATION OF TOMORROW 46 times 
TOTAL SHOWINGS 501 times 


Acta METALLURGICA 


Acta METALLURGICA is an international journal of metallurgical 
science which was first published in 1952. ASM was the sole sponsor 
until 1958, when AIME began participation. 

Since that time ASM has assumed 80% of the cost, with four met 
bers on the Board of Governors, and AIME 20%, with one member 
on the Board. 


1960 SECRETARY’S REPORT 23 


EDUCATIONAL AID TO CHAPTERS 


The 1959-60 edition of the ASM SPEAKERS DIRECTORY was 
sent to the officers of all chapters in March of 1959. Listings in the 
Directory are primarily those of individuals who have appeared before 
chapter and national meetings. A cross-indexing system is used to 
permit quick reference to all speakers prepared to speak on any one 
subject. In addition, an up-to-date listing is provided of motion pic- 
ture films available for chapter use. 

Also, in March of 1959, a revised edition of Educational Courses 
available to chapters was issued. Slides for use in connection with the 
educational courses listed were provided to 15 chapters. 

Between November 1958 and October 1959, Educational Assistance 
Fund Allowances have been granted to 87 chapters. Allowances are 
approved for chapters sponsoring educational lecture series having 
three or more lectures. 


NATIONAL METAL CONGRESS 


In addition to ASM, seven other societies and the Atomic Energy 
Commission are cooperating to make this National Metal Congress the 
outstanding scientific gathering for the metals industry. 

ASM sponsored programs alone will include 51 papers in the ses- 
sions prepared by the ASM Transactions Committee ; 12 seminar pa- 
pers; 26 papers invited by the Metals Engineering Program Com- 
mittee and 26 papers in the joint ASM-AEC sessions on Rare Earth 
Metals. 

This is the second year in which a special series of programs is being 
presented under the heading of “William Park Woodside Memorial 
Panel Sessions.” These programs are designed to appeal to manage- 
ment, production men and engineers, as well as to metals scientists. 
The name was selected to honor an ASM founder member, who de- 
voted his life to spanning the gap between the scientist and the prac- 
tical man. 

As a continuing feature of the Metal Congress there is the annual 
fall meeting of the Metallurgical Society of the Institute of Metals Di- 
vision, American Institute of Mining, Metallurgical and Petroleum 
Engineers. The Iron and Steel Division and the Extractive Metallurgy 
Division of AIME are also participating. AIME programs cover four 
full days and will include papers on 18 subjects and 16 sessions for the 
presentation of abstracts. 

Including an educational lecture series, the Society for Nondestruc- 
tive Testing will present 42 papers and a panel session during the five 
days of Metals Week. 

The Metal Powder Industries Federation and the Powder Metal- 
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lurgy Parts Manufacturers Association are cooperating with ASM in 
presenting a Clinic on Metal Powder Parts. 

The Metal Treating Institute is again co-sponsoring a one-half day 
session on practical heat treating problems. 

Meeting with ASM for the first time is the Ultrasonic Manufac 
turers Association which is presenting a one-half day program on the 
metallurgical uses of ultrasonics. 

Two days of meetings of the Metals Division of the Special Libraries 
Association are included in this week’s schedule. 

Also participating are the Metal Powder Committees of The Ameri 
can Society for Testing Materials. 

If Bill Eisenman could be with us today I am sure he would be happy 
to see the fruition of some of his excellent plans for the ASM of To 
morrow. The finishing of the new headquarters, the development of 
the Metals Engineering Institute and the progress in the documenta 
tion activities were part of his plans. 

The educational activities of the chapters in addition to the MEI 
courses are a valuable service to industry. We realize that our members 
come from the metal producing and metal fabrication plants of our 
continent which represent a large portion of all industry. Having so 
large a group to serve we have unlimited possibilities of growth and of 
increasing our stature. 

With the excellent help we receive from our committees and indi 
vidual members we will press forward to achieve even more progress 
in the future. 

[ am indebted to Miss E. G. Gardner, Mr. T. C. DuMond and other 
A.S.M. Staff members for their help in compiling this report. 


TREASURER’S REPORT 


R. H. Asorn, Treasurer 
Fiscal Year Ending August 31, 1959 
R. PRESIDENT, Members and Guests of the Society, in pre 
senting the Treasurer’s report for the fiscal year ending August 
31, 1959, it seems desirable to minimize the reading of numbers and 
maximize the ease of absorbing the highlights of our Society’s financial 
operations and status. Accordingly, we are presenting these highlights 
in three illustrations. 

The first illustration (Fig. 1) shows the distribution of income and 
outgo dollars: where they came from and where they went. Moving 
counterclockwise around the Income Dollar, 56¢ of each dollar comes 
from Publications, 27¢ from Expositions, 13¢ from Membership Dues, 
3¢ from Investments, leaving 1¢ from other sources. Similarly, from 
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each Out-Go Dollar, we spent 52¢ for Publications, 16¢ for Expositions, 
14¢ for Administrative costs, and 10¢ for Membership, leaving a bal- 
ance of 8¢ available for Appropriations. 

It should be noted that income from members’ dues was the third 
largest source of income, and that $141,000 or 42% was returned to the 
Chapters for local services to members. In addition, the Chapters need 
their own invested funds to promote the aims of our Society effectively 
at its local roots. So it is reassuring to know that the combined assets 
of the 110 Chapters approximate $394,000, an increase of 5% over 
last year, in pace with ASM’s enlarging opportunities and obligations. 

In considering any financial report, it is always advisable to view it 
in perspective. So the income and expense totals this year are com- 
pared with those of /ast year in the horizontal bar diagrams under the 
dollar pies. It may be noted that gross income is 7% lower this year and 
net income is 63% lower. This results from expanded services to mem- 
bers, higher publishing costs, lower exposition income, necessary in- 
crease of certain reserves, and reduction of inventory value due to 
obsolescence of some of the older published material 

Now let us expand the 8¢ piece of pie marked “Appropriations” into 
the actual 1959 Appropriations, as listed in Fig. 2. One of the larger 
items, for the Metals Engineering Institute, is to write off a part of the 
accumulated expenses of this activity, which is now becoming well 
established as an educational service. The other appropriations continue 
the established pattern in two broad categories. The first is service to 
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members through Metals Handbook, Chapter Education, and Lite: 
ture Coding, Abstracting and Searching. The second category is edu 
tional services to our nation through the ASM Foundation, Hig 
School Science Awards, University Teaching Awards, Visiting 
Lectureships, and media for scientific communications. The last tw: 
columns show the total funds appropriated for each item over the indi 
cated span of years. 
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Finally, let us review in Fig. 3 the composition of our assets, com- 
paring this year with last year. It may be noted that the largest change is 
in the further transfer of some of our Securities into the Building Fund. 

There is an unfortunate general impression that the American 
Society for Metals is an affluent society, with dollars on tap for any 
worthy cause. This is NoT true, because *4 of the Society’s assets are 
fixed in real property, inventory, etc. ; and the liquid assets—cash and 
securities—are no more than adequate for a long-time basis of guar- 
anteed services to our members; such services far exceed the income 
from membership dues. 

So the Society needs to conserve and enhance its funds to provide an 
adequate financial base to meet its increasing services to members. To 
give you one example: The Society has published more than 125 books 
and MEI courses, providing a very real service to the metals field, yet 
the inventories for these represent an investment of nearly $400,000. 

Your Society’s new National Headquarters, our largest investment, 
like everything else in these inflated times, cost much more than orig- 
inally anticipated. However, it was financed from Society funds with 
no solicitation of contributions from the membership of the Society or 
from industry. These new Headquarters provide enhanced facilities to 
meet the increasing needs and activities of our Society. Yet, these 
greater services will entail a higher overhead in addition to amortization 
of the extra building cost. 

The complete balance sheet and statement of income and expenses 
have been audited by Ernst and Ernst, Certified Public Accountants, 
and their report is published in the next few pages of this volume of 
TRANSACTIONS. 

It is a pleasure to acknowledge the splendid cooperation of our Presi- 
dent, Managing Director, Trustees, and our investment counsellors, 
Cleveland Trust Company officers, Messrs. W. W. Horner and A. W. 
Marten, and also the competent services of Assistant Treasurer, Mr. 
A. A. Hess and his associates at Headquarters, who manage all of the 
details for your elected Treasurers. 

To summarize: The constant endeavor of the Board is to maintain 
your Society sound and strong, fully able to meet the needs of expanding 
services to you—the members. 
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Board of Trustees 
American Society for Metals 
Novelty, Ohio 

We have examined the balance sheet of American Society for Metals as of 
August 31, 1959, and the related statements of income and expenses and surplus 
for the year then ended. Our examination was made in accordance with generally 
accepted auditing standards, and accordingly included such tests of the accounting 
records and such other auditing procedures as we considered necessary in th 
circumstances. 

In our opinion, the accompanying balance sheet and statement of income and 
expenses present fairly the financial position of American Society for Metals at 
August 31, 1959, and the results of its operations for the year then ended, in con 
formity with generally accepted accounting principles applied on a basis 
sistent with that of the preceding year. 

ERNST & ERNST 
Certified Public Accountants 


Cleveland, Ohio 
October 2, 1959 


BALANCE SHEET 


AMERICAN SOCIETY FOR METALS 
August 31, 1959 


CASH aseusecereceses oanescsevensosece $ 118,4 
SECURITIES (approximate market or redemption 
prices aggregate $2,151,225.99) 
Bonds, stocks, and land trust certificates 


at cost . ‘ EE OPE F OS 5i,375,683.57 
Accrued interest we ° 6,597.08 1 
CASH VALUE OF LIFE INSURANCE 
AND INSURANCE CERTIFICATES 


ACCOUNTS RECEIVABLE 

National Metal Exposition—Chicago 
November, 1959 Await mad ore 
Advertising accounts 
Miscellaneous 


na 


99,501.95 
53,408.92 
ing 46,152.18 $ 199,063.05 
Less allowance for doubtful accounts. 10,000.0 
INVENTORIES—at cost or lower 
Bound and unbound books, publications, 
correspondence courses, etc ar 
OTHER ASSETS 
Miscellaneous and employees accounts 
and deposits 


BUILDING FUND 


127 


Sa : ceeeenee $ 182,230.45 
oo eee ; bused 30,000.06 
Construction in progress (estimated 
additional cost to complete $800,000.00) 1.774,381.56 1,986.6 
REAL ESTATE (at cost less allowances for 
SD sedcudducncadenc'ns ; ws 44,25 


OFFICE FURNITURE, FIXTURES, AND 
EQUIPMENT (at cost less allowances for 
OO) re PeVEdd eee sow 95,141 
DEFERRED CHARGES 
Prepaid exposition expenses 
National Metal Exposition—Chicago 








November, 1959 Pree $ 71,881.47 
Southwestern Metal Show—Dallas 
May, 1960 Rha ne eke 10,026.32 
Development costs applicable to correspondence 
courses : ‘ 59,099.57 
Prepaid insurance 4,595.49 
Miscellaneous 9,464.51 € 
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LIABILITIES, RESERVES, AND SURPLUS 


LIABILITIES 
Accounts payable: 





For purchases and expenses -. $102,947.54 
Payroll taxes and taxes withheld from 
CMPIOVEES 2. oc cccvcrccsssscucccececcess 11,016.32 
For apportionment of dues to local ch: apters... — 6,053.16 $ 120,017.02 
Special contributions: 
A. S. M. of Tomorrow. : $ 7,525.00 
W. H. Eisenman Memorial Fund 3 8,838.00 16,363.00 $ 136,380.02 
INCOME APPROPRIATED FOR EDUCA 
TIONAL PURPOSES .. ‘ 161,513.40 
INCOME see eeresATES FCS BU ILD 
ING FUND 191,959.85 
RESERV ES 
For dues paid in advance....... Pee $ 75,000.00 
For conventions ... : insien ina 60,000.00 
For Metals Handbook. ore 58,202.53 
Campbell Memorial Lecture Fund....... bas 15,000.00 
H. M. Howe Medal Fund.. bekueeeans 5,000.00 
Sauveur Achievement Award , au 5,000.00 218,202.53 
BUILDING FUND 7x 
DINO  Cacawed-os was se Sasage- kha 1,986,612.01 
DEFERRED INCOME 
National Metal Exposition—Chicago 
November, 1959 .. Sieh cae head aleas $ 438,391.00 
Southwestern Meta! Show—Dallas 
Oe rrr a ice diane ds 5,841.00 
Advance receipts on 1 public SRM sinceceenae 9,483.50 453,715.50 
SURPLUS 
Balance at September 1, 1958, and August 31, 
1959 (no change during the year)... 1,302,608.57 
$4,450,99 991.88 
STATEMENT OF INCOME AND EXPENSES 
AMERICAN SOCIETY FOR METALS 
Year ended August 31, 1959 
INCOME 
Pe EE POTEET EE CT EO POET eT ee y $1,352,211.00 
National Metal Exposition—Cleveland—October, 1958....... 436,581.67 
Western Metal Show—Los Angeles—March, 1959.......... 251,275.65 
Memberships RE Sart a Eee ay 196,434.34 
Interest earned and dividends received............sceeceeee 76,235.83 
Metals Engineering Institute. ares sala spade: wine ane Bie 73,757.34 
Sundry sales, etc ; stokes -aseeitaeions 17,466.60 
Gain on disposal of securities jin pais teowheneennawe 6,798.93 
Discount earned . esaens ion ave aniaaate ___1,612.68 
po ee | a er eres en inbeemasaued $2,412,374.04 
EXPENSES 
a ee ee Pee ee re ere eee $1,250,921.44 
National Metal Exposition—¢ leveland- ‘October, 1956... cece 246,513.03 
CROUIUNE GGIIIOS is 0.8 v 6.06:60:0660:5005:950000600054686000000065 198,640.48 
Western Metal Show—Los Angeles—March, 1959........... 152,340.92 
i cae eeivcls erebtneedosbisketeeseensebeaeeae 118,860.62 
Metals Engineering Institute...........c0eesesecccevceees 73,757.34 
i i os nt ccctase Fpae eee bbeaeecedhkeweeen 41,270.92 
SE GOODIN .6.nccocnenceanveaeseé0o60s050005K06068 29,364.35 
FERS Ee ee te 20,793.70 
i WP 96.0 onasendiceddbebnd000e60babeeeesaseuwes 17,756.73 
PE rinebs Wide die 24d ee erSe ba eeeueewee sive er 17,385.77 
I Saas ea ee did ae elngere me eee aaa ee ae eae 13,890.44 
Miscellaneous merchandise .............+-+++- EE Sa EE 1 8°806.05 
President's office ..... sid vehanediesesnrpas i aenaaans 6,368.89 
Medals, awards, and lectures See cvecaedevauees 2,656.58 
Managing Director's office Se a eee Taye woe ee 2,193.77 
SE necwimieies ‘ sabes 247.62 
TOTAL EXPENSES ee ee er ies éteenes cuee oraruan 2,201,768.65 
NET INCOME—Note A............<>; bees eeeeee$ 210,605.39 
Income appropriated for educational purposes 
as authorized by the Board of Trustees..............see6- 210,605.39 
UNAPPROPRIATED NE ET INC Se ee $ —O— 


Note A—In addition to expenses shown above, expenditures in the amount of $163,684.64 
were made during the year from prior years’ appropriations (see accompanying statement). 








? 
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STATEMENT OF APPROPRIATED INCOME 
AMERICAN SOCIETY FOR METALS 


Year ended August 31, 1959 
INCOME APPROPRIATED FOR BUILDING FUND 


Balance September 1, 1958 $4 
Less amount transferred to buik ding "fund. ee eee 


BALANCE AUGUST 31, 1959 $191,959.8 
INCOME APPROPRIATED FOR 
EDUCATIONAL PURPOSES 
Balance September 1, 1958........... ; : $1 
Less expenditures during year 
Revision of Metals Handbook , “a $100,000.00 
Mechanical literature searching aa . 20,250.00 
Science award program an 20,00¢ 
Chapter educatio mal courses 8,000.00 
A. S. M. Foundation for Education and Research - 5,000.00 
Acta Metallurgica 4,000.00 
Visiting lectureships 2,572 os 
Teaching awards ..... wes ‘ 2,112 
National Federation of Science Abstracting 
and Indexing Services. hed 1,000.01 
A. S. M., S. L. A. coding.. 750.00 
Add amount appropriated during the year $210,605.39 






Less portion o ions for the year 
applicable to de velopment costs 
for correspondence irses ‘ ta ‘ ne 58,605.39 


BALANCE AUGUST 31, 1959 $161,513.4 


REPORT OF MANAGING DIRECTOR 


ALLAN Ray PUTNAM 


iy IS undoubtedly proper that the report of the Managing Director 
should chronicle the major activities that have engaged your ASM 
staff during the past year. However, I should likewise register the fact 
that these activities were largely accomplished before my assumption 
of full-time duties in September, and I therefore appear before you i 
the role of an enthusiastic reporter rather than an active participant it 
any of these accomplishments. 


TRIBUTE TO OFFICERS AND BOARD OF TRUSTEES 
First, I will presume to express for the membership a sincere note 
of gratitude to the officers and trustees for their untiring and concen 
trated efforts on ASM affairs during the past eighteen months. Th: 
passing of ASM’s beloved Bill Eisenman, ASM founder member and 
secretary for forty years, in May 1958, confronted your elected officials 
with a burden which they met with man-size courage and fortitud 
They have given unstintingly of their time and energy to assure ef 
fective continuation of services to members and industry, with constant 
consideration for the future of ASM. They have traveled thousands of 
miles meeting with the chapters, have spent energetic hours in policy 
and administrative meetings, and in a number of instances have figura 
tively forsaken their families and fortunes in behalf of ASM. 
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Such a spirit in ASM is readily apparent to the new observer, and 
accounts in no little measure for the Society’s notable accomplishments 
during the past four decades. It is a spirit that likewise permeates the 
staff, who are without exception a dedicated group of men and women. 


METALS PARK 


The new ASM headquarters building at Metals Park, Novelty, Ohio, 
is a reality. As you know, the site for this building is 100 rolling acres 
in Geauga County given to the Society by Bill Eisenman. This dream 
now has wondrous shape, as the structure is unreservedly one of the 
architectural marvels of today. 

The staff began operations in this location on August twenty-fourth. 
More efficient operations (the staff was previously located in five dif- 
ferent buildings in Cleveland) and better services to members and 
industry will result from this new facility. 

A warm welcome always awaits you at Metals Park, and I hope that 
you will each take the first possible opportunity to “experience” this 
new structure. A week ago last Sunday—which was a cold, rainy day 
in Ohio—over 2500 neighbors from the surrounding rural communities 
visited the building during a four hour open house, so you can see ASM 
has justifiable pride in its new building. 

Formal dedication of the building will take place during 1960. A 
committee of your Board of Trustees is currently studying the details 
for that event. 


METAL PROGRESS 

Numbers of editorial pages in METAL ProGress, which have been 
slowly growing for some years, increased to an all-time high of 948 in 
the last fiscal year, up 50 pages. This reflects the fact that ASM’s field 
of interest is growing rapidly, both in scope and complexity. The staff 
has attempted to meet its responsibility for covering the field as com- 
pletely as possible by even closer editing. For example, in the fiscal year 
just ended, Metat Procress carried 197 “feature articles’ occupying 
656 pages—an average length of 3.3 pages. The corresponding figures 
for 1950 calendar year are 113 articles in 469 pages—an average of 4.2 
pages each. Another method of extending the topical coverage is an ex- 
tension of the department called “Short Runs’’—brief notes (a page 
or less) on operations, processes, properties, or uses of materials. An- 
other editorial device much used in the last year is the collection of 
several brief articles on an important topic, each written by an authority, 
rather than a long, more comprehensive treatment of the same subject. 
For example, a “round-up” on improved finishes included three articles 
in a single issue on porcelain enamel, plating of zinc die castings and 
shot blasting. 

As for several years past, the January issue was confined to articles 
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about foreign developments. Fifteen different contributions from nine 
countries made this a real international review of progress in metal- 
lurgy. It contained more text than any previous annual issue, and even 
so four good articles were crowded out. 

The editorial quality of Metat ProGress depends primarily on the 
high qualifications of its contributors, most of whom are members of the 
American Society for Metals. It is well to record the Society’s indebted 
ness to them. At the risk of slighting many very meritorious articles 
presented during the last 12 months, the following noteworthy ones 
might be mentioned : 


Forming Metals at High Velocities 
by T. C. DuMond 


Welding and Metal Forming in Russia 
by Arthur B. Tesmen 


Vacuum Metallurgy in Europe 
by A. M. Aksoy 
Tough Ship Plate 
by W. J. Harris, Jr., and Clyde Williams 
New Possibilities With Porcelain Enamel Finishes 
Staff Article 
Time-Temperature-Sensitization Relations for Stainless Steel 
by Hilmer F. Ebling and Merrill A. Scheil 
Descaling Wire Rods by Shot-Blast 
by K J Sorace 
Hydrogen in Heavy Forgings 
by J. E. Steiner 
The advertising volume carried in METAL Procress totalled 1828 
pages. This is 11% less than the volume of the previous fiscal year, 
aftermath of the recent recession, which METAL PrRoGREss withstood 
rather better than the average technical or trade publication 


MertALs REVIEW 

During the twelve months from October 1958 to September 1959 
MetaLs Review published a total of 568 pages, a decrease of 240 pages 
over the total for the same period last year. This decrease resulted fron 
the split in January of the Review or Meta Literature from 
Metats Review (the Review or Metav LITERATURE carried a total 
of 388 pages for the first eight months of 1959, which, if considered as 
part of the total number of pages would bring it up to 956 pages, or an 
increase of 148 pages over what was pub!ished in the previous year ) 

Considering only the number of pages printed in Metats Review 
since January, of the 316 pages total, 211 or 66% represented editori 
material ; 105 pages or 34% represented advertising, both paid and u1 
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paid. Comparing the last three months of the 1958 total number of pages 
with the same period in 1957, the total of 288 pages represented 170 
pages, or 67%, devoted to Review or METAL LITERATURE, an increase 
over the 1957 total in which of 184 pages, 107 pages (58%) were de- 
voted to the Review oF Meta LITERATURE. 

Preprint lists were printed four times this past year to conform to 
the constitutional requirements set up in 1957-58. The usual features, 
Men of Metals, Meet Your Chapter Chairman, Compliments, New 
Films and Important Meetings, as well as Metallurgical News and 
Developments, were joined by a new department, the Metals Engineer- 
ing Institute News page, and most of the above features appeared each 
month. 

More frequent and detailed accounts of chapter educational activities 
and two-or-more-days meetings were printed, including special articles 
on the Washington, Indianapolis, Golden Gate, Cleveland, Milwaukee, 
Eastern New York, Minnesota and Oak Ridge Chapters’ educational 
meetings, and the Southern Metals Conference, the Indiana Symposium 
and the Northern Ohio Regional Meeting, were given good coverage. 
The August issue carried the new chapter officers for the coming year. 


REVIEW OF METAL LITERATURE 


The Review or Meta Literature has been published during 1959 
as a separate monthly journal, rather than as a department in METALS 
REVIEW. It is being distributed free to all members who ask to be placed 
on the mailing list. The distribution list of nearly 3000 names in Janu- 
ary 1959 has grown to 4586 for the October 1959 issue. There are 203 
paid subscriptions from nonmembers. 

The monthly installments for 1958 were correlated in a bound book, 
volume 15 in the series, published during the past summer. Volume 15 
contains 1289 pages and 11,772 annotations, and is accompanied by an 
author, subject and publications index. 

The contract for preparation of the keview of Metal Literature for 
calendar year 1960 has been renewed at Western Reserve University on 
the same basis as in 1959—namely the preparation of approximately 
12,000 annotations, or 1000 per month, plus annual author, subject 
and publications indexes. 

In connection with preparation of the subject index, a special research 
project authorized at the Documentation Center at Western Reserve 
University has been completed. This project has been to correlate the 
alphabetical subject index to the annual volume with the ASM-SLA 
Classification of Metallurgical Literature. This project has two bene- 
ficial results : First, it facilitates preparation of a consistent and thorough 
annual index at minimum cost. Second, it has resulted in a Subject 
Heading Authority List for use in indexing metallurgical literature 
in general which will be ready for publication early in 1960. 
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Another activity related to the Review oF Meta LITERATURE is the 
ASM Photocopy Service which started in March 1959. Since that date 
164 orders for photocopies of articles abstracted in the Review or 
METAL LITERATURE have been received, and 1005 document pages have 
been reproduced. 


METALS HANDBOOK 


This has been a year of intensive activity in which the chairmen and 
secretaries of the author committees, assisted by staff, have compiled 
the committee contributions for Volume I (Properties and Material 
Selection) into the form of review articles. Most of these articles have 
now been circulated to the responsible committees for their approval or 
correction prior to typesetting. Volume I will be published during 1960. 

Overlapping with this final inspection of copy for Volume I, the 
Metals Handbook Committee has begun the planning of Volume I] 
( Processes and Fabrication). 


Books 


As of the end of the fiscal year 1959, 30,904 copies of books published 
by the Society were sold to members of the Society and others. Included 
in this figure are 2,029 copies of the Metals Handbook, 1,649 copies of 
the 1954 Supplement to the Metals Handbook, 1,852 copies of the 1955 
Supplement, and 1,475 Transactions. 

During the past fiscal year five titles were added to the ASM publi 
cation list. These titles are : 

TRANSACTIONS VOL. 51 

FABRICATION OF MOLYBDENUM 

METALS FOR N UCLEAR REACTORS 

MAGNETIC PROPERTIES OF METALS AND ALLOYS 
PRECIPITATION FROM SOLID SOLUTION 


In addition to the above, a number of new and revised Metal Data 
Sheets were issued to provide current information. 


MECHANIZED LITERATURE SEARCHING PROJECT 

During the past year the Mechanized Literature Searching Project 
sponsored at the Documentation Center at Western Reserve University 
has been concentrated on a “current awareness” test program involving 
the searching of ten typical literature problems for questions submitted 
by ten different organizations, with provision of pertinent abstracts of 
current publications at two-week intervals. 

During the year approximately 7500 documents have been encoded 
for machine searching at the rate of about 625 per month. By action of 
the Board of Trustees in August 1959, the rate of encoding for the year 
1960 has been stepped up from 7500 to 12,000 documents annually, 
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representing all of the material to be abstracted for publication in the 
Review OF METAL LITERATURE during 1960. 

At the same time the Board of Trustees authorized the establishment 
of a literature searching service for ASM members and the metallurgi- 
cal profession, to be started sometime early in 1960. This new ASM 
activity will be known as the ASM Metals Documentation Service. It 
will provide both current awareness and bibliographic searching serv- 
ices, and will be operated under contract with the Documentation 
Center at Western Reserve University. 


METAL SHOW 


Again, thousands of registered visitors from all parts of the United 
States and Canada are expected to attend the Metal Show in Chicago 
this year. The Metal Show has been accurately described as the “great 
laboratory of the Metal Congress.” This is a particularly apt descrip- 
tion, for it not only presents a physical picture of the exposition but 
also relates its educational purpose. 

Exhibitors value the Metal Show as an appropriate location to intro- 
duce new developments, and visitors value it as the place to discover 
such developments. This exercise in individual education and learn- 
ing has an important impact on industrial progress. ASM recognizes 
its continuing responsibility for this important educational event, and is 
constantly striving to make the Metal Show as valuable an experience 
for visitors and exhibitors as is humanly possible. 


METALS ENGINEERING INSTITUTE 

The Metals Engineering Institute continues to make rapid strides in 
its development toward becoming a well recognized and accredited edu- 
cational institution. During the past year, MEI has enrolled 1124 
students in its 18 home study courses and awarded certificates to 687 
students. This represents 34% increase in enrollments over last year. 
Perhaps the most noteworthy achievement during the past twelve 
months was accreditation of MEI by the National Home Study Council 
of Washington, D.C., recognized by the U. S. Office of Education as the 
duly authorized accrediting agency for private home study schools. 

Since January 1, 1959, twelve ASM Chapters presented 22 MEI 
courses as their major educational activity. These were Warren; Ft. 
Wayne; Los Angeles; Texas; Worcester; Rochester; New Jersey; 
Columbus ; Golden Gate ; Utah; Syracuse; and Cleveland. The use of 
MEI courses for comprehensive chapter educational programs is ideally 
suited. Every chapter that once used the MEI program, has continued 
or expanded its offerings. Preliminary indications guarantee an increas- 
ing growth of MEI courses as the basis for chapter educational pro- 
grams during the coming years. Even more widespread is the use of 
MEI courses as the basis for in-plant training programs. Twenty-six 
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such arrangements have been made with industry, wherein, groups of 
approximately twenty persons meet as a class under company sponsor 
ship to study a regular MEI course or a “tailor-made” course, under the 
instructorship of a plant metallurgist. The headquarters office grades 
approximately 15,000 examinations each year and gives personal at 
tention to individual student questions. Approximately 75,000 letters 
are written annually to students and to persons who inquire about MEI 
The many complimentary letters received from MEI graduates is 
strong assurance that the MEI program will continue to be well re 
ceived and expand as their high quality becomes more widely known. 
MEI Course #8, Principles of Machining, has just been added to the 
expanding MEI curriculum, and four others are rapidly approaching 
completion. These are : 
1. Course 14—Corrosion 
2. Course 37—Welding Metallurgy 
3. Course 41—Principles of Heat Treating 
4. Course 12—Mechanical Testing and Inspection of Metals 


The total MEI enrollments has already passed the 2500 mark and 
the MEI “Alumni” exceed a thousand. Students from 45 states and 
32 foreign countries are among those taking advantage of this uniqu« 
ASM educational service. 


THe CHALLENGE AHEAD 

The future of ASM is brilliant. The opportunity for service to mem 
bers and industry grows daily. The technical areas of logical concern 
to the Society are increasing at an astonishing rate. ASM has before 
it the continuing challenge to serve well and fully in a scientific and 
technical universe that is expanding with lightning speed. 

The total efforts of all who are affiliated with and devoted to the 
objectives of ASM will be necessary to meet this challenge. 

Your officers and trustees are exerting tremendous efforts in this 
direction. Likewise, your national committees are becoming increas 
ingly active in moving to meet the challenge. Your staff will continue 
to exert its energies toward the common goal. 

I know that we can count on you, too! 


AMERICAN SOCIETY FOR METALS 
FOUNDATION FOR EDUCATION AND RESEARCH 


Annual Report of the President 
G. MacDonatp Younc, President 


November 4, 1959—Chicago 


HE American Society for Metals Foundation for Education and 

Research has, since incorporation in 1952, continued for the sixth 
year its program of granting scholarships to deserving students at- 
tending educational institutions in the United States and Canada which 
offer full-time day courses leading to a degree in Metallurgy. 

This Board believed, as did its predecessors, that educational assist- 
ance in the form of scholarships was the most valued contribution 
which could be offered to the technological needs of the metallurgical 
industry. For that reason, most of the income from the trust fund con- 
tinued to be put to that purpose. Since the program was commenced, 
a total of 362 scholarships and 4 fellowships have been granted repre- 
senting a total value of $173,000. 


Following is a list of the 59 recipients who received $500 scholar- 


ships for the 1958-59 term: 


Sche al 
University of 
Alabama 


University of 
Alberta 


University of 
\rizona 


University of 
British Columbia 


University of 
California 


Carnegie Institute 
of Technology 


Case Institute 
of Technology 


University of 
Cincinnati 


Recipient 
James E. Battles 
Pasadena, Tex. 


Malcolm J. Bibby 
Edmonton, Alta 


B. C. Natta 
Tucson, Arizona 


Robert E. Horita 


Vancouver, B. C. 


Daniel Green 
Berkeley, Calif 


Roy T. King 
Ambridge, Pa 


Gerald J. Hrastor 
Euclid, O 


Richard Ernst 
New Augusta, 
Ind. 


School 


Colorado School 
of Mines 


Columbia 
University 


Cornell 
University 


Drexel Institute 
of Technology 


Illinois Institute 
of Technology 


University of 
Illinois 


University of 
Kansas 


Recipient 
Thomas C. 
Spangler 

Denver, Colo. 


Melvin Bernstein 
Brooklyn, N. Y. 


Gerald B. Miller 
Shawnee, Okla. 


Melvin Brody 
Philadelphia 


Kenneth Drs 
Berwyn, IIl. 


Richard P. 
Branson 
Peoria, III 


William E, 
Gurwell 
Kansas City, 
Kans. 
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School Recipient School 
University of William M. University of 
Kentucky Thomas Oklahoma 


Carlisle, Ky. 


Lance A. Davis 
Springfield, Pa. 


Lafayette College 


Gilles Mathieu 
Quebec, P. Q. 


Laval University 


G. Tipton Galyon 


Harrison, N. Y. 


Lehigh University 


Massachusetts i 
Inst. of Tech. Farmington, 


Mich. 


McGill University B. J. Grierson 

Montreal, P. Q. 
University of Thomas R. Shives 
Maryland 


Roamer Predmore 


Michigan College rec 
Caro, Michigan 


of Mining & Tech. 


Kenneth M. 
Matteson 
East Lansing, 
Mic h 


Michigan State 
University 


John W. Risk 
Birmingham, 
Mich 


University of 
Michigan 


Ronald A. Koss 
Dodge Center, 
Minn 


University of 
Minnesota 


Harry O 
Schneider 
St. Louis 


Missouri School 
‘ of M ines 


Richard W. 
Roberts 
Anchorage, Alas. 


Montana School 
of Mines 


New York 
University 


John Papazian 
Flushing, N. Y. 


North Carolina 


George A. Sloan 
State ( Se 


ary, N. ¢ 


Dean L. Jacobson 
Kearney, Nebr. 


University of 
Notre Dame 


Merle A. Pratt 
Hartland, N. B. 


Nova Scotia 
Tech. College 


John T. Cammett 
Mason, O. 


Ohio State 
University 


Michael S. Walker 


University of 
Pennsylvania 


Pennsylvania 
State University 


University of 
Pittsburgh 


Polytechnic Inst. 
of Brooklyn 


Purdue University 


Queen’s University 


Rensselaer 
Polytechnic Inst 


San Jose State 


South Dakota 
School of Mines 


University of 
Tennessee 


Texas Westerr 
College 


University of 


Toronto 


University of 
Utah 


Virginia 
Polytechnic Inst 


Washington State 
College 


Vol. 52 


Recipient 
Robert M. Johnson 
Oklahoma City 
Okla 


Richard H. Deitcl 


George P. Sabol 
Clairton, Pa 


Robert J. Buzzard 
Natrona Heights 
Pa. 


Albert Imgram 
Garden City, 
Robert A. Choulet 
Kansas City, M« 


John R 


Barrick 
Wainfleet, 
Ontario 


Laurence A. 
Jackman 
Whitinsvill 
Mass 


Donald R Beall 
Crescent City 
Calif. 


LeVaughn | 
Sherwood 
Freeport, Ill 


Joe E. Spruiell 
Knoxville, Tenn 


O W. Rogers 
Comfort, Tex 


John T. Griffiths 
Welland Junctior 
Ont 


Donald D. Tuft 
Salt Lake City 
Utah 


Stanley M. Wolf 
Washington, D. ¢ 


30bby ¢ 
Deardorff 
Benton City 


Wash. 
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School Recipient School Recipient 
Washington Donald J. Bailey University of Richard J. Stueber 
University Seattle Wisconsin Juneau, Wis. 
Yale University Ivan E. Beattie 
Stratton, Colo. 
Wayne State Robert W. 
University Patterson Youngstown Paul J. Kovach 
Clawson, Mich. University Diamond, O. 


During the past year four additional schools made application and 
were accepted : 


New Mexico Institute of Mining and Technology Socorro, New Mexico 

Fenn College Cleveland 

Ecole Polytechnique (Faculty of Engineering) Montreal, Canada 
University of Montreal 

University of Idaho Moscow, Idaho 


This brings to a total of 61 institutions which will participate in the 
1959-60 program. 

Mr. George W. Pearsall, who for two years has held an ASM Gradu- 
ate Fellowship at Massachusetts Institute of Technology, has passed 
all examinations and, following submission and acceptance of a thesis, 
will receive his doctorate. 

In accepting funds from ASM, Walter E. Jominy, the Foundation’s 
first president, said, “This is the beginning of a most worthy enterprise, 
one that I am sure we will be proud of.” During the past year we have 
received many letters of thanks from grateful students who, without 
this financial help, would have had a difficult time ; and also letters from 
professors who were justifiably proud of their students’ creditable 
records. Such reports are one measure of the value of our assistance ; 
career performance will in time prove its true worth 

In 1955 an informal group of educationalists, chairmanned by Pro- 
fessor Michael B. Bever of Massachusetts Institute of Technology, con- 
tinued their fact-gathering studies as the Foundation’s Committee on 
Educational Statistics. The findings were presented in the November 
1957 issue of Metal Progress in an article entitled “Recent Statistics 
on Metallurgical Education.” In the September 1958 issue of the same 
periodical, the second chairman, Professor W. O. Philbrook, presented 
additional data for the academic year 1956-57. The committee recently 
completed an analysis of the 1957—58 statistics and at an early date this 
too will be published. These reports summarize the number of degrees 
granted to all students in the field of metallurgy and metallurgical engi- 
neering and categorize their first-year post-graduate employment. The 
information is providing a most valuable index to the efforts being 
undertaken to arouse interest in this professional area. 








st 
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The members of the committee who conducted these last two surveys 
were: 


Michael B. Bever, Past Chairman Massachusetts Institute of Technology 
Alfred Bornemann Stevens Institute of Technology 

M. E. Nicholson, Jr University of Minnesota 

John P. Nielsen University of New York 

W. O. Philbrook, Chairman Carnegie Institute of Technology 


Continuance of the program for the year 1959 is under the chairman 
ship of Dr. M. E. Nicholson, Jr., assisted by W. O. Philbrook, Past 
Chairman, and John P. Nielsen of University of New York, R. E 
Grace of Purdue University, and David Ragone of the University of 
Michigan. 

The Foundation is most indebted to these gentlemen for the time they 
have given to make possible these studies and also to the institutions 
with whom they have collaborated and which have been so cooperative 
in providing the statistical data. 

The American Society for Metals further contributed to the capital 
funds of the Foundation by a grant of $5,000.00, bringing the endow 
ment principal of the Foundation to $703,927.00 as of August 31, 1959 
The income from securities during the past 12 months’ period from 
September 1, 1958 to August 31, 1959 has been $34,147.63, partially 
off-set by expenses of $2,794.47. Expenditures during the year in 
cluded the scholarships awarded, totalling $29,500.00, and the granted 
fellowship of $4200.00, for a total of $33,700.00. The assets of the 
Foundation as of August 31 included $18,182.19 in cash, $19,643.82 in 
government bonds and $684,176.31 in other securities, totalling 
$722,002.32. Of this sum, $18,075.32 represents unexpended income 
available for use by the Foundation. 

The Foundation Treasurer, George A. Roberts, has submitted a 
complete and audited financial statement for the fiscal year ending 
November 30, 1959, which follows : 

The Trustees of the Foundation are most grateful for the continuing 
financial support given by the parent society and for permission to 
present this report at the Annual Meeting and for its subsequent pub 
lication in ASM TRANSACTIONS. 

G. M. Young, President 
G. A. Roberts, Treasurer 
A. O. Schaefer 

D. S. Clark 

C. H. Lorig 
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BALANCE SHEET 


AMERICAN SOCIETY FOR METALS FOUNDATION 
FOR EDUCATION AND RESEARCH—November 30, 1959 


CASH ON DEPOSIT ASSETS 
The Cleveland Trust Company 
i OD conde vob eGewd.eebulebtsecddbaestsneaceveseen’ $ 25,581.26 
Ch. Jenn pedwane te tdaeb bad hate Ganens abode we 6,066.17 $ 31,647.43 
MARKETABLE SECURITIES ( pr appa mi ren 
prices aggregate $927,836.67)—Note A... eee 704,483.21 
OTHER INCOME ASSET 
ie Se ee er taka 4,849.77 
$740 740,980.41 41 
LIABILITY AND FUNDS ee 
PRINCIPAL OF ENDOWMENT FUND 
Grants from American Society for Metals................+05. $700,346.10 
Net profit on disposal of securities. ..........eecceeeeeeees : 10,203.28 $710,549.38 
UNAPPROPRIATED NET INCOME....... pare acbeadn 30,431.03 





$740, 980.41 41 


Note A—Securities obtained by grant from American Society for Metals are stated | at 
market price at July 15, 1952. Subsequent additions are at cost. 


STATEMENT OF INCOME AND EXPENSES AND 
UNAPPROPRIATED NET INCOME 


AMERICAN SOCIETY FOR METALS FOUNDATION 
FOR EDUCATION AND RESEARCH Year ended November 30, 1959 


INCOME 
Dividends and interest earned............ OT ee ee , $ 34,526.20 
EXPENSES 
Fiscal agents’ fees and services..........0eee00% Lhegenee $ 1,674.13 
Professional services ..... Er ery rere 475.00 
Trustees expenses ..........ee000. PTT ECT TOT rr 348.26 
Committee expenses ..... aon errr Tre re ee eT Se 246.79 
Scholarship certificates .........2ese0.; . hon ‘ 218.00 
Stationery and office supplies..........++eeee0e: verre 29.64 2,991.82 
NET INCOME $ 31,534.38 
Unappropriated net income at beginning of year...........+.+- 28,396.65 
"$ 59,931.03 
OPENED SWONES o.iccccccescedsscetion oa 29,500.00 
U NAPPROPRIATED NET INCOME 


NOVEMBER 30, 1959 $ 30,431.03 
3oard of Trustees, ——— 
American Society for Metals Foundation 

for Education and Research, Novelty, Ohio 

We have examined the balance sheet of American Society for Metals Founda- 
tion for Education and Research as of November 30, 1959, and the related state- 
ment of income and expenses and unappropriated net income for the year then 
ended. Our examination was made in accordance with generally accepted auditing 
standards, and accordingly included such - sts of the accounting records, and such 
other auditing procedures as we considered necessary in the circumstances. 

Securities were confirmed to us by The ‘leveland Trust Company, agent. 

In our opinion, the accompanying balance sheet and statement of income and 
expenses and unappropriated net income present fairly the financial position of 
American Society for Metals Foundation for Education and Research at No- 
vember 30, 1959, and the results of its operations for the year then ended, in con- 
formity with generally accepted accounting principles applied on a basis consistent 
with that of the preceding year 

ERNST & ERNST 
Certified Public Accountants 
Cleveland, Ohio 
December 16, 1959 
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ELECTION OF OFFICERS 
PRESIDENT LORIG: We will now proceed with the election of officers 
Complying with the Constitution, I appointed in March 1959 the fol 
lowing Nominating Committee, selected from a list of candidates sug 
gested by the eligible chapters prior to March 1, 1959: 


Charles K. Donoho, Chairman, Birmingham 


James G. Parr, Edmonton William H. Charlesworth, Muncie 
Erith T. Clayton, Baltimore Robert N. Gillmor, Syracuse 
Edgar W. Husemann, Warren Albert H. Rauch, Tri-City 
George H. Balentine, Jr, Old South John C. McDonald, Santa Clara 
Valley 
The Nominating Committee met in Chicago on May 18th and mace 


the following nominations : 


FOR PRESIDENT 
Walter Crafts, Associate Director of Technology, Electro Metallurgical 
Company—l year 
FOR VICE-PRESIDENT 
William A. Pennington, Head of Metallurgy, University of Maryland 
1 year 
FOR TREASURER 
Robert J. Raudebaugh, Supervisor, Iron-Nickel Alloys, Internatio 
Nickel Co.—2 years 
FOR TRUSTEES 
A. R. Fairchild, Metallurgist, Western Electric Co.; and Carl H. Sam 


Associate Director, Engineering Research, Standard Oil Company 


Indiana—for 2 years 


x * * 


Complying with the Constitution, the Secretary has informed me that 
no additional nominations were received prior to July 15th 1959 for 
any of the vacancies appearing on the board. Consequently, the nomina 
tions were closed. I now call upon the Secretary to carry out the pri 
visions of the Constitution with respect to the election of officers 
WALTER E. JOMINY : Conforming with the provisions and requirements 
of the Constitution of the American Society for Metals, I hereby 
the unanimous vote of the members for the election of the aforenamed 
candidates who were nominated on May 18th, 1959. 

* +. * 
PRESIDENT LORIG: So that you may recognize and welcome the new 
officers, whom you have just elected to the board of Trustees, may | 
present: Albert R. Fairchild, Cari H. Samans, Robert J. Raudebaug! 
William A. Pennington. I know you would like to hear from President 
elect Walter Crafts on whom I will now call for a few words. 


Saeed Mr. Crafts makes a brief response...... 
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PRESIDENT LORIG: At the annual banquet on Thursday evening, the 
President’s Medal will be presented to G. M. Young, but at this time I 
would ask Dr. Robert H. Aborn, Dr. J. Herbert Hollomon and Dr. E. 
Eugene Stansbury to come forward so that I may present them with 
the Past Trustees Certificate given by the Society in recognition of the 
great service which they have rendered during their term on the Board 
of Trustees. 


PRESIDENT LORIG: It has long been the custom of the Society to recog- 
nize our chapter secretaries on the completion of ten years of continu- 
ous service. It gives me great pleasure to invite Emil Galbreath to 
come forward and receive a 10-year certificate of appreciation. With it 
we extend congratulations and best wishes during his next 10 years in 
office. 

eres President Lorig presented the certificate to Mr. Galbreath 

In recognition of Ray T. Bayless’ retirement from nearly 40 years of 
active staff duties in the Society Dr. Lorig invited him to come to the 
platform to receive the Society’s Certificate of Appreciation. The cita- 
tion which the scroll contained was read by Dr. Lorig and Mr. Bayless 
made a brief response of acceptance. They are presented herewith. 


CERTIFICATE OF APPRECIATION TO Ray T. BAYLEsSS 

In recognition of his life-time of work in fostering the growth of the 
Society from small beginnings to its present position of world-wide im- 
portance in the field of metallurgy. 

In testimony whereof, and at the direction of the Board of Trustees, 
we have (the President and Secretary) hereunto placed our signatures 
and set the seal of the Society this fourth day of November, 1959. 

Ray Bayless was the first full-time male employee of the Ameri- 
can Society for Metals, other than the founder-member, the late 
William Hunt Eisenman. The Society itself, then known as the 
American Society for Steel Treating, was a baby only two years 
old, born of the union of two groups of chapters heading into 
Detroit and Chicago. It had 2400 members and a great future. 
Ray immediately took over editorship of TRANSACTIONS, and for 
nearly 40 years has guided the scientific publications and meetings 
of the Society to an ever higher eminence. 

He became Assistant Secretary in 1930. His added duties in- 
cluded the multitudinous housekeeping and purchasing details of 
the National Office. Not content with these responsibilities, he has 
seen through the press at least three quarters of the books bearing 
the ASM imprint. It became a common saying among his associ 
ates that Ray’s work day paid no attention to quitting time. 

In recognition of the devotion of a life-time to the promotion 
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of all the Society’s activities, the Board of Trustees of the Ameri 

can Society for Metals, acting in the name of all members of the 
Society, is privileged to make this permanent record of our debt 
of gratitude to Ray T. Bayless in this time of his retirement. May 
he live long to enjoy the ease he has so richly earned! 


His REPLy 

Mr. President, Members of the Board of Trustees and fellow 
Members of ASM—Please accept my sincerest thanks for this 
Certificate of Appreciation of my services to ASM for nearly 
forty years. It has been a rewarding experience to have been as 
sociated with the Society from its inception. The success of the 
Society is due to the efforts of thousands of self-sacrificing, 
earnest members, the full cooperation of a loyal staff, the thought 
ful planning of the trustees, and the leadership of a great man, 
William Hunt Eisenman. 

You may be assured of my continued devotion to the advance 
ment of the Society into the ASM of Tomorrow. I will remain at 
your service today, tomorrow and always. 


PRESIDENT LORIG: Has any member present anything to bring before 
the annual meeting for the good of the Society? If not, a motion to ad 
journ is in order. 

I now declare the 1959 Annual Meeting adjourned. 


EpwarpD De MILLE CAMPBELL MEMORIAL LECTURI 

At 11 am. President Lorig reconvened the meeting and presented 
A. O. Schaefer, chairman of the Thirty-fourth Edward De Mille Camp 
bell Memorial Lecture who introduced Dr. Alexander R. Troiano, De 
partment of Metallurgy, Case Institute of Technology, Cleveland, who 
delivered the thirty-fourth lecture in honor of Professor Campbell. The 
lecture is entitled “Role of Hydrogen and Other Interstitials on th 
Mechanical Behavior of Metals,” and is published in full in this volume 
of TRANSACTIONS beginning on page 54. 


ASM ANNUAL DINNER 


On Thursday evening, November 5, members, guests and friends 
assembled in the Grand Ballroom of the Hotel Sherman for the Annual 
Dinner of the Society. The attendance was in excess of 500 persons 

Those seated at the speakers table were: Allan Ray Putnam, Man 
aging Director, American Society for Metals, Cleveland; Maurice J 
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Curtis, President, Society for Nondestructive Testing; Ernest E. 
Thum, Editor-in-Chief, Metal Progress, Cleveland; Carl H. Samans, 
Associate Director, Engineering Research, Standard Oil Company of 
Indiana, Trustee-elect, ASM ; P. R. Landon, University of California, 
Livermore, a recipient of the 1959 Howe Medal; Robert J. Raude- 
baugh, Supervisor, Iron-Nickel Alloys, International Nickel Company, 
Treasurer-elect, ASM; F. E. Hauser, Department of Engineering, 
University of California, Berkeley, a recipient of the 1959 Howe 
Medal; Merrill A. Scheil, Director, Metallurgical Research, A. O. 
Smith Corporation, Milwaukee, Trustee, ASM; John E. Dorn, Pro- 
fessor of Metallurgy, University of California, Berkeley, a recipient 
of the 1959 Howe Medal; Robert H. Aborn, Director, Edgar C. Bain 
Laboratory for Fundamental Research, United States Steel Corpora- 
tion, Monroeville, Treasurer, ASM ; James B. Austin, Vice President, 
United States Steel Corporation, Pittsburgh, Past President, ASM ; 
David Bain, Missile and Space Vehicle Department, General Electric 
Company; Walter E. Jominy, Retired Chief Engineer, Metallurgical 
Research, Chrysler Corporation, Detroit, Secretary, ASM ; George A. 
Roberts, Vice President, Vanadium Alloys Steel Company, Latrobe, 
Past President, ASM; John L. Atwood, President, North American 
Aviation, Inc., Los Angeles, recipient of ASM Medal for Advance- 
ment of Research; Clarence H. Lorig, Technical Director, Battelle 
Memorial Institute, Columbus, President, ASM ; Matthew A. Hunter, 
Department of Metallurgical Engineering, Rensselaer Polytechnic 
Institute, recipient of 1959 Gold Medal; G. M. Young, Technical 
Director, Aluminum Company of Canada, Ltd., Montreal, Quebec, 
Canada, Past President, ASM; Earle C. Smith, Chief Metallurgist 
and Director of Research, Republic Steel Corporation, Cleveland, 
Honorary Member, ASM; Walter Crafts, Associate Director- 
Technology, Union Carbide Metals Company, Niagara Falls, New 
York, Vice President and President-elect, ASM; L. S. Hamaker, 
Assistant Vice President in Charge of Sales, Republic Steel Corpo- 
ration, Cleveland ; René M. V. Perrin, Chairman and President, Ugine, 
France, recipient of the Sauveur Award; Jerome Strauss, Consultant, 
State College, Pennsylvania ; Earl R. Parker, Professor of Metallurgy, 
University of California, Berkeley, Trustee, ASM; Marcel Fauriol, 
French Commercial Consul in Chicago; A. R. Troiano, Department 
of Metallurgy, Case Institute of Technology, Cleveland, 1959 Camp- 
bell Lecturer; William A. Pennington, Head of Metallurgy, Uni- 
versity of Maryland, Baltimore, Vice President-elect, ASM ; Augustus 
B. Kinzel, Vice President of Research, Union Carbide Corporation, 
New York, and President, Institute of Metals; Albert R. Fairchild, 
Metallurgist, Western Electric Company, Trustee-elect, ASM; P. G. 
3ordoni, Professor, University of Pisa, Italy; Ray T. Bayless, Retired 
Assistant Secretary, American Society for Metals, Cleveland. 
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ASM Avsert SAUVEUR ACHIEVEMENT AWARD 

In 1934 the Board of Trustees of the Society established an award 
in honor of Dr. Albert Sauveur, distinguished metallurgist and for 
many years an honorary member of the Society. The Award was 
created to recognize a metallurgical achievement which has stood the 
test of time and has stimulated others along similar lines to the extent 
that a marked basic advance has been made in the metal arts and 
sciences. In 1959 the candidate for this award was René Perrin, Presi 
dent, Société d’Electro-Chimie d’Ugine, Paris, France. Jerome 
Strauss, Consulting Metallurgical Engineer, State College, Pa., pre 
sented the candidate by delivering the following citation : 


Steadfast devotion to the concept of the benefits to be derived fron 
application of research and of scientific method to industrial practice led 
Rene Perrin in the early years of his association with his present com 
pany to the rapid steel-making practice indelibly stamped with his name 
Originally applied to electric-furnace-melted steel, his bold departur: 
from precedent in violently intermixing the slag-free metal bath with a 
molten synthetic slag, has been practiced on a more or less extensive 
scale not only in France but also in Poland, Belgium, England, India 
and the United States. With raw materials of high initial quality not 
required and ready adaptation to molten steel produced by any melting 
medium, whether converter, open hearth or electric, numerous carbon 
and alloy steels have been produced over a period of more than twenty 
five years high in quality and well known for their uniformity. 


Less well known, but equally as extensively practiced are his 
adaptations of similar rapid reactions in the molten state to the 
production of ferrochromium and ferromanganese of very low 
carbon contents and to the extraction of nickel from lean ores 
Especially the ferrochromium has proven most successful not only 
in France but in England, Sweden, Germany and the United 
States. Desulphurization, deoxidation, dephosphorization have re 
sulted from all these practices, either simultaneously or sepa 
rately. The demonstration of the almost instantaneous nature of 
these reactions have led others to study and endeavor to extend 
the use of the principle he disclosed. 

Mr. Perrin’s interests and accomplishments have not however 
been confined to this area alone. Equally early in his career, and 
not too unrelated to his metallurgical interests, he evidenc 
strong attachment to geological and petrographic problems. [1 
this field also he has made numerous contributions to the liter: 
ture and added substantially to our knowledge of the genesis 
granites and the formation of metalliferous deposits. 

A guiding hand, often President, of many technical and admit 
istrative organizations in his own country, he has received man 
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honors-—-the Henry Le Chatelier Medal of the Société Francaise 
de Metallurgie, the Grand Prize of the Société des Ingenieurs 
Civils, the Baudry Prize of the Société d’Encouragement pour 
I’Industrie Nationale, the Grand Medal of the Société de Chimie 
Industrielle and election to membership in the Academie des 
Sciences (Institut de France ). 

Now Board Chairman and President of his company, Société 
d’Electro-Chimie d’Ugine, and maintaining therefore an active 
interest and concern with management practice, overall industrial 
policy and social problems, he still finds time for his life-long devo- 
tion to research and thus continues his contributions within the 
highly diverse organization that he guides. 

It is for these accomplishments that the American Society for 
Metals is honoring Mr. Perrin with the Albert Sauveur Achieve- 
ment Award. 

President Lorig made the presentation 


CONFERRING OF HONORARY MEMBERSHIP ON EARLE C. SMITH 





Honorary membership in the American Society for Metals is the 
highest honor conferred by the Society in recognition of one man’s con- 
tribution to metallurgy and the profession. Earle Clement Smith, Chief 
Metallurgist and Director of Research for Republic Steel Corp. is de- 
serving of this high honor—conferred only twenty-four times in the 
40-year history of the Society. He has been pre-eminent in the applica- 
tion of science to steelmaking and a zealous worker for advancement 
of the metallurgical profession. President Lorig called upon L. S. 
Hamaker, Sales Manager of Republic Steel Corp., to present the award 
citation, which follows : 

Since the beginning of his career in 1915, Earle Smith has ap- 
plied his tremendous energy to diagnosis and solution of diversi- 
fied metallurgical problems. Fortunate for steel producers and 
users alike he has always shared his intimate knowledge of steel- 
making and materials for the benefit of others. From his store of 
information he freely gives something to everyone who comes to 
him for enlightenment. This noble attribute in particular was 
recognized last year when he was named honorable foreign mem- 
ber of Verein Deutscher Eisenhuttenleute—an honor rarely given 
outside Germany. This honor came out of gratitude of the Verein 
for his exchange of fruitful knowhow and for the practical assist- 
ance he has given many of its members. 

While a great part of his career has been devoted to practical 
aspects of steelmaking, Earle Smith always found time to study 
the theoretical side of the process. He applied principles of micro- 
scopic mineralogy to classical studies on the constituents of basic 
openhearth slags and their influence on the steel bath—giving rise 
to the precept “If your slag is right your steel is right.” His 
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enthusiasm and keen perception have spurred such important 
developments as the use of top pressure in blast furnace opera 
tions and the direct reduction of iron ores. 

He has acted as co-ordinator of the varied research activities 
which Republic Steel Corp. has, for years, carried out in the 
practical workshop of the company’s plants, manufacturing divi 
sions and mines. Recently, with the completion of Republic’s new 
Research Center he was assigned the additional duties of Director 
of Research, which formalizes his past relationship with the com 
pany’s research programs and delegates to him direct responsi 
bility over basic and applied research. This responsibility comes to 
Earle Smith as recognition of his unique ability to translate the 
results of research investigations into practical values. 

His knowledge was put to the service of the nation during 
World War IT when his advice was sought on countless problems 
connected with ordnance steels. He was directly responsible for 
rolling ingots into blooms for gun forging plants. He has served 
the country on numerous metallurgical committees and missions 

This Society honored Earle Smith with its Gold Medal in 1946 
and as Campbell lecturer in 1950. His contributions to the metals 
industry and to metallurgical education have been recognized on 
numerous other occasions. For several years he was chairman of 
the Advisory Council for Science and Engineering of the Uni 
versity of Notre Dame. Both Ohio State University—his alma 
mater, and Case Institute of Technology have awarded him the 
Doctor of Science degree. 

Earle Smith—metallurgist extraordinary—has shown re 
markable prowess in putting scientific findings to practical use for 
steel producers and consumers. His work and his willingness t 


help others have benefited greatly the whole metals industry and 
the metallurgical profession. 
President Lorig made the presentation. 


CONFERRING OF HoNoRARY MEMBERSHIP ON EDGAR C. BAIN 

In the previous 41 years of its history, the American Society for 
Metals has awarded only 24 honorary memberships. This highest honor 
of our Society has gone to industrialists, experimentalists, metallurgists 
and teachers of world-wide fame. Edgar Collins Bain, the present re 
cipient, would qualify as a member of nearly all these groups of notables 

one might almost say, indeed, that he had earned the distinction 
before he reached his forties ! 

President Lorig called upon James B. Austin, Vice-president of 
the U.S. Steel Corp., to present the citation for this award which was 
received from Dr. Lorig by Edgar Bain’s son David. The citation 
follows: 
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We find that he was studying crystal lattices at the lamp works 
of General Electric Co. at such an early date he had to assemble 
his own x-ray diffraction equipment. Then he established a re- 
search laboratory for Atlas Steel Corp. and plunged into the 
complexities of high speed steel, coming up with some believable 
data because he insisted on correlating the results of the largest 
possible number of experiments. He spent his early thirties with 
Union Carbide & Carbon Research Laboratories, heading the 
metallurgical division and specializing in the high chromium and 
stainless steels, working out the chromium-iron-nickel ternary 
system and coming up with the correct diagnosis of the virulent 
disease of stainless equipment then called “weld decay.” At about 
this time, he concluded that the most fertile field for scientific re- 
search was the structural, engineering and alloy steels, so he was 
glad to accept John Johnston’s offer to join the U. S. Steel’s newly 
organized laboratory for fundamental research. Leading a small 
team of remarkably able men, the complicated hardening mech- 
anism in steel was tackled and shortly came the epoch-making 
publications on isothermal transformation. This entirely new in- 
vestigative method not only brushed away a thicket of misunder- 
standing about steel but has since been widely used in studying all 
sorts of metastable alloys. In his honor a hitherto unknown con- 
stituent of hardened steel was named Bainite. Not to be forgotten, 
either, is his 1939 book on “Alloying Elements in Steel,’ which 
for the first time systematized the knowledge of the effects of 
alloys, one by one. 

It is not surprising that a leader with such penetrating intellect 
should be called upon for wider tasks, and so we find that in 1935 
Jain was appointed assistant vice president—research and tech- 
nology—of the Corporation. A few years later the word “as- 
sistant” was dropped. This was in the days when fundamental re- 
search had to prove itself to the “practical” and somewhat skepti- 
cal management of Big Steel. Nevertheless, his enthusiasm was 
contagious. Soon he got the idea over that new scientific knowl- 
edge would be necessary before new and improved processes and 
products could be devised. He lived through a change in official 
attitude. During these two decades, we find that the men and 
money devoted to fundamental research by the U. S. Steel Corp. 
has grown at least tenfold! Thus he has multiplied his personality, 
and the achievement is perpetuated in the handsome building 
called the “Edgar C. Bain Laboratory for Fundamental Research”’ 
at the Corporation’s new research center east of Pittsburgh. 

Edgar Bain’s honors have been many. He was president of the 
American Society for Metals in 1936. He was elected to the Na- 
tional Academy of Sciences, in which position he enlarged his al- 
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ready great services to the nation. He is widely known and re 
spected by European metallurgists, not only by his published word 
but by his frequent personal visits, so it is not surprising to find 
that he has been awarded le Grand Medaille of the French Society 
for Metallurgy. To this list (and to the many others), we now add 
the title of Honorary Member, American Society for Metals 


ASM MEDAL FoR THE ADVANCEMENT OF RESEARCH 


In 1934 the Board of Trustees established the ASM Medal for the 
Advancement of Research, and this award has been granted to fifteen 
candidates. The 1959 award was presented to John Leland Atwood, 
President of North American Aviation Co. In presenting the candidate 
for this award, George A. Roberts, Past President of American Society 
for Metals read the citation which follows. President Lorig then pre 
sented the medal and scroll to Dr. Atwood. The citation is: 

Long an acknowledged leader in the production of aircraft, rockets, 
and other items appropriate to the space age, North American Aviation 
has many technical innovations to its name. While much credit for these 
advances must go to the dedicated personnel who accomplished the es 
sential experimental work, a large share of it is merited by John Leland 
Atwood, president of the company. Never backward in recognizing the 
need for research, he has through the years given his full support t 
the many and varied programs carried out at North American. Further 
more, he has often been directly responsible for the initiation of im 
portant research projects. His inspiring leadership is a prime factor for 
the position in the vanguard of space age technology enjoyed by Nort! 
American Aviation today. 

Mr. Atwood’s activities on behalf of his company began in 1934 
when he became chief engineer and vice president. His outstand 
ing contributions resulted in appointment to the post of assistant 
general manager in 1938, and in 1943 he was named first vice 
president. The year 1948 saw his election to the presidency of 
North American; since that day—and not coincidentally—the 
company has made giant strides. 

The development of the chemical milling process is but one of 
the important advances achieved at North American under the 
direction of Mr. Atwood. Patented in 1953, this mass etching 
method has eliminated many a serious bottleneck in the production 
of aircraft and missile parts. A modification of it, called electro 
chemical milling, can shape high strength steel parts without 
hydrogen embrittlement. 

Many other fabrication methods have been devised to deal with 
the new metals and alloys brought to prominence by the demands 
of space technology. As a pioneer in the use of titanium, North 
American devised several novel forming methods, including heat 
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flattening, hot sizing, and die quenching. The latter process is now 
used throughout the industry. 

The enlightened leadership of Mr. Atwood has also led to 
the development of new alloys. His engineers have been instru- 
mental in formulating an aluminum casting alioy with high 
strength and have pioneered in the use of high-strength die steels 
for aircraft structural parts. Extensive applied research was re- 
quired to fabricate the skin of the X-15 rocketship from a high- 
strength superalloy. 

Time does not permit the listing of the numerous achievements 
that North American Aviation has accomplished under the ban- 
ner of J. L. Atwood. A brief and by no means complete list reads 
like a handbook of space age technology. Not only has the field 
of metallurgy benefited immensely, but nuclear science and rocket 
technology have also made great progress through his staunch 
support. Engineers at Rocketdyne and Atomics International, 
both subsidiaries of North American, have made important con- 
tributions in their fields. 

Twenty-five years of sage counsel and vigorous leadership of 
his company is a record of service that few men can match. It is 
also a record which merits recognition from every quarter. For his 
constant endeavors on behalf of research and for his keen fore- 
sight in gaging the needs of aircraft and missile technology, the 

soard of Trustees of the American Society for Metals has 

awarded its 1959 Medal for the Advancement of Research to John 
Leland Atwood, President North American Aviation, Inc., of 
Los Angeles, Calif. 


CONFERRING OF THE ASM Gotp MEDAL 


The Gold Medal which was established by the Board of Trustees of 
the Society in 1943 has been awarded twelve previous times to indi- 
viduals for their outstanding metallurgical knowledge and great versa- 
tility in the application of science to the metal industry, as well as for 
their exceptional ability in the solution of diversified metallurgical 
problems. The recipient of the 1959 ASM Gold Medal was Dr. Mat- 
thew A. Hunter, Dean Emeritus, Rensselaer Polytechnic Institute. 
G. MacDonald Young, Past President of the Society, Technical Di- 
rector of the Aluminum Co. of Canada presented Dr. Hunter to Presi- 
dent Lorig to receive the award. In making this presentation he first 
read the citation engrossed on the scroll which accompanies the medal. 
The citation is: 

Eminent metallurgist and investigator, now Dean Emeritus of 
Rensselaer Polytechnic Institute, Matthew Hunter can look back on a 
long and extremely productive life. Not only has he contributed greatly 
to the school he served faithfully for over 40 years, he also is credited 
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with many advances in metallurgy resulting from his work as a con 
sultant to the metals industry. 

Born in New Zealand, he left Auckland, his birthplace, with a 
master’s degree in 1902. Further schooling in England and 
Germany earned him a Sc.D. with postgraduate experience, and 
prepared him for work under the famed Dr. W. R. Whitney 
(ASM Honorary Member) in the research laboratory of General 
Electric Co., where in 1906 he produced metallic titanium by r« 
duction of the tetrachloride with sodium. This was before the 
tungsten wire filament had been developed. He and Dr. Whitney 
were searching for a refractory metal which could be fabricated 
into lamp filaments. 

In 1908 he became professor of electrochemistry at Rensselaer 
and remained there until he retired in 1949. These years wer« 
productive in many ways. He organized the metallurgical eng 
neering curriculum (at Rensselaer) in 1933, became head of the 

department of metallurgical engineering in 1935, and dean of 
faculty in 1943. He also made many practical contributions t: 
metals technology as a consultant to industry. 

During World War I, an emergency arose because precisior 
alloys formerly supplied by Germany could no longer be obtained 
Since this country did not have the “know-how” to make thet 
the situation was critical. Dr. Hunter was asked to help in produ 
ing “Invar,” an alloy with a low coefficient of expansion whic! 
was used in geodetic tapes; “Manganin,” needed for standard 
resistances, and “Constantan,” an alloy for thermocouples. I 
cooperation with Leeds & Northrup Co., research began at 
Rensselaer. Progress was rapid and soon Driver-Harris Co. was 
called in to provide wire drawing and strip rolling facilities to pr 
duce these alloys commercially. This meeting led to a fruitful as 
sociation as chief consultant and director of research for Drive 
Harris Co., which has continued to the present over a period of 
40 years. 

Dr. Hunter’s work includes research into the electrical proy 
erties of many metals and alloys. In 1935 he was granted a patent 
on a fundamental improvement in production of Nichrome wir: 
By adding a small amount of calcium to the melt, oxygen was r« 
duced to a low level ; with this refinement, Nichrome lasted five to 
ten times longer at 2100°F. Also productive was work on new 
thermocouple materials and on titanium as an alloying element 

His activities did not lessen with his retirement from active 
work at Rensselaer. To his consulting work, he added new duties 
As an active member (since 1950) of the Materials Advisory 
PRoard, National Research Council, he served as chairman of the 
Panel on Substitutes for Beryllium-Copper Alloys (1952), and 
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of the Panel on Research and Development in Magnesium Alloys 
(1953). Since 1952, he has also been a member of the Titanium 
Processes Review Committee. For many years he has been chair- 
man of the Titanium Committee, the group that authorizes and 
guides the entire titanium program for the government. 

All of these varied activities have resulted in a large number of 
technical papers. Dr. Hunter has also found time for special 
articles, the titles of which also exemplify his wide range of in- 
terests. Included are such topics as “Alloys for Electrical Use and 
Their Properties,” which appears in Engineering Materials 
Handbook and articles on “Low Expansion Alloys,” and “Stress 
Corrosion of Magnesium Alloys” which appear in the ASM 
Metals Handbook. 

In recognition of the devotion of a lifetime to advancing metal- 
lurgical education and for his ingenuity in applying science to 
problems of the metal industries, the American Society for Metals 
has awarded its Gold Medal to Dr. Matthew Hunter. 

In passing, we might add that Dr. Hunter will be 81 in a few 
days, November 9 to be exact. Here is your Gold Medal, Dr. 
Hunter, on behalf of the entire ASM, we wish you, a few days 
early, “Happy Birthday !” 





ee. 


President Clarence H. Lorig then called Past President G. Mac- 
Donald Young forward and presented to him a certificate and the Presi- 
dents’ Medal in appreciation of his presidency of the Society during 
1958. 

Immediately following the presentation of the Society awards a 
sparkling entertainment in the form of dancers, singers and shooting 
toy balloons pleased the audience for more than an hour. This enter- 
tainment brought the evening to a close. 








THE ROLE OF HYDROGEN AND OTHER 
INTERSTITIALS IN THE MECHANICAL 
BEHAVIOR OF METALS 


(1959 Edward De Mille Campbell Memorial Lecture) 


By ALEXANDER R. TROIANO 


T THIS time each year, our society pauses in its multitude of activi 

ties to pay homage to the memory of Edward De Mille Campbell, 
—a scholar and teacher of great skill and understanding, but above all, 
a man of indomitable courage. Throughout all but the first two years of 
his professional life, Professor Campbell worked under the handicap of 
total blindness. That is, a handicap for one of less determination. Using 
the eyes of his students and others, in addition to teaching and admin 
istrative duties, he contributed some 77 papers to the scientific litera 
ture, more than half of which dealt with a correlation of the chemical, 
physical and mechanical properties of steel. 

It is with a deep sense of responsibility and humility that I assume 
the privilege of joining you in honoring the memory of Professor Camp 
bell and of becoming a member of that distinguished roster of past 
Campbell Memorial Lecturers. 

It has long been appreciated that interstitial alloying elements will, 
in small quantities, exert a potent influence on the mechanical behavior 
of alloys. The elements normally considered to be interstitial are carbon, 
nitrogen, hydrogen, oxygen, and boron. It is quite likely that others 
under certain limited conditions, may also reside in the interstices of 
the host lattice. 

Of these, carbon has received the most attention ; where the behavior 
of nitrogen has generally been considered to be analogous to that of 
carbon. Oxygen and boron, strangely enough, have been almost virtu 
ally ignored as interstitials. Recently, hydrogen has come under close 
scrutiny, although its influence on the mechanical behavior of steel has 
been well-recognized for years. 

The interstitial alloying elements have in common a high diffusion 
rate relative to that for the substitutional elements, but can vary widely 
among themselves in other characteristics, such as solubility, tendency 


This is the Thirty-fourth Edward De Mille Campbell Memorial Lecture, pre 
sented by Alexander R. Troiano, Chairman, Department of Metallurgical Engi 
neering, Case Institute of Technology, Cleveland. 

The lecture was presented November 4, 1959 during the Forty-first Annual 
Convention of the American Society for Metals, held in Chicago. This text is 
reproduced without change from the Campbell Memorial Lecture as delivered 
before the American Society for Metals. 
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to form compounds, crystal structure, etc. In fact, three of these are 
gases at ambient temperatures and pressures. 

It is our desire to discuss the role of hydrogen as an interstitial 
alloying element in the mechanical behavior of metals, and then to 
examine certain corollary influences of some of the other interstitials, 
either observed or anticipated. 

An effort of this type involves the ideas, activities, and cooperation 
of many people. As I stand here on this platform, I am flanked by my 
students, my colleagues, and my family, all of whom have contributed 
beyond measure. I am grateful for their assistance. It is an added 
pleasure to acknowledge the encouraging and enlightened sponsorship 
of this entire investigation by The Aeronautical Research Laboratory, 
Wright Air Development Center, United States Air Force, under Con- 
tract AF 33(616)-—3431. 

That hydrogen can severely embrittle steel and several other metals 
is well-known (1-—7),* and one of the more intriguing aspects of this 
embrittlement is its sensitivity to strain-rate and temperature. Briefly, 
the embrittlement is enhanced by slow strain-rates and elevated tempera- 
tures (8-13). These are mutually dependent variables and may be 
perturbated over a fairly wide range of strain rate and temperature. 

To differentiate this type of ductility loss from the more conventional 
behavior, where high strain-rates and low temperatures enhance brittle 
behavior, it is generally referred to as “slow strain-rate embrittlement” 
and will be so termed in this lecture. This slow strain-rate and tempera- 
ture sensitivity strongly suggests that the phenomenon is under the 
control of and paced by the diffusion of hydrogen. 

All brittle failures involve the initiation and propagation of cracks. 
Under the conditions of relatively slow strain-rate controlled by dif- 
fusion of an interstitial, the times for crack initiation and propagation 
become highly significant and readily measurable over broad operating 
ranges of time and temperature. An analysis of this type of failure will 
then, involve a measurement of the time for crack initiation, or more 
specifically—the crack incubation period, and a determination of the 
rate and mechanism of crack propagation to failure. 

Sustained load tests at different initial stress levels and test tempera- 
tures offer definite advantages in crack initiation and propagation 
studies as compared to tests where the load and stress are continuously 
increasing, often at relatively high rates such as in a conventional tensile 
or torsion test. 

A systematic study of this type has been in progress at Case Institute 
of Technology ; where sustained load or stress rupture tests were con- 
ducted on uniformly hydrogenated steel, titanium, and other alloys un- 
der various conditions of time and temperature (6,14,15,16). 





* The figures appearing in parentheses pertain to the references appended to this paper, 
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The method of examination was simply to load statically a series of 
notched tensile specimens at different stresses and wait for failure. 
Fig. 1 typifies the kind of sustained load to failure curves obtained 
There are a number of significant features that should be noted here 
1. The notch tensile strength may be less than normal and di 
rectly reflects the loss of ductility due to hydrogen. 
2. Delayed failure may occur over a wide range of applied stress 
3. There is only a slight dependence of the time to failure upon 
the applied stress. 
4. Perhaps, the most significant characteristic of this stress rup 
ture relationship lies in the fact that there is a minimum critical 
value below which failure does not occur. 


These are, in essence, static fatigue curves, and the lower critical 
stress may be considered a static endurance limit—that is, a stress below 
which failure will not occur for an indefinite period of time. 

This behavior is sensitive to hydrogen concentration as shown in 
Fig. 2, where it may be seen that all delay failure parameters ; notch 
strength, rupture time, and static fatigue limit increase with decreasing 
hydrogen concentration. 

Also note that even after 24 hours at 300 °F there is still a substantial 
stress range, of the order of 60,000 psi over which delayed failure will 
occur. In an unnotched specimen, full recovery of the ductility as 
measured by the reduction of area can be attained in less than 20 hours 
at 300 °F (17), yet delayed failure will occur after 24 hours or longer 
of baking time at 300 °F. Indeed, the notch tensile strengths on these 
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Normal Notch Strength = 300,000 ps 
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Fig. 2—-Static Fatigue Curves for Various Hydrogen Concentrations Ob 
tained by Baking Different Times at 300 °F. Sharp-notch specimens. 230,000 
psi strength level. (14) 


same curves indicate complete recovery between 7—12 hours at 300 °F, 
yet delayed failure will still occur over a wide range of applied stresses. 
Thus, it is apparent why conventional laboratory tests may not detect 
the susceptibility to delayed failure. 

The increase in lower critical stress with decreasing hydrogen con- 
centration suggests that crack initiation is controlled by a combination 
of hydrogen and stress. With decreasing hydrogen concentration, more 
stress is necessary to initiate delayed failure. The concept is supported 
by experiments on specimens of varying notch severity. 

The variation of the lower critical stress with notch severity is shown 
in Fig. 3. It is evident that the static fatigue limit rises as the notch 
severity (radius) decreases. The unit stress at the root of the notch is 
high and undoubtedly is sufficient to cause some localized plastic flow. 

All of this, strongly suggests that a critical combination of stress state 
and hydrogen concentration must be attained to initiate a crack. Addi- 
tional support for this hypothesis is obtained from an examination of 
the position of crack initiation as a function of the notch severity. 
Sharply notched specimens are observed to crack slightly below the 
notch bottom as indicated in Fig. 4, and less sharp notches more deeply. 
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Fig. 3—Static Fatigue Curves for Specimens of Different Notch Sharpr 
Baked 0.5 hour at 300 °F. (14) 
These results agree qualitatively with the concept that the most severe 
triaxial stress state exists below the notch surface, and that the position 
of maximum triaxiality moves into the specimen as the notch severity 
is decreased ; thus correlating the location of crack initiation with the 
position of maximum triaxial stress. 

We are now ready to consider specifically the initiation and propa 
gation of cracks leading to failure. Let us first direct our attention to 
the events occurring prior to fracture in the static fatigue range. The 
cracks shown in Fig. 4 and the appearance of the fracture surfaces 
Fig. 5 indicate that failure occurs by a process of crack initiation 
relatively slow propagation. 

The kinetics of crack initiation and propagation can be followed by 
electrical resistance changes (18). A typical resistivity-time curve for 
sharply notched specimens is shown in Fig. 6. The existence of an incu 
bation period for crack initiation and a period of apparently controlled 
crack propagation are apparent. 

The existence of an incubation period is a matter of considerabl: 
importance. For example, as we have pointed out, in hydrogen em 
brittlement the fracture ductility decreases with decreasing strain-rate 
Of course, this fracture ductility is dependent upon both initiation and 
propagation of a crack; nevertheless, it is evident that, for a given 
incubation period, a slow strain-rate test will be more likely to detect 
embrittlement than a high strain-rate test. If the strain-rate is so high 
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Fig. 4—Cracks Observed in Hydrogenated Notched Specimens Sectioned 
After Static Loading. Longitudinal section at x 100. Top specimen has 


)l-inch notch radius and bottom specime is 0 h radius. (14) 


that the specimen fractures in less time than the incubation period, 
then hydrogen embrittlement will not be detected. Thus, again it is ap- 
parent why conventional tensile tests may not detect the susceptibility to 
delayed failure (19). 

The incubation period is strongly dependent upon hydrogen content 
but is little influenced by applied stress as indicated in Fig. 7. The 
incubation period is interpreted in the following manner (14). Just 
prior to testing, the hydrogen is uniformly distributed throughout the 
specimen. The proper or critical concentration of hydrogen for failure 
does not exist in the region of high triaxiality because the specimen does 
not fail on loading; but since the load or stress does not change, the 
incubation time must be that time necessary for the hydrogen to con- 
centrate in this region. It has been demonstrated that the driving force 
for diffusion is an activity gradient for the diffusing element (20). In 
this case the activity gradient must arise from the nonuniform stress 
state, since the hydrogen is uniformly distributed. When sufficient 
hydrogen has concentrated in this region, a crack will be initiated. 
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Normal Notch Strength = 300,000 ps 
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Fig. 8—Ratio of Incubation Time to Absolute Tempera 
ture Versus Reciprocal Absolute Temperature. Applied 
stress—150,000 psi. (21) 
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If the incubation time is dependent primarily on the diffusion of 
hydrogen, then it should be simply related to the temperature in terms 
of hydrogen diffusion. For stress-induced diffusion there is a simple 
relationship in which the drift velocity of the interstitial is directly 
proportional to the strain gradient and the diffusion coefficient and 
inversely to the absolute temperature. 


D 
V=~... F 
KT 
We know that the diffusion coefficient varies exponentially with the 
absolute temperature. 
p= Aco 


Thus, if the first initiation of a crack (incubation time) is dependent 
upon the diffusion of hydrogen, then a plot of the log of the ratio of 
the incubation time to the absolute temperature should vary in linear 
fashion with the reciprocal of the absolute temperature (21). The re 
sults shown in Fig. 8 indicate that such a relationship does exist and a1 
activation energy of 9200 cal. per mole is in good agreement with several 
of the previously reported values for the diffusion of hydrogen in alpha 
iron for this test temperature range and for hydrogen embrittlement 
The failure process may be divided into 3 distinct stages, as indicated 

by the resistivity curves : 

1. The incubation period. 

2. A period of relatively slow crack propagation. 

3. Catastrophic failure with extremely rapid crack growth. 


An interpretation of the incubation period has been presented. Let 
us turn our attention to the other two stages. The appearance of tl 
fracture as well as the resistivity curves clearly differentiate between 
these latter two stages ; that is, the area of slow crack growth and that 
of catastrophic failure as indicated in Figs. 5 and 9. From observations 
of this type, the average slow-crack-propagation rate can be calculated 
by taking the difference between incubation time and rupture time and 
dividing this into the area associated with slow crack propagation. 

Calculations of this type show that the fracture stress was constant 
and approximately equal to the fracture stress of the nonembrittled 
material. This was true over a wide range of hydrogen concentration 
and applied stress. This simply means that stage 3 is merely a high 
strain rate test and thus, there is no manifestation of hydrogen em 
brittlement (14). 

Let us now focus our attention on Stage 2... slow crack propa 
gation. The constancy of the fracture stress just considered above 
really pinpoints the role of hydrogen diffusion. The average hydrogen 
concentration is not sufficient to propagate a crack. In other words, 
crack propagation must await a localized increase in hydrogen con- 


ic 
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Fig. 9—Fracture Surfaces of Hydrogenated Sharp-notched Specimens. Dark 
areas indicate extent of hydrogen-controlled crack propagation. (14) 


Fracture Stress Hours Baking Time Applied Stress (psi) 
(a) 330,000 7 175,000 
(b) 324,000 12 200,000 
(c) 342,000 12 250,000 
(d) 325,000 18 225,000 


centration in front of the crack. This merely means that the crack 
progresses slowly at a rate controlled by hydrogen diffusion to a region 
near the crack tip. 

Thus, the implication is that crack propagation is a discontinuous 
process and, in fact, consists of a series of crack initiations. The most 
severe triaxial-stress state will arise just slightly in advance of the 
crack. When the critical hydrogen concentration is attained, a small 
crack forms and grows through the hydrogen-enriched region, thus 
joining the previous crack. Further crack growth must await diffusion 
of hydrogen to the new region of high stress state. 

Resistivity curves taken at room temperature, (see Fig. 10), give 
only a slight hint of discontinuous growth. However, similar curves at 
lower temperatures where the diffusion rate of hydrogen is retarded 
yield clear evidence in support of this hypothesis as shown in Fig. 11. It 
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Fig. 10—-Resistance Increase as a Function of Time For a 
Hydrogenated Specimen Tested in the Stress Range of Delaye 
‘ailure 


is apparent from the abrupt resistance increases that the crack propa 
gates in a discontinuous manner. After each step of instantaneous 
growth a plateau of constant resistance is present. The plateaus of 
constant resistance are then the “secondary” incubation periods. As the 
temperature is lowered the plateaus become longer and the individual 
crack extensions become larger, or in other words, fewer discontinuous 
units of crack propagation are needed to achieve failure. Finally, at 
—50 °F, the ultimate in discontinuous propagation is attained. That is, 
the first crack propagates instantaneously through the specimen (21) 

The hydrogen induced failure process is considered to be essentially 
a normal fracture on which has been superimposed the embrittling in 
fluence of hydrogen. The external specimen notch produces a local 
stress concentration. Plastic flow occurs at the base of this notch and 
generates fracture embryos in the form of blocked dislocation arrays 
These arrays which act as microcracks can be produced by dislocation 
blocking at grain boundaries, by dislocation coalescence on a nonslip 
plane, and by formation of a shear stress field, such as occurs in the 
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(21) 


triaxial region beneath a notch, which opposes the stress field of the 
slipped dislocations (22-26). 

At a given value of applied stress, below the notch tensile strength, 
a stable configuration of dislocation arrays should exist. However, the 
stress concentration due to the external specimen notch plus the micro- 
scopic concentration of the array are not sufficient to produce localized 
fracture. Hydrogen is attracted to the stress field of the array and when 
the combination of stress and hydrogen concentration in the lattice 
at the tip of the array is sufficient, localized fracture occurs. The crack 
propagates until stopped, probably by passing out of the influence of the 
hydrogen rich region and then the sequence of stress-induced diffusion 
and localized fracture must be repeated, giving rise to the discontinuous 
propagation. 

Since the brittle failure is brought about by a series of crack initia- 
tions, the factors involved in controlling the incubation time should 
be highly significant parameters of the basic mechanism. The initiation 
of a hydrogen induced crack is dependent on two factors. 

1. The stress induced diffusion of hydrogen producing an ap- 
preciable hydrogen segregation in a localized region. 

2. The basic influence of hydrogen on the material causing 
localized cracking. 
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In terms of 1 above, (the stress induced diffusion of hydrogen 
basic component of the incubation time is the relation between th 
hydrogen content and the stress necessary to initiate a crack. We have 
repeatedly made reference to this combination of hydrogen and stre 
Let us now re-examine it with a view to separating and evaluating th« 
specific influence of each. It has been demonstrated that the crack 
incubation time is relatively insensitive to the applied stress, implying 
that the process is dependent primarily on the development of a critical 
hydrogen concentration. 

At room temperature, as a result of stress-induced diffusion during 
a mechanical test, the hydrogen content at the point of crack initiation i 
not known. Thus, in determining the stress-hydrogen relation to pro 
duce a crack, it is necessary to test under conditions where the hydroger 
concentration is not altered during the test. Such conditions are attain 
able at low temperatures where the diffusion rate of hydrogen is « 
sentially nil. 

Normal tensile tests were conducted at liquid nitrogen temperatur: 
(—321 °F) and the reduction in area was used as the parameter t 


measure embrittlement. The hydrogen concentration was varied by 
regulating the charging current density. 

Fig. 12 shows the influence of hydrogen content on the ductility at 
—321 °F, as indicated by the logarithm of current density (27). Of 
course, it would be highly desirable to have specific hydrogen contents 
plotted on the abscissa, and although such values are available, certain 
problems associated with a precise quantitative interpretation of their 
significance have not yet been resolved. Nevertheless, for the argument 
presented here the results clearly indicate that the relationship between 
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hydrogen and stress necessary to initiate a crack is primarily dependent 
on the hydrogen content. Below some critical quantity of hydrogen no 
embrittlement occurs, but when this critical hydrogen content is at- 
tained catastrophic embrittlement takes place. The initiation of a 
hydrogen-induced crack above some threshold stress is therefore de- 
pendent on the development of a critical hydrogen content, rather than 
a critical relationship between both hydrogen and stress. The relative 
insensitivity of the incubation time to the applied stress is understand- 
able on this basis. What then, is the role of stress? Presumably, the 
stress in the failure range influences the process primarily through its 
ability to produce a critical amount of hydrogen grouping in the region 
where a fracture embryo exists. 

There is however, a minimum stress necessary to cause a critical 
accumulation of hydrogen less than this will develop some segregation 
but not the critical amount. For dilute solutions, the equilibrium dis- 
tribution of solute atoms can be described in terms of a Boltzmann dis- 
tribution function which has been utilized to analyze solute segregation 
(28). 


C = C.e~*/*? 


C = interstitial concentration at any point 

» = average interstitial content, 

U = interaction energy between the interstitial and the 
stress field, 

K = Boltzmann’s constant, and 

i 


= absolute temperature. 


where 
fs 


The stress field about the dislocation array which serves as the 
fracture embryo should produce general effects on hydrogen which are 
governed by this equation. The concentration (C) of interstitial hydro- 
gen about the array should be greatest where the interaction energy 
(U) is a maximum. This is at the region of maximum triaxiality where 
the fracture is first initiated. Thus, the analysis of the critical stress tor 
failure can be restricted to this region. 

Considering only hydrostatic components, the interaction energy can 
be expressed as , 

U = pAv 
where p is the average hydrostatic stress, 
=—1/3 (ox + oyy + ons) 


and Av is the change in volume produced in the lattice by the hydrogen. 
Oxx, Fyy and oz, are mutually perpendicular. 

The initiation of the crack is dependent on the development of a 
critical hydrogen content (C,). At stresses below the static fatigue 
limit no cracking occurs indicating that less than the critical concentra- 
tion is developed ; above the lower critical the concentration is greater 
than the critical amount. At the lower critical, C = C,, and the distribu- 


tion law applies ; - — 
PI C. = C.e™™ KT 


it 
4 
. 
i 
i 
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where U,, represents the interaction enc rgy corresponding to the posi 
tion of maximum hydrostatic stress. 

Notches exist in all metals, whether they be metallurgical or me 
chanical, and their influence on a dislocation array constitutes an im 
portant component of the theory of fracture. Since the influence of 
a notch on a dislocation array resides primarily in its ability to cot 
centrate the macroscopic stresses acting on the embryo, its action on 
the failure parameters is quite predictable and, in the case of external 
machined notches, amenable to experimental analysis (29). 

For a given initial hydrogen content (C,) and test temperature (71 
the maximum interaction energy (U) should be constant and ind 
pendent of notch geometry at the lower critical stress. As the notch 
acuity increases the applied stress required to develop a given inter 
action should decrease, 

In C./C. = U/KT 
In Co/C.e KT = U = Constant 
U 1/3 (ox + cyy + O22) AV 


and since Av is constant and independent of notch geometry 
then (oxx + Gyy + O22) — Constant 


tate 


Due to the limitations inherent in elasticity theory, the stress sta 
(oxx + oyy + o22), at the tip of the dislocation array cannot be exact! 
determined. However, this is not necessary since the term (ox 


ayy + O2,) can be expressed as the product of the sum of the thre 


principal stresses resulting from the external notch and a constant 
(W) which determines the additional stress concentration on a micr 
scopic scale due to the dislocation array. Thus, it follows : 


(Oxx + Oyy + Ces) notch (W) = constant 


Since W is essentially constant and (oxx + oyy + G22) noten can be 
stated in terms of the applied stre . (o,4) at the lower critical limit and 
an external notch stress concentration factor (Kr), 


o,K+e = constant 
and 
Kr = constant/o. 
A plot of the inverse lower critical stress as a function of the stress 
concentration factor should be linear and extrapolate through the origin 
as indicated in Fig. 13 (29). 

The stress concentration factor Ky is defined as the ratio of the 
maximum normal stress to the applied stress. Thus it was necessary to 
know the maximum values of the stresses in the notch specimens which 
have been subjected to only small amounts of plastic deformation. Th 
particular types of notches were employed for which complete stress 
analyses are available in the literature (30,31 ). 

Now since the relationship is linear and extrapolates through the 
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lexi ation Methods. Hydrogenated 4340 Steel 


origin as predicted by the derived equation, the assumptions become 
quite credible. That is, that the distribution law applies, that there 
is an interaction energy which at the critical stress for failure is constant 
and independent of notch geometry and that hence, the notch functions 
merely to enable the critical stress state to be attained at different 
applied stresses. 

In determining the critical stress state, the yield strength is the 
limiting parameter since it effectively provides a “cut-off” for the maxi 
mum value of stress which can be attained. Plastic deformation at the 
root of a notch will lower the stress concentration factor. Thus, for 
a given applied load in the range of small plastic deformation, the stress 
concentration factor will be greater as the yield strength increases 
simply because there will be less plastic flow. 
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On the basis of the proposed distribution law, the interaction energ 
associated with the critical quantity of hydrogen is constant and ind 
pendent of strength level of the material. Thus the sum of the principal 
stresses (oxx + oyy + 02) 1S constant and independent of strengt! 
level. However, this sum is dependent on both applied load and stress 
concentration factor, and thus can be a constant with increasing yield 
strength only if the applied load, i.e., the lower critical stress, decreases 
This is, of course, exactly what has been observed. The lower critical 
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stress decreases as the strength level of the material increases and ex 

plains why the high strength steels are more sensitive to hydrogen in 

duced failure. This concept has been developed in more rigorous form 
and will appear elsewhere shortly (29). 

This, then, is the action of hydrogen in steel. How far may we 
generalize this behavior ? Slow strain-rate hydrogen embrittlement has 
been observed in titanium and its alloys displaying alpha (32), alpl 
plus beta (33-38) and beta (38) structures. Indeed, not only has slow 
strain rate embrittlement been observed in all three structures, but also 
the same brittle delayed failure characteristics under sustained load 
already described for steel have also been obtained in almost perfect 
analogy including incubation time and crack propagation (37-39) 
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Fig. 15—-Ductility at Fracture as a Function of Strain Rate in a 
Hydrogen Charged and Uncharged 72% Ni—28% Fe Alloy. (47) 


Other materials in which low strain rate hydrogen embrittlement has 
been definitely observed include Vanadium (40-43), Columbium (44) 
and indirect evidence indicates its presence in Molybdenum (45) and 
possibly Tantalum (46). All of the metals considered thus far in this 
lecture are body-centered cubic with the exception of alpha titanium 
which is hexagonal close packed. 

It has generally been accepted that face-centered cubic metals will not 
display slow-strain rate hydrogen embrittlement. However, recent tests 
in our laboratories have revealed this phenomenon in nickel and several 
nickel base alloys when heavily charged with hydrogen (47). Figs. 14 
and 15 indicate the influence of strain rate on hydrogenated nickel and a 
nickel-iron alloy. There can be no doubt that the phenomenon is more 
prevalent than generally realized. 

Let us now examine the situation for some of the other interstitials. 
Actually, the oldest evidence of slow strain rate embrittlement involves 
the so-called blue-brittle behavior of steel, which is merely a manifesta- 
tion of spontaneous strain aging embrittlement caused by carbon and 
nitrogen, and was first clearly demonstrated 35 years ago (48). 

At this point, the path of speculative logic leads to the conclusion 
that strain aging embrittlement is only another facet of slow-strain rate 
embrittlement or vice-versa ; that is, the straining and aging will occur 
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Fig. 16—Log Strain Rate Versus Blue Brittle Temperatures for Alpha 
litanium Alloys Containing the Indicated Interstitial Contents l 


during the test when the strain rate and temperature are appropriate to 
impart sufficient mobility to the particular interstitial involved. 

In titanium alloys slow strain rate embrittlement has definitely been 
correlated with strain-aging embrittlement for a number of interstitials 
including carbon, nitrogen and oxygen as well as hydrogen (38 
(49-51). The strain-rate sensitivity of most of these interstitials 
summarized in Fig. 16. For several of the higher strength hydro 
genated titanium alloys, both the slow strain-rate and strain-aging em 
brittlement have, in turn, been experimentally related (with respect t 
time and temperature ) to brittle failure in a sustained load test (38 

Now, if you will go along with my earlier generalization that | 
strain-aging embrittlement is merely a manifestation of slow strain rate 
embrittlement, and that 2) slow strain rate embrittlement involves dis 
continuous crack propagation to brittle failure as exemplified by 
sustained load test; then, the delayed failure or static fatigue type of 
failure should not be restricted to hydrogen, but should be a much more 
general phenomenon and possible for other interstitials not to mention 
substitutional elements ; a consideration of which is beyond the scope of 
this lecture. 

More specifically, one might expect brittle delayed fracture in steel 
caused by carbon and nitrogen if the conditions are appropriate. Let us 
examine briefly what we mean by appropriate conditions. First, it 
quite apparent that the particular interstitial involved must have 
reasonable mobility. For hydrogen this occurs near ambient tempera 
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Sharp-Notch Specimen, 270,000 psi Strength Level. (52) 


tures. For carbon or nitrogen, equivalent temperatures should lie in 
the range 700-1000 °F. It is also necessary that the yield strength be 
above the threshold value necessary to attain the critical interaction 
energy as described earlier. 

With these considerations in mind, a steel was selected which did not 
appreciably lose its yield strength at temperatures at which sufficient 
carbon mobility may be expected, that is up to 1000 °F. Other than to 
permit the attainment of these conditions, the composition of the steel 
is of little consequence. This is true, at least within the confines of our 
present knowledge. However, there is no doubt that there may be 
substantial interaction effects between different interstitials, substitu- 
tionals, and dislocation arrays. 

Sustained load tests were conducted at elevated temperatures (52). 
That brittle delayed failure can occur without hydrogen is vividly 
demonstrated by the data of Figs. 17 and 18. Here we have the typical 
static fatigue curve (Fig. 17) complete with crack incubation time 
and static endurance limit. In addition, the fracture appearance indi- 
cates the process of slow crack propagation. Fig. 18 shows the now 
familiar resistivity curve, conclusively demonstrating that the process 
involves a crack incubation period followed by discontinuous crack 
propagation. Thus it becomes evident that interstitials, other than 
hydrogen, can bring about brittle delayed failure with a finite crack 
incubation period and discontinuous crack propagation in a perfect 
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Fig. 18—Resistance Increase as a Function of Time for High Temperature 
Alloy Steel in the Stress Range of Delayed Failure. (52) 
image of the behavior observed for hydrogen in steel at lower tempera 
tures. 

A rationalization of this behavior in terms of current, general brittle 
fracture theory is not apparent. It is difficult to visualize that a disloca 
tion pile-up which raises the flow-stress to the fracture value will give 
rise to discontinuous crack propagation of the type observed. 

Indeed, no satisfactory explanation for strain-aging embrittlement 
has yet been presented. With regard to the yield point phenomenon in 
strain-aging, the Cottrell mechanism of dislocation locking by con 
densed atmospheres of foreign atoms provides a reasonably adequate 
explanation ; but there is nothing in this mechanism which will account 
for the loss of ductility in strain-aging. Dislocation locking will only 
bring about a rise of the flow stress with an attendant increase in 
strength ; but strength and ductility are not, per se, reciprocal proj 
erties. In addition, strain-aging embrittlement always occurs in a higher 
temperature range than the yield point phenomenon. To be sure, there 
may be some overlapping. However, there is no simple device in theory 
for increasing the locking of dislocations by raising the temperature 
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We offer for your consideration and future evaluation, the thought 
that the fracture strength or, if you wish, the cohesive strength of the 
lattice is lowered by the segregation of interstitials in the lattice at the 
region near the tip of the dislocation array. This is considered to be an 
uncondensed atmosphere and as such permits the array to be a more 
active fracture embryo and allows a greater average concentration of 
the interstitial over a larger volume. 

In this connection, it is interesting to note that, based on the best 
values of the interaction energy U for carbon in a-iron, the condensation 
temperature is near 700 °F. This is about the top of the temperature 
range for a carbon yield point phenomenon and near the bottom of the 
range for strain aging or blue brittle behavior. Similar calculations for 
hydrogen in a-iron, give a condensation temperature near —150 °F. 
Again, this is near the top of the temperature range for the hydrogen 
yield point but about the bottom of the range for hydrogen embrittle- 
ment. 

The implication is strong and intended that not only is delayed 
failure the result of the lowering of the true fracture strength of the 
lattice ; but also, slow strain rate embrittlement and strain-aging em- 
brittlement likewise result from the same phenomenon. The further 
implication is that, under appropriate conditions, this loss in lattice 
cohesion can be brought about by any of the interstitials or combination 
of such. We anticipate that studies of the influence of other interstitials, 
particularly oxygen, from this point of view will be of intense interest 
and most fruitful. 

Insofar as hydrogen is concerned, the lowering of the fracture 
strength as a basic influence of hydrogen has, in recent years, been the 
basis of several theories of hydrogen embrittlement (53-55) as opposed 
to the earlier theories founded on the build-up of disruptive hydrogen 
pressure (56). With one exception (57) most of the newer theories 
involve the surface adsorption of hydrogen thru the precipitation of 
hydrogen gas on a crack or lattice imperfection surface, which lowers 
the surface energy necessary for extension of the crack. 

At least, for hydrogen it is interesting to speculate how this true 
fracture strength of the lattice may be lowered. The electrons of the 
hydrogen atoms in solution in a transition metal will enter the d bands 
of the metallic cores (58) as shown schematically in Fig. 19. In addi- 
tion, the repulsive forces determining the interatomic distance of 
transition metals such as iron, cobalt, nickel, etc. are due to the overlap- 
ping of their d bands. Thus, it may be expected that an increase of the 
electron concentration of these bands produces an increase in the re- 
pulsive forces between the metallic cores, or, in other words, a decrease 
n the cohesive strength of the lattice. 

In attempting to evaluate this hypothesis, it is interesting to note 
that only transition elements have thus far been hydrogen embrittled. In 
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addition, as an example of the influence of alloying, this repulsive force 
should be lessened when either iron or chromium is added to nickel. 
The electron concentrations of iron and chromium are lower than that 
for nickel, thus, a nickel-chromium-iron alloy also has a 3 d band which 
is less full than nickel (see Fig. 19). Also when the d shell of a transi 
tion metal is not nearly full, the importance of repulsive “exchange” 
forces between the ions decreases (59). Thus, for alloys of nickel plus 
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Fig. 19—-Density of States in Hydrogen-Free and 
Hydrogenated Nickel and Nickel Base—Chromium 
Iron Alloys 
transition elements of lesser atomic number, the increase of energy dur 
to the addition of hydrogen to the alloys becomes lessened. Of course, 
when sufficient iron and/or chromium are added to nickel to cause the 
gamma-—alpha transformation, this trend is reversed. 

According to this hypothesis, additions of copper to nickel should 
initially increase the propensity to hydrogen embrittlement and then 
decrease it to zero as the 3 d band is progressively filled. This concept 
was tested by examining the reduction in ductility caused by hydrogen 
embrittlement in several selected iron-nickel and nickel-copper alloys 
(47). The dependence on composition of the hydrogen embrittlement 
of these selected alloys is indicated in Fig. 20. It appears that the em 
brittlement first increases and then decreases as the 3 d band of iron 
nickel and nickel-copper alloys is progressively filled. 

This behavior is strikingly similar to that of the activity of iron 
nickel and nickel-copper catalysts for the hydrogenation of styrene as 
shown by Fig. 20 (60) (61). The significance of the similarity lies in the 
fact that the catalytic action of these alloys is caused by the absorption of 
the electrons of hydrogen by the 3 d band of the alloys, lending further 
support to the concept presented. 
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Composition of Fe-Ni and Ni-Cu Alloys. (4 


I should like to conclude this, the 34th Annual Campbell Lecture, by 
direct reference to a few words written by a man who had been with- 
out sight for most of his career, but most certainly not without vision. 

In the broadest sense, we have been largely concerned this morning 
with the variation in concentration of a solute and its influence on the 
behavior of the base solvent. In this connection, almost half a century 
ago, Professor Campbell had this to say (62), and I quote: 

“If iron be considered a solvent and the chemical constitution of 
steel be regarded as a study in solubilities, we would then find, as in 
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ordinary aqueous solutions, that the physical properties of the solvent 
are most profoundly modified by the nature and concentration of those 
substances which are in solution, while substances which are merely 
mechanically mixed or in suspension exert comparatively little in 
fluence. Substances which are in excess of what can be held in solution 
are often deleterious since they tend to destroy the homogeneity of the 


mass.” 
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EFFECT OF COLD WORK ON TEMPER 
BRITTLENESS 


By A. S. Ken anp W. C. Porr 


Abstract 
The effect of cold work on temper brittleness was investi- 
gated using a commercial and a laboratory heat of 5140 steel. 
Notch toughness was used as a measure of embrittlement 
and, in addition, tensile tests were made on the laboratory 
heat at room temperature, —235°F and —320°F. It was 
found that cold work, up to 35%, before or after the em- 
brittling treatment, greatly reduced the susceptibility to em- 
brittlement for both steels. A difference in distribution of 
solute atoms is believed responsible for this effect. (ASM- 

SLA Classification: Q26s, 3-68 ) 


INTRODUCTION 

T HAS BEEN known for many years that certain alloy steels be- 

come somewhat embrittled when made martensitic and then tem- 
pered by holding within, or cooling slowly through, a certain temper- 
ature range below the A; temperature. This phenomenon, generally 
referred to as temper brittleness, has been studied extensively in 
various laboratories during the past few decades. However, its basic 
cause has not been found, nor have many possibilities of minimizing or 
eliminating this problem been thoroughly explored. The work of Kurd- 
jumov and Entin in 1945 (1)* indicates that cold working raises the 
impact energy of embrittled steels, and also inhibits the subsequent 
development of temper brittleness. Similar work by Shteinberg, Sadov- 
skii and Demakova (2) in 1956 confirmed the earlier findings. How- 
ever, the conclusions from both investigations were based on impact 
test results at only one temperature (—20°C), which is not a reliable 
criterion for measuring susceptibility to embrittlement. Very recently, 
Steeb and Rosenthal (3)* studied the combined effect of strain and 
temper embrittlement on the impact transition temperature of a 6150 
steel. They strained the specimens in tension up to 5% at both room 
temperature and 900°F before and after the embrittling treatment. 


1 The figures appearing in parentheses pertain to the references appended to this paper 


* The present work was largely completed before the publication of Steeb and Rosenthal’s 
paper 

A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959 

The authors, A. S. Keh and W. C. Porr, are associated with the Edgar C. Bain 
Laboratory for Fundamental Research, United States Steel Corporation, Research 
Center, Monroeville, Pennsylvania. Manuscript received April 9, 1959. 
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Table I 
Chemical Analyses of Steels Investigated 








Chemical Composition (%) 


Al (Acid 
Steel ( Mn P S Si Cr Sol.) N 
A 0.42 0.68 0.026 0.032 0.16 0.93 0.009 0.0029 
B 0.41 0.87 0.002 0.007 0.29 0.93 0.023 <0.001 


They found that straining at room temperature did not have any bene 
ficial effect, whereas 2% prestrain at 900 °F slightly lowered the impact 
transition after subsequent temper embrittlement. 

From the above brief survey of the literature, it is obvious that pre 
vious investigators have not firmly established the effect of cold work 
on temper brittleness. It was the intention of the authors in the present 
investigation to examine this effect and determine its extent. 


MATERIALS 


The materials used in this investigation consist of two 5140 steels 
of the compositions shown in Table I. Steel A is an open hearth heat, 
hot-rolled to 114 inch round bars; Steel B is a 300-pound experimental 
heat, made in a laboratory vacuum furnace, and hot-rolled to 5¢ inch 
plate. 

PROCEDURE 

Specimens cut into convenient sizes were austenitized at 2000 °F 
for 1 hour in vacuum, followed by quenching in an agitated oil bath 
They were then tempered for 1.5 hours at 1250°F in a lead pot, fol 
lowed by a brine quench. The embrittling treatment consisted of holding 
quenched and tempered specimens for one week at 900 °F. Some of the 
specimens were cold-rolled with reduction up to 35% before or after 
embrittlement. The treatments are listed in Table IT. To facilitate cold 
reduction, half-size V-notch impact specimens were used throughout 
most of this investigation. For each condition, an impact transition 
curve was determined, using at least 12 specimens. Two or three speci 
mens were tested at each temperature. Tensile tests of Steel B in the 
four conditions listed in Table II were performed at 83, —235, and 
—320 °F. Flat specimens °45 inch thick were used and stress-strain 
curves were obtained at a strain rate of 0.04 per minute, the strain 
being measured from the cross-head movement. 


RESULTS 


For comparison, the impact transition curves of the two steels in 
the tough and temper-embrittled conditions are shown in Fig. 1. The 
shift in transition temperature (at 15 ft-lb level) was chosen as a meas 
ure of the degree of embrittlement. For Steel A, it is 295 °F and for 
Steel B, 60°F. This difference is believed to be due to some difference 
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Table II 
Heat Treatment, Hardness and Impact Transition Temperature of Different Groups, 
of Specimens of Steels A and B 


Transition 


Hardness Temperature °F 
Steel Group Treatment (a R¢ (15 ft-lb) 
A F As-tempered 23.6 130 
H Tempered and embrittled 1 week at 900°F 22.7 +165 
U Tempered and C.W. 15% 5.8 —145 
Vv Tempered and C.W. 35% 28.5 - 20 
K Tempered, C.W. 15% and embrittled 1 2.6 + 65 
week at 900°F 
L Tempered, C.W. 20% and embrittled 1 3.3 + 40 
week at 900°F 
M Tempered, C.W. 25% and embrittled 1 4.1 - § 
week at 900°F 
J Tempered, C.W. 35% and embrittled 1 26.8 25 
week at 900°F 
S Tempered, embrittled 1 week at 900°F, 28.4 +-140 
C.W. 38% 
R Tempered, embrittled 1 week at 900°F, 25.4 0 
C.W. 35%, re-embrittled 1 week at 900°F 
B DH As-tempered 24.1 —150 
DJ Tempered and embrittled 1 week at 900°F 22.8 90 
DN Tempered and C.W. 15% 26.2 —140 
Do Tempered and C.W. 15%, and embrittled 4.1 —160 
1 week at 900°F 
(a) Both steels were austenitized at 2000°F for 1 hour, oil-quenched, and tempered at 1250°F 


for 1.5 hours. brine quenched 


in chemical composition, especially phosphorus,* of the two steels 
(Table I) rather than to melting practice. 


IMPACT BEHAVIOR OF STEEL A 


Fig. 2 shows the effect of cold working on notch impact toughness 
of this steel. After 15% cold reduction, the maximum energy of frac- 
ture is lowered, without greatly affecting the transition temperature. 
After 35% cold reduction the material did not show a sharp brittle to 
ductile transition and the impact curve was displaced to the right, giving 
a higher transition temperature. When the deformed materials were 
subjected to the selected embrittling treatment, two significant facts 
were observed, as illustrated in Fig. 3: (a) an improvement of notch 
toughness was realized as compared to the embrittled condition with- 
out prior cold working, and (b) the higher the amount of cold reduction 
the less susceptible the material is to subsequent embrittlement. It is to 
be noticed that the improvement of toughness of the material with prior 
cold work is much more pronounced at lower testing temperatures than 
at higher temperatures. The transition temperatures at 15 ft-lb energy 
level for the various conditions in Figs. 2 and 3 are plotted in Fig. 4 

® The authors have shown, in unpublished work, that in three experimental vacuum melted 
steels with the same basic composition as a 5140 steel, but with different amounts of phosphorus 


added, their susceptibility to temper brittleness is directly proportional to the phosphorus con 
tent. Other investigations (8,9) have shown a similar effect of phosphorus 
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Fig. 1—Comparison of the Degree of Embrittlement of Steels A and B 
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Fig. 2—Effect of Cold Work on Notch Toughness of Steel A 


against the percentage of cold reduction. The dashed line indicates the 
effect of cold work alone on the impact transition temperature and the 
solid line represents the inhibition effect of cold working on the sub 
sequent development of temper brittleness. 

A striking effect of cold working after embrittlement is shown in 
Fig. 5. When the embrittled material was deformed 35%, the impact 
curve became very flat without any sharp transition. The maximum 
energy decreased considerably but the temperature at which brittle 
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the Impact Transition Temperature 


fracture occurred was also lowered. When subjected to a second anneal 
in the embrittling range after cold work, the notch toughness was greatly 
improved and approached that for a similar amount of cold work fol- 
lowed by embrittlement. This indicates that notch toughness of a 
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Fig. 6—Effect of Cold Work and Temper Embrittlement on the Im 
pact Transition Curves of Steel B 


temper-embrittled material can be partially restored by cold working 
and reannealing in the embrittling temperature range 


, 


IMPACT BEHAVIOR OF STEEL B 


For this steel, the effect of cold work, as shown in Fig. 6, follows the 
same general trends as for Steel A. After 15% cold reduction, the 
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“Tabet  — 
Tensile Properties of Steel B 


Stress in psi 


Test Upper Lower 0.2% % 
Treatment Temp Yield Vield Proof Tensile Fracture R.A. 
As 83°F 87,700 111,700 205,600 59.7 
Tempered 235 136,300 134,600 154,300 257,200 51.9 
(DH) 320 169,350 167,200 178,650 238,250 29.6 
83°F 86,750 112,150 170,700 52.8 
Embrittled 235 133,800 132,900 152.100 228,750 44.7 
(DJ) 320 166,850 164,950 176,950 208,350 15.9 
Tempered 83 °F 111,700 125,000 209,800 54.8 
« 235 144,050 163,700 270,700 53.6 
18% C.W 320 173,200 194,000 266,650 36.5 
DN 
Tempered 
18% C.W 83 °F 92,100 114,950 175,550 50.1 
& 235 137,800 137,400 154,800 226,250 39.5 
Embrittled —320 172,100 169,750 181,950 242,100 32.1 


DO) 


maximum impact energy was slightly lowered without greatly chang- 
ing the impact transition temperature. Embrittlement after deformation 
further lowered the energy for ductile fracture, but did not increase 


the transition temperature. 
TENSILE BEHAVIOR OF STEEL B 


Tensile data for this steel in the four conditions listed in Table II, 


as tested at room temperature, —235 and —320°F are tabulated in 
Table III. No yield point was found in any of the specimens at room 
temperature. At —235 °F and at —320 °F, all except the cold-worked 


specimens had a yield point. In the case where a yield point was present, 
the stress at the lower yield point was taken as the yield strength. When 
the yield point was absent, the 0.2% proof stress was used. The em- 
brittlement treatment had little effect on yield and tensile strength but 
reduced the fracture stress and reduction of area at all temperatures 
investigated. Fifteen per cent cold reduction caused a slight increase in 
yield and tensile strength, a slight decrease in reduction of area at room 
temperature, but an increase at the two lower temperatures. There was 
no change in fracture stress at room temperature, but an increase in 
fracture stress at the lower temperatures. Embrittlement after cold 
working brought the yield and tensile strength down to values slightly 
above the strength before cold working, and caused a slight deteriora- 
tion of ductility as compared with the cold-worked condition. 

Fig. 7 shows the temperature dependence of yield stress, fracture 
stress and reduction of area in the two embrittled conditions with and 
without prior cold work. The general patterns of these curves are 
similar to those of 1020 steels obtained by Eldin and Collins (6) and 
also by Parker (7). Yield stress increased at an increasing rate with 
decreasing temperature. For the material with prior cold work, frac- 
ture stress increased linearly with decreasing temperature down to 
—320 °F while the reduction of area showed a gradual decrease. With- 
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Fig. 7—Temperature Dependence of Yield Stress (Y. S Frac 
ture Stress ( S.) and % Reduction of Area of Steel B in the F 
brittled Condition With and Without Prior Cold Work 
out cold work, the fracture stress and reduction of area dropped shart 
between —235 and —320 °F. 


CORRELATION BETWEEN TENSILE AND IMPACT Test RESULTS 

The variation of impact transition temperature of the material treat 
in the four different conditions as specified in Table II can be correlated 
qualitatively with the tensile test results. It seems reasonable to assum 
that the impact transition temperature changes in the same manner as 
the temperature at which brittle fracture occurs in a tensile test, which 
in turn depends on the relationship of yield to fracture stress at differ 
ent temperatures. As pointed out by Woodfine (5), in the transitior 
range the temperature of brittle fracture will be lowered by decreasing 
the yield stress or increasing the fracture stress. As we found, the e1 
brittling treatment lowered the fracture stress at all testing temperaturs 
without greatly changing the yield stresses at those temperatures. It is 
expected therefore that the transition temperature would be raised. Cold 
working raised the fracture stress at —235 and —320°F and yield 
stress at all temperatures. The net effect on the transition temperature 
due to the change in yield and fracture stresses should not be large. Both 
predictions from the tensile test results check with the impact test 
results. By comparing the two embrittled conditions, the beneficial effect 
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of prior cold work, as revealed in the impact test, became more evident 
in the tensile test. The yield stress curve of the material with prior cold 
work is slightly above the one without at all temperatures. This is 
probably due to their difference in hardness. However, the material 
without cold work showed a sharp drop of fracture stress and reduction 
of area between —235 and —320°F, indicating a ductile to brittle 
transition. This abrupt change is absent in the material with prior cold 
work down to —320 °F. 


DISCUSSION 


Although the mechanism of temper brittleness has not been estab- 
lished, it is generally believed that segregation (or precipitation) of 
some solute elements at the prior austenite grain boundaries is the basic 
cause. This belief is supported by the etching behavior and fracture 
path of the severely embrittled material, illustrated in Fig. 8, which 
will be discussed later. Although there is no general agreement as to 
what solute element or precipitate is involved, the authors believe that 
trace elements in steel, such as phosphorus, are directly responsible for 
temper brittleness. Some recent unpublished results of the authors sub- 
stantiate this belief. 

It is well known that the ductility of a steel is impaired by cold work- 
ing. This impairment is reflected in notch impact behavior by a lowering 
of the maximum impact energy and an increase in transition temper- 
ature. This effect of cold working is due to the introduction of imper- 
fections such as dislocations into the material, which enhances the re- 
sistance to further plastic flow. 

When the cold-worked material is annealed in the embrittlement 
range, two things may happen: (a) dislocations may rearrange them- 
selves, and (b) some solute elements may segregate to the sites around 
dislocations before the rearrangement. Parker and Washburn (4) have 
observed that upon straining a 1020 steel the yield stress is greatly in- 
creased and the ductility is reduced. After annealing between 800 and 
1100 °F, the loss of ductility due to cold work was completely recovered, 
while the yield stress is slightly higher than in the undeformed material. 
They attribute this to the formation of substructures which strengthen 
the material. In the present case, the problem is further complicated by 
the fact that the sub-critical annealing temperature used by Parker and 
Washburn is in the temperature range within which the steel is most 
susceptible to temper embrittlement. However, all the observed facts 
in this investigation can be explained by the simp!e hypothesis that cold 
working creates defect sites which serve as sinks for solute atoms during 
subsequent annealing. It is well known that solute atoms, interstitial or 
substitutional, tend to segregate to the sites of irregularities such as dis 
locations and grain boundaries. As mentioned before, in the absence of 
cold working, solute atoms such as phosphorus tend to segregate to the 


enn as top igo “wae mapeanaitteg pe. 














90 TRANSACTIONS OF THE ASM \ 52 





Fig. 8—Fracture Paths of Specimens Broken at —320 °F. Etched in trinitr 
1 (a) Unembrittled; (b) Embritt 


prior austenite boundaries during the embrittling treatment. Since grait 
houndary segregation may in certain cases reduce intercohesion betwee: 
grains and impair the ductility of the material, a reduction in the amount 
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Fig. 8 (continued)—Fracture Paths of Specimens Broken at —32 F. Etched in trinitro 
benzoic acid. K 150. (c and d) Cold worked with and without subsequent embrittlement 


of grain boundary segregation should improve the ductility of the mate- 
rial. This can be achieved by creating new sites for these solute atoms 
through cold working. Assuming that the dislocation sites and the grain 
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boundaries have the same binding energy for solute atoms, after cold 
work plus subsequent embrittlement some solute atoms will be tied up 
by the dislocations and the number available to segregate to the grain 
boundaries is reduced. The higher the amount of reduction, the greate: 
the number of imperfections created and the less brittle the material will 
be after the same embrittling treatment. This explains the results 
Figs. 3 and 4. The beneficial effect of cold working may not show up it 
the impact test when the deformation is small, because the amount 
solute segregated around dislocations would be small compared to th 
remaining amount which is available to segregate in the grain bound 
aries. This is probably why Steeb and Rosenthal (3) did not detect 
this effect when their material was strained up to only 5% be 
embrittlement. 

Microscopic examination of the fracture path of different specimens 
substantiates the above hypothesis. Fig. 8 shows photomicrographs of 
the fracture paths in specimens broken at —320°F as-unembrittl 
(Fig. 8a), embrittled (Fig. 8b), and cold-worked with and without 


rore 


subsequent embrittlement (Figs. 8d and 8c). The specimens wer: 
etched in an aqueous solution of trinitrobenzoic acid. The unembrittl 
specimen (Fig. 8a) fractured through prior austenite grains; 
specimen etched more lightly than the embrittled ones, both at the graii 
boundaries and inside the grains. For the embrittled specimen (| 
8b), the fracture was essentially intergranular and grain bound 
etching was very pronounced. For the cold worked specimen (Fig. 8 
without subsequent embrittlement, the fracture was transgranulat 

the etching behavior was similar to the unembrittled specimens. Wit! 
subsequent embrittlement (Fig. 8d) the fracture was only partially 
intergranular. Grain boundary attack was less severe than in the « 
brittled specimen without previous cold working but the etching was 
much heavier inside most grains. Assuming that solute segregati 
brings about this etching effect, the etching behavior of the previous! 
deformed material strongly suggests the formation of clusters of solut 
atoms, or even a precipitate, inside the matrix, presumably on or arout 
dislocations, whereby the amount of grain boundary segregation 
reduced. 

If the binding of solute atoms with dislocations is stronger than wit! 
grain boundaries, one would expect that a severely embrittled specimen 
could be rendered less brittle by cold working plus reannealing in the 
embrittling range. Solute atoms which were at the grain boundaries 
would tend to redistribute to dislocation sites created by cold working 
when the material was reannealed in the embrittling range. This 
found to be the case, as shown in Fig. 5. It is interesting to note tl 
the curve for the specimens which underwent double embrittlement be 
fore and after cold working almost coincides with the curve for spe 
mens embrittled only after cold working. 
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CONCLUSIONS 


The principal findings of this investigation can be summarized as 
follows: 


1. Cold work after quenching and tempering reduces suscepti- 
bility to temper brittleness. The more severe the cold reduction, 
the less susceptible the steel is to subsequent embrittlement 
(Figs. 3 and 4). 

2. An embrittled steel can be made tougher by cold working and 
reannealing in the embrittling range (Fig. 5). 

3. The change of tensile properties due to cold work and em- 
brittlement can be qualitatively correlated with the impact 
behavior. 

4. The major results of this investigation can be interpreted on 
the hypothesis of solute segregation. Grain boundary segrega- 
tion and perhaps subsequent precipitation of solute atoms are 
believed to lower the intergranular strength of the steel and 
cause brittleness. Heat treatment in the embrittlement range 
after cold working is believed to cause a redistribution of solute 
atoms from grain boundaries to the sites of imperfections 
created by plastic deformation, thus making the steel tougher. 
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DISCUSSION 
Written Discussion: By Philip C. Rosenthal and Abdul-Fattah K. Kaddou 


Department of Mining and Metallurgy, University of Wisconsin, Madison, Wi 


consin. 

The authors attribute the difference in susceptibility of the two steels to tempe1 
embrittlement to the phosphorus content. Prior austenite grain size has a 
siderable effect on the temper brittleness.* Owing to the differences in their 
aluminum content, these two steels may have correspondingly different tendencies 
for grain growth during austenitization treatment, especially at the high tempera 
ture of 2000 °F used by the authors. The writers wish to know if the authors | 
considered this point 

Steel A, which is more sensitive to temper embrittlement, contains less 
num and hence may exhibit greater tendency to grain growth of austenite 

There is also a question when comparing photomicrographs b and d in Fig 
whether the cold working has reduced the grain boundary precipitate or 
obscured it. If the latter were true, there would be reason to question 
the cold working has actually reduced grain boundary segregatior 
claimed to be the source of the embrittlement. 


Authors’ Reply 
Ihe authors agree with Drs. Rosenthal and Kaddou that austenite g 
has a considerable effect on temper brittleness. We have considered this point 


our work and found that the austenite grain sizes in both steels are about AS 
No. 2. Although the aluminum content in steel B is higher than that in Ste: 
the nitrogen content in the former was very low and the amount of aluminur 


t tw 


nitride formed was very small. Therefore, the grain growth behavior of 
steels was not much different. 
With regard to photomicrographs b and d in Fig. 8 of the text it is difficult t 


determine just how much the grain boundary etching is reduced in the 


worked specimen. However, it is obvious that inside the grains of the 
worked specimen the etching is much heavier. This suggests that solute at 
tend to cluster or precipitate inside the matrix and the amount availabl 
segregate at the boundaries is greatly reduced. Also, the fracture path 
cold worked specimen is only partially intergranular, which again sugg¢ 


grain boundary segregation is reduced. 


* A. Hurlich, Transactions, American Society for Metals, Vol. 40, 194 








INFLUENCE OF STATIC STRESS AND 
TEMPERATURE ON INTERNAL DAMPING 


By J. W. CLark Anp W. C. Hacer 


Abstract 


Tl.e internal damping of fixed-fixed beam AISI1-403, 
titanium, and ferromagnetic austenitic alloys was measured 
at vibratory stresses from sero to 35,000 psi at static tension 
stresses from zero to 19,000 psi in the temperature range 
of 75 to 1100 °F. 

Under a static stress of 19,000 psi, the damping of 
AIS1-403 observed at 500 to 700°F is reduced by more 
than an order of magnitude from that measured at sero 
static stress at 75°F. Titanium shows very low internal 
damping under all test conditions. Although the damping 
of ferromagnetic austenitic alloys decreases less rapidly 
with increasing temperature than it does in the case of 
AIS1-403, the influence of static stress or magnetic fields 
causes a more drastic reduction. (ASM-SLA Classifica- 
tion ( 22, 2-61, 3 00; SS c. Ti) 


INTRODUCTION 

b gee NEAR-RESONANCE fatigue failure of high speed engi- 
neering components can often be avoided by utilizing external 
(structural) and internal (material) damping sources to absorb vi- 
brational energy and dissipate it as heat. In several turbine applica- 
tions, a quantitative understanding of internal damping as a function 
of high vibratory stress, static tension stress, and temperature—all 
operating simultaneously under simulated service conditions—would 
permit many structural improvements. Until recent years, much of 
the work done in this field has been limited to the special case of 
measuring internal damping at zero static stress at room temperature. 
Using the torsional vibration-decay method, Cochardt (1)! studied 
the internal damping of a hardenable 12-chromium stainless steel 
( AISI-403) and a nonmagnetic austenitic alloy at various levels of 
static stress and temperature. On recognizing that it is more desirable 
to obtain data under conditions where the principal stress planes are 


The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 

Of the authors, J. W. Clark is associated with Engineering Services, General 
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the same for both vibratory and static stress, Person and Lazan (2 

converted their rotating cantilever-beam fatigue and damping testing 
machine for static stress, vibration-decay measurements at room temper 

ature. Of seven materials tested, they found that only AISI-403 dis 
played a significant change in internal damping when a static stress is 
superimposed. Shortly afterwards, Hagel and Clark (3) reported the 
effect of varying static stress at room temperature on the damping of 


1 


AISI-403 and A-nickel fixed-fixed beam specimens whose volume 


1 
| t ol 


stress function for first-mode tangential vibration is similar to t 
a turbine blade. Differences in specimen heat treatment and final hard 


1 
at 


ness were observed to cause a wider variation in damping than t 
application of a static stress or a magnetic field. 

The purpose of the investigation described here was to cor 
flexural vibration-decay tests on AISI-403, titanium, and ferromag 
netic austenitic fixed-fixed beam specimens of known hardne 
static stresses between zero and 19,000 psi at temperatures of 7 
1100 °F, Experimental logarithmic decrements can then be converted 


to specific damping energies by a straightforward numerical met 


to derive the internal damping of complicated machine members 
or they can be used directly in evaluating turbine-blade materials 


EXPERIMENTAL PROCEDURI 
Specimen Preparation 


Compositions of materials tested are listed as weight percents 
Table 1; a summary of specimen heat treatment and resultant 


Table I 
Compositions —-Weight Percent 
Alloy 
Designation ( N H Fe ( Ni Mn Cr Al I Si Ss 
AISI-403 0.12 86.65 0.38 0.54 12.05 0.26 0.0 
Titanium(AIOAT) 0.06 0.01 0.02 4.50 93.25 > 1¢ 
Co-Ni 0.04 0.01 0.95 70.98 23.60 0.91 0.77 2.47 0.24 0O1 Of 
Co-Ni-Fe 0.05 0.01 2.50 60.49 34.06 0.35 0.31 » 00 0.02 0.01 00 
Table Il 
Specimen Heat Treatment and Resultant Hardnesses 

Specimen Alloy 

Number Designatior Heat Treatment 

1-HT* AISI-403 3 Hrs. at 1850°F, AC to 75°F, 8 Hrs. at 1300°F, AC 

2-HT AISI-403 3 Hrs. at 1850°F, AC to 75°F, 8 Hrs., at 1300°F, AC 

3-RT AISI-403 3 Hrs. at 1850°F, AC to 75°F, 8 Hrs., at 1300°F, At 

4-HT Titanium Hot-rolled initially, twice annealed for 8 Hr at 

500°F, FC to 75°F 

5-RT Co-Ni 1 Hr. at 1900°F, AC to 75°F } 
6-RT Co-Ni-Fe 1 Hr. at 1900°F, AC to 75°! 
7-RT Co-Ni-Fe 1 Hr. at 1900°F, AC to 75°F. 1 Hr. at 1400°F, AC 

8-HT Co-Ni 1 Hr. at 1900°F, AC to 75°F, 1 Hr. at 1400°F, AC 0 
9-HT Co-Ni 1 Hr. at 1900°F, AC to 75°F, 24 Hrs. at 1300°F, Af 355 
10-HT Co-Ni-Fe 1 Hr. at 1900°F, AC to 75°F, 24 Hrs. at 1300°F, AC 34 

*The letters HT and RT refer to high temperature and room temperature spe 

+The letters AC and FC refer to air cooling and furnace cooling 
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nesses is presented in Table II. The two types of fixed-fixed beam 
specimens used are shown in Fig. 1 where they are placed on one of the 
felt-lined storage boxes needed to prevent accidental prestressing. The 
room temperature specimen seen at the top of the photograph was 
machined in one piece as a 20.0 & 0.300 * 0.125-inch beam, connected 
with 0.500-inch fillets, to the center of 1.94 « 4.00 * 0.125-inch end 
grips. The high temperature specimen seen at the bottom of the photo- 
graph was so designed to facilitate placing it inside the tubular heating 
furnace employed. This specimen consists of a 12.0-inch beam attached 
to sections of 2.125-inch width, one of which is connected in turn to an 
end grip of the same dimensions as that of the room temperature speci- 
men. 

Prior to heat treatment, the materials were furnished in the form of 
25.0 K 6.0 * 1.0-inch hot-rolled slabs. After heat treatment, the slabs 
were machined to an excess of 0.003 inches of desired specimen di- 
mensions, polished to size and stress relieved in an inert atmosphere. 
Brinell hardness numbers listed in Table II were converted from Rock- 
well C and A measurements made on the unaffected end grips of each 
damping specimen at the conclusion of the investigation. 


Apparatus 

For room temperature testing, the specimen is firmly fixed to two 
large steel blocks suspended from a rigid supporting framework by 
steel straps for vibration isolation. As long as the fixed-fixed beam 
specimen is horizontal, it is under zero static stress, but increments of 
static stress can be applied by rotating one steel block downward in an 
arc about a pivot axis passing horizontally through the other and by 
adding weights to the lower block. Four 2-inch diameter bolts maintain 
the blocks in position during rotation to prevent specimen bending. An 
electromagnetic drive coil positioned near a zero-stress point causes 
flexural vibration normal to the 0.125-inch surface; frequency and 
amplitude of vibration are controlled by an audio oscillator and variable 
power amplifier respectively. Vibration amplitudes, from which maxi- 
mum normal stresses can be determined, are observed through a cali- 
brated optical microscope focused on fiducial particles located at beam 
center. First-mode resonant frequency is measured by a counter while 
driving the specimen at such a constant amplitude and frequency that 
a suitable Lissajous pattern appears on an oscilloscope. On attaining 
resonance, the drive coil is instantaneously disconnected, and < 
capacitance-type pickup located near a high stress point converts me- 
chanical vibration to sinusoidal voltage which is then amplified and 
fed to a variable-speed, decibel-level recorder where a decay curve is 
scribed on wax chart paper. Frequency response of this system is at 
least an order of magnitude greater than test frequencies to accommo 
date sudden changes in amplitude. A 2.5-inch diameter solenoid per- 
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Fig. 2—Photograph of Test Apparatus Modified for Measuring the Simultaneous In- 
uence of Static Stress and Temperature. 


mits application of longitudinal d-c and a-c magnetic fields during 
vibration. A small piece of silicon iron can be spot welded to non- 
magnetic specimens to permit use of an electromagnetic drive coil. 
High temperature testing was performed with the apparatus modi- 
fied as shown in Fig. 2. Here a tubular heating furnace is bolted to 
the supporting framework so that static stress can still be applied in 
the manner previously described. An inert atmosphere is provided by 
introducing purified helium to the center of the furnace. Heat losses to 
the large steel blocks are minimized by playing natural gas flames 
from small torches to the exposed specimen end grips. To ensure a 
uniform heating zone at each equalized temperature, preliminary tests 
were conducted with twelve thermocouples equally spaced along a 
dummy specimen. A temperature-insensitive shock accelerometer 
whose operation is based on the piezoelectric effect was placed in one 
large steel block to convert vibrational to electrical energy. Although 
furnace construction did not permit direct reading of vibration ampli- 
tude, a satisfactory calibration chart was made by optically measuring 
vibration amplitude at beam center as a function of accelerometer 
output which is directly proportional to the maximum strain on the 
piezoelectric crystal. This calibration was linear for any given resonant 
frequency over a range of amplitudes corresponding to maximum 
normal stresses of 1000 to 50,000 psi. Since accelerometer output is 
also inversely proportional to the square of the frequency of vibration, 
v, corrections had to be made as resonant frequency decreased with 
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increasing temperature. A calibration at constant amplitude verifie: 
the (1/v)* dependence. 
Data Reduction 

The most commonly used measure of internal damping is logarithmi: 
decrement, 8, defined as the natural logarithm of the ratio of the ampli 
tudes of vibration in two successive cycles, i.e., 

6 = 1n(A,/Anu) Equation | 
With this apparatus, the change in decibel level between two successive 
cycles 
(db); = 20 log (Ap/Ag41) = (1/v)(Adb/At) Equation 2 


or 6=0.115(1/v)(Adb/At) Equation 3 


where Adb/At is the slope of the decay curve at a decibel level logarit! 
mically proportional to maximum normal stress, oy; only the initi 
steady-state amplitude need be known to determine any lower oy 


values. Representative decay curves for tests made on the Co-Ni alloy 
at 75 and 900 °F, respectively without and with a static tension stress 
are also shown in Fig. 1. If the effective length, L, of these beams were 
known, the expression 


E v*Lp/1.061 d® g Equati 


would permit accurate determination of dynamic elastic modulus, | 
where d is the beam thickness, p is the material density, and g is the 
acceleration due to gravity. For any given fixed-fixed beam specit 

E is directly proportional to »*, and one can follow the variation of pet 
cent room-temperature dynamic elastic modulus with testing tempera 
ture. Air damping, friction damping in the fixed ends, and loss 
energy from the large steel blocks are negligibly small, since logarit! 
mic decrement values as low as 2 & 10° at high vibratory stresses have 
been measured. 


IX PERIMENTAL RESULTS 

AIS1-403 

The influence of elevated temperatures on the internal damping 
specimen 1-HT under static stresses of zero, 11,000 and 19,000 psi 
are shown in Figs. 3, 4, and 5 respectively. As would be expected fron 
the higher hardness of specimen 2-HT, its corresponding curves were 
about 10% lower in value. The effect of varying the strength of longi 
tudinal magnetic fields produced by 60-cycle alternating current in 


solenoid is presented in Fig. 6; these data were obtained from test 
made on specimen 3-RT where one of the end grips was machined t 
a width of 2.125 inches to permit placement inside the solenoid. It 
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Fig. 3—Effect of Temperature on the Internal Damping of AISI-403 Specimen 
1-HT under Zero Static Stress. 





Maximum N T Stres 1000 ¢ 
Fig. 4—-Effect of Temperature on the Internal Damping of AISI-403 Specimen 
1-HT under 11,000 psi Static Stres 


of interest to note that internal damping increases at low oersted 
values before beginning to decrease as the magnetic domains become 
irreversibly aligned. Increasing static stress, or, is qualitatively the 
same as increasing magnetic field strength. At oy 30,000 psi, the 
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Fig. 5—Effect of Temperature on the Internal Dameing of AISI-493 Specimer HT 
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Fig. 6—Room-temperature Damping of AISI-403 Specimen RT as a I 
60-Cycle, Longitudinal Magnetic Field Strength 
application of oy = 19,000 psi causes a reduction in room-temperaturt 


logarithmic decrement from 0.025 to 0.004; the same relative reductior 
in damping is caused by an a-c magnetic field of 450 oersteds 
Trends in the combined influence of superimposed static stré 
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temperature can also be seen in Figs. 4 and 5. In the latter figure, 
temperature increases result in a continuous increase in logarithmic 
decrement at low vibrational stresses of less than about 5000 psi; with 
a constant value of oy greater than about 17,000 psi as a reference, the 
internal damping at each of the oy levels reaches a minimum with in- 
creasing temperature. For example, at oy — 30,000 psi and oy = 19,000 
psi (Fig. 5) the value of the logarithmic decrement at 500 °F is only 
0.0018; this is a decrease from room temperature damping at zero 
static stress by more than an order of magnitude. 

It is seen in Fig. 3 that the knees of the damping curves shift to 
successively lower values of oy as temperature increases; here the 
position of the knee is directly related to the value of the critical stress, 
gc, above which the area of the magnetomechanical hysteresis loop, 
and therefore energy dissipation, is constant (4). Only a small fraction 
of the total volume of these specimens, or of turbine buckets, is highly 
stressed ; the derived volume-stress function (3) shows that approxi- 
mately 90% of the volume is cyclically stressed to a value less than 
one-half oy and that more than 60% of the volume is at less than one- 
fourth oy. Small changes in the value of either oe or oy have an ap- 
preciable effect on the fraction of the volume vibrating at optimum 
damping conditions. At a given cyclic stress in the intermediate range 
of this work, i.e., from 5,000 to 17,000 psi, logarithmic decrement first 
increases to a maximum as temperature increases, because more of 
the volume is at or near the lowered values of oc. When temperature 
is further increased, the contribution of magnetomechanical hysteresis 
becomes less pronounced as the Curie temperature, which is approxi- 
mately 1330 °F for this alloy (5), is approached and a minimum in 8 
is attained. At 1100 °F an abrupt increase in internal damping appears 
due to the onset of microscopic plastic flow. The temperature at which 
the sudden change in the logarithmic decrement can be noted decreases 
as larger static stresses are applied, owing to increased stress in the 
outer fibers of the specimen. 

A review of fatigue data for this alloy in very nearly the same heat 
treated condition (6,7) indicates that at the temperatures of abrupt 
increases in 8, the peak stresses at the surface of the specimens before 
decay, 33,000 psi plus oy, are very near the 10*-cycle fatigue strengths. 
Abrupt changes in § may offer evidence of impending fatigue damage. 
For instance, the peak pre-decay stress at oy = 19,000 psi is 52,000 psi ; 
the minimum damping is observed at 600 °F. At this temperature, the 
107-cycle fatigue strength is about 50,000 psi; at 1000 °F, the highest 
test temperature at oy — 19,000 psi, it is approximately 25,000 psi, or 
one-half the peak surface stress. The test frequencies used in this in- 
vestigation were all within the range of 10° to 10° cycles per second, and 
no specimen accumulated more than thirty minutes of actual cyclic 
stress reversals. Although a careful study of the filleted areas of the 
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Fig. 8—Effect of Temperature on the Internal Damping of Titanium Specir 
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specimen detected no crack, the shape of the 8 vs. oy curves for the 
higher temperatures in Fig. 5, in light of the titanium data presented 
below, is indicative that some submicroscopic fatigue damage has 
probably occurred. 


1960 INTERNAL DAMPING 














y 
Fig. 9—-The Influence of Static Stress on the Room-temperature Damping of Co-Ni 
Specimen 5-RT. 
024 ——-——} 
} 7 OF 
2 g} 
: 900° 
re ‘ 
- 
s 
rr 4 
, 
Jorma non 
Fig. 1! The Influence of Static Stress and Temperature 


Damping of Co-Ni 


Specimen 9-HT 
Titanium 
In Fig. 7 damping data from tests on specimen 4-HT are plotted 


versus maximum normal stress as a function of testing temperature. 
At low maximum normal stresses, the logarithmic decrement equals 
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Fig. 11—The Internal Damping of Co-Ni-Fe Specimen 10-HT as a Funct 
Static Stress and Temperature 


about 0.0005 at room temperature, falls to 0.0003 at 300 °F and rises 
to 0.0020 at 525 °F. At oy equal to 30,000 psi, 8 lies between 0.0005 and 
0.0010 for all temperatures. When a static stress of 11,000 psi is 
applied, as shown in Fig. 8, room temperature damping slightly in 
creases, but damping values at the higher temperatures, including 
500 °F, can be connected by a single curve. All of these data for the 
titanium alloy lie much lower than those obtained for ferromagnetic 
alloys, since damping results only from plastic flow. A fine fatigue 
crack appeared in the high-stressed region of the specimen on at 
tempting to make measurements at 525 °F at a static stress of 11,000 
psi. One final test was then run to show the room temperature damping 
provided by a crack when oy =O psi; the resultant curve had the 
same shape as the 525 °F curve in I‘ig. 7 and lay an order of magnitude 
above the data for the unfatigued specimen. This offers a possible 
explanation for the similar curve shapes observed for the higher ten 

perature data of Fig. 7 and for the corresponding AISI-403 data of 
Fig. 5. 


Ferromagnetic Austenitic Alloys 

In Fig. 9 the data for the room temperature cobalt-nickel specimen 
5-RT (243 BHN) at oy = 5600 and 11,000 psi are presented. These 
oy values are obtained by rotating the block to the right of the furnace 
in Fig. 2 through zero, 45 and 90 degrees. As with AISI-403, there 
is a great loss in magnetomechanical damping as static stress is applied 
to decrease magnetic domain motion. Fig. 10 shows the results of 


1960 INTERNAL DAMPING 107 









e 
0 
0.040} - 
| 
} 
®@ , _ 
E 0.032) 
@ 
) Oersteds 
@ 
oO 
vo 0.024} 
E 
} 
= cl 
o 
Pr dite 
os} £& 
200 ps 5 ae 
| vain imi a) is c Je 
ss -<—-< -—-—-—— — — ee oe & 
(ne eepen -sheo= ~ y 
al 7.aeo~“v | | 
30 
ximum Norr trec 
Fig. 1 The Influence of Static Stress and a D-C Magnetic Field on the Room 


temperature Damping of Co-Ni-Fe Specimen 6-RT 


testing a hardened cobalt-nickel specimen 9-HT (355 BHN) at or 

0 and 11,000 psi from room temperature to 1100 °F. Owing to its in- 
herently higher Curie temperature, the damping of this material is 
more insensitive to temperature changes than the straight 12-chro- 
mium alloy. It can also be seen in Fig. 10 that increased temperature 
causes no plastic flow increase in the damping of a harder specimen 
under a static stress. 

In Fig. 11, the high temperature data for the cobalt-nickel-iron speci- 
men 10-HT show a decrease in damping with increasing temperature 
under zero static stress. When a static stress of 11,000 psi is applied, 
there is a further decrease in damping at the lower temperatures. As 
the temperature is increased to 900 °F, a damping increase appears as 
some plastic flow occurs. The temperature and stress limits used in 
this work were chosen to avoid excessive plastic flow and its compli- 
cating influence on damping. 

The highest damping was found in the very soft cobalt-nickel-iron 
specimen 6-RT tested at room temperature. Data for two runs at 
or = 0 psi and others at oy = 5600 and 11,000 psi are shown in Fig. 12. 
The value of the critical stress for this alloy in this condition is quite 
low ; the damping capacity drops by a factor of ten (at oy = 2000 psi) 
as static stress is increased to 11,000 psi. An even greater decrease 
occurs when the specimen is subjected to a polarizing logitudinal mag- 
netic field produced by passing direct current through a solenoid. At a 
held strength of about 1050 oersteds and no static stress, the logarith- 
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Fig. 13—The Variation of Dynamic Elastic Modulus with Testing Temper 


mic decrement is about 40% lower than when it is measured at o 

11,000 psi, as shown by the lower curve in Fig. 12. Comparison of the 
room temperature data of cobalt-nickel-iron specimen 6-R7 

comparable curves obtained from the AISI-403 alloy (Figs. 3, 4, and 
5) show that at maximum normal stresses less than about 10,000 psi, 
the internal damping of the cobalt-nickel-iron alloy exceeds the straight 
12-chromium alloy ; however, at higher vibratory stresses, AISI-40 
is superior. Although these cobalt-base alloys in the precipitation 
hardened condition have a higher damping capacity than was observed 
in AISI-403 at the same hardness level in earlier work by the authors 
(3), they readily lose this high damping under relatively low static 


stresses. 


Dynamic Elastic Modulus 


The dynamic elastic-modulus data obtained through measurement 
of the natural frequency of vibrations are plotted in Fig. 13. Increasing 
the temperature from 75 to 1100 °F results in a 19% decrease in the 
elastic modulus of AISI-403 ; these values are in fairly good agreement 
with those of Schabtach and Fehr (8) and are in excellent agreement 
with Engler’s (9) results which show a reduction of 18% over the same 
temperature range. Insofar as rotating machinery is concerned, dy 
namic modulus is considered primarily because of its direct effect on 
the position of the resonant-frequency spectrum with respect to op 
erating speeds and on the amplitude of vibration under a given exciting 
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force. Since the frequency of vibration is measured by the frequency 
counter to within + 0.2% in the present tests, these data accurately 
give the reduction in dynamic modulus with increasing temperature. 


DISCUSSION 


While the above AISI-403 data are in qualitative agreement with 
Cochardt’s results (1) obtained by conducting low frequency torsional 
decay tests on 60-mil wires of the same alloy, the values of the loga- 
rithmic decrement obtained in the present work are considerably lower, 
possibly because the torsional method is not free from other sources of 
external damping. Although Cochardt (1) found (at o, = 910 psi 
and a surface shear stress of 9500 psi,) that the damping of AISI-403 
at 1110 °F increases by a factor of about nine over the room tempera- 
ture value, logarithmic decrement was observed to increase by only 
less than a factor of three over the same temperature range. However, 
the data do agree well with those of Person and Lazan (2), who re- 
port a 75% reduction in room temperature specific damping energy 
on application of a static stress of 15,000 psi, which is comparable to 
reductions of 68 and 84% at oy = 11,000 and 19,000 psi respectively. 

Comparison of titanium damping values measured in this investi- 
gation with those of Hunter (10) discloses fair agreement. Damping 
falls to a low level in the range 400-600 °F and increases again at high 
temperature. Person and Lazan (2) report that a 40% decrease in 
the damping of titanium is caused by the application of a static tension 
stress of 15,000 psi. This observation was unverified ; in fact, the room 
temperature application of oy = 11,000 psi is found to cause an in- 
crease in damping. The observation of abrupt increases in damping 
associated with fatigue damage lends support to the findings of Han- 
stock and Murray (11) who investigated fatigue phenomena by ob- 
serving changes in damping ; they correlated extreme rises in damping 
capacity with fatigue damage where the time rate of damping increase 
was apparently indicative of the endurance of the material 

The same factors (e.g., composition, heat treatment, hardness, mag- 
netic field strength, static stress and testing temperature) found to 
influence the damping of AITSI-403 in this and earlier work (3) have 
a comparable influence on the damping of ferromagnetic austenitic 
alloys. Somewhat more precipitation hardening occurred, with the 
same heat treatment, in the cobalt-nickel alloy than in the cobalt- 
nickel-iron alloy ; Table I shows that the sum of aluminum and titanium 
content in the former alloy is also greater. Aging for one hour at 
1400 °F, however, produced the same hardness in both. Under this 
comparable condition, the damping of the cobalt-nickel-iron alloy ex- 
ceeds that of the cobalt-nickel. Due to its lower Curie temperature, the 
cobalt-nickel-iron alloy shows more rapid damping decreases with in- 
creasing temperature, but it is not so sensitive to changes in the static 
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stress as is the cobalt-nickel alloy. Increasing hardness causes the 

high damping peaks to shift to lower logarithmic decrements and 

higher maximum normal stresses. Cochardt’s torsional data (12) for 

a high purity alloy of nearly the same base composition as the cobalt 

nickel-iron alloy, without the compositional modifications necessary 

to produce a practicable degree of precipitation hardening, show a 

maximum § = 0.18 at oy = 7000 psi, but the further alloying necessary 

causes a 75% loss in damping to a level not greatly above that obtained 
in AISI-403. Under similar conditions at 900 °F, the maximum damp 
ing of cobalt-nickel-iron is 0.014 compared to 0.009 for AISI-403 

The principal disadvantage of using cobalt-base ferromagnetic alloys, 

aside from economic considerations, is that their high damping is only 

present at lower maximum normal stresses; as a result they more 
readily lose their magnetomechanical damping when a magnetic field or 

a static stress is applied. : 

CONCLUSIONS 
1. As testing temperature rises, the magnetomechanical damp 
ing peaks of AISI-403 shift to lower values of 6 and oy. The 
onset of microscopic plastic flow at higher temperatures results 
in increases in logarithmic decrement. 

. Application of cyclic longitudinal magnetic fields of increasing 
strength to AISI-403 causes an initial increase and then a con 
tinuous decrease in 8; static tension stress inhibits domain 
boundary displacement in a similar manner and results in 
similar decreases in magnetomechanical damping. 

3. The damping of titanium is very low under all the environ 
mental conditions of this investigation. Static stress causes an 
increase in 6, since internal damping is due only to plastic flow 

+. The high cobalt content of ferromagnetic austenitic alloys re 
sults in a more gradual temperature dependence of damping 
The highest damping is attained at lower maximum normal 
stresses, where high strength is of minor importance ; internal 
damping accordingly decreases more rapidly with increasing 
static stress than it does for AISI-403. 


Nh 
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DISCUSSION 


Written Discussion: By A. Cochardt, advisory engineer, Westinghouse Electric 
Corporation, Research Laboratories, Pittsburgh. 

The authors were so kind to have sent me a copy of their paper a year ago. That 
is why a discussion of some aspects of their paper has already appeared else- 
where.* It was pointed out that some of the authors’ damping effects are related 
to the magnetomechanical coercive force. If the authors would have varied in a 
suitable manner the magnetomechanical coercive force of their ferromagnetic 
alloys, they would have found results very much different from those that they 
report. 

Some of the authors’ conclusions are similar to those that we arrived at, 6 or 7 
years ago. In the meantime, however, we have learned more about these phe 
nomena. We have prepared and tested a very large number of alloys, first in our 
Research Laboratories, then in our Materials Engineering Department, and 
finally in our Metals Plant. Commercial alloys with unique properties were. de 
veloped. Dr. J. T. Brown mentions a few results of these investigations in his 


discussion to the authors’ paper 


Written Discussion: By Jack T. Brown, Metallurgical Engineering, Westing 
house Electric Corporation, East Pittsburgh, Pa. 

I would like to compliment the authors for providing valuable data on the 
damping capacity of the materials they investigated. Of special interest is the 
data on AISI 403 alloy which is used extensively in applications where its damp 
ing Capacity is used. 

The data on all alloys is in general agreement with theory, and confirms infor- 
mation we have obtained on similar alloys with torsional damping test apparatus. 





* A. Cochardt, ‘‘Magnetomechanical Damping,’’ ASM Symposium 1958 on Magnetic Prop 
erties of Metals and Alloys 
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Fig. 6 shows results which the authors state are of interest but do not ¢ x plain 
i.e., increased damping with application of a weak magnetic field, and decreased 
damping with larger fields. With no field applied the domain boundaries can move 
without the dissipation of too much energy due to the absence of obstac! 
their path. When a small field is applied the damping increases since thi tre 
duces obstacles to the domain boundary movement, and the force to move the 
boundaries is increased, but they still can move, and consequently more energy 
is dissipated, resulting in higher damping capacity. With further increase in the 
field damping decreases, as the authors have stated, because the domain bour 
become irreversibly aligned 

Particularly needing further discussion are the authors’ comments on the a 
plicability of ferromagnetic cobalt-nickel-base alloys for use as turbine bladir 
materials. We have also studied the effect of static stress on the damping capacity 
ef cobalt-nickel-base austenitic ferromagnetic alloys. I might add that ot 
properties besides damping capacity which are necessary for high temperatur: 
turbine blade applications are creep and stress-rupture strength and ductility 
fatigue strength and oxidation resistance. We long ago discarded the 





Fig. 14—Effect of Static Tensile Stress n Damping 
Capacity of Alloy 2302 at 7 


nickel-base alloy the authors have considered in their paper because it 


brittle in stress-rupture tests 


Our first figure shows an important improvement in the damping of Co-N 
base alloys, i.e., the elimination of low intermediate-stress damping. As was 
in several of the authors’ figures and typified in Fig. 12, a decrease in damping 
occurs with increased stress at intermediate stresses. Although our results in Fig 
14 show some loss in damping with increasing static stress, the amount of d 
crease between zero and 20,000 psi static stress in becoming smaller with increasing 
shear stress above 5000 psi. Even the lowest damping curve (at 20,000 psi stat 
stress) shows the material still retains very useful damping. Also, I would like 


to point out that the special treatment given the material results in a roon 
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perature 0.2% yield strength of 137,000 psi, ultimate strength of 180,000 psi, 
elongation of 22%, and reduction of area of 44% 

The second technological accomplishment is illustrated in our Fig. 15 which 
shows that the effect of static tensile stress on damping capac ity is effec tively nil 
in the static stress range 0-25,000 psi. The damping curves for static stresses of 
5000, 10,000, 15,000, 20,000 and 25,000 psi all coincided and seemed to be slightly 
higher than the curve for zero static stress. The damping capacity scale is twice 
that shown in the previous figure. The character of the curves, continually in 
creasing damping with increasing stress, shows that the alloy has extremely 
high damping at room temperature as well as at high temperatures over the 
stress range shown. The 0.2% yield strength of this material at room tempera 
ture and 1200°F is 124,000 psi and 98,000 psi respectively. Its stress-rupture 
strength at 1200°F for 100 hours is approximately 60,000 psi and it is notch 
ductile. Its fatigue strength at 1200 °F for 10° cycles is 55,000 psi. | have included 
for comparison the results from the authors’ paper for the most nearly similar 
material, and which we have also found in our test to possess similar damping 
properties 

The authors also allude to the economics of using cobalt-nickel base alloys 
I can assure them that these considerations have been carefully weighed, and 
} 


that the increased cost of a steam turbine with first row impulse blading of cobalt 


nickel alloy is negligible; especially considering the advantages from increased 
efficiency of the unit because it can be designed for partial steam admission. At 


present production quantities of these advanced type high damping alloys are 


being manufactured and are used in our steam turbines 
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Authors’ Reply 

While appreciated, Dr. Brown’s conflicting results are difficult to analyze 
Presumably he used a Foéppl-Pertz damping machine (2) and recorded on 
moving film the vibration decay of wires twisted in torsion, as did Cochardt (3) 
for the same family of alloys. The important variables of specimen composition 
heat treatment, hardness, and surface preparation are not mentioned; no points 
accompany his curves to indicate data scatter and reproducibility. There are many 
possible sources of energy dissipation in vibrating systems, and some very large 
programs can be misdirected unless one is certain of the causes of the damping 
phenomena he is reporting 

For example, Thompson and co-workers (4,5) extensively used a FOppl-Pertz 
machine and found it to yield unduly high logarithmic decrements, mainly as a 
result of frictional losses between the stylus and the recording medium. Thx 
energy loss in the machine itself may, when testing a low damping material 
amount to about 500 or more times the intrinsic energy dissipation of the specimen 

Using a rotating cantilever-beam machine, Lazan (6) found that high vi 
brational stresses approaching the fatigue limit would increase internal damping 
by as much as 2500%. Our experience with these and other high amplitude 
damping tests shows that transient measurements are far from satisfactory 
maximum normal stresses of about 35,000 psi. Beyond this limit, the nature of 
the vibrating system changes so radically that there is no valid basis for compari 
son. Even our true fixed-fixed beam specimens become partially restrain 
at higher stresses. Although Cochardt (7) stated that the Misces factor of 
best correlates bending with torsional stresses, Dr. Brown has plott 
curves for Co-Ni specimen 9-HT as a function of maximum shear stress using 
a factor of two. On converting, it then appears that the initial maximum norma 
stress experienced by his torsion specimens is about 50,000 psi 

Therefore, we believe that the apparently less severe effect of static str 
shown in the discussor’s Fig. 14 results from the masking of true magnet 
chanical effects by external sources of energy dissipation and by plastic flow 
initial torsional stresses were too high; with torsion specimens, resultant stati 
stress values are less than mere axial loads divided by cross sectional area 
would be interesting to note the internal damping resulting from success 
lower initial torsion stresses and to add a magnetic field for a true determinat 
of how much plastic flow is occurring. Obviously, if this is excessive, the simple 
relationships for elastic rather than plastic deformation cannot be used. The 
comments apply to the discussor’s Fig. 15. If the high damping results frot uré 
fully tailoring magnetomechanical coercive force, as claimed by Dr. Cochardt, it 
is most strange and inconsistent with theory (8) not to see it decreased at lea 
to some extent with increasing static stress and temperature. However, if interna 
damping results from high specimen ductility and plastic flow, the increasing 
curves are more reasonable. Just how much vibrational plastic flow a component 
can endure, like creep, is a problem for turbine designers to decide; per 
we would not like to rely on it 

In an earlier publication (7), Cochardt reported that AISI-403 (under a stat 


stress of 910 psi and at 1110°F) would have a damping capacity of 0.22 at a 
shear stress of 8500 psi. This is almost an order of magnitude higher than what 
is claimed for the recently designed ferromagnetic austenitic alloys—and what we 


found for AISI-403 under about the same conditions—but again the accuracy and 
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true meaning of torsional results can be held in question. If Dr. Brown agreed 
to send us blanks of his Alloys 2302 and 2305 for preparation as fixed-fixed beam 
specimens, we would gladly run careful, exhaustive tests on these same materials 
and publish the results openly 
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CORRELATION BETWEEN INTERNAL FRICTION 
AND TEMPER BRITTLENESS IN STEEL 


By AspuL-FattTau K. Kappou ANp P. C. RosenTHAI 


Abstract 

The internal friction test was applied to the study 
temper brittleness of low alloy and plain carbon steel. In 
ternal friction measurements were made with a torsiona 
pendulum at a frequency of 1.5 cycles per second from roon 
temperature to 500°F for both embrittled and nonem 
brittled steels. Significant data were obtained from this 
study, and consequently a new theory on the basic mech 
anism of temper brittleness is proposed. This theory 
based on a dislocation model, and suggests that the em 
brittlement results from anchoring of dislocations by a Cot 
trell atmosphere, which thereby restricts slip within th 
grains upon impact loading. The net result of this action 
to raise the transition temperature and to favor intergrani 
lar fracture. (ASM-SLA Classification: Q22, Q26s, ST 


INTRODUCTION 

§ dee PER BRITTLENESS is a familiar ailment of low alloy ste 

manifested in the loss of impact strength. It has been a continual 
problem since the turn of the century, and has been studied extensivel 
by many investigators, and several theories have been advanced in 
attempt to explain the cause of temper brittleness (1).' However, nm 
congruent mechanism has evolved, and none of the theories is adequat 
to describe thc basic mechanism of temper brittleness. This is believed 
to be mainly due to the fact that the research tools heretofore used 
the study o: this phenomenon are insensitive to changes occurring 
the atomic scale. 

It has been established, however, that carbon atoms play a pre 
dominant role in promoting temper brittleness (2,3,4). Interstitia 
solute carbon atoms in ferrite also contribute to the internal friction of 
this material. Therefore, internal friction tests may be adapted to study 
the influence of carbon on temper brittleness since this test is extreme 
sensitive to the arrangement and distribution of interstitial solute 
atoms. However, there has been no such work reported in the litera 


The figures appearing in parentheses pertain to the references appended t 
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ture. The object of this investigation was to apply the internal friction 
test to the study of the role of carbon in temper embrittlement for a 
highly susceptible and a nonsusceptible steel. The distribution and con- 
centration of solute carbon atoms were studied when these steels were 
heat treated to place them in both the tough and embrittled condition. 

An internal friction peak which occurs near room temperature at 
about one cycle per second has been ascribed to the stress induced 
interstitial diffusion of the solute atom in alpha iron. By measuring the 
internal friction in steel, it is possible to measure the amount of dis- 
solved solute remaining in solid solution at any time and thus quanti- 
tatively study the concentration and segregation of carbon (7). 

Charpy impact tests were also used in this study to supplement the 
internal friction test. 


EXPERIMENTAL PROCEDURE 


An inverted type torsional pendulum, where the weight of the 
pendulum bobs are balanced by a counterweight, was used. After 
extensive search, it was found that this type of apparatus was the 
most suitable means for the present investigation; it was also recom- 
mended by Zener (5). The frequency of oscillation was about 1.5 cycles 
per second. The specimens were 14 B&S gage wire (0.064 inch 
diameter ) six inches long. The maximum angle of twist during internal 
friction measurements amounted to 0.4 degree, corresponding to a 
maximum stress and maximum shear strain of 410 psi and 3.5 & 10° 
respectively. The resulting deflection of the light image on the trans- 
lucent scale used to make deflection measurements was 6 cm from the 
zero point. Placing the translucent scale at a distance of 28 feet from 
the reflecting mirror attached to the oscillating pendulum resulted in 
an excellent resolution of the oscillation. The weight of the counter 
balance was so adjusted as to exert a small longitudinal stress of 30 psi 
for stability. Helium gas was maintained in the system at a pressure of 
one atmosphere during damping measurements. 

The material used in this study was AISI 3310 and AISI 1016 steel 
and was furnished by U. S. Steel Corporation. These steels were drawn 
to 0.064-inch diameter wire from %-inch diameter rods through the co 
operation of S. L. Stalson of the American Steel and Wire, Cleve- 


land. These two steels have the following chemical composition : 


AISI E3310 


( Mn P S Si Ni Cr Mo 
0.11 0.55 0.013 0.008 0.32 3.46 1.65 0.01 
AISI C1016 

0.14 0.71 0.010 0.024 0.06 


The first steel is highly sensitive and the second is insensitive to 
temper embrittlement treatment. 
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All specimens from both steels were austenitized 1 hour at 1700 °F 
in a neutral salt bath, then water-quenched. A group of specimens from 
the AISI 3310 was tempered 1 hour at 1150 °F in helium atmosphere, 
then water-quenched. The specimens thus treated were considered 
“tough.” Some of these specimens were further tempered 50 hours at 
930 °F for embrittlement. It was felt that the concept of the reversibility 
of temper embrittlement should be studied by internal friction tests 
Therefore, some of the above embrittled specimens were retempered 
1 hour at 1150 °F, which is above the embrittling temperature range. 

Another group of the AISI 3310 specimens were tempered 1 hour at 
1250 °F, then water-quenched. Some of these specimens were given an 
additional tempering of 48 hours at 900 °F for temper embrittlement 

The AISI 1016 specimens had an initial temper of 1 hour at 1150 °F, 
then an additional temper of 65 hours at 930 °F for embrittlement. It is 
noted that these specimens were embrittled for 65 hours in contrast ti 
50 hours for the other steel. However, if we realize that the embrittling 
reaction is a function of the logarithm of time, then these two periods of 
embrittlement have essentially the same effect. 

There was only enough stock of the AISI 3310 steel to make Charpy 
impact specimens of substandard size of 0.356 & 0.356 & 2-3/16 inch 
These V-notch bars were given a | hour at 1150 °F tempering treat 
ment, then water-quenched ; one set of which had an additional tempet 
ing of 65 hours at 930 °F, then water quenched. 

The internal friction of all the specimens was measured by observing 
the decay of the free oscillation in the torsional pendulum. In order to 
determine that portion of the relaxation spectrum of the tempered 
martensite most useful to the study of the temper embrittlement reac 
tion, an exploratory test was made ona tough AISI 3310 steel wire, and 
internal friction measurements made from room temperature to 
1000 °F. Two peaks were observed; one at about room temperature 
and the second at 430°F, in addition to a grain boundary peak at 
around 1000 °F. Since the grain boundary peak falls in the temperature 
range of temper embrittlement, it was decided to limit the test to 
500 °F. The room temperature peak is due to stress-induced interstitial 
diffusion of solute atoms of carbon and nitrogen (6,7). However, the 
origin of the 430 °F peak has not been established. A suggested mech 
anism for this peak is offered below. The existence of this peak had 
been reported for a tempered martensite (2). Ke (8) found a similar 
peak in a cold-worked alpha iron containing nitrogen in solution. 


THE EXPERIMENTAL RESULTS 
The internal friction tests of a tough and a brittle AISI 3310 steel 
are shown in Fig. 1. It is observed that there are two peaks for the 
tough steel (Curve A), one at about room temperature, and the second 
at 430 °F. These two peaks are fairly broad, indicating the existence of 


™ 
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Fig. 1—Internal Friction Curves of a AISI 3310 Steel 
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Fig. 2—-Internal Friction Curve of the AISI 3310 Steel 


more than one single relaxation time for each peak. The room tempera- 
ture peak is due to interstitial solute atoms of carbon and, very prob- 
ably, of nitrogen. The cause of the 430 °F peak will be discussed later. 
Upon embrittlement, the internal friction results are quite different, 
Curve B. The two peaks have disappeared, and the background damp- 
ing is reduced to about half that for the tough steel. The disappearance 
of the two peaks and the decrease in the background damping are 
closely related to the basic mechanism of temper brittleness. 

Fig. 2 represents the internal friction of the AISI 3310 steel that 
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Curves for Both Tough and Embrittled AISI 


was embrittled for 50 hours at 930 
one hour at 1150 


Fig. 1, for the tough steel. These two curves are almost identical 
respect to the heights of the peaks and the magnitude of the backgr 
damping. This is a significant result for studying the reversibilit 
the embrittlement reaction. 


F, then rendered nonembrittied b 
F temper. It shows a striking similarity to Curve A 


rve \ 
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The internal friction curves of the AISI 3310 steels that were initially 
tempered at 1250 °F are given in Fig. 3. Curve A for the tough steel 
shows that the two peaks are more pronounced and the background 
damping is much higher when compared to curve A, Fig. 1 (i.e., the 
1150 °F temper). After retempering this steel for 48 hours at 900 °F 
for embrittlement, the internal friction result, Curve B, Fig. 3, indi- 
cates that the two peaks had vanished and the background damping had 
diminished to a very low value. 

Fig. 4 presents the internal friction curves for both tough (1150 °F 
for 1 hour) and embrittled (additional temper of 65 hours at 930 °F) 
AISI 1016 steel. It is observed that the room temperature peak for the 
tough condition is very pronounced, whereas the 430 °F peak is not 
evident. The room temperature peak is slightly shifted to a higher 
temperature (130 °I*) as compared to that for the AISI 3310 steel. Its 
magnitude is greater than those presented in Curve A, Fig. 1, Fig. 2, 
and Curve A, Fig. 3. The internal friction of the embrittled AISI 1016 
steel, Curve B, Fig. 4, is quite different from that for the embrittled 
AISI 3310, which were shown in Figs. 1-B and 3-B. Curve B, Fig. 4, 
shows a decrease in the room temperature peak, without the total disap- 
pearance as exhibited by the embrittled alloy steel. The 430 °F damp- 
ing is essentially the same as before the embrittling treatment. Further- 
more, the background damping is virtually unchanged after embrittle- 
ment, in contrast to the drastic reduction in the background damping 
after embrittling the alloy steel, of AISI 3310. It should be pointed out 
that the reproducibility of the internal friction test results for any one 
condition of heat treatment was excellent. Fig. 5 indicates that the in- 
ternal friction is independent of the stress amplitudes 

The result of the V-notched bar Charpy impact test on the AISI 3310 
steel is shown in Fig. 6. The transition temperatures for the tough and 
embrittled steels are —47 °F and 162 °F respectively. This indicates a 
shift in the transition temperature of 240 °F resulting from embrittle 
ment treatment. It should be remembered that these curves are for 
the undersized specimens of 0.356 & 0.356 inch, compared to the stand- 
ard size 0.394 0.394 inch cross section. The results, however, show 
that this steel is very susceptible to temper embrittlement 


DISCUSSION 


Fig. 1, Curve A, for the tough steel shows the presence of the two 
peaks and fairly high background damping. The room temperature peak 
indicates the presence of dissolved interstitial carbon and nitrogen 
atoms. After embrittlement, Curve B, Fig. 1, the two peaks have disap- 
peared and the background damping diminished to about one-half that 
of the tough steel. In terms of dislocation behavior, it can be postulated 
that the tough condition represents a state where segregation of solute 
atoms forms a dilute atmosphere around dislocations (10). At this rela- 
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tively high tempering temperature there is a steady state between the 
solute atoms segregating at the dislocations and those jumping out of 
the atmosphere. There are some dislocations relatively free from atm: 


pheres. The dissolved interstitial atoms that have not segregated t 
dislocations give rise to the room temperature peak ; and the relativel 


segregation-free dislocations contribute to the background damping 
» » 


Since the two peaks in the internal friction curve for the toug! 
steel result from stress induced atom movement, their absence in th: 


curve for the steel in the brittle condition indicates that this atom move 
ment is prevented. An explanation for this behavior is that the embrit 
tling temperature is in the vicinity of the critical temperature for 
establishing condensed Cottrell atmospheres, and thus all the solut 
atoms have segregated to dislocations (10) 
mospheres develop, stress-induced atom movement cannot occur be 

cause the solute atoms are “locked”’ into position. Furthermore, due to 


When the condensed 


] 


t 


é 


the strong anchoring force of the atmospheres to the dislocations, th 
background damping is reduced measurably. Therefore, it may be 


deduced that temper embrittlement reaction corresponds to the forma 


tion of the condensed atmospheres at the dislocations, rendering thes: 


dislocations inoperative under certain conditions of loading and testing 
temperature. On the other hand, the tough state represents the pre 
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Fig. 6—Charpy V-Notch Curves for AISI 3310 Steel. 


dominance of the dilute atmospheres around the dislocations, and the 
existence of the relatively segregation-free dislocations 

The embrittlement reaction exhibits a C-shaped curve, and similarly 
the reaction for the formation of the condensed atmospheres could 
probably be represented by such a curve. 

The 430 °F peak is directly related to the solute atoms of carbon or 
nitrogen or both, since both room temperature and the 430°F peak 
disappeared simultaneously after embrittlement. The corresponding 
activation energy for this peak is about 32,000 cal/mole, as determined 
by a method suggested by Wert (16). There is no single mechanism 
known to operate in steel that has this value of activation energy.* 

No impact tests were made to determine the reversibility of temper 
embrittlement upon reheating to above the critical temperature range. 
There are, however, a number of references indicating such reversibility 
(1,17,18). In the present investigation reversibility is indicated by the 
internal friction test results. In other words, when a once-embrittled 
steel is retempered above the embrittling temperature range, it will be 
rendered nonembrittled. The curve in Fig. 2 shows a thus treated steel. 
After embrittling for 50 hours at 930 °F, the steel was retempered 1 
hour at 1150°F. This curve shows a striking similarity to Curve A, 
Fig. 1. The two peaks have reappeared to practically the same magni- 

* The activation energies for diffusion of carbon and nitrogen are 20,100 and 18,200 cal/mole 
respectively. The activation energy for self-diffusion of iron in ferrite is not involved because 
this is about 60,000 cal/mole or more. Therefore, it is suggested here that the cause of this 
peak is related to the oscillatory movement of the dilute dislocation atmospheres of solute atoms 
with the rapidly changing stress. In this case, the energy involved would not only be that 
associated with carbon diffusion (20,100 cal/mole) but also that associated with the binding 
energy of the carbon to the dislocations (11,500 cal/mole) (10). The sum of these two values 


approximates the activation energy of 32,000 cal/mole for the 430 °F peak, which is inclined 
to support this suggestion. 











124 TRANSACTIONS OF THE ASM 


tude, and the background damping is virtually identical in both curves 
A possible explanation for this effect is that upon retempering the 
embrittled steel to a higher temperature, the condensed atmospheres 
causing the embrittlement are destroyed, and conditions are favorable 
to the formation of dilute atmospheres, as well as relatively free dis 
locations. Some solute atoms are not segregated to dislocations, and 
thus cause the room temperature peak, whereas the segregated solute 
atoms in dilute atmospheres contribute to the 430°F peak, and the 
fairly free dislocations give rise to the increased background damping 
Therefore this condition corresponds to the tough state. 

Fig. 3 presents the internal friction results of the steel that had an 
initial tempering temperature of 1250 °F. It is observed that the room 
temperature peak and the 430°F peak for the tough steel, Curve A, 
are more pronounced than in Curve A, Fig. 1. When the two curves 
are compared closely, it may be noted that the background damping of 
curve A, Fig. 3, is considerably higher than Curve A, Fig. 1. At thi: 
higher tempering temperature of 1250 °F, the thermal agitation of th 
solute atoms is considerable, and thus more solute atoms are free and 
consequently more dislocations are free also, giving rise to higher 
peaks and larger background damping respectively, Curve A, Fig. 3 
Furthermore, the background damping had been reduced drastically 
upon embrittlement, Curve B, Fig. 3; and apparently to a greater de 
gree than for the specimens tempered at 1150 °F, Fig. 1. This suggests 
that the higher initial solubility of solute atoms at 1250°F as con 
pared to 1150°F resulted in more solute atoms being available to 
anchor more dislocations. 

The above-mentioned treatment of the dislocation model is con 
cerned with those dislocations that contribute to the plastic flow, and 
not necessarily to dislocations at the grain boundaries. Temper brittle 
ness is not due to the segregation of carbon to the grain boundaries 
alone, but to anchoring dislocations in the bulk of the crystal lattice by 
the condensed atmospheres. The presence of grain boundary attack by 
the Zephiran chloride results from the equilibrium grain boundary 
segregation of carbon and nitrogen which is more pronounced during 
embrittlement. The brittle fracture of a tough steel is transgranulat 
while embrittled steel shows an intergranular fracture. In the case of a 
tough steel, the brittle transgranular fracture, at temperatures below 
the transition temperature, is probably due to a very fast moving dis 
location, which acquires such an extremely high kinetic energy when 
moving at a speed close to the sonic velocity that enables it to run 
through the crystal and across the grain boundaries to the neighboring 
grain. Some dislocations are relatively free in the tough steel, whicl 
may be pulled out of their atmospheres easily to contribute to this type 
of fracture. However, the case of an embrittled steel is different, wher 
the dislocations are anchored very strongly, particularly at tempera 
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tures below the transition temperature. Upon application of a sudden 
loading as in impact loading, these dislocations cannot move, and the 
whole grain acts as if it were a perfect lattice. Since a state of a perfect 
lattice represents an exceedingly high strength, fracture has to follow 
the weaker portion of the metal which is the grain boundaries. The 
grain boundaries represent a general disregistry between the atoms, 
where the interatomic forces are lower than in the crystal lattice. There- 
fore, an intergranular fracture prevails when an embrittled steel fails 
at temperatures lower than its transition temperature. 

The concept of the shift in the transition temperature after embrittle- 
ment may now be explained in terms of dislocations. When a tough 
steel is tested by impact loading, below the transition temperature the 
dislocations are anchored so rigidly by the dilute atmosphere that a 
brittle fracture results. As the temperature of the material is raised, 
the anchoring force decreases, until a temperature is reached where 
some dislocations can be easily pulled out. This temperature represents 
the transition temperature. Above the transition temperature, a ductile 
fracture always results. Since the dislocations are anchored more 
tightly in an embrittled steel, it is obvious that a higher temperature is 
required to free some dislocations from their condensed atmosphere, 
and hence a higher transition temperature. However, under conditions 
of standard tensile test at room temperature, the dislocations can free 
themselves from condensed or dilute atmospheres, as the case may be, 
and therefore no difference between tough and embrittled steel is de- 
tected by such tests. It is often reported in the literature that there is 
no significant difference in tensile strength between tough and em- 
brittled steels. On the other hand, if the tensile test is employed to 
compare steels in both conditions over a wide range of temperature, 
including a sub-zero range, it is quite possible that significant differ- 
ences in behavior may be observed. Slow bend tests have shown sig- 
nificant difference in the transition temperatures of the two conditions 
(15). 

Let us now consider the plain carbon steel, Fig. 4. It is observed 
that the room temperature peak for the tough condition is very high, 
and slightly shifted to a higher temperature (130°F), whereas the 
430 °F peak is not distinct. The room temperature peak for the em 
brittled steel, Fig. 4-B, is only reduced in height, and has not disap- 
peared, as was the case for the AISI 3310 steel. The damping above 
350 °F remained essentially the same after embrittlement. The back- 
ground damping stayed virtually unchanged after this treatment. Al- 
though there is a decrease in the room temperature peak after re- 
tempering at the lower temperature, this reduction is more than that 
accounted for from the reduced carbon solubility. Therefore, some 
carbon atoms have certainly segregated to dislocations, forming at- 
mospheres around these dislocations. Comparing Fig. 4-A with Fig. 
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l-A, it can be seen that the room temperature peak is considerably 
higher for the carbon steel than for the alloy steel. This may suggest 
that the carbon has a lower mobility in the alloy steel because of the 
decreased diffusion of the interstitial in the presence of substitutional 
alloy atoms. Since after embrittlement, the room temperature peak of 
the plain carbon steel is still present, but decreased in magnitude, and 
the background damping remains essentially the same, it is therefore 
evident that the amount of the fairly free dislocations was not reduced 
substantially after temper embrittlement. The consequence of this is 
that the plain carbon steel is not sensitive to an embrittling treatment 

In comparing the plain carbon and alloy steel, it may be concluded 
that when the alloy steel is heated in the embrittling range, the solute 
atoms form the condensed atmospheres in the dislocations, and these 
atmospheres, once they have formed, are very stable due to the low 
mobility of the carbon atoms in the alloy stee!. This process takes time 
both because of the low diffusion rate of the interstitials in alloy steel 
and possibly also because of some rearrangement of the substitutional 
elements. As a consequence, these atmospheres once formed are quite 
stable. On the other hand, when the plain carbon steel is considered 
the higher mobility of carbon atoms results in a constant formation and 
dissolution of the condensed atmospheres, at the dislocations. At any 
moment there is an equilibrium between free dislocations and dislo 
cations with condensed atmospheres. Since the number of segregation 
free dislocations is therefore practically the same for both treatments 
of the plain carbon steel, we may conclude that it is not susceptible to 
temper brittleness. 

It should be emphasized here according to the results of this investi 
gation that nitrogen atoms play the same role as carbon in temper en 
brittlement. : 

CONCLUSION 

It was found that the application of internal friction for studying the 
cause of temper brittleness in steel was very fruitful. It is proposed that 
the temper brittleness reaction results from solute atoms segregating to 
the dislocations at the grain boundaries and in the crystal lattice, form 
ing a Cottrell type of atmosphere. The type of dislocation atmospheres 
determines whether steel is tough or temper embrittled. The data sug 
gests that temper brittleness is not a grain boundary phenomenon, but 
a state where all the dislocations that contribute to plastic flow are 
anchored rigidly by the condensed atmospheres. Under certain con 
ditions of strain rate and testing temperature, these dislocations cannot 
contribute to the plastic flow, and hence an intergranular failure results 
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DISCUSSION 


Written Discussion: By ]. F. Enrietto, Department of Mining and Metallurgical 
Engineering, University of Illinois, Urbana, II] 

I would like to make three comments on the interpretation of the internal fric 
tion data in this paper 

Koster and Bangert (2) have also observed a damping peak near 225°C 
(435 °F) in cold-worked a iron and they attributed it to an interaction between 
interstitials and dislocations. However, their work shows that as more interstitials 
take part in pinning dislocations the damping increases. This is in contradiction 
to the authors’ views that a diminishing or disappearance of this peak means more 
interstitial pinning is taking place 

The authors’ statement that carbon has a lower mobility in the alloy steel be- 
cause the room temperature peak is lower than in the carbon steel is inconsistent 
with current theories on anelasticity. It is the position of the peak, not its magni 
tude, that is a measure of the mobility of the interstitial involved. In fact from the 
relative positions of the room temperature peak in the two steels one would expect 
carbon to be more mobile in the alloy steel 

Finally I would like to point out that substitutional impurities in body-centered 
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cubic metals may influence interstitial damping. This is illustrated by the work of 
Dijkstra (3) and Fast (4) on iron containing small amounts of either Mn, Mo 
Cr, or V. These substitutional impurities had a profound effect on the relaxation 
spectrum, broadening the normal interstitial peak and causing new peaks to ap 
pear. Since the steels used by the authors had a relatively high percentage of such 
alloying elements it may be that these substitutional atoms were at least partiall) 
responsible for causing the observed effects 
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Written Discussion: By A. S. Keh and J. C. Swartz, Edgar C. Bain Laboratory 





for Fundamental Research, United States Steel Corporation, Monroeville, Pa 
In this paper the authors have concluded that there is a correlation betwee 
internal friction and temper brittleness in steel. The writers fail to find su " 
correlation when comparing the internal friction of two steels with know: 
brittling behaviors. Steels A and B have the same basic composition as 14 
steel (Table 1). The major difference between the two is in phosphorus content 
rheir embrittling behaviors are shown in Fig. 7. The shift in impact transition 
Table I 
Chemical Analyses of the Two 5140-Type Steels 
A 
\ / 
Steel ( Mr P S Si Cr Soli 
A 0.42 0.68 0.026 0.032 0.16 0.93 0.009 0.0029 
B 0.41 0.87 0.002 0.007 0.29 0.93 0.023 001 
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Fig. 7—Comparison of the Degree of Embrittlement of Steels A & B 
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temperature (temperatures at which 15 ft-lb. is absorbed) of Steel A is five 


times that of Steel B. Fig. 8 shows the internal friction data on wire specimens of 
the two steels treated similarly to the impact specimens. In order to avoid aging 
at room temperature, the quenched specimens were stored in liquid nitrogen until 
time for measurement 

Soth.steels quenched from 675 °C (1245 °F) (tough condition) show interstitial 
peaks of about the same height ( A-1 and B-1). The internal friction spectra for 
both steels after the embrittling treatments are again similar (A-2 and B-2) 
Therefore from internal friction data for the two steels it is impossible to predict 
their embrittling behavior. The dotted curve in Fig. 8 (A-3) indicates the in 
ternal friction spectrum of Steel A measured after the completion of Curve A-1. 
Obviously the low temperature aging accompanying the measurement of A-1 has 
drastically reduced the internal friction. In contrast, the impact behavior was 
unaffected by such low temperature aging. Therefore the writers have to con- 
clude that internal friction spectra of this sort cannot be correlated with temper 
brittleness 

With regard to the mechanism of temper brittleness, the authors postulated 
that it is due to the formation of Cottrell atmospheres of interstitial atoms around 
dislocations. There are three main objections to this theory: (a) One would ex 
pect that nitrogen would behave the same as carbon in forming Cottrell atmos 
pheres; however, the independent work of Steven (2) and of one of the writers 
(3) has shown that nitrogen has no effect on temper brittleness; (b) if the pro 
posed mechanism is correct, one might expect to see a detectable difference of the 
yielding behavior between the tough and embrittled conditions in tension tests ; one 
of the writers (3) has conducted numerous tension tests at temperatures between 

196°C (—321°F) and room temperature; the only difference he has found 
between the two conditions is in reduction of area and fracture stress at sub-zero 


temperatures ; the yield stress and yield point phenomena are almost identical in 
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the two conditions at various temperatures, and (c) data accumulated in recent 
years by various investigators have proven without doubt that trace elements in 
steel such as phosphorus are controlling factors of temper brittleness. Steven (2 
has shown recently that a vacuum melted 3% Ni-Cr steel without trace elements 


is not susceptible to temper brittleness. Therefore the writers believe that any 


proposed mechanism must take into consideration the behavior of trace « 


in steel during embrittling treatment 


Written Discussion: By C. A. Siebert and J. A. Ford, Chemical and Met 


lurgical Engineering, University of Michigan, Ann Arbor, Mich 
The authors are to be complimented on the use of this interesting reseat ol 
in the study of isothermal temper embrittlement. The authors have advan 





very interesting mechanism for explaining the phenomenon of temper embri 
ment. 

The 430 °F peak, which is only slightly evident in Fig. 1 for the AISI 3310 
steel tempered at 1150 °F, is much more pronounced in Fig. 3 for a tempe 
temperature of 1250 °F. This may be due not only to higher mobility of ute 
atoms, carbon and nitrogen, as pointed out by the authors but also due 
higher solubility of carbon at this temperature. The 430°F peak in the 
carbon steel (Fig. 4) is not at all distinct for the tempering temperatur 
1150 °F. It would be interesting to see similar data for the plain carbor 
tempered at 1250 °F 

The authors mention that a grain boundary peak appears at approximat 
1000 °F for the AISI 3310 steel investigated. They did not pursue this furtl 
since 1000 °F lies within the embrittling temperature range. In view of t 
that the embrittling phenomenon continues for several hundreds of hours 
wondering if some light might be shed on the grain boundary contributi 
temper embrittlement by an investigation of this grain boundary peak. It 
preciated that a grain boundary peak investigation would be complicated by the 
fact that embrittlement would occur during the internal friction test. Ho 
is entirely possible that some additional information might be obtained fr 
measurements of this type. 

The authors suggest that the formation of stable condensed atmospheres 
the ferrite matrix is the cause of temper embrittlement. According to the aut 
these atmospheres result in strengthening the crystal to such a point that fractur 
must follow the grain boundaries. Do the authors wish to comment on 
brittle fracture occurs on the prior austenite grain boundaries and not 


ferrite grain boundaries: 


Written Discussion: By S. Yukawa, Materials and Processes Laboratory Get 
eral Electric Company, Schenectady, N.Y. 

The authors are to be commended for providing an interesting new contribu 
tion to the problem of temper embrittlement. However, our experiments al 
similar lines indicate that the association between internal friction and tet 
embrittlement reported by the authors may not always exist. These experir 
were on an alloy steel of the following chemical composition 

C Vn P > Si Ni Cr VU 
0.24 0.65 0.019 0.022 0.18 2.68 1.35 0.48 0.08 


Specimens about one-half inch thick were austenitized 24 hours at 1650 
quenched, tempered 170 hours at 1150°F and water-quenched from tempering 
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The hardness after tempering was 240 BHN. Impact tests of Charpy V-notch bars 
aged in the embrittling temperature range demonstrated the susceptibility of this 
steel to temper embrittlement. For example, the 50% fibrous transition temperature 
in the unembrittled condition was —100°F. After 16 hours at 950°F, it was 
—55 °F and after 100 hours, 100 °F. Incidentally, it is of interest to note that this 
particular steel exhibits susceptibility in spite of its molybdenum content. 

The internal friction characteristics were studied using techniques very similar 
to those described by the authors. Wire specimens 0.040 inches in diameter were 
prepared and tested at about 1.5 cps in a torsion pendulum over a temperature 
range from 70°F to about 300 °F. No damping peak was observed within this 
temperature range and the log decrement value remained constant at about 
2.5 x 10°. Also, the internal friction was unaffected by various embrittling treat- 
ments. The damping test apparatus and technique appeared to be satisfactory 
since a peak slightly above room temperature was observed in tests on iron-carbon 
specimens. 

The absence of the damping peak in our specimens is probably associated with 
a larger amount of carbides resulting from the higher carbon content in our steel 
compared to the steel studied by the authors. It has been reported (4) that the 
magnitude of the carbon damping peak is dependent on the mean ferrite path 
between carbide particles and when the distance is small, the peak can be com- 
pletely absent. From electron micrographs of some similar steels, the mean path 
in our specimens is estimated to be only a few microns which is sufficiently small 
to suppress the carbon peak. Apparently for this reason, the internal friction fails 
to reflect the embrittlement behavior in this instance 

The mechanism of embrittlement proposed by the authors may possibly be a 
valid one but our tests indicate that internal friction measurements are not com 
pletely satisfactory for confirming the mechanism 


Written Discussion: By J]. M. Capus, The Mond Nickel Company Limited, De 
velopment and Research Department, Birmingham, England 

The authors are to be congratulated on having revealed such a clear-cut in- 
fluence of the state of a nickel-chromium alloy steel, as regards temper brittleness, 
on its internal friction properties. The results may be taken as confirmation of the 
view that carbon plays an important role in the process of embrittlement. Despite 
the neat and persuasive arguments of the authors, however, we should hesitate 
to conclude that the phenomenon of temper brittleness may be adequately ex- 
plained in terms of carbon segregation to dislocations. 

There are a number of points which must be raised in a more specific discus- 
sion of the proposed theory 

Whilst a treatment embrittling the alloy steel concerned caused the room 
temperature maximum of internal friction to disappear completely, the same 
treatment applied to the plain carbon steel resulted in an even larger reduction in 
the maximum of internal friction at 130 °F, although a small peak remains at this 
temperature. The difference in behaviour appears to be qualitative, so that, on the 
basis of the theory proposed, embrittlement of the two steels should differ only 
in degree, this being at variance with the behavior the authors are seeking to 
explain. 

Again, the postulated difference, in the state of condensed atmospheres and 
relatively free dislocations, between the tough and the embrittled conditions, does 
not properly explain the change in mode of brittle fracture, from cleavage to 
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intergranular. Since the authors suggest that brittle cleavage fracture i 
embrittled steel is due to dislocation-anchoring by dilute atmospheres, and that t 
embrittling process is one of relatively complete anchoring by cond 


lense 


-d atmos 
pheres, it is difficult to see why the difference between the two states should 
a change from cleavage to intergranular fracture in addition to a shift in transiti 
temperature, as no significant change at grain boundaries is envisaged 

The suggestion that the process of embrittlement is one of anchoring of d 


cations by carbon segregation is a neat explanation of the shift in t 


temperature and of the accompanying reduction in internal friction, but 
change in the structure of the metal would surely be associated with modif 
in other properties. Thus, the hardness and yield strength of the steel would be 
expected to increase as a result of embrittlement. However, it is generally 
nized that neither the hardness nor the room temperature tensile propert 
affected by temper brittleness. 

\ further difficulty in accepting the idea of condensation of atmospheres 
locations as a complete explanation of embrittlement is the established fact that 
embrittlement occurs rapidly in the range 930-1020 °F ; (5) there is some ey 
also of its occurrence at 1110 °F (6). Since, at temperatures above about 750 °F it 
is believed that dislocations no longer have substantial amounts of solute at 
sociated with them, (7) it seems difficult to extend the suggested hypothe t 
cover these facts 

There is now overwhelming evidence to suggest that the occurrence 
brittleness in alloy steels is intimately connected with their contents of 
impurity elements (6,8,9,10). Thus nickel-chromium and_nickel- 
molybdenum steels, when made from high-purity raw materials, have been f 
to be completely free from temper brittleness (8). When traces of impuritic 
as phosphorus or antimony, were included in the high-purity charge, susceptibility 
to temper brittleness re-appeared in the resulting steel (6). It seems, theref 
that any adequate theory of temper embrittlement must now involve the fa 
carbon, impurity elements and the major alloying elements. This suggests tl 
actual mechanism of embrittlement is rather more complicated than has 


been supposed. On this view, the carbon segregation revealed by the author 


ternal friction measurements is only one feature of the complex phet 
embrittlement 
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Authors’ Reply 

The authors wish to thank the contributors for their interesting discussion. 

Dr. Enrietto has presented three comments. Our reply to these ar« 

First: There is no contradiction between our views and Koster and Bangert’s. 
The increase in damping at 225 °C (435 °F) with the increased number of pinned 
dislocations by interstitials is in line with our proposal that the 225 °C-peak is 
due to the formation of dilute-type atmospheres around the dislocations. The 
more interstitial atoms participating in this type of Cottrell atmosphere, the higher 
the relaxation peak, as may be noted in Fig. 3. We are merely suggesting that the 
disappearance of this peak upon embrittlement results from the conversion of 
dilute Cottrell atmosphere to a condensed type 

Second: In reference to the statement regarding carbon mobility, the position 
of the room temperature peak in the two steels indicates that it is slightly higher 
in carbon steel and hence a higher activation energy. It should be pointed out 
though that the activation energy is not the only determining factor in diffusion, as 
may be seen from the following simple treatment, using the familiar equations for 
diffusion : 

dm/dt D de/dx Equation 1 
D = D.e — AH/RT 
We take as an example the diffusion of (C) and (N) in a-Fe at 1150 °F (621°C), 


using the following data: (11) 


C ina-Fe AH 20,100 cal/mole ; D 0.020 
N ina-Fe: AH = 18,000 cal/mole; D 0.003 
(e" H/RT 
Boltzmann Term D AH D 
( 1.2 x 10 0.020 20,100 2.4 x 10 
N 40 «x 10° 0.003 18,000 1.2 10° 


which shows that although the activation energy is lower for (N) its diffusion 
constant (D) and, hence, the diffusivity, is lower than for carbon. The same may 
be said when comparing alloy and carbon steels. The statement concerning greatet 
carbon mobility in the carbon steel as compared to the alloy steel was based on 
a comparison of the overall internal friction spectrum of the two steels, both be 
fore and after embrittlement. In particular, the persistence of the carbon peak 
after embrittling the plain carbon steel suggests that carbon is not completely 
anchored as was the case for the alloy steel, and therefore can be considered more 
mobile 

It should be stated here that the correlation of the relaxation spectrum in the 
tough and embrittled conditions for the same steel with the mechanism of temper 
brittleness, is more significant than the comparison between the relaxation 
spectrum of the two steels 

Third: In addition to their effect on the interstitial peak, substitutional atoms 
have appreciable influence on temper brittleness, which may arise from their 
interaction with the interstitial atoms 

Messrs. Keh and Swartz have raised some interesting comments; however, 
these points are not substantial objections to our hypothesis of the basic cause of 
temper brittleness 

In reply to the first point that it is impossible to predict from the internal friction 
data the degree of embrittlement, it has not been suggested by us that this could 
be done. It has merely been pointed out that both the peak damping and back 
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ground damping of a susceptible alloy steel behaves differently before and afte: 
embrittlement, and this difference in behavior suggests a model of embrittlement 
based on the Cottrell atmosphere theory. 

With regard to the effect of nitrogen, there seems to be conflicting informatior 
on this point, since others (12) have reported an embrittlement in high purity 
Fe-N alloys when heated in the temperature range of 600 to 800 °< 1110 
1470 °F), which presumably is similar to temper-brittleness in alloy steels 

There should be some reservation in the use of the yield point as a criterion for 
comparison of the two conditions of heat treatment, where such tensile tests are 
done at a rate slow enough to permit partial destruction of Cottrell atmospher¢ 
thereby freeing some dislocations that will contribute to the yield point behavior 
However, if results with rapidly applied load, to preserve the dislocation atn 
pheres, are compared, differences may likely be detected. 

We expect that any dissolved elements in steel that segregate to dislocations 
form a Cottrell type of atmosphere are possible sources of temper embrittlement 
Since temper embrittlement can develop in a tough steel in a very short time, the 
more likely cause would be interstitial atoms for which the diffusion rate is hig 
Phosphorus, for example, was found to develop intergranular-type fracture ir 
purity Fe-P alloys, where a C-shaped curve for isothermal embrittlement was ob 
tained with the nose of the curve at 600-800 °C (1110-1470 °F). Embrittle: 


was found to develop within one minute, (13) suggesting that phosphorus may 


interstitial in a-Fe 

The large difference in impact behavior of steel A and B shown in th 
discussion may not be wholly due to phosphorus content. It is possible that st 
A has a higher grain growth tendency during austenitization treatment at 2000 
owing to its low Al content. Larger austenite grain size tends to increase thé 
susceptibility to temper embrittlement 

In reply to Professor C. A. Siebert and J. A. Ford may we say that further 
investigations are going on in our laboratories to shed more light on temper 
embrittlement. 

Intergranular brittle failure along the prior austenite grain boundaries sugg 
the existence of weaker structure at these boundaries which is, most likel 
consequence of an equilibrium grain boundary segregation prevalent du 
austenitization treatment 

The authors are in agreement with Dr. Yukawa regarding the depender 
the carbon-peak on the mean ferrite path between carbide particles. However 
according to Stark, Averbach and Cohen, the interstitial peak is expected to exis 
in the tough steel particularly after a tempering treatment of 170 hours at 1150 °] 
Perhaps the apparatus was not sensitive enough to detect this relatively 
peak in the alloy steel 

The majority of Mr. Capus’ comments have been answered in the cour 
answering the discussions from others. However, we would like to point out that 
the temperature cited of 750 °F, at which maximum segregation of solute inter 
stitials at dislocations occurs, was calculated for carbon or nitrogen in purs 
The steels we have investigated contain other elements that may shift this criti 
temperature. 

We have investigated the embrittlement in the vicinity of 900°F only; ho 
ever, the 1110 °F embrittlement mentioned by Mr. Capus may be due to el 


other than carbon anchoring dislocations 





GAS-METAL REACTIONS DURING BOX 
ANNEALING OF LOW CARBON STEEL 


By R. M. Hupson Anp G. L. STRAGAND 


Abstract 

During commercial box annealing of low carbon steel, a 
considerable volume of gas is evolved. Experiments are de- 
scribed in which gas evolution from steel during elevated 
temperature vacuum annealing was studied and in which 
gases were sampled from within_tightly wrapped coils dur- 
ing annealing. The composition of the.furnace gas during 
annealing is different from that supplied ta.the furnace and 
the gas mixture within a coil is different from both of these. 
Carbonaceous gases (CO and CQ,) in the evolved gas are 
derived from the steel itself although higher amounts of 
these and hydrocarbon gases are encountered when the steel 
surface contains appreciable amounts of organic material, 
such as cold reduction lubricants. The composition of the gas 
atmosphere surrounding the coil is appreciably different 
from the composition of the gas atmosphere within the coil. 
In studies of the effect of controlled atmospheres on the sur- 
face properties of steel the evolution of gases from the steel 
must be taken into account. (ASM-SLA Classification: 
V15f, J23; CN-g) 


INTRODUCTION 


URING commercial box annealing of steel sheets or coils a num- 

ber of reactions may occur between the gas atmosphere and the 
metal depending on the particular conditions of temperature and the 
nature of the protective atmosphere used. For this reason choice of the 
proper atmosphere for a given application is important. Often de- 
carburization or carburization of steel is of primary importance, but in 
many other cases a clean, bright steel surface is desired and a protec- 
tive atmosphere is required. 

Although pure inert gases such as argon provide simple nonreactive 
atmospheres for heat treating metals, these atmospheres cannot be used 
commercially because of the expense and because of the inability of 
such gases to prevent oxidation of the metal by oxygen, carbon dioxide 
and water vapor, traces of which are present in most commercial 
furnaces. Fuel-gas atmospheres, which were commonly used in the 
past, contain hydrocarbons which break down and deposit carbon on 
both the metal and the furnace. Thus, new atmospheres and gas gen- 

A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 

The authors, R. M. Hudson and G. L. Stragand, are associated with the Ap- 
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Manuscript received April 4, 1959. 
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erators for producing them were developed for specific purposes, in 
most cases from the reaction of fuel gas and air. For some applications 
protective atmospheres are prepared from cracked ammonia and by 
product nitrogen (from liquid-air plants). 

The basic principles governing the chemical reactions that occur 
during heat treatment of steel are well known. The probable direction 
of the reversible reactions that can occur during heat treatment can be 
predicted from a knowledge of furnace gas composition and equilibrium 


/ 


constant data. Often the accurate analysis of a reactive componet 


present in low concentration in the gas atmosphere presents a problem 
but equilibrium-constant data are available for most of the reactions 
involved in the heat treatment of iron and steel (1,2,3).' 
The principal reactions are listed below : 
CO+H:0=CO.+H:. Ki=co2"n/?co’mo 
CO,++Fe ~Fex0, +CO Ke="co/"co 


H,O+*Fe=!Fe,Oy+He Ks=?x2/?a20 ? 
C+CO.=2CO Ky=("co)?/"co $ 
2H2+C=CH, Ks=cus/(? x2 5) 

Fe;C+CO.=2CO+3Fe Ke= (co) ?/"co 6 

Fe;C+2H2=3Fe+CH, Kr="cua/(?n 7 
C+H,O=H:+CO Ks=?g2"co/?mo 5 


To these reactions we might add those involving the alloying elemen 
of steel and those of inclusions and surface contaminants such as oils 


+ 


but for carbon steels the above reactions will suffice to describe most 
practical situations 


Monden and Skroch (4) have reported that steels evol 


ive a ¢ onsidet 


able volume of gas during box annealing. We have also observed similar 


changes in furnace gas composition during many commercial box 
annealing operations. To better understand the changes in furnace gas 
composition that occur during heat treatment of steel in controlled 
atmospheres, a series of experiments was conducted to study (a) the 


amount and composition of gases evolved from steel during heating 

vacuum and (b) the within-coil and furnace-gas-composition chang¢ 
occurring during box annealing of tightly wrapped light-gage steel 
coils in commercial atmospheres. Information on gas composition 
within coils is of interest because the observed changes in furnace g: 


composition can occur only through reactions of annealing-gas con 
ponents with the steels and surface organic contaminants, reactions of 
oxides in steel with carbides, and desorption of hydrogen from stee 
An example of the important effect that annealing gas composition ¢ 
have on the surface properties of steel is indicated by work, described 
elsewhere (5), on the effect of annealing atmosphere on the rate otf 
pickling of tin-plate steels by acids. 


1 The figures appearing in parentheses pertain to the references appended t 
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EXPERIMENTAL 
Vacuum-Degassing Experiments 
Vacuum-degassing experiments were conducted with a furnace hav- 
ing a silica combustion tube connected to a small McLeod gage, a 
barometer, and a Toepler pump. The steel lots studied are listed in 
Table I with chemical compositions. Samples A and E were from one 
steel coil and samples B and F were from another steel coil. Specimens 
from A, B, C, D, E and F were cut in coupons of size 3 x 2 x 0.01 inches 
and were cleaned with benzene. Specimens from G, H and I were cut 


Table I 
Materials Used in Vacuum-Degassing Tests 
Processing Composition, % 

Sample Stage ( Mn P Ss Si Cu Ni Cr 
\ Hot-rolled, pickled 0.095 043 OO11 0.029 0.010 0.02 0.01 0.01 
B Hot-rolled, pickled 0.095 0.42 0.012 0.029 0.010 0.02 0.01 0.01 
"Bs As cold reduced 0.10 0.45 0.006 0.027 0.008 0.05 0.02 0.01 
D As cold reduced 0.10 0.37 0.012 0.027 0.010 0.02 0.02 0.02 
E As box annealed 0.095 0.43 0.011 0.029 0.010 0.02 0.01 0.01 
Ik As box annealed 0.095 0.42 0.012 0.029 0.010 0.02 0.01 0.01 
G Normalized 0.015 0.06 0.004 0.025 0.001 0.04 0.02 0.01 
H Normalized 0.065 0.30 0.010 0.029 0.01 0.06 0.15 0.01 
I* Normalized 0.069 0.30 0.015 0.007 0.07 0.08 0.11 0.03 
* Also contained 0.38 I 


in coupons of size 3 x 2 x 1/32 inches and were similarly cleaned. Be- 
tween 60 and 90 grams of steel were used in each experiment. Coupons 
were placed in the combustion tube, and the system evacuated at room 
temperature by a mechanical pump. After evacuation to a pressure of 
0.03 to 0.07 mm Hg, the apparatus was closed off from the pump and 
the specimens were heated by using one of two gas-extraction pro- 
cedures. 

In one procedure, a specimen was heated rapidly to 1000 °F and held 
at temperature for 30 minutes, during which time gases were evolved 
and the pressure was noted. For steel lots A, B, C, D, E and F the 
specimens were heated by 50-degree intervals to 1350 °F, with a 30- 
minute hold time at each temperature. For steel lots G, H and I the 
specimens were heated by 100-degree intervals to 1600°F, with a 
30-minute hold time at each temperature. The pressure change ob 
served is proportional to the amount of gas evolved and the absolute 
temperature, since the volume of the system is constant. After the final 
30-minute extraction, the total gas sample was removed by the Toepler 
pump and analyzed by means of a semi-micro method developed by 
Toensing that was similar to that of Nash (6). The over-all precision 
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Table Il 
Steel Coils Used in Within-Coil 
Gas Composition Studies 
Tests in Width wt Treatment 
Coil Which Used Gage, in in Ibs Before Anne g** 
J 1, 2* 0.009 35% 5360 HR, P, CR, CI 
K 3 0.009 35% 6340 HR, P, CR, CL, CI 
I 4 0.009 41% 6260 HR, P, CR I 
M 5 0.010 344 7070 HR, P, CR 


* Test 2 was a re-anneal of the coil used in Test 1 
* HR =Hot Roll 
P = Pickle 
CR =Cold Reduce 
CL =Electrolytic Alkaline Cleaning 


Table II! 
Steel Composition for Material Used 
in Within-Coil Gas Composition Studies 


or 


Composition 


Coil ( Mn P . S ; 
J 0.08 0.34 0.007 0.035 0.006 0.0 
K 0.07 0.38 0.009 0.037 0.006 0.02 
s 0.08 0.47 0.009 0.042 0.005 0.02 
M 0.10 O41 0.008 0.035 0.004 0.11 


of this method is better than +1.0% of the sample analyzed. Nitrogen 
was determined by difference. The error in gas-volume measurements 
was about +0.1 cc. 

In the other procedure, after the system was evacuated, individual 
specimens of lots G, H and I were heated to temperatures in the rang 
1000 to 1600 °F and held at temperature for 24 hours. The evolved 
gases were then removed by the Toepler pump and analyzed as in the 
first procedure 


It has been observed that thin-walled vessels of quartz or glass are 
permeable to hydrogen and helium at high temperatures (7). The 


amount of hydrogen that could be lost by this phenomenon during the 
experiments described is, however, negligibly small 


Within-Coil Gas Composition During Box Annealing 


Test coils of light-gage steel (approximately 0.010-inch thickn 
were annealed separately in the bottom tier position of a three-high 
single-stand commercial base with two other coils present during eacl 
experiment to provide sufficient charge to avoid too rapid heating of 
the test coil during firing. A total of five such experiments were con 
ducted. The coil size and weights and treatment prior to annealing ar« 
given in Table II. Steel-composition data are given in Table III. The 
second experiment was made using the annealed coil from the first 
experiment. In each instance the test coil was at the bottom of the stack 


hm 
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Wells of 2-inch diameter were drilled radially into the test coils to a 
depth of 5 inches at two locations—one 3 inches from the coil edge and 
another at the middle of the coil. To each well was fitted an adapter of 
low-carbon steel to which was welded stainless-steel tubing (AISI 
Type 309, \%-inch I.D.) which was directed through the annealing 
furnace base to the sampling point. The approximate volume of each 
pocket was 200 cubic centimeters and the volume of the stainless steel 
tubing was approximately 25 cubic centimeters. To each stainless steel 
tube end was connected a metal stopcock, and to this were attached rub- 
ber pressure tubing, a three-way stopcock to permit sweeping out of 
the dead-space volume with mercury prior to sampling, and rubber 
pressure tubing to which the glass gas sampling bulbs were connected. 

The protective atmosphere supplied to the base contained 4 to 6% 
hydrogen at a dew point of —60 °F or less. After the furnace was fired, 
the entire tubing system was pumped out initially with a vacuum pump 
ior about fifteen minutes to remove air from the lines. Gas samples 
were taken from the “edge” and “center” locations in the coil period- 
ically during the box annealing cycle. Most gas samples were taken for 
Orsat analysis. A few gas samples were also taken for mass spectro- 
metric analysis. Samples of inlet and outlet gas from the furnace were 
also taken during the experiments and dew-point determinations were 
made by the dew-point cup method. 

A record of stand temperature (measured by thermocouples located 
in the base of the annealing furnace) was kept for the entire annealing 
cycle. Wrapped-in thermocouples were used in the last two experiments 
to measure coil temperatures at locations near the edge and center 
pockets from which gas samples were periodically taken. 


RESULTS AND DISCUSSION 
Vacuum-Degassing Experiments 

Vacuum-degassing data for steels A, B, C, D, E and F are shown 
in Fig. 1. In these experiments specimens were held for one-half hour 
at each of the indicated temperatures over the range 1000 to 1350 °F. 
The compositions of the gases evolved and collected over this range are 
given in Table IV. The amount and composition of gases evolved in 
vacuo depends upon the stage of processing of the steel. The total 
amount of gas evolved from specimens that had been hot-rolled and 
pickled was higher than the amount of gas evolved from specimens that 
had been commercially box-annealed (A vs E and B vs F). The as- 
cold-reduced specimens (C and D) were taken from different coils 
than the other materials. The amounts of gas evolved from C and D 
are probably representative of the order of magnitude of gas evolution 
from cold-reduced steel though direct comparison cannot be made with 
the annealed steels. The evolved gases were principally carbon monox- 
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Table IV 
Gas Evolution Data from Vacuum-Degassing 
Tests 1000 to 1350°F. 


Volume of Gas Evolved Composition of Evolved Gas 

Sample cece(STP)/100 g ‘oO He CO: 
A 4.6 64.0 30.0 2.1 
B 4.8 64.3 28.3 2.6 1.3 
Cc 3.7 42.5 27.1 0.0 30.4 
D 2.8 49.5 28.4 0.7 1.4 
E 3.1 59.3 25.2 0.2 
F 2.8 59.7 17.6 1.5 


| 
| 
| 
| 








Fig. 1—Vacuum Degassing of Steel (held % hour at eact t at 
temperature) 


Table V 
Gas Evolution Data from Vacuum-Degassing 
Tests, 1000 to 1600 °F 


Volume of Gas Evolved Composit 
Sample STP)/100 g co H CO 
G 7.2 65.2 20.8 4.3 
H 7.0 64.2 34.3 0.0 
I 2.7 11.1 81.4 0.0 
ide, hydrogen, and nitrogen. The nitrogen content of the evolved gas 


from hot-rolled, pickled specimens, however, was very low 

Similar techniques were used to study vacuum degassing from spe: 
mens G, H, and I except that specimens were held for one-half hour at 
each of the indicated temperatures over the range 1000 to 1600 °! 
Vacuum-degassing data are shown for these steels in Fig. 2 and the 
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Fig. 2—Vacuum Degassing of Steel (held % hour at each indicated 


temperature). 


Table VI 
Gas Evolved on Heating Under Vacuum 
Separate Specimens Held for 24 Hours at Each Temperature) 


Total Volume of Gas Composition 

Temperature Gas Evolved, cce(STP)/100 g 
Sample °F ce(STP)/100 g co He COs Nz 
G 1000 1.0 0.5 0.3 0.1 0.1 
1100 5.6 3.2 1.5 0.5 0.4 
1200 4.7 3.1 1.3 0.1 0.2 
1300 6.2 43 1.6 0.0 0.3 
1400 8.9 6.5 2.4 0.0 0.0 
1500 15.2 12.5 2.5 0.0 0.2 
1600 17.7 14.6 2.1 0.0 1.0 
H 1200 10.0 6.0 3.2 0.0 o8 
1400 10.2 6.3 3.6 0.1 0.2 
1600 10.1 4.9 5.1 0.0 0.1 
I 1200 2.2 0.2 1.8 0.0 0.2 
1400 3.0 0.2 2.8 0.0 0.0 
1600 35 0.1 3.3 0.0 0.1 


compositions of gases evolved over the temperature range studied are 
given in Table V. For specimens G and H the amount of evolution of 
gas was not uniform with temperature whereas for specimen I, the 
titanium bearing steel, the amount of evolution was rather constant over 
the temperature range studied. (Actually gas was not continuously 
collected during temperature rise so that rates of evolution were not 
measured.) The total amount of hydrogen evolved (1.5, 2.4 and 2.2 
cc(STP)/100 g, respectively) was of the same order of magnitude 
for these three steels when 30-minute extraction cycles were employed. 
Much more carbon monoxide was evolved, however, from specimens G 
and H than from I—evidence of more stable carbides, presumably 
titanium carbide, in the latter sample. 
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By using the other extraction procedure (specimens held for 24 
hours at each temperature) for specimens G, H, and I, it was learned 
that most of the gas collected was given off in the first few hours, the 
evolution rate diminishing appreciably by the end of the 24-hour period 
For specimens G and I, the total amount of gases evolved in 24-hour 
extractions generally increased with increasing temperature, whereas 
specimen H evolved nearly the same total amount of gas from 1200 to 
1600 °F, Table VI. The amount of hydrogen evolved from all three 
steels generally increased with increasing temperature. For specimen G, 
the amount of hydrogen was about the same for extractions made at 
1400, 1500 and 1600°F. The amount of carbon monoxide, negligible 
for specimen I, increased with temperature for specimen G; at 1600 °F, 
more than 80% of the gas extracted from G in the 24-hour period was 
carbon monoxide. 

Lucian and Kautz (8) studied the composition of gases evolved 
when steel was heated in vacuo and reported that below 1200 °F th 
evolved gas contained He, H2O, CO, COs and Nz and that between 
1200 and 1600 °F the gases were principally CO, COz and Noe. The 
increased amount of CO evolved at higher temperatures for our Sample 
G (Table VI) agrees with their observations. Kautz (9) claims that th: 
oxidation of carbon in steel is the major source of evolved gases 


Within-Coil Gas Composition 


The results of the within-coil gas-composition studies made are giver 
in Figs. 3 through 10 and in Tables VII through X. 

The time-temperature cycles for the five tests are shown in Fig. 3 
The change in furnace gas (exit gas) composition that often occurs 
during coil annealing is indicated in Fig. 4 where the data obtained in 
the third annealing test have been selected as representative. The gas 
supplied to the furnace during this particular experiment contained 
from 5 to 6% hydrogen, less than 0.1% water vapor with the balanc: 
nitrogen. The changes in furnace atmosphere composition are typical 
of those that often occur during commercial annealing although th 
actual concentration of CO, COs and H2O in the atmosphere will d: 
pend on the rate at which gas is supplied to the base, the heat treatment 
cycle, and the composition and prior processing of the steel. 

The within-coil gas composition was different from the compositio1 
of the atmosphere surrounding the coils, these differences being par 
ticularly noticeable during the heating portion of the cycle and for th 
center-of-coil location rather than the edge location, Figs. 5 through 
10. The numbers on the curves refer to the five experimental tests. The 
atmosphere within a coil is partially derived from gases evolved by the 
steel itself and from gases adsorbed on the steel surface, such as oxygen 
and water. Steels contain various amounts of dissolved hydrogen fron 
prior pickling and other processing operations and some hydrogen may 
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Table VII 
Composition of Gas Within Edge Pocket During Box Annealing 
Experiments (Mass Spectrometric Analyses) 














CiHs 


eco 
ooo 


eocessce 
ecoosesce 


0.0 


Steel 
Time After Tempera- 
Firing, ture Composition, % 

Experiment hr: min °F COs co Ha >He Na A H:0 CrHs 
5:45 1010 0.2 04 5.2 0.0 93.1 1.1 0.05 0.0 
9:10 1145 0.3 0.4 43 0.0 93.9 1.1 0.02 0.0 

21:30 1210 0.1 04 5.6 0.0 92.8 1.1 0.07 0.0 
4:10 540 0.6 1.9 7.7 0.0 88.7 1.0 0.02 0.0 
6:50 900 0.9 3.3 64 0.04 88.4 1.0 0.00 0.0 

19:05 1185 0.3 1.0 7.0 0.05 90.6 1.0 0.00 0.0 
5:10 620 0.6 0.4 6.2 0.2 91.4 1.0 0.02 0.23 

10:55 1100 0.3 2.2 5.2 0.0 91.2 1.2 0.01 0.0 
18:40 1180 0.1 1.1 5.9 0.0 91.8 1.1 0.06 0.0 
15:55 1110 0.3 1.0 5.6 0.1 91.8 1.1 0.19 0.0 

23:40 1200 0.3 1.1 5.8 0.1 914 1.1 0.30 0.0 
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Fig. 3—Time—Temperature Cycles During Box Annealing Experiments. 


be evolved during heating; the latter phenomenon is probably re- 
sponsible for the increase in hydrogen within the coil for the third 
annealing test, Figs. 9 and 10. The steel contains some oxygen, largely 
as iron oxide, and this tends to react with the carbon in the steel to form 
carbon monoxide and carbon dioxide, Figs. 5 through 8. An additional 
amount of carbonaceous gases can be produced by reaction of water and 
oxygen with surface organic contaminants such as oils from the cold 
reduction process. The coil used for the fifth annealing test was not 
cleaned before annealing and higher amounts of CO and COg were 
correspondingly found in the gases collected from within the coil dur- 








144 TRANSACTIONS OF THE ASM \ 52 


jubieenianatineipmmanpininiaial 
—_——) 
7 " ite 
A 
4 dn 
a 
a 
e °@ si e —~ 
L e-8~— ~~ 





Fig. 4—Changes in Composition of Furnace Gas During 
Third Box Annealing Experiment 





Fig. 5—Amount of Carbon Dioxide Present in Gas 
Sampled From Coil Edge 


ing annealing. If the amount of such surface contamination is hig! 


cracking of the oils can result in the formation of such hydrocarbons 


as ethane, ethylene and propylene, Tables VII and VIII. Even for 


well-cleaned coils small amounts of methane are found in the within-coi! 


gas. 


The maximum amounts of CO, COs, He and CH, found by Orsat 


analysis in within-coil gas samples are shown in Table IX for the five 


experiments cited. Although the amounts of these constituents foun 


may seem large, it must be emphasized that these gas mixtures are 
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Fig. 6—Amount of Carbon Dioxide Present in Gas 
Sampled From Coil Center. 
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Fig. 7—Amount of Carbon Monoxide Present in Gas 
Sampled From Coil Edge. 
Table VIII 
Composition of Gas Within Center Pocket During Box Annealing 
Experiments (Mass Spectrometric Ana yses) 
Time Steel 
After Temper- 
Experi- Firing, ature Composition, % 
ment hr:min, °F COs co Ha CHa Ne / HO CsHa CiHe 
2 5:52 1020 03 0.3 5.5 0.0 92.8 1.1 0.02 0.0 0.0 
2 9:20 1150 04 1.1 4.6 0.0 92.8 1.2 0.06 0.0 0.0 
2 21:25 1210 0.1 0.9 5.6 0.0 92.3 1.1 0.03 0.0 0.0 
3 4:20 540 0.6 0.9 7.8 0.17 89.4 1.0 0.01 0.0 0.0 
3 7:15 900 1.7 44 7.8 0.19 84.9 1.0 0.00 0.0 0.0 
3 19:20 1185 0.2 1.1 7.0 0.02 90.7 1.0 0.00 0.0 0.0 
4 5:20 620 0.8 1.3 69 046 88.5 1.1 0.01 0.69 0.17 
4 11:05 1100 0.9 3.1 4.9 0.0 89.9 1.1 0.01 0.0 0.0 
4 19:00 1180 0.1 0.6 5.6 0.0 92.7 La 0.01 0.0 0.0 
5 7:45 620 6.1 0.0 2.1 2.8 81.8 0.7 0.01 3.6 2.34 
16:15 1110 0.6 2.6 6.1 0.1 89.5 1.0 0.16 0.0 0.0 
23:50 1200 0.1 0.6 6.5 0.1 91.3 1.1 0.0 0.0 


0.30 
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Table IX 
Maximum Amounts of Hs, CO:, CO and CH, 

Found During Sampling of Within-Coil Gases 
a Maximum Amount, % 


Test Location Hs CO: co Cc 


He 
1 Edge 6.2 1.1 49 0.0 
Center 10.4 8.0 12.4 1.0 
2 Edge 7.0 1.5 2.2 0.0 
Center 7.3 2.0 3.4 0.0 
3 Edge 99 2.0 2.9 0.0 
Center 95 2.6 4.4 0.3 
4 Edge 6.2 09 2.0 0.3 
Center 7.0 1.5 4.1 co 
5 Edge 5.7 0.5 1.2 09 
Center 8.1 18.7 11.1 6.1 
Table X 
Reaction Tendencies for Within-Coil Gas Test No. 4 
Edge Pocket 
Time After Firing, hr: mir 5:10 10:55 18:40 25:40 29:50 
Edge Strip Temp., F* 700 1120 1185 760 525 
% COr 0.6 0.3 0.1 0.1 0.1 
% CO 0.4 2.2 1.1 0.2 0.2 
% He 6.2 5.2 5.9 5.9 5.6 
% CHa 0.2 0.0 0.0 0.0 0.0 
% HsO 0.02 0.01 0.06 * . 
°CO/°CO: 0.67 7.3 11 2 
oxidizing-reducing equil red. red red. 
(PCO) 2/°CO2 2.68 X107* 1.61 X10™! 1.21 xK10~™! 4x107% 4x10 
carb.-decarb carb carb decarb arb art 
°C Ha/(?H2)* 0.52 0 0 0 
carb.-decarb decarb decarb. decarb. decarb 
»COPH:/"H:0 1.24 11.4 1.1 . . 
carb.-decarb carb carb. carb. ° ° 
P?H:/?H:0 310 520 98 * * 
* * 


oxidizing-reducing red red red 


* Not Determined 


generally reducing and decarburizing in character as shown by 
equilibrium-constant data and the many observations that have been 
made of the center of annealed strip, which is usually bright and free of 
carbon deposits. Equilibrium computations for the fourth annealing test 
are shown in Tables X and XI for within-coil gas and in Table XII for 
the furnace gas (exit gas) for illustrative purposes. The ratios 
Pco/Pco,, (Pco)*/Ppco,, Pen, /(Pu.)*, PcoPa,/Pa,o and px,/px,o are 
shown and the reaction tendency indicated in each case as determined 
by comparison with the appropriate equilibrium-constant data. Al 

though a slight decrease in “surface carbon” analyses was found follow 

ing annealing of this material, bulk carbon analyses on the steel did not 
change so that the actual amount of decarburization or carburization 
was small. 
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Fig. 8—Amount of Carbon Monoxide Present 
Sampled From Coil Center 
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Fig 9 
From Coil Edge. 
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Amount of Hydrogen Present in Gas Sampled 


For both the edge pocket and the center pocket, reducing conditions 


were maintained with respect to the reactions * Fe 


CC do = } Fe,O, + 


CO and * Fe + H,O = ! Fe,O, + He. Conditions were decarburizing 


with respect to the reaction C 
spect to the reaction C 


2H» = CH, and carburizing with re- 
H2O = CO + Hz for both locations. At these 


locations conditions were carburizing during heating and cooling but 
were decarburizing during the “soak” period with respect to the reac- 


tion C + CO. = 2CO. 





x 
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Fig. 10—Amount of Hydrogen Present in Gas Sampled 
From Coil Center. 


Table XI 
Reaction Tendencies for Within-Coil Gas Test No. 4 
Center Pocket 








Time After Firing, hr:min. 5:20 11:05 19:00 25:40 29:50 
Center Strip Temp.,*F 620 1100 1180 720 535 
% COs 08 0.9 0.1 0.2 i 
% CO 1.3 3.1 0.6 0.3 0 
% He 6.9 49 5.6 7.0 5 
% CHa 0.6 0.0 0.0 0.0 oO. 
% HO 0.01 0.01 0.01 * . 
°CO/°COs 1.63 3.44 6.0 1.5 
oxidizing-1educing red red. red, red 
(PCO) 2/°COs 2.12 *10-2 1.07 X10-! 3.61072 4.51079 410 
carb.-decarb carb carb decarb carb art 

PC H4/(PH2)* 1.3 0 0 0 
carb -decarb decarb decarb decarb decarb de 

Pp 

eCOPH: 90 15 2 3 4 > 

PHO 
carb.-decarb carb carb. carb . . 
°H2/?H:0 690 490 560 * 
oxidizing-reducing red red. red + 








* Not Determined 


Inasmuch as a decarburizing condition sometimes exists with respec 
to one reaction at the same time as a carburizing condition exists with 
respect to another reaction, it is obvious that unless more information 
is obtained on reaction rates, prediction of net results cannot always 
be made with great certainty. The determination of these rates would 
represent a major contribution to our understanding of gas-metal re 
actions during the heat treatment of steel. 





al 
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Table XII 
Reaction Tendencies For Furnace Gas Atmosphere 
With Outer Wraps of Coil (Test No. 4) 


Time After Firing, hr: min. 1:00 11:10 19:10 26:25 
Edge Strip Temp., °F 160 1120 1180 730 
% COr 0.6 0.5 0.1 0.2 
G% CO 0.7 1.1 0.5 0.3 
% Hs 2.0 4.6 1.9 54 
% CHa 0.0 0.0 0.0 0.0 
% H:0 1.8 09 0.6 0.01 
eCO/CO: 1.2 2.2 5.0 1.5 
oxidizing-reducing red. red red red. 
(pCO)?/eCO: 8.4 xX10-% 2.4X10-? 2.5 X10-2 4.51073 
carb.-decarb. carb. decarb. decarb carb. 
eCH4/(pH:)? 0 0 0 0 
carb.-decarb decarb decarb decarb decarb. 
PCOPH2/PH20 7.7 X10-% 5.6 X10-3 4.1107? 1.6 
carb.-decarb carb. decarb decarb. carb. 
PH:/eH20 1.1 5.1 8.2 540 
oxidizing-reducing oxid. red. red. red. 
Table XIII 
Sheet Analyses for Surface Carbon 
Surface Carbon 
mag/ft 

Test Condition Edge Center Edge 

3 Before annealing 0.48 0.61 0.41 

After annealing 0.44 0.37 0.29 
4 Before annealing 0.57 0.63 0.41 


After annealing 0.44 0.44 0.25 


Certain other observations will be evident on inspection of the tables 
and figures. In the first test considerably higher amounts of carbona- 
ceous gases were detected than when the original coil was reannealed 
in the second test. “Surface carbon” analyses were made on the steel 
used in Tests 3 and 4 by using a low temperature combustion technique 
developed by Boggs (10). In this method over 97% of the carbon con- 
tained in samples of oil of known composition on steel surfaces can be 
determined. The amount of “‘surface carbon” on steel, Table XIII, is 
lowered by annealing. On as-cold-reduced uncleaned steel the amount 
of surface carbon may be as high as 20 mg/ft?. 

The fact that the gas mixture near the center of the coil displays a 
higher build-up of carbonaceous gases than the gas mixture near the 
edges of the coil is an indication that during coil annealing the influence 
of the gas atmusphere surrounding the coil may not be nearly as great 
on the steel at the center of the coil as the influence of the surrounding 
atmosphere on the steel at the edges of the coil. In cases where the sur- 
face properties of a steel are influenced by the contact of the metal with 
the gas atmosphere, differences in gas composition within a wrapped 
coil should be considered. 
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CONCLUSIONS 

Considerable amounts of gas are evolved from steel by heating in 
vacuum at elevated temperatures. Gas-metal reactions during heat treat 
ment produce changes in furnace atmosphere composition. Experiments 
were conducted in which gas samples were taken from the atmosphere 
surrounding steel coils and from within steel coils during annealing 
The composition of the furnace gas during annealing is different from 
that supplied to the furnace and the composition of the gas mixture 
within the coil is different from both of these. The presence of carbo- 
naceous gases within the coil may result from reactions such as oxi 
dation of carbides by water or by oxides and from thermal cracking 
and oxidation of organic material, such as cold-reduction lubricants, 
that is present on the steel surface. [n studies of the effect of controlled 
atmospheres during heat treatment on the surface properties of steel, 


the role of gases derived from reactions within and on the steel must be 


taken into account. 
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DISCUSSION 


Written Discussion: By H. M. Davis, professor of Cinemical Metallurgy, 
Pennsylvania State University, University Park, Pa. 

Hudson and Stragand have performed a needed investigation and have carried 
out the engineering phase of their experiments with extraordinary nicety. On the 
other hand, the data reported on the vacuum degassing of the several steels re- 
veal an omission which may lead to a misconception about the composition of the 
gas evolved from low carbon steels in the described experimental circumstances. 
Because the pressure of the liberated gas was measured with a McLeod gage, 
the water vapor had first to be removed and has not been reported. Yet water is 
a normal component of the gases collected from low carbon steels. In our labora- 
tory, hot extraction from such steels at temperatures from 300 to 800°C (570 to 
1470 °F) always produces water vapor (See the following table. ). 


Gases Evolved from Low Carbon Steels (<0.05% C 
in Five Minutes at 800°C (1470 °P) 





Total Volume Percentage Composition 
STP, 
Sample cc/100 g Steel He H:0 CO CO: Res 
1 3.96 12.9 13.2 72.5 0.88 0.58 
2 3.70 18.9 21.6 58.7 0.27 0.60 
3 3.14 6.32 26.8 61.5 4.94 0.32 
4 70.2 2.82 0.58 


3.44 6.98 19.7 


Inasmuch as the metal is not known to contain water, steam extracted from 
dried steel presumably is derived from the union of oxide ion with escaping 
hydrogen at the surface of the steel. We therefore have concluded that water 
collected during hot extraction is merely hydrogen that has incidentally been 
oxidized, and that it should be counted, mol for mol, as hydrogen evolved from 
the steel. In this conception, the figures for hydrogen given by Hudson and 
Stragand must be considered low. 

The authors suggest that the smaller evolution of carbon monoxide from speci 
men I than from G and H is attributable to the presence of a stable carbide 
(titanium carbide) in the titanium-bearing steel. Another fact of composition 
may be of greater moment. If steel I contained titanium, it had first been killed 
with a deoxidizer such as aluminum, or (wastefully) with an excess of titanium 
itself. The titanium-bearing steel, therefore, held insufficient oxygen for the 
formation of much CO, even if many carbon atoms did diffuse to the surface of 
the specimen during the hot extraction 

Written Discussion: By R. R. Hartwell, assistant to manager, Technical Serv 
ice Division, American Can Company, Maywood, III. 

We are sure that all interested in the corrosion resistance of tin plate will wel 
come the results of this extensive investigation. This information, together with 
that in the authors’ previous paper, help clear up a number of points about the 
pickle lag effect on tin plate steels. 

We would like to hear further comment about two of the results obtained. The 
first of these appears in Table IV where the same steels in the box annealed 
condition (E and F) unexpectedly evolve more nitrogen than in the hot strip 
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stage (A and B). The other concerns Table IX which shows that the proportions 
of CO and CO: obtained in the center of coil samplings is much greater in test 1 


2 


than in 3 or 4. Is there any explanation for either of these observations 


Written Discussion: By T. G. Owe Berg, Materials Research Group, Douglas 
Aircraft Company, Inc., Long Beach, Calif 

This paper contributes much valuable information on the exchange betwe: 
metals and their gaseous environment. It is to be hoped that these studi 
be extended to comprise rate measurements. As they stand, the data should per 
haps not be pressed beyond the interpretation given by the authors. Nevertheless 
there are certain features which are drastic enough to be conclusive, althoug! 
they may yield additional conclusions when supplemented by rate data 

One such feature, pointed out by the authors, is the small yield of CO fr 


Ti-bearing steel. Another such feature is the large effect of cold work upon the 
yield of Ne. I would like to comment on this latter feature. 
No detail information is given in the paper on the various treatments. H 


ever, they may be assumed to be similar to the same treatments 
investigations by Hudson et al. Then, “as box annealed” means cold work: 
partly recovered as evidence by the effect of this treatment upon hydrogen 
absorption and desorption (2). The data in Table IV show that cold-worl 
evalves and, it may be inferred, holds much more dissolved nitrogen, by a fa 
of 10, than does hot-rolled steel. This phenomenon has been observed previously 
under related conditions but, it seems, not as a direct result of deformati he 
authors have added a valuable piece of information on this issue 

As to exchange with the environment, the essential effect of deformation is 
to create fresh surfaces on the metal on which exchange reactions may 
uninhibited by absorbed species. Such fresh surfaces are also formed in grir 
and in sliding friction. Absorption of nitrogen by steel under these condi 
has been observed by several investigators (3,4,5,6). These observation 
the formation of surface cracks in grinding 

The absorption of nitrogen in abrasion and deformation is intimaté 

lated to the Russell effect, i.e., the formation of H.O2 on freshly formed surf 


exposed to H.O and Oc. Some metals, e.g., Al, do not decompose H2Os, and the 
H.Os formed may then be desorbed and collected in quantity (7). Other meta 
e.g., Fe, decompose H.O:2 into 2OH, and the Russell effect can then be observed 


by the chemical effects of the OH. In both cases, the primary reaction is 
{ Jogas + ZH meta > H.O ads 


f metals. Thus 


Of particular interest is that H:O2 forms in deformation « 
was shown by Schaub and Liedtke (8) that H2Os2 is formed on Al subjected t 
fatigue in the elastic range 

The 2OH formed on deformed or abraded steel reacts with Ne by a direct 
reaction 


N. + 20H > HONNOH 


to form hyponitrous acid (9). This compound then reacts further to yield, eventu 
ally, nitride and dissolved N. The mechanism of this process is not important t 
the subject at hand. It may be mentioned, though, that HNO and iron nit 
intermediate products. Since all these compounds are highly unstable at 


temperatures, absorption of nitrogen by this mechanism is more rapid at low that 
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at high temperatures. In particular, there would be little absorption of nitrogen 
by this mechanism at the temperature of hot rolling 

The results presented in this paper show that nitrogen is absorbed by steel in 
plastic deformation. This is consistent with the observations referred to and also 
with the proposed reaction mechanism. It indicates that the absorption of nitrogen 
is an essential feature of the effect of cold work upon hardness and strength of 
metals. 
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Authors’ Reply 

The authors wish to thank Dr Berg, Professor Davis and Mr. Hartwell for 
their interest in this paper. 

The refinements in technique suggested by Professor Davis for experiments 
on the vacuum degassing of metals during heat treatment are desirable, and in 
any future work of this nature we would certainly adopt them 

Mr. Hartwell has pointed out that in Table [IX the amounts of both CO and 
CO, obtained in the center-of-coil gas samplings are much greater for Test 1 
than for Tests 3 and 4, even though the coils employed for all these tests had been 
similarly cleaned. Upon checking our records we find that the coil used in Test 1 
had “poor shape” compared with that of the other coils, and for this reason the 
coil in question may not have been as effectively and uniformly cleaned as the 
other electrolytically alkaline cleaned coils. 

Mr. Hartwell’s other question and Dr. Berg's discussion concerned the rela- 
tively large amount of evolved nitrogen obtained in vacuum-degassing experi 
ments with box-annealed steel compared with data for the same steels in the hot- 
rolled condition. We cannot explain this difference at the present time, though we 
find Dr. Berg’s suggested mechanism for the absorption of nitrogen by metals dur 
ing cold work to be most interesting. In work now in progress at our laboratory, 
we expect to determine whether nitrogen content in steel varies with the degree 
of cold work. Unfortunately in much of the published literature on the effects of 
cold work on the properties of steel, nitrogen analyses for the various experimental 
materials are not given 








THE IMPORTANCE OF DIRECTIONALITY IN 
DRAWING QUALITY SHEET STEEL 


By R. L. WHITELEY 


While directionality which produces earing during drax 
ing 1s generally objectionable, another component of dire. 
tionality representing differences in properties perpendicular 
and parallel to the plane of the sheet can be an asset to good 
drawability. This component of directionality can be meas 
ured in a simple tensile test by the ratio of transverse strains 
The relationship between drawability and directionality as 
measured by this strain ratio is demonstrated in a simple cup 
drawing operation. The results of the experimental work ar. 
explained by a theoretical analysis of cup drawing which al 
lows for the anisotropy or directionality of the metal 


(ASM-SLA Classification: 023q, G4; ST, 4-53) 


IRECTIONALITY in drawing quality steels has long beet 
D major interest to fabricators and the subject of several experi 
mental investigations (1,2,3).1 Usually it is recognized only in a two 
dimensional sense as indicated by differences in properties measured in 
the plane of the sheet. This “planar” directionality is, of course, readily 
observed in the press shop as “ears’’ in cup drawing operations, the 
height of the ears being indicative of the severity of the differences in 
properties. As such, directionality is usually considered objectionabl. 
drawing quality steels. 

Absence of earing during drawing does not preclude other compo 
nents of directionality in the sheet, however. Directionality is a three 
dimensional effect and its absence in the plane of the sheet does not 
assure that properties measured in a direction perpendicular or normal 
to the sheet are the same as the properties measured in the plane of the 
sheet. The “normal” directionality of a material is often more pro 
nounced than its planar directionality, and while not visually observed 
in the press shop, is nevertheless important to the press performance 
of the material. Moreover, unlike the planar directionality, normal 
directionality can be beneficial to the press performance of the material 

The importance of normal directionality has probably not been recog 
nized, because it is not visually observed in the press shop and the 
obvious difficulty of measuring properties perpendicular to the plan: 
of the sheet. However, tensile specimens of sheet material on plasti 





1 The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Forty-first Annual Convention of the Societ 
held in Chicago, November 2-6, 1959. 

The author, R. L. Whiteley, is Supervisor of Mechanical Metallurgy, Physica 
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deformation often exhibit different amounts of strain in their width and 
thickness dimensions. This behavior is a manifestation of normal direc- 
tionality and can be demonstrated (4) to be a consequence of a differ- 
ence in the strength of the material perpendicular and parallel to the 
plane of the sheet. The ratio of the width and thickness strains measured 
in a tensile specimen at any strain level is almost a constant value. This 
constant strain ratio, R, has previously been suggested as a measure of 
directionality (2,3). 

If R is measured in several directions in the sheet, an indication of 
both the planar and normal components of directionality can be ob- 
tained. Planar directionality is indicated by a difference in R in the 
different directions, while the normal directionality is indicated by the 
average value of R. A completely isotropic material would have a value 
of R equal to one in all directions. A material with an average value of 
R greater than one would be generally more resistant to thinning and 
puckering during forming than a perfectly isotropic material. Such a 
material should be desirable for most drawing operations. 

The strain ratio was first related to drawability by Lankford, Snyder 
and Bauscher (2) on the basis of the press performance of forty-six lots 
of aluminum-killed steels applied to unsymmetrical fender draws. They 
found that materials with high values of R showed better press per- 
formance than materials with low R values. However, they felt the 
correlation established could only be explained by the unsymmetrical 
nature of the fender draws, and would not persist in a symmetrical 
drawing operation. Discussions of their paper by Halley, and by Hever 
and Solter suggested that directionality indicated by high values of R 
should be as desirable for symmetrical drawing operations as for un- 
symmetrical drawing operations. The present study offers an experi- 
mental and theoretical demonstration that a relationship between 
drawability and directionality for a symmetrical drawing operation 
does exist. 

EXPERIMENTAL METHOD 

The experimental work was designed to evaluate the drawability of 
several materials of widely varying properties and directionality with 
the purpose of determining the relative effect of directionality and other 
properties upon drawability. 

Twenty-two drawing materials were tested ; sixteen low carbon steels 
(eight rimmed and eight aluminum-killed), two stainless steels, two 
aluminum alloys, commercially pure copper and 65/35 brass. These 
materials ranged in yield strength from 5000 psi. to 45,000 psi in total 
elongation from 25 to 50%. The average strain ratio, R, ranged from 
0.6 to 1.6 indicating a considerable degree of normal directionality in 
certain materials. The stainless steels and nonferrous metals were all 
commercially processed, but some of the low carbon steels were spe- 
cially treated to attain a greater range of properties than ordinarily en 
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Table I 
Description and Mechanical Properties of Materials Tested 
Yield Tensile 
Code Strength Strength El 
No. Material Condition psi psi in 2 hes 
10 Rimmed steel Annealed! 23,200 38,500 43.6 
il Rimmed steel Annealed 31,600 43,600 41.5 
18 Rimmed steel Annealed 31,300 42,900 41.0 
22-1 Rimmed steel As skin rolled 25,700 45,500 39.3 
22-2 Rimmed steel Aged 43 days 31,300 45,200 36.7 
23 Rimmed steel As skin rolled 26,700 44,400 36.4 
24 Rimmed steel As skin rolled 24,700 43,000 40.1 
25 Rimmed steel As skin rolled 26,900 44,600 39.7 
1 Killed steel As skin rolled 23,200 45,100 6.3 
2 Killed steel Annealed! 14,400 41,400 42.0 
14 Killed steel As skin rolled 24,600 43,900 10.6 
19 Killed steel As skin rolled 24,600 45,100 40.1 
20 Killed steel As skin rolled? 27,300 45,600 37.8 
21 Killed steel Annealed 31,300 44,700 40.6 
34 Killed steel As skin rolled 19,800 42,500 42.2 
38 Killed steel As skin rolled 23,700 44,700 40.5 
3 430—Stainless Annealed 45,400 78,200 5 
6 301—Stainless Annealed 43,200 93,900 50 
2SO—Aluminun Annealed 5,200 13,300 34.6 

5 52SO—Aluminur Annealed 12,800 28,200 25.8 
7 Copper* Annealed 12,300 31,300 43 
9 65/35 Brass Quarter hard 38,600 55,500 37.0 

Notes: 


' Annealed ir wet H: 
2 Skin re lied 2 
3 Commercially pu re copper 


countered commercially. A brief description of the materials and their 
properties is given in Table I. 

The drawability of each material was evaluated by determining the 
largest blank of the material which could be successfully drawn into 
2-inch flat-bottomed cup like that shown in Fig. 1. This drawing opera 
tion was carried out on a small drawing press (5) under conditions 
proposed by the Swift-Cup-Forming Sub-Committee of BISR 6 
The procedure followed was to draw successive blanks of increasing 
diameters until the blanks failed to draw. The drawability of the mat: 
rial was then expressed as the ratio of D, the diameter of the larges 
blank successfully drawn, to d, the diameter of the drawn cup, (in this 
case two inches). The ratio D/d is called the drawing ratio. 

The directionality of each material was determined by measuring the 
strain ratio, R, at different angles to the rolling direction. This was 
done by measuring the longitudinal and width strains of a 34-inch wide 
parallel sided specimen elongated approximately 20%. The longitudinal 
strain was measured over a 2-inch gage length while the width strai 
was the average of five values measured within the 2-inch gage lengt! 
On the assumption that the volume of the specimen is constant during 
plastic deformation, the strain ratio, R, was then calculated from thes¢ 
values of width and length strains (3). Strain ratios determined by this 
procedure were found to be more accurate and reproducible than values 
obtained by measuring the thickness strains directly. Other mechani: 
properties were determined by standard tests. 
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Fig. 1 


Initial Test Blank and Final Cups Formed in a Successful and an Unsuccessful Cup 


Drawing Test. Earing of the successfully formed cup is a result of the planar directionality 
of the material 


EXPERIMENTAL RESULTS 
Considering the extreme range of properties in the materials tested, 
the range of drawabilities as measured by the drawing ratio was not 
great. The best material, an aluminum-killed steel, had a drawing ratio 


Table Il 
Drawability and Directionality of Materials Tested 
Drawability Directionality 
Maximum Direction of Average Direction of 

Code Drawing Ratio earing, Strain Ratio Maximum R, 
No D/d Angle to R. D Raves Angle to R. D. 
10 2.175 0°, 90° 1.01 0°, 90° 
11 2.15 0°, 90° 1.12 0°, 90° 
18 2.20 0°, 90° 1.11 0°, 90° 
22-1 2.175 0°, 90° 1.13 0°, 90° 
22-2 2.175 0°, 90° 1.10 0°, 90° 
23 2.175 0°, 90° 1.30 0°, 90° 
24 2.20 0°, 90° 1.28 0°, 90° 
25 2.175 0°, 90° 1.10 0°, 90° 

1 2.25 0°, 90° 1.48 0°, 90° 

2 2.30 0°, 90 1.62 0*, 90° 
14 2.225 0°, 90 1.64 0°, 90° 
19 2.25 0°, 90° 1.35 0°, 90° 
20 2.25 0°, 90 1.34 0°, 90° 
21 2.225 0°, 90° 1.40 0°, 90° 
34 2.225 0°, 90° 1.54 0°, 90° 
38 2.20 0°, 90° 1.34 0°, 90° 

3 2.15 0°, 90° 1.13 2214°, 90° 
6 2.175 No ears 0.93 No max. 

4 2.10 0°, 90° 0.65 0°, 90° 

5 2.125 0°, 90° 0.58 0°, 90° 

7 2.225 No ears 0.95 No max. 

9 2.15 No ears 0.74 No max. 


| 
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O 90 
Angle to Rolling Direction - degrees 
lig. 2—Typical Directional Variation of the Strain 
Ratio, R Observed in All the Low Carbon Steels 
Tested. Steels 1 and 19 are drawing quality aluminum 
killed steels while steel 18 is a drawing quality rimmed 
steel. 


of 2.30, while the poorest material, 250 aluminum, had a drawing ratio 
of 2.10. While this is only a 10% difference in drawing ratio, it repre 
sents nearly a 30% difference in the depth of cup formed, a perhaps 
more significant parameter. In general, the aluminum-killed steels 
showed the best drawabilities, while the stainless steels and nonferrous 
metals had the poorest (See Table II). The drawing ratios for the 
aluminum-killed steels and rimmed steels were similar to those reported 
by Kemmis (6). While most of the materials produced ears when 
drawn, the occurrence of earing did not appear to affect the relative 
drawability of the materials. 

On the basis of the measured R values none of the materials were pet 
fectly isotropic (See Table II). Copper and the austenitic stainless steel 
which showed the least directionality had strain ratios slightly less than 
one in all directions. The 65/35 brass showed little planar directionality 
but had an average strain ratio of 0.74 indicating a significant degree of 
normal directionality. All other materials possessed considerable planat 
directionality as indicated by the different values of strain ratio meas 
ured in different directions. Fig. 2 shows the directional variation in R 
for three low carbon steels, these variations being typical of that found 
in almost any box-annealed low carbon steel. The correspondence bx 
tween earing and the directional variations in R was quite good; the 
height of the ears produced generally varied according to the degree of 
fluctuation in R and in almost all cases the ears formed in the directions 
in which R was a maximum. All the low carbon steels tested exhibited 
ears at 0 ° and 90 ° to the rolling direction, and the only materials which 
did not ear (brass, copper, and austenitic stainless steel) were those 
which showed only little or no directional variation in R. 
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Fig. 3—Effect of the Average Strain Ratio, Ravg., 


On the Maximum Drawing Ratio, D/d. The dashed 
lines represent the limits of experimental error 





Table Ill 
Correlation of Drawing Ratio with Mechanical Properties 
Mechanical Coefficient of Significance of 
Property Correlation—r Correlatior 
Vield Strength —0.12 Not significant 
Tensile Strength +0.07 Not significant 
Vield-Tensile Ratio +-0.16 Not significant 
Elongation in 2’ +0.42 Not significant 
Olsen Ductility +0.44 Not significant 
Strain Hard. Exp.-n +0.04 Not significant 
Strain Ratio— Rav, +0.83 Highly significant? 
Factor—R Xn +0.73 Highly significant? 
1 For perfect correlation r = + 1, a negative coefficient indicating an inverse correlation 


2 Probability that correlation is due to chance is less than 0.1 


The normal directionality of each material was determined by averag- 
ing the strain ratios measured in all directions. Fig. 3 shows the rela- 
tionship between the drawing ratios and the average strain ratios of 
the materials. While the data show considerable scatter, a definite 
relationship exists between drawability and normal directionality. If 
we assume the experimental accuracy of the drawing ratio is +.025, a 
value suggested by Kemmis, a direct straight-line relationship is indi- 
cated between the drawing ratio, D/d, and the average strain ratio, Ravg. 

The relative dependence of drawability on the strain ratio and other 
mechanical properties was determined by treating the data statistically 
to determine coefficients of correlation between the drawing ratio and 
each of the properties measured. The results of this statistical analysis 
are summarized in Table III. The only single property to show a sig- 
nificant relationship to drawability was the average strain ratio. The 
best indication of press performance found by Lankford, et al., was the 
factor R & n, where n was the strain-hardening exponent of the steel. 
While a similar correlation can also be established for the present data, 
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the correlation is not as good as that between the drawing ratio and the 
value of R alone. The present data indicates that drawability is deter 
mined largely, if not entirely, by the normal directionality of the 
material. 

Discussion 

The singular dependence of the drawing ratio upon R found by the 
above experiments is predicted by an analysis of the forces acting during 
drawing. The analysis, described in the Appendix, shows that the 
strength of the wall of the forming cup increases with the value of the 
strain ratio of the material. Because a material with a high strain ratio 
can support a greater punch load than an isotropic material of the same 
tensile strength, a larger diameter blank can be drawn into the die 
without failure in the wall of the cup. Other properties which act to 
strengthen the wall of the cup (for instance, tensile strength) also act 
proportionately to increase the punch force required to draw a blank 
of a given diameter. As a result these properties do not affect the over 
all drawability of the material. 

The relation between press performance and the factor R * n found 
by Lankford, et al., is probably due to the character of the forming 
operations they studied. The drawing of a flat-bottomed cup involves 
almost no stretching, but the forming of a fender usually involves 
considerable degree of stretching as well as drawing. In a pure stretch 
ing operation the forming limit is determined by the useful ductility 
(uniform elongation) of the material. This can usually be related to 
the strain-hardening exponent, n, of the material. Thus in a forming 


operation which involves both stretching and drawing, such as a fender 
draw, the press performance would more than likely depend on bot! 
R and n. 

The superior press performance of aluminum-killed steels over 
rimmed steels recognized by fabricators for some time was also observed 
in the present experiment. Past efforts to correlate this superior pet 
formance with a simple material property have heretofore been un 
successful. However, in the present experiment the superior drawing 
performance of the aluminum-killed steels can be attributed entirel 
to their higher average strain ratios, 1.e., their greater directionality 


CONCLUSIONS 

Directionality is an important property of drawing quality steels not 
always detrimental to press performance. While planar directionality is 
usually objectionable, normal directionality indicated by a high average 
strain ratio is desirable for good drawability even in symmetrical draw 
ing operations. The general superiority of aluminum-killed steels over 
rimmed steels for deep drawing applications can be attributed to the 
greater normal directionality of the aluminum-killed steels 
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Appendix 

In a simple cup drawing operation, the portion of the blank beyond 
the die opening is drawn inward toward the punch. As each circular 
element reaches the die opening it is bent down over the die profile and 
pulled through the die opening to form a portion of the cup wall. The 
operation is completed when the periphery of the blank is reduced to 
the circumference of the cup wall. 

The punch load required for this operation is determined by the forces 
required to plastically deform that portion of the blank outside the die 
opening. This force acts from the perifery of the die opening in the form 
of radial tensile stresses. These stresses are comparable to the internal 
stresses required to plastically deform a hollow cylinder whose outer 
diameter is equal to the initial blank diameter, D, and whose inner di- 
ameter is equal to that of the final cup diameter, d. The solution of this 
problem for a directional or anisotropic (but nonstrain hardening) 
material has been carried out by Hu (7). The radial stress is: 


Or Vax3/G « In(D/d) Equation 1 
where a3; and G are anisotropic parameters 
«x = the effective strength 
Or the radial stress acting at r d/2 


This stress multiplied by rdt (¢ = thickness of the blank) is the portion 
of the punch load required to plastically deform the material itself. 
Willis, (8) summarizing the work of Swift, states that this load must 
be increased by a factor of (1 + ») to account for frictional forces. The 
parameter » is constant for given conditions of geometry and friction, 
and usually has a value between 0.2 and 0.3. The total punch load re 
quired to draw a blank of diameter D, is thus: 


rs (1 + n)rdtV/aa:/G « In(D/d) Equation 2 

However, the maximum diameter blank that can be drawn is limited 
by the axial (punch) load which can be supported by the material form- 
ing the wall of the cup. Using Hu’s (7) equations for plane stress, we 
can also determine this load in terms of the same anisotropic parameters. 
Hu expresses the effective strength of the material in plane stress by the 
equation : 


ao — Zayone2 + ancn* x? Equation 3 


where a1,@12,a22 are anisotropic parameters 
ou the principal stress in the 11 direction 
on the principal stress in the 22 direction 
Associating 11 and 22 with the axial and circumferential directions 
of the cup wall we must impose the restricting condition that the circum- 
ferential strain, dezz = 0. Applying this restriction to Hu’s stress-strain 
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increment equations and solving Equation 3 for o1;, the axial strength 
of the cup wall is found to be: 


Oe = Van/G « Equation 4 


This strength multiplied over the cross-sectional area of the cup wall 
mdt gives the maximum punch load which can be supported by the cup 
wall : 

Pmax = rdt Van/G x Equation 5 


The maximum diameter blank which can be drawn is that which re 
quires a punch load just equal to the maximum load which can be 
supported by the wall of the cup. Thus equating 2 and 5, the maximum 
drawing ratio D/d is found to be determined only by the anisotropic 
parameters of the material for given conditions of geometry and lubri 
cation, i.e., for 7 = constant. 


In (D/d) = 1/(1 + 1) Vene/anss Equation 6 


Note that «x, the effective strength of the material, does not effect the 
maximum drawing ratio. 

If we assume a material with only normal directionality (rotational 
isotropy) the above anisotropic parameters can be expressed in terms 
of the average strain ratio, R. Such a material requires that: 

des3/dez = Ry = Re = des;/dey 
Applying this restriction and that of symmetry in the 11 and 22 dire 
tions, and arbitrarily setting a;; = 1, the following relationships are 
found : 


au = an = | 

as = 2/(1+R 

aw = R/(1 + R) 
ons = agg = 1/(1 + R) 


1 
3 
G = (1+ 2R)/(1 + R}? 


Using these relationships, Equations 2, 5, and 6 can be rewritten in 
terms of the strain ratio, R. 


P, = (1 + 9) dt (2 + 2R)/(i + 2R) « In (D/d) Equation 2-R 
Pens rdt (1 +R)?/(1 + 2R) « Equation 5-R 
In (D/d) = /(2 + R) /(2 F 2h) Equation 6-F 


Equation 6-R indicates a nearly linear relationship between |) 


R over the range of values usually experienced in practice. The effect 
of R on the maximum drawing ratio is primarily due to the effect of R 
on the strength of the cup wall as defined by 5-R, the effect R on Pr 


only being slight. 
A similar analysis of the forces obtained in cup drawing was carried 


2 
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out by the author in which the strain-hardening properties of the mate- 
rial were also considered. The relationship between the drawing ratio 
and the strain ratio was found to be approximately the same as that ex- 
pressed by Equation 6-R. 
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DISCUSSION 


Written Discussion: By R. H. Heyer and J. R. Newby, Research Laboratories, 
Armco Steel Corporation, Middletown, O. 

The use of cupping tests as a measure of drawability has blown hot and cold 
for a number of years. The authors have developed a correlation between cup 
drawing ratio and plastic strain ratio which encompasses materials with widely 
varying tensile properties. C. L. Altenburger has also demonstrated that cups of 
comparable severity can be drawn from materials with widely different tensile 
properties. This raises a question as to the sensitivity of cup tests. Cup tests un- 
doubtedly measure cup drawability, but direct correlation with press performance 
on other types of draws is needed 

In the Lankford experiment a substantial amount of press performance data 
were correlated with the plastic strain ratio, modified by work-hardening rate 
From this and other less extensive observations of press performance it has be- 
come fairly certain that high plastic strain ratio is desirable for drawability, not 
only of cups, but of larger parts formed by a combination of stretching and draw 
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ing. This kind of information would be desirable for correlating the cup test witl 
drawability 

Our experience parallels that reported here in many ways. Using Dr. S. Fukui 
conical cup test instead of the British or Swift cylindrical cup test, a corr 


very similar to the author’s Fig. 3 was obtained for rimmed and aluminum 


iit 

steels. This relationship was improved by taking a strength factor into considera 
tion. For example, tensile strength minus 20,000 divided by R can be plotted 
against drawing ratio, with improved results. This seems logical 1e 
strength level can be raised by changes in chemistry, excessive temper rollin 
and strain aging, with very little change in plastic strain ratio but with | of 
drawability. 

The author’s statement that the drawability is determined largely, if 
tirely, by the normal directionality of the material is correct for the d 
sented, but may need to be qualified when larger amounts of data for a giver 
of materials are considered. It is certainly true that dissimilar metals suc! 
strength aluminum alloys and high strength brasses will not be accommodate 
a relationship which includes strength level. On the other hand, when th 
mentioned correlation is applied to the author’s data for low carbon rim 
killed steels the relationship is equally as good as in Fig. 3, if not improve 

The dashed lines in Fig. 3 represent the limits of experimental error. H« 
are the limits determined for the cup drawing test? We find it difficult 


stabilize test data for the conical cup test from one run to another, presu 
due to variations in cleaning and lubrication, and other intangible factors 

rhe author’s explanation of the influence of plastic strain ratio on cup d1 
ing ratio is of great interest. We have as yet been unable to check through the 
mathematics in the appendix, and suspect there are some typographical « 
the preprint 

Written Discussion: By L. R. Shoenberger, metallurgical developme 


visor, Jones & Laughlin Steel Corporation, Pittsburgh 


The author has ably presented an interesting concept in demonstr 
significance of the “normal” directionality in deep drawing sheet meta 
may explain some of the troublesome discrepancies that are encount 


mon drawing problems, where frequently both true drawing and stret 
involved. Jevons (2) stated almost twenty years ago that in many dee] 
operations, where the metal is worked nearly to its limit, the degree of 
tionality will determine whether it will withstand the amount of deformat a 
desired manner. Since then, various metal manufacturers have come to recog 


this fact, although there are still many who do not fully appreciate its influe 

In our laboratory, considerable work has been done on the planar directionalit 
of low carbon steel. Using the torque magnetometer (3) to obtain torque value 
22% ° and 67% ° displacement to the rolling direction, we were able to reduce 
these to a useful directionality rating by first correcting for steel volume and ther 
adding the 22'%4° value to the other after arbitrarily changing its 
example, a typical torque curve for 90 ° earing steel has first a positive 
loop and then a negative one (4). The rating would be highly positive since the 
sign of the latter is changed. 

From a large number of samples, we were able to develop a typical planar 
directionality pattern for subcritically annealed rimmed, capped, or semikilled 
low carbon steel as shown by the solid line in Fig. 4. Where negative value 
shown, 45° earing tendencies are indicated; where plus values are shown, 90 
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4—Typical Directionality Behaviors of Low Carbon Steel 
Cold-reduced and Subcritically Annealed 


earing tendencies are present; at the zero points and for practical purposes for 
some small distance on either side, nonearing conditions prevail. The dashed line 
shows the pattern for aluminum killed steel—different in that a nonearing state 
and similar amounts of 90 ° earing are achieved with lesser cold reductions. Thus, 
it is apparent that cold rolled steel sheet may have 45 °, nonearing, or 90 ° earing 
behavior depending on the amount of cold reduction prior to annealing. 

It should be noted that this pattern is based on the cold working of a randomly 
oriented hot-rolled strip, which is the usual condition when steel is finished above 
the Ars temperature. Finishing colder in the roll train produces ferrite that is 
hot-worked at relatively low reductions, rapidly recrystallized, and therefore has 
appreciable 45 ° earing characteristics after cooling. Such initial hot rolled orienta 
tions distort the typical cold-rolled directionality pattern by enlarging the 45 ° 
earing ranges and minimizing the 90°, at times to such a degree that only 45 ° 
earing or nonearing conditions may be obtained 

Many drawing applications for steel sheet require that metal slides over the 
draw ring. In a circular cup draw, nonearing steel minimizes thickness variation 
and scalloping irregularities around the rim; in a rectangular or square type of 
draw, 90° earing characteristics relieve the usual side pull-in. These facts have 
been applied extensively for some years to the production of drawing quality steel 
with general success. In the future we will endeavor to determine whether a 
similar consideration of the normal directionality is also needed to avoid those 
inconsistencies that occur at irregular intervals. It may be that the normal direc- 
tionality is more significant than planar directionality or that both must be con- 
sidered as an interrelated influence 

Having demonstrated here the importance of the amount of cold reduction and 
would like to ask, in an effort to obtain a better 
states of direc- 


the initial hot-rolled state, we 
understanding, whether the author’s samples had similar it 
tionality and whether they were cold reduced the same amounts to nearly the 
same thickness. Might the author expect a similar dependence of the normal 


11T1 »] 


directionality on these factors: 
In aluminum-killed steels such as those considered by the author, the shape of 
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the annealed ferrite grains, if elongated, could be expected to slip more exte1 
in the plane of the sheet than in a direction normal to it. Equiaxed grains 
tend to slip more uniformly in both planar and normal directions. W1 
the grain size and shape conditions of the samples involved? 

Then too, what explanation might the author propose for the fact tl 
aging had apparently no effect on the drawability of rimmed steel : 


Written Discussion: By S. P. Keeler and W. A. Backofen, Metals P 
Laboratory, Massachusetts Institute of Technology, Cambridge, Mass 


It is a remarkable accomplishment to have isolated so clearly a material cl 


teristic of such importance in cylindrical-cup drawability. Sheet texture and pl 


re gener 


anisotropy in deep drawing must now become subjects of m 


than ever before. 
The significance of properties or indices describing the rate of strain 


ing is obviously ruled out by the statistical treatment of these interesting 


Included in the discard are tensile-yield ratio, uniform tensile elongatior 
hardening exponent, etc. ; of all, the exponent, n, from the power-law appr 
tion of the tension true stress-strain curve, ¢ = Ke’, is a particular]; 





measure of over-all hardening rate. There is, however, another way in 
might become suspicious of the importance of these properties in cylindri 
bottom cup drawing, and that is by making a fairly straightforward analy 
drawing limit for an isotropic strain-hardening material 

Assuming, as in the Appendix, pure radial drawing, the applied str 


stage of the operation is 


Tp n 
2, K (1/2)"f fin (R! r.2/r? t1)] dr/r 
"Ss : 
where R, is the initial blank radius, r. is the radius to the outer edge of 
drawn flange, rp is the punch (or cup) radius, and r indicates a radius | 
r. and rp. From opposing tendencies due to strain hardening (acting to 


gr) and diminishing reduction (giving a drop in o,) as the draw progres 


etu 


passes through a maximum for any ratio of blank-to-cup diameter and orin 


obtained by a series of integrations, each for a different r. between Ro ar 


Then, for the specified conditions, a limit is established when the pea 
load becomes as large as the load for pure tensile instability at the unwork« 
tom of the cup wall; this is the really important restriction and seems qu 
propriate for the case at hand. Neglecting the constant friction factor, dra 
is found to be related to n as shown in Fig. 5. Clearly, the dependence of 
ability on n is slight, and if higher drawing limits are to be obtained throug! 
erty control, when failure involves cup-wall tearing, there must be strengt! 


of the wall relative to the deforming flange; as the author has poir 


texture is an important variable for that purpose. Interestingly, dra 
might even be expected to decrease as n increases from zero. This tret 
seems to have been observed by Swift (5), who has reported, as part of a ‘ 
anomaly,” that the maximum drawing ratio for half-hard aluminum sheet 
low n) is actually a bit greater than that for soft aluminum of higher 
when the drawn part is a flat-bottom cylindrical cup 

A similar but much less tedious analysis can be made for the steady-state 
ing of rod or wire. Due to the steady-state character of such processing 


drawing ratio (or cross-sectional area entering, A., and leaving the di 
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Fig. 5—Dependence of Drawability on Strain-hardening 

Exponent in Pure Radial Sheet (cup) Drawing and Wire 

Drawing. In both cases, the drawing operation is taken to 
be frictionless and without redundant strain. 














Dp 
nitinl Rad 
J Od 


J$, in. 
Fig. 6—Distribution of Strain. Measured Along Radial 
Lines on the Original Blank, After Stretching to Failure 
Over a 4-inch Diameter Hemispherical Punch with Teflon 
Lubrication at the Punch-blank Interface. All materials 
).032-inch thickness. Place of tearing is marked by short 
ertical arrow. Maximum uniform tensile elongation 
half-hard aluminum, 0.03; killed steel, 0.20; soft copper, 
0.31; and soft brass 0.47 


increases substantially with n (Fig. 5). In wire drawing, a limit is to be expected 
when the drawing stress becomes equal to the stress for tensile yielding in material 
at the die exit. If this same criterion could be made to apply in sheet drawing, 
much greater drawability would surely be enjoyed. 

As the author points out, by introducing more punch-head stretching in forming 
other shapes the strain hardening characteristics should begin to influence limits. 
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Current work in our laboratory is concerned with the development of instability 
under conditions about as different as can be from those in the flat-bottom cup, 
e.g., stretching tightly clamped blanks over a punch with hemispherical end. A 
sample of data in Fig. 6 demonstrates how sensitive the dome height at failure 


now is to variations in strain-hardening exponent. Somewhat curiously, the maxi 
mum radial strains at the places of tearing are nearly the same, regardless of 
Yet the distribution is much broader and total height is greater as n increase 
The rest of the Swift drawing anomaly is that soft aluminum gives the same 
drawing limit for cups of hemispherical as for flat bottom, but that the limit for 
half-hard stock is much lower for the hemispherical case; the explanation would 
seem to be that greater stretching over the hemispherical punch head now brings 


the n differences into play. 





A general impression, bolstered strongly by this paper, is that the 





properties for different kinds of forming are being identified. The emph I 
texture seems especially timely and helps very much in developing awareness that 


processing history contributes substantially to final properties and behavi 
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Author’s Reply 

Mr. Shoenberger has pointed out that certain processing variables can 
appreciable effect on the planar directionality of low carbon steel. Our own 
have shown that these same variables have a similar effect upon the degree 
normal directionality obtained in the low carbon steels. This is not surprising 
since both planar and normal directionality are probably the result of the pref 
crystallographic orientations in the steel and would be similarly effected | 
factors which produce this preferred orientation. 

For this particular experiment, however, the cause of different R value 
steels was not known. The materials were selected at random from 
stocks and their previous history was not recorded, although all materia 
of the same thickness, i.e., approximately twenty gage (0.0359 inch 

As suggested by Mr. Shoenberger, there was a distinct difference in the 
of annealed ferrite grains in the aluminum-killed steels, and in the rimmed stee 
The grain sizes of all steels tested ranged from ASTM 7 to 8, and all aluminun 
killed steels had definitely elongated shaped grains while those of the rimm 
steels were all equiaxed. While there is a tendency to conclude that the elongated 
grain structure of the aluminum-killed steels is itself responsible for hig 
values, careful analysis of a large number of samples does not wholly supj 
conclusion. While it is generally true that materials with high R values have a: 
elongated grain structure, there are a significant number of exceptions to 
general rule. 

We feel that high R values are the result of a preferred crystallographic orienta 
tion usually found in aluminum-killed steels which exhibit an elongated structure 
(3). This preferred orientation is a result of the particular method of processing 
which is used to obtain the elongated grain structure. The high R values are thi 
the result of a particular processing technique, one which incidentally also pro 
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duces an elongated grain structure in aluminum-killed steels. This hypothesis, 
however, has not been proven as yet. 

As to Mr. Shoenberger’s question of the effects of strain aging, we must recog- 
nize that deep drawing is a combination of both pure stretching and pure draw- 
ing and deep drawing performance depends on both the drawability and the 
stretchability of the metal. The drawability is best measured by the test described 
and consequently is independent of aging, because, as we have shown, it depends 
only on the R value, a property unaffected by aging. This is indicated by the re- 
sults in Table II for specimens 22-1 and 22-2. On the other hand, the stretch- 
ability of a metal, as measured by the Olsen cupping test, is decidedly decreased 
by strain aging. Thus where a deep drawing operation involves considerable 
stretching strain aging is an important factor detrimental to the overall perform- 
ance of the metal. This is not the case, however, in drawing a flat-bottomed cylin- 
drical cup or similar shape. 

Messrs. Heyer and Newby’s comments on the need for further correlation with 
actual performance are well taken. Their suggestion for improving the correla- 
tion of drawability with R values by including a factor of tensile strength is quite 
interesting. There seems to be no theoretical reason for the inclusion of this other 
parameter, however. We have also carried out additional tests with some forty 
low carbon steels and still find a singular correlation between drawability and 
the R value. The inclusion of a tensile strength factor does not seem to improve 
these results 

The limits of experimental error used are those reported by Kemmis based on 
studies of the reproducibility of the Swift cup-drawing test which were carried 
out at the University of Sheffield. We also included in all our tests a standard ma- 
terial, checking the drawing ratio of this material on each test run. We found 
this drawing ratio to be quite reproducible when the proper test procedures were 
followed 

The comments by Messrs. Backofen and Keeler speak for themselves. Much 
work has been done to establish the relationship between, “n,” the strain-hardening 
exponent of a metal and its limit of useful ductility under various ideal stretching 
conditions. Their attempt to extend this relationship to stretching conditions more 
representative of typical forming operations should be of interest to those con 
cerned with the subject of deep drawing. 








ANOMALOUS EFFECT OF HYDROGEN ON THE 
MECHANICAL PROPERTIES OF Ti-8Mn ALLOY 


By ALBERT H. FLEITMAN 


Abstract 


The mechanical properties of commercially produced 
Ti-8Mn alloy sheet were investigated in the as-received, 
helium annealed, vacuum annealed, and 150, 225, and 300 
ppm hydrogen conditions. 

Slow room temperature notched and unnotched tensil 
and tensile stress rupture tests up to 1000 hours were per 
formed. None of the unnotched specimens in any of these 
tests failed in a brittle manner. The notched tensile stress 
rupture tests showed that the stress required for fracture at 
a given time slightly decreased with increasing hydrogen 
contents. 

Room temperature unnotched slow tensile tests on pri 
strained and aged specimens showed some decrease in du 
tility but no brittle fractures resulted. 

Comparison of the slow tensile and tensile stress rupture 
results are in contrast with the work of other investigator 
which show marked embrittlement and drastically lowered 
notched tensile strength occurring at hydrogen contents 
250 ppm. Anomalous results of this research are theorized t 
occur because the transition temperatures for the alloy 
tested are below room temperature. (ASM-SLA Classifica 
tion: Q-general, 2-60; Ti-b, H) 


INTRODUCTION 


HE MECHANISM of hydrogen embrittlement in pure titanium 
and in titanium alloys containing only those elements which stabi 
lize the alpha phase has in part been demonstrated by Jaffee and his 
coworkers (1-3)! to be caused by the precipitation of brittle TiH 


test bar, and an increase in the ductile to brittle transition temperature 
all gave reliable criteria as to whether the material was hydrogen em 
brittled. 

In contrast with pure titanium and alpha titanium alloys is the 
mechanism of hydrogen embrittlement in titanium alloys containing 
elements which stabilize the beta phase (4-8). Alloys of this type 

1 The figures appearing in parentheses pertain to the references appended to this pay 

A paper presented before the Forty-first Annual Convention of the Society 
held in Chicago, November 2-6, 1959 


The author, Albert H. Fleitman, formerly Assistant Supervising Engineer 
Crane Company, Chicago. Manuscript received April 7, 1959 
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which contain hydrogen have been shown to become embrittled when 
they undergo slow deformation during test; whereas, the use of fast 
strain rates in these alloys gave ductile-type fractures. Except in a few 
instances, no metallographic evidence of TiH in brittle test bars of 
these alloys has been found. 

This investigation, sponsored by Wright Field, was undertaken to 
determine if concentrations up to 300 PPM hydrogen would cause em- 
brittlement in Ti-8 Mn alloy using different types of slow strain me- 
chanical tests. 

MATERIALS 

The Ti-8 Mn alloy in the form of 1/16 inch sheet was ordered from 
three vendors and represents the range of interstitial content found in 
normal production. 

The sheet was delivered in the hot-rolled, annealed, and pickled 
condition. Chemical analyses of the materials received are presented 
in Table I. Fig. 1 is a typical, “as-received” structure of the Ti-8 Mn 
alloy. 

: Test CONDITIONS 
Specimens were tested in each of the following conditions : 
1. As-received. 
2. After annealing in helium for 24 hours at 1200 °F. 
3. After vacuum annealing for 24 hours at 1200°F (hydrogen 
below 30 PPM). 
+. Hydrogenized to 150 PPM hydrogen and held for 24 hours 
at 1200 °F. 


5. Hydrogenized to 225 PPM hydrogen and held for 24 hours at 
1200 °F. 

6. Hydrogenized to 300 PPM hydrogen and held for 24 hours at 
1200 °F. 


Mechanical properties of the alloy in each of the above conditions 
were determined using the following types of mechanical tests at room 
temperature : 


1. Slow tensile tests in duplicate on both notched and unnotched 
specimens. 

2. Tensile stress rupture tests up to 1000 hours on notched and 
unnotched specimens. 


In addition to the foregoing, prestrained and aged unnotched tensile 
tests at room temperature were made on material in the vacuum an 
nealed and 300 PPM hydrogen conditions. 

Tensile tests were conducted at a constant strain rate. Unnotched 
tensile specimens were tested at 0.025 in/min of crosshead travel and 
notched specimens at 0.0025 in/min. 
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Table I 
Chemistry As-Received Material 
Alloy Vendor Analysis by Fe Mn Al On H: PPM Nz Cc 
LabA - — — 0.194 83 co 
© Lab B — 7.6 _ — 91 0.02 0.1 
Lab C 0.25 8.00 — 0.158 78 0.01 0.09 
Ti-8 Mn Lab A _— ae — O.111 54 — 
Sheet A Lab B 0.19 7.25 — — 71 0.017 0.03 
Lab C 0.28 7.70 _— 0.109 73 0.010 0.05 
Lab A — _ —_ 0.144 80 
B Lab B None received 
Lab C 0.35 7.78 — 0.104 78 0.01 0.10 





Fig. 1—As-received Ti-8 Manganese Sheet. « 500 
Fig. 2—Ti-8 Mn Sheet Hydrogenized to 300 PPM. x 50 


Test SPECIMEN SPECIFICATIONS 
Unnotched sheet tensile and stress rupture specimens had a gage 
length of 114 inch and were % inch wide. Notched sheet specimens had 
a 1% inch gage length, were % inch wide and had 60° vee notches on 
both sides with a theoretical stress concentration factor of about three 
The width of the test specimen under the notches was 14 inch 


HYDROGENATION OF TEST SPECIMENS 
In a typical cycle, the test blanks were heated to 1300 °F in a vacuum 
and a measured quantity of high purity hydrogen was admitted. The 





'w 
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material was homogenized at 1300°F for four hours, furnace cooled 
to 1200 °F and held for 24 hours. 

Hydrogen uniformity in the test specimens was generally quite good 
and usually fell within 10 PPM of the intended hydrogen levels of 150, 
225, and 300 PPM. Hydrogen analyses using the Hot Vacuum Ex- 
traction Method were made in duplicate on each run. 

A photomicrograph of a Ti-8 Mn specimen hydrogenized to 300 
PPM is shown in Fig. 2. A somewhat coarsened alpha-beta structure 
resulted from the thermal treatment, but no third phase was detected. 


Test RESULTS 
Tensile Properties 


No apparent brittleness, as indicated by the elongation or reduction- 
in-area was found in unnotched tensile specimens from any of the three 
vendors in specimens containing up to 300 PPM. Notched specimens 
showed no decrease in tensile strength up to 300 PPM hydrogen. 
Tensile properties of unnotched and notched specimens from each 
vendor are shown in Tables II, III, and IV, respectively 

Unfortunately, measurement of the reduction-in-area of the notched 


Table II 
Average Slow Strain Tensile Properties Vendor A 


Ultimate 








Tensile 
Strength Elor % Reduction 
Treatment Condition psi gati in Area 
As-Received Unnotched* 137,550 111,900 21% 
Vacuum Annealed Unnotched 133,050 120,250 26 43.5 
Helium Annealed Unnotched 129,300 119,600 4.5% 
150 PPM Hz: Unnotched 126,750 109,650 0.5% 
225 PPM Hs Unnotched 129,850 115,150 22 
300 PPM He Unnotched 129.050 114,600 2.5 42.5 
As-Received Notched** 134,450 0.04 inches 
Vacuum Annealed Notched 136,800 0.04 inches 
Helium Annealed Notched 131,400 0.055 inches 
150 PPM He Notched 131,000 0.03 inches 
225 PPM Hs Notched 136,550 0.045 inches 
300 PPM He Notched 139,050 0.035 inches 


* Strain rate equal to 0.025 in/min for unnotched tests 
** Strain rate equal to 0.0025 in/min for notched tests 


Ti-8 Mn sheet tensile specimens could not be performed with any de- 
gree of accuracy and these values are not reported. 


Tensile Stress Rupture Properties 
Unnotched and notched room temperature stress rupture tests up to 
1000 or more hours were performed on tensile specimens from the 
three vendors in each of the six test conditions. No brittle fractures 
occurred in any of the unnotched specimens containing up to 300 PPM 
hydrogen and the stress for rupture in 1000 hours showed no decrease 
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Table Ill 
Average Slow Strain Tensile Properties Vendor B 
Ultimate 
Tensile Yield 
Strength Strength Elon Reduct 
Treatment Condition psi psi gation in Area 
As-Received Unnotched* 140,400 127,150 19% 
Vacuum Annealed Unnotched 136,450 124,750 24°, $2.5 
Helium Annealed Unnotched 133,350 122,900 23.5% 
150 PPM Ha: Unnotched 130,400 116,000 22.8% 
225 PPM Hs: Unnotched 126,150 110,050 21% 
300 PPM H: Unnotched 134,300 118,400 22.5% 41 
As-Received Notched** 144,450 0.06 inches 
Vacuum Annealed Notched 136,000 0.02 inches 
Helium Annealed Notched 139,650 0.06 inches 
150 PPM Hz: Notched 135,400 0.03 inches 
225 PPM H: Notched 139,700 0.045 inches 
300 PPM Hz: Notched 135,800 0.03 inches 
*Strain rate equal to 0.025 in/min per unnotched tests 
** Strain rate equal to 0.0025 in/min per notched tests 
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Fig. 3—The Effect of Hydrogen Content on the Stress Required for Rupture 
Hours for Unnotched Ti-8 Mn Sheet Specimens 


with increasing hydrogen content. Virtually all the hydrogenized speci 
mens had ductilities comparable to the vacuum annealed conditi 
The stress for rupture in 1000 hours for the notched specimens gen 
erally showed a slight decrease with increasing hydrogen. The stress 
for 1000 hour rupture life versus hydrogen content for unnotched 
notched specimens from each vendor is plotted in Figs. 3 and 4. The 
reduction-in-area of unnotched stress rupture specimens vs. rupturé 
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50 


40 


Hours for Notched Ti-8 Mn Sheet Specimens 




















Fig. 5—-Reduction in Area at Failure of Unnotched Stress Rupture Specimens 
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Table IV 
Average Slow Strain Tensile Properties Vendor C 

Ultimate 

Tensile Vield 

Strength Strength Elon- ® Reduction 

Treatment Condition psi psi gation in Area 

As-Received Unnotched* 149,550 136,500 23% 
Vacuum Annealed 148,750 136,250 25% 51.5 
Helium Annealed 153,400 143,200 22% 
150 PPM Hs 142,900 129,300 22.8% 
225 PPM Hs 145,850 134,300 21% 
300 PPM Hs 145,500 132,300 22.5% 9 
As-Received Notched** 154,650 0.05 inches 
Vacuum Annealed 150,650 0.03 inches 
Helium Annealed 155,000 0.05 inches 
150 PPM Hs 147,300 0.03 inches 
225 PPM Hs 152,900 0.035 inches 


300 PPM Hz: 144,400 0.03 inches 











* Strain rate equa! to 0.025 in/min for unnotched tests 
** Strain rate equal to 0.0025 in/min for notched tests 


time in the vacuum annealed and 300 PPM hydrogen condition are 
shown in Fig. 5. The latter results clearly show the lack of embrittle 
ment even at the 300 PPM hydrogen level in unnotched specimens. 


Tensile Results on Prestrained and Aged Specimens 

This test was devised in an attempt to set up a simple test to show 
susceptibility of titanium alloys to hydrogen embrittlement. 

Unnotched tensile blanks from each alloy were given a prestrain of 
5% in tension at room temperature, aged at 500 °F for 48 hours and 
pulled in slow tension at room temperature. The elongation and 
reduction-in-area were the criteria used for embrittlement. Specimens 
of Ti-8 Mn sheet in both the vacuum annealed and 300 PPM hydrogen 
condition were tested at 0.025 in/min and at 0.0025 in/min strain rate 
Results are shown in Table V and indicate that some decrease in duc 
tility occurred. One Ti-8 Mn specimen containing 300 PPM hydrogen 
broke on the gage mark with a brittle fracture. However, examination 
of the test bar showed that the gage mark was punched in deeper than 
usual and perhaps this test was not representative. The prestrain and 
age tests did not give any brittle fractures with the above exception and 
thus did not indicate hydrogen embrittlement. 

DISCUSSION OF RESULTS 

It is apparent that the tests in general were negative insofar as no 
brittle fractures resulted from any of the slow deformation mechanical 
tests in specimens containing up to 300 PPM hydrogen. 

Jaffee and his coworkers (3,5) have shown that severe embrittlement 
resulted in Ti-8 Mn alloy with hydrogen as low as 200-250 PPM whe: 
tested in tension at a strain rate of 0.005 in/min. Their work 
carried out on subsize round tensiles, 4% inch diameter, and 3% incl 
gage length and the material was hydrogenized before fabrication was 
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Table V 
Prestrained and Aged Unnotched Ti-8 Mn Tensile Properties 
5% Tensile Prestrain—-Aged 48 Hours at 500°F 


Strain Tensile Total % Total % 
Rate Strength Elongation Reduction 
Vendor Condition In/Min psi n 1’ in Area 
A Vacuum Annealed 0.025 134,600 7 44 
4 Vacuum Annealed 0.0025 130,700 7 38 
B Vacuum Annealed 0.025 140,100 3 44 
BK Vacuum Annealed 0.0025 3 44 
( Vacuum Annealed 0.025 151,000 8 45 
( Vacuum Annealed 0.0025 143,900 25 44 
4 300 PPM Hz 0.025 132,200 20 29 
A 300 PPM He 0.025 141,500 20 35 
4 300 PPM H: 0.0025 126,700 11 23 
4 300 PPM H: 0.0025 135,100 12 23 
B 300 PIM He 0.025 141,600 2 35 
B 300 PPM Hz 0.0025 141,500 5* 5+ 
( 300 PPM He 0.025 156,900 22 38 
( 300 PPM He 0.0025 148,000 19 39 


* Broke on gage mark 

** Aged 24 hours at 500°F 
completed. In contrast, this research was performed on Ti-8 Mn sheet 
specimens that were not hot worked after hydrogenizing. Later work 
(9) at Battelle Memorial Institute on Ti-2 Fe-2 Cr-2 Mo alloy which 
showed hydrogen embrittlement in slow tensile tests with round speci- 
mens, failed to show embrittlement when rolled to sheet and tested. 

A further investigation on two unnotched and two notched Ti-8 Mn 
tensile specimens containing 450 PPM hydrogen was performed to de- 
termine if this hydrogen level would be embrittling at the strain rates of 
0.025 and 0.0025 in/min, respectively. The results are shown below in 
Table VI. No brittle fractures resulted and the ductilities of these test 
specimens were comparable to those of the vacuum annealed specimens. 

Notched stress rupture properties in this research showed a small 
drop in notch tensile strength at 300 PPM hydrogen. Maykuth and 
Robinson (10) have shown that a sharp drop in notched stress rupture 
strength occurred at 254-260 PPM hydrogen level in commercial Ti-8 


Table VI 
Slow Notched and Unnotched Ti-8 Mn Tensile Properties 
on Specimens Containing 450 PPM Hydrogen 


Unnotched Tensile Properties 


Tensile Yield Proportional : 
Strength Strength limit Elongation 
Vendor psi psi psi in 1° 
A 136,700 125,500 118,000 20 
A 137,400 127,000 113,000 24 


Notched Tensile Properties 
A 140,400 035* 


A 140,300 .035* 


* Elongation in inches. 
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Mn sheet. Their results show decreased stress rupture strength with 
increased hydrogen. This effect is presumably related to increased 
notch sensitivity with increased hydrogen content. 

The results of the prestrain and age tests were ambiguous. If the 
hydrogen embrittlement mechanism is as postulated by current theories 
to be ‘based on a diffusion controlled, strain dependent, segregation 
precipitation process, this test conceivably should lead to embrittlement 
It is possible that in this test the aging time (48 hours) and tempera 
ture (500°F) were too long and too high, respectively, resulting in 
“overaging.”” The Ti-H phase diagram indicates that precipitation of 
Ti-H phase occurs at about 540 °F in hypoeutectoid Ti-H alloys. The 
influence of manganese on the Ti-H eutectoid temperature or the hydro 
gen solubility in titanium is unknown. 

Hydrogen embrittlement caused by a type of prestrain and age treat 
ment was found in one titanium alloy. Workers (11) noted that internal 
stresses present in Ti-2 Fe-2 Cr-2 Mo alloy, with 10% or more cold 
reduction, caused spontaneous cracking to begin without further ap 
plication of external load in an alloy containing 650 PPM hydrogen 
This phenomenon was not observed in vacuum annealed material 
similarly treated. 


Possible Reasons for Anomalous Results 

Low strain rate embrittlement studies during the past several years 
on some alpha-beta type titanium alloys (including Ti-8 Mn) have 
shown that tensile ductility is lost over a finite temperature range 
Therefore, an embrittled alloy will often be ductile if tested above o1 
below a critical temperature. Ti-8 Mn alloy has shown a ductile-brittle 
transition around room temperature but did not show the low tempera 
ture recovery of ductility (12). The transition temperature is de 
pendent on hydrogen content and strain rate, e.g. the lower the strain 
rate and greater the hydrogen supersaturation, the higher the transitic 
temperature. 

Other factors which could influence the transition temperature are 
1) microstructure and 2) amount of oxygen and nitrogen impurities 
in the material tested. Most of the evidence on low strain rate embrittle 
ment indicates hydrogen segregation and/or hydride phase at the 
alpha-beta interfaces. Therefore, a fine-grained material having a much 
larger volume of grain boundaries would require correspondingly 
greater amounts of hydrogen to cause embrittlement than would 
coarse grained structure. This is borne out in part in the literature (13 
which shows, although the data are not entirely consistent, that coarse 
grained structures in alpha-beta alloys become embrittled at lower 
hydrogen levels. Therefore it is possible that the grain size (3-6 
microns) of the material tested in this research was sufficiently fine so 
as to preclude embrittlement up to 300 PPM hydrogen. 


Ii 
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The presence of 0.25% oxygen has been shown to reduce the hydro- 
gen tolerance and thus the transition temperature of an iodide titanium 
base alloy from 100-200 PPM (13). Other evidence (14) indicates 
similar effects of oxygen on titanium alloys when they are tested in 
stress rupture at 0 to a —40°F-. It is interesting to note (see Fig. 5) 
that specimens from vendor C had the lowest reduction-in-area of un- 
notched stress rupture specimens containing 300 PPM hydrogen. Ma- 
terial from this vendor contained more oxygen than the other two (see 
Table I). 

Low strain rate embrittlement of hydrogen bearing alpha-beta 
titanium alloys also appears to be affected by final heat treatment tem- 
perature, e.g. hydrogen tolerance decreases with decreasing annealing 
temperature. It is probable that this relationship is related to the rela- 
tive amounts of beta or to microsegregation during low temperature 
annealing treatments (13). It is possible that the 1200°F anneal for 
24 hours of all the specimens in this work gave them a higher 
hydrogen tolerance than that found by other investigators of Ti-8 Mn 
alloys which were heat treated below 1200°F and showed embrittle- 
ment. 

Therefore with all of the above factors taken into account, it is 
probable that the transition temperatures for the hydrogenized Ti-8 
Mn specimens in this work were below room temperature and thus no 
embrittling effects were found. 


CONCLUSIONS 
The presence of up to 300 PPM hydrogen does not appear to ad- 
versely affect the notched or unnotched tensile or tensile stress rupture 
properties of Ti-8 Mn sheet at room temperature. None of the me- 
chanical tests, including the prestrain and age tests, used in this in- 
vestigation on Ti-8 Mn sheet specimens caused brittle failures to occur 
after 150, 225, or 300 PPM hydrogen was diffused into the test speci- 


mens cut from the rolled sheet. 
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DISCUSSION 
Written Discussion: By Paul D. Frost, Battelle Memorial Institute, ( 
Ohio 
It is difficult to comment on this paper; the results are, as the title state 


anomalous with respect to previously published accounts of the behavior 
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gen in alpha-beta titanium alloys. I would like to suggest that had the strength 
of the alloy samples been higher, e.g., 160,000 psi instead of around 135,000 psi, 
the results would have shown the specimens to be markedly susceptible to hydro- 
gen embrittlement. Research by the writer and his co-workers has shown an 
alpha-beta alloy (Ti-3Mn-1Fe-1Cr-1Mo-1V) to sustain considerably greater 
losses of ductility with increasing hydrogen contents when solution treated and 
aged to high strength levels than when in the annealed condition.} 


Author’s Reply 

Although no tests were made at the 160,000 psi level it is hard to disagree with 
Mr. Frost for two reasons. First, results not only by Frost, etc. but also by 
Troiano, Quigg, and Daniels * suggest that embrittlement or decreasing ductility 
would result with increasing strength. Second, in order to reach a 160,000 psi 
strength level in Ti-8Mn alloy using a quench and age heat treatment, the aging 
temperature must be less than 1200 °F, e.g., 900 °F. Work by Jaffee, Schwartzberg 
and Williams ** indicated that the controlling factor was heat treatment. They 
found that hydrogen tolerance decreased as the final heat treatment temperature 
was lowered. The combination of both high strength and low aging temperature 
should thus be extremely effective in lowering ductility. 

Therefore, it is quite probable that if the alloys tested in this research were 
quenched and aged to the 160,000 psi level, their transition temperature would 
then be increased to room temperature or above and they would then sustain 
severe embrittlement during slow strain at room temperatur« 


+ H. A. Robinson, P. D. Frost and W. M. Parris, “Effect of Hydr wen on Some Mechan 
ical Properties of a Titanium Alloy Heat Treated to High Strength,’ Tra encactioné, American 
Institute of Mining and Metallurgical Engineers, Vol. 221, August 1958, p. 464. 

*R. D. Daniels, R. J. Quigg and A. R. Troiano, “Delayed Failure and Hydrogen Em- 
brittlement in Titanium,’’ Transaction, American Society for Metals, Vol. 51, 1959, p. 843. 


** D. N. Williams, F. R. Schwartzberg, and R. I. Jaffee, ““The Effects of Microstructure 
and Heat Treatment on the Hydrogen Embrittlement of Alpha-Beta Titanium Alloys,” Trans- 
actions, American Society for Metals, Vol. 51, 1951, p. 802 








SUPERSATURATION AS A FACTOR IN THE 
HYDROGEN EMBRITTLEMENT OF 
TITANIUM ALLOYS 


By D. N. WittiaMs, F. R. SCHWARTZBERG, AND R. I. JAFFE: 


Abstract 


Low strain rate hydrogen embrittlement in titanium al 
loys is restricted to a narrow range of temperatures. Studies 
were made of the effect of temperature on embrittlement 
in hydrogen containing T1-2 Mo-2 Fe-2 Cr alloy to deter 
mine the reason for the absence of embrittlement at tempera 
tures above the embrittlement range. It was found that the 
upper recovery temperature could be satisfactorily ex 
plained on the basis of the hydrogen solubilities in alpha and 
beta titanium. The proposed explanation for the recover) 
phenomenon requires that a measurable amount of hydrogen 
supersaturation be present before embrittlement will occur 
The probable variation of the requisite amount of super 
saturation with changes in strain rate or the presence of 
notches is discussed. (ASM-SLA Classification: Q26s; Ti 
H) 

INTRODUCTION 


a YW strain hydrogen embrittlement in a titanium alloy is chara 
terized by the brittle failure of the alloy when strained near room 
temperature. Ductility is recovered both at lower and higher tempera 
tures. Since embrittlement does not occur in the absence of strain (or 
high residual stress) it has been suggested that embrittlement is de 
pendent upon a directed diffusion of hydrogen brought about by dis 
location movement (1),! and attempts have been made to relate both 
the low and the high temperature recovery of ductility to this factor 
However, as shown in Fig. 1, the upper recovery point decreases in 
temperature as strain rate increases, which indicates that this theory 
cannot explain the recovery of ductility at higher temperatures 

An alternate explanation of the upper recovery point can be based on 
the assumption that embrittlement is caused by the precipitation of 
hydride from a supersaturated solution of hydrogen in titanium. The 
upper recovery point can then be related to changes in solubility with 

1 The figures appearing in parentheses pertain to the references appended to this paper 
_ This research has been supported in whole or in part by the United States Air Force unde 
Contract AF 33(616)—5007 monitored by Materials Laboratory, Wright Air Development 


Center, Wright-Patterson Air Force Base, Ohio. 


A paper presented before the Forty-first Annual Convention of the Society 
held in Chicago, November 2-6, 1959 

The authors, D. N. Williams and R. I. Jaffee, are associated with Battelle 
Memorial Institute, Columbus; F. R. Schwartzberg, formerly with Battelle, is 
now associated with the Martin Company. Manuscript received March 30, 1959 
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temperature. This explanation can also be used to explain the observed 
variation in upper recovery point with strain rate. The present investi 
gation was designed to examine this theory experimentally to deter 
mine whether the assumptions implicit in its use are realistic. 

' 


EXPERIMENTAL PROCEDURE AND RESULTS 


If the solid solubilities of hydrogen in alpha and beta titanium 
follow normal thermodynamic principles, they can be expressed by 
equations of the type shown below : 


for beta, H,=A 10 ®7 Equa 
for alpha, H,=C 10 °* Equ 
where H, and H, are hydrogen solubilities in atomic %, T is the 


temperature in degrees absolute, and A, B, C, and D are constants 














Fig. 2—Solubility of Hydrogen in Unalloyed Alpha Titanium 


2,3,4). 


Since the present study was restricted to relatively small hydrogen 


of , r 
{ Darts 


contents, the hydrogen solubility was expressed in weight 
per million, ppm) rather than atomic %. Examination of the published 
data on the solubility of hydrogen in unalloyed alpha titanium showed 


that an equation such as Equation 2 would satisfactorily represent 
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these data, as shown in Fig. 2. This curve may also be used to repre- 
sent the solubility of hydrogen in the alpha phase of alpha-beta titanium 
alloys which do not contain aluminum. 

If it is assumed that embrittlement is the result of hydride formation, 
embrittlement would not be observed at the solubility limit of hydrogen 
in titanium since a finite amount of hydrogen in excess of the soluble 
amount would be required to cause brittleness. This excess hydrogen 
above the soluble amount (H,) should be a function of both strain rate 
and temperature. However, the variation of H, over a limited tempera- 
ture range (100-200°F) might be expected to be small at a constant 
strain rate. 

The hydrogen distribution in an alpha-beta titanium alloy at the 
upper recovery point can then be expressed as follows : 


f,H.+f,Hp»+-H.= H: Equation 3 


were f, and f, are the weight fractions of alpha and beta in the alloy, 
H, and H, are the equilibrium solubilities of hydrogen in the alpha and 
beta phase, H, is the amount of hydrogen in excess of the soluble amount 
just sufficient to produce some embrittlement, and H, is the total hydro- 
gen content in the alloy. ( All hydrogen contents expressed in parts per 
million). Substituting for H, using Equation 1 : 


f,Ha+f, A 10®/°+H.=H; Equation 4 


in this equation f,, fp, Ha, Hr, and T, (the upper recovery temperature ) 
can be measured. The three unknown factors are A and B, which 
represent the solubility of hydrogen in the beta phase, and Hy. By 
measuring f,, fy, H,, and T, at three different hydrogen levels (He), 
but at a constant strain rate, it should be possible to calculate both H, 
and H,. These measurements, and the calculation of H, and H,, formed 
the basis of the present study. 

Stabilized Ti-140A alloy (Ti-2 Mo-2 Fe-2 Cr) was selected for use 
in this investigation. Commercial 5<-inch diameter rod was obtained 
and hydrogenated in a Sieverts’ apparatus to 250, 375, and 750 ppm. A 
fourth sample of the as-received rod was vacuum annealed to give a 
hydrogen level of 20 ppm. The rods were then swaged to % inch 
diameter between 1400 °F and 1300 °F to produce an equiaxed alpha- 
beta microstructure, with the final 50% reduction being accomplished 
at 1300 °F. Following swaging, the rods were annealed at 1300 °F for 
1 hour, slowly cooled (5 °F per minute) to 1100 °F, held 2 hours, and 
air cooled. This procedure produced a fully stabilized structure. 

Standard 0.125-inch diameter tensile specimens were machined 
from the rods and tested at 0.005 inch per minute platen speed over a 
range of test temperatures. Complete data are given in Table 1. Hydro- 
genation at the 250 ppm level was conducted on two separate lots of 
material, as indicated in the Table. 
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Table I 
Tensile Properties of Hydrogen-Containing Ti-2Fe-2Cr-2Mo 
Tested at 0.005 Inch Per Minute 
Test Ultimate Tensile Reducti 
Temperature, °F Strength, psi 
20 ppm Hydrogen 
212 127,500 59 
70 147,100 S¢ 
0 145,900 5 
—58 169,200 5 
250 ppm Hydrogen 
Lot A 212 126,500 53 
Lot B 85 142,000 58 
Lot A 70 147,300 59 
Lot B 60 146,000 14 
Lot B 40 149,500 14 
Lot A 32 148,700 12 
Lot B 32 153,000 28 
Lot B 20 152,500 10 
Lot A 0 153,500 8 
Lot B —25 157,500 x 
Lot A —50 165,100 : 
Lot A —100 180,500 - 
375 ppm Hydrogen 
212 127,000 58 
125 139,500 54 
110 142,000 39 
100 141,000 44 
85 146,500 1 
75 144,000 
60 146,000 
0 153,500 
—100 8 
750 ppm Hydrogen 
250 123,000 ¢ 
200 130,000 5¢ 
190 131,200 59 
180 131,000 55 
170 134,000 54 
160 135,000 5 
150 136,000 16 
140 136,000 10 
130 139,500 1 
100 142,500 ) 
75 146,000 13 
Metallographic studies were made to determine the alpha and bet 


contents at each hydrogen level. The volume % of alpha and beta 
determined by lineal analysis are shown below: 


Hydrogen Content Volume % 
ppm Alpha Beta 
250 71.4 28.6 
375 64.1 35.9 
750 60.0 40.0 
By using the known density of Ti-140A (0.169 Ib/in*) and of unalloyed 


alpha titanium (0.163 Ib/in*) it was possible, by taking an averag 
alpha-beta ratio of 65:35, to calculate the density of the beta phase of 
Ti-140A (0.180 Ib/in®). This permitted the metallographic data to bi 
converted to weight fractions of alpha and beta, as given below 


Hydrogen Content 


ppm f. fp 
250 0.69 0.31 
375 0.62 0.38 


750 0.58 0.42 
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Fig. 3—Effect of Temperature on the Tensile Ductility of Hydrogen- 
Containing Ti-140A. 


A graphical presentation of the ductility (reduction in area) as a 
function of temperature is shown in Fig. 3. From this graph, the values 
of upper recovery temperatures (T,) for each hydrogen level (H¢) 
were determined, as follows: 


Hydrogen Content Upper Recovery Temperature 
oe 


ppm Rankine 
20 None None 
250 68 528 
375 116 576 
750 172 632 


The solubility of hydrogen in the alpha phase was obtained from Fig. 
1, the solubilities at 68 °F, 116°F, and 172 °F being 10 ppm, 24 ppm, 
and 52 ppm respectively. 

Using the above measured values of fy, fp, To, Hr, and Ha, three 


equations were written: 


7+ 0.31 A 10° + H» = 250 
15 + 0.38 A 10°" + H» = 375 
30 + 0.42 A 10° + Hy, = 750 


A solution of these three equations gave values for the three unknown 
factors of: 
4 =8 x 10’ ppm 


B = —3040 ° Rankine 
H. = 200 ppm 


from which: 


He 8x 10 x 10°"'T 
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Fig. 4—Solubility of Hydrogen in Unalloyed Beta Titanium 
and in the Beta Phase of Ti-140A. 


DISCUSSION OF RESULTS 

The validity of the explanation of the upper recovery point presented 
in this paper can be examined by determining if the calculated values of 
H, and H, are in agreement with other experimental or inferred results 

The solubility curves for the beta phase of Ti-140A determined it 
this investigation are compared with an extrapolated solubility curve 
for unalloyed beta titanium (5) in Fig. 4. It is apparent that the two 
curves are in good agreement, and that the deviation is in the expected 
direction. That is, the solubility of hydrogen in alloyed beta is greatet 
than in unalloyed beta. However, even in alloyed beta the solubility 
low at room temperature, approximately 140 ppm, while at 0 °F it is 
only 20 ppm. 

The value of H, should represent the minimum hydrogen content 
which can result in embrittlement of stabilized Ti-140A tested at 0.005 
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inch per minute, regardless of temperature (assuming the variation of 
H, with temperature is slight). On this basis, a value of 200 ppm is 
quite reasonable. H,, which is a measure of the amount of hydrogen 
necessary to cause embrittlement, would be expected to vary both with 
strain rate and the presence of notches. A fixed amount of hydrogen in 
excess of the equilibrium amount would be increasingly detrimental as 
strain rate decreased, since a more complete concentration of the avail- 
able amount of hydrogen at the most highly stressed areas would be 
possible, or as notches were introduced, since the number of highly 
stressed areas toward which the available hydrogen would tend to 
migrate would be reduced. Thus, the concept of supersaturation is 
capable of explaining the effects of strain rate and notches on the upper 
recovery point as well as the occurrence of an upper recovery point. 

The present study was not sufficiently detailed to permit an exact 
study of the variation of H, with either strain rate or notch severity. An 
estimation of the variation of H, with strain rate is possible using the 
data shown in Fig. 1, however. At 375 ppm, the upper recovery tem- 
peratures for test speeds of 0.5, 0.05, and 0.005 inch per minute are 
<75F, ~ 100 °F, and 116 °F, respectively. Using the alpha solubility 
data in Fig. 2 and the beta solubility data in Fig. 4, the respective values 
for H, at these three strain rates are > 302 ppm, ~ 231 ppm, and 200 
ppm. These results suggest that strain rate has a marked effect of He, 
which is in agreement with experience. 

The minimum hydrogen content which could result in embrittlement 
would be that calculated from Equation 3 assuming that H, is equal 
to zero. Such a condition might be approached in a severely notched 
specimen tested at a slow strain rate. The value of this minimum 
hydrogen level for embrittlement may be estimated from Figs. 2 and 4 
(using constant values for f, and f, of 0.70 and 0.30) to be: 


Temperature Minimum Hydrogen Level 
°F for Embrittlement 
75 60 
32 20 
0 8 
—40 2 


It is of interest that room temperature notched stress rupture tests of 
stabilized Ti-140A have shown embrittlement to occur between 100 and 
200 ppm (6), while indications of embrittlement have been observed in 
notch tensile tests of Ti-140A conducted at 10 °l* at hydrogen con- 
tents of < 60 ppm (7). 

In this discussion, temperature has been assumed to have very little 
effect on H,. This assumption has been necessary since it is not pos- 
sible to predict either the magnitude or the direction of any temperature 
effect on H,. Decreasing temperature, which would decrease the dif- 
fusion rate, might be expected to increase H,. However, it might also 
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be assumed that decreasing temperature, since it would render the alloy 
more susceptible to brittle failure, would decrease the amount of 
hydride necessary to cause embrittlement, thus decreasing H,. A third 
factor which may affect the value of H, is the ease of nucleating 
hydride, which would also be a function of temperature. However, the 
assumption that H, is relatively independent of temperature appears to 
have introduced no major errors into this study, probably because the 
temperature range examined was small. 

It can be concluded from this investigation that a theory of low strain 
rate hydrogen embrittlement of titanium which makes use of an as 
sumption of supersaturation of titanium by hydrogen, increasing as 
temperature decreases, can satisfactorily explain the upper recovery 
point. Moreover, the concept of a critical amount of hydrogen in ex 
cess of the soluble amount permits the effects of strain rate and notches 
on the upper ductility point to be rationalized. It should also be empha 
sized that this explanation carries with it the implication that loss of 
ductility is the result of precipitation (or incipient precipitatior 
hydride. 
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DIFFUSION OF OXYGEN IN ALPHA AND 
BETA TITANIUM 


By WititAM P. Roe, Howarp R. PALMER, AND WILLIAM R. OPIE 


Abstract 


Diffusivities of oxygen in alpha and beta titanium were 
determined throughout the temperature range of 700- 
1150°C (1290-2100 °F). An Arrhenium plot was shown 
and equations for the best straight lines by the method of 


least squares were: 
Dp_ri= 3.14 X 104e"/RT cm, 2/sec. 
Da_1i= 5.08 & 10> 3e-35/RT em, 2/sec. 


(ASM-SLA Classification: N1; Ti, O) 


HE SPEED with which oxygen moves in titanium and the effect 

of temperature on this rate is of importance to those attempting to 
make low oxygen metal from TiOse or from scrap titanium which has 
been contaminated with oxygen. Diffusion rates, even though approxi- 
mate, are also of value to fabricators of titanium who are attempting to 
avoid oxygen pickup by the metal during heat treatment. 

Although a considerable number of papers have appeared in the liter- 
ature in recent years relating to the oxidation of titanium, very few are 
concerned solely with diffusion studies. Alexander and Pidgeon (1) ' 
reported diffusion coefficients in the order of 10~‘cm.*/sec. for oxygen 
in alpha titanium at a temperature of approximately 500°C (930°F). 
Wasilewski and Kehl (2) recently determined the diffusivity of oxygen 
in beta titanium from 950-1414°C (1740-2580°F), developing the 
following equation : 


Dp-1 1.6e-™ * /ET Om */sec. 


Reynolds, Ogden, and Jaffee (3) studied the air contamination of com 
mercial titanium from 815-1149°C (1500-2100 °F), and developed 
the following diffusion equation : 


D = 2.03 x 10°e-*:*"/""cm.?/sec. 


These authors used microhardness tests as a measure of oxygen and 
nitrogen concentration. 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 

Of the authors, William P. Roe is associated with American Smelting & Re 
fining Research Laboratories, South Plainfield, New Jersey; How ard R. Palmer 
is associated with Titanium Metals Corporation of Americ: 1, Henderson, Nevada; 
and W. R. Opie is associated with National Lead Company, Titanium Division 
Research Laboratory, South Amboy, New Jersey. Manuscript received April 15. 
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EXPERIMENTAL PROBLEMS 
It became obvious in some preliminary experiments that a measure- 
ment of the oxygen diffusivity in beta titanium was complicated by the 
fact that oxygen raises the alpha to beta transformation temperature 


This and the differences in solubility and diffusivity of oxygen in alpha 
and beta titanium result in a zone of alpha titanium forming on the 
outer surface of a sample which is subjected to an oxidizing atmospher 


above 880°C (1615 °F). This alpha-beta boundary moves away from 
the surface as oxygen diffusion proceeds. Soon, the amount of oxygen 
absorbed by the specimen becomes dependent upon the combined 
diffusion of oxygen through alpha as well as beta titanium. The 
problem is further complicated by the effect of grain orientation 
on the diffusion rate, resulting in varying thickness of the alpha case. 
See Fig. 1. 

To sample such a system on a micro-basis and make oxygen analysis 
by vacuum fusion technique is exceedingly difficult. Fortunately, a 
linear relationship exists between hardness and oxygen content in the 
range of interest (5,6,7) so that microhardness values can be used in 
place of oxygen analyses in determining diffusivity coefficients 


EXPERIMENTAL PROCEDURES 


Samples used in the studies in which oxygen was diffused into 
titanium metal were cut from 4 inch diameter Ti75A bar stock analyz 
ing 0.09% oxygen, less than 0.1% nitrogen, and 0.01% hydrogen 
Cylinders for oxidation experiments were cut in 1 inch lengths, abraded 
with 3/0 emery paper, rinsed in acetone and dried. Individual 
were packed tightly in TiOz powder within a small, quartz combustion 
crucible. A somewhat similar technique of packing a metal in an oxide 
had been employed by others (4) to determine the diffusivity of oxygen 
in chromium. 

Oxidation was carried out after placing the crucible with sample ir 
a nickel bomb which was in turn welded to a nickel inlet tube for 
ing an argon atmosphere. Diffusion time was reckoned from thi 
moment of insertion into the furnace at the oxidation temperature until 
the bomb was water-quenched upon completion of the heating cycl 
Diffusion bars were then sectioned midway along the long axes, 


bars 


mounted, and the cut face polished and etched in preparation for metal 
lographic examination and microhardness testing. The latter was a 
complished by means of a Bergsman microhardness unit, employing a 
load of 25 grams for a duration of 15 seconds for all determinations 
Microhardness results as employed in the calculations represented 
values averaged from at least five indentations. Semi-quantitative 
analyses for the Ti75A bar stock and TiOz powder are included 
Table I. 


1960 DIFFUSION OF OXYGEN 193 





Table I 
Spectrographic Analysis of Ti75A and TiO: 


Metal Oxide 

Element Weight % Weight % 

Si 0.06 0.08 (SiOz) 

Fe 0.15 0.008 (Fe2O; 

Al 0.2 0.003 (AlsOs) 

Mg 0.02 0.0015 

Cb <0.01 0.01 

Cu 0.0008 0.0004 

Pb 0.001 0.01 

Mn 0.01-0.05 0.00005 

Ww 0.03 0.01 

V <0.002 0.001 

Cr 0.008 <0,.001 

Ni 0.01 <0.0005 

Mo <0.001 — 

Zr <0.001 — 

Sb <0.005 0.004 (Sb20;) 


Sn <0.001 0.002 (SnO+) 





Fig. 1—Titanium Specimen Showing Formation of Alpha Case. Such case formation is non- 
uniform depending upon orientation of individual grains. X 200, etch: HF-HNOs-glycerin. 


DETERMINATION OF DIFFUSIVITIES 


Calculations of diffusivities were based upon Fick’s law for non- 
steady state diffusion in an infinite cylinder. 

Since the area taken for microhardness testing represented a median 
cross section situated 14 inch from the ends of a bar having a radius of 








wn 
Nm 
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only % inch, it was reasonable to assume that end effects would be 
negligible. In addition, repeated microhardness tests of the interior of 
Ti75A bars gave constant values, indicating that specimens were of 
uniform composition prior to introducing oxygen. 

In general, the procedure required that microhardness measurements 
be made adjacent to the surface of the bar and at a known distance 
from the center of the bar, all measurements being read with a microm 
eter eyepiece. Microhardness values were then employed directly in 
place of oxygen concentration to determine diffusivities according to 
procedures adequately described in the literature (8). 


DIFFUSION IN BETA TITANIUM 

Specimens employed to determine the diffusivity of oxygen in beta 
titanium had been oxidized at temperatures of 930-1150°C (1705 
2100 °F) for times varying from 6-27 hours. Metallographic examina 
tions of all polished sections revealed an outer case of untransformed 
alpha titanium and a core of transformed alpha titanium, indicating 
that the metal immediately adjacent to the inside boundary of the case 
had been beta titanium in equilibrium with alpha titanium at the oxida 
tion temperature. Microhardness measurements were made along a1 
area which was formerly beta titanium. The locations of the surfac« 
indents were taken in the beta region immediately adjacent to the alpl 
beta interface, and the remaining microhardness indents were situated 


; 


toward the center of the sample in a row parallel to that of the surface 


indents. 
Results have been included in Fig. 2, and an Arrhenius-type equa 
tion, D= Ae~®/®", was developed. This was found to be: 


Da - 11 = 3.14 x 10" "cm.*/sec 


The results of experiments in which oxygen was diffused into beta 
titanium were compared with measurements of the rate of diffusion of 
oxygen out of 1.2 cm. cubes of titanium metal which were about one-half 
submerged in calcium metal. The procedure consisted of employing 
nickel bomb with a purified argon atmosphere at 1000, 1100, and 
1170 °C (1830, 2010 and 2140 °F). One additional run was made at 


850°C (1560°F) in alpha titanium. The calcium was contained in a 


1 


titanium crucible inside of a tantalum crucible, all within the nick« 


bomb. The titanium specimens originally contained 0.43% oxygen, and 


had been cut from % inch plate. It was theorized that the calcium meta 
would continually strip oxygen from the surface of the titanium dow: 
to the equilibrium amount of oxygen which could exist in the presenc: 
of calcium (9), thereby promoting diffusion outward toward the sur 
face. 

The calcium used was 98+% pure, but contained some nitroget 
which hardened the surface of the titanium specimens. Therefor 
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Fig. 2—Diffusivity of Oxygen in Alpha and Beta Titanium 


was necessary to extrapolate the microhardness contours to the sur- 
face in order to obtain a more realistic surface hardness. 

Mathematical treatment was similar to that used for determining in- 
ward diffusion rates. However, the present determinations were com- 
plicated by specimens of “finite” length and nitrogen contamination of 
the surface such that boundary conditions were not well controlled, 
making these results less reliable than those obtained from inward oxi- 
dation studies. Diffusivities are compared with inward values in Fig. 2. 
There is sufficient scatter about the line previously established to offer 
a fair degree of confirmation. 

As a further comparison of the diffusivity data, samples of % inch 
and % inch titanium sheets containing 0.30% and 0.36% oxygen were 
deoxidized with calcium at 1100°C (2010°F) for various times. 
Oxygen analyses were made before and after deoxidation by the vacuum 
, inch square cut from the center of the orig- 


fusion method on pieces ! 
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Table II 
Comparison of Calculated and Observed Percent Oxygen Removal! 
from Titanium at 1100°C (2010°P) 


Sheet Time % Oxygen % Oxygen Removed 


Thickness Hours Before Deox After Deox Actual* Predicted 
4 in. 16.0 0.30 0.22 35— 40** 53 
\ in. 30.0 0.30 0.13 74— 85 70 
\% in. 56.0 0.30 0.06 104-120 90 
¥g in. 3.5 0.36 0.27 31— 35 50 
\% in 7.6 0.36 0.13 79- 89 79 
\y in. 15.75 0.36 0.09 93-100 93 
*First value based on a reported ®) equilibrium figure of 0.07 for oxygen contained in titanium in 


presence of calcium, the second on a value of 0.10 obtained during the course of these experiments 
** Values were determined as illustrated: 
0.30 —0.22 


00 =40% 
0.30 —0 19 *100 40% 


inal 34 inch sample squares. Using the diffusion rate for oxygen in 
beta titanium at 1100°C (2010°F), predictions were made of the 
oxygen which would be removed by treatment with calcium. Results 
are shown in Table Ii. Considering the limitations imposed by analytical 
uncertainties and sample sheets of “finite” length, final results were 
considered to be in fair agreement. 


DIFFUSION IN ALPHA TITANIUM 

In contrast to beta titanium samples, grain growth and case formation 
were not observed on bars oxidized below the alpha-beta transformation 
temperature even though diffusion times up to 117 hours were em 
ployed. This situation was to be expected since the existence of a stable, 
single phase, alpha titanium matrix having a high solubility for oxygen 
would preclude the development of a case as such. Actually, surfaces of 
alpha titanium diffusion bars were considered to be completely satu 
rated with oxygen. From the Ti-O phase diagram (7) this solid solution 
should be nonvariant with respect to concentration throughout the 
temperature range investigated. Constant surface hardnesses of samples 
oxidized from 700-850 °C (1290-1560 °F) indicated this to be true 

The equation for the best straight line by the method of least squares 
was as follows: 


D =ari~5.08 « 10°%e*™"’®™cm.?/sec. 


Results have been plotted in Fig. 2. Although of questionable signif 
icance, it was of interest to note that an extrapolation of the two lines 
established for diffusion rates in alpha and beta titanium would lead t 
an intersection at 875 °C (1605 °F), which is approximately the tem 
perature of the alpha-beta transformation. 


DiscUSSION 
Diffusivities presented from this study should only be accepted as 


semi-quantitative values. The data did not permit a determination of 
the concentration dependence of diffusion rates, nor was it possible to 





Nm 
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evaluate the effects of impurities, grain boundary diffusion, and pre- 
ferred orientation. An extrapolation of alpha titanium diffusion rates to 
higher temperatures indicated that diffusion in alpha titanium would 
be slower than in beta titanium. This would be expected on the basis of 
an appreciably lower solubility of oxygen in beta titanium, leading to 
more rapid diffusion. However, the reversal of this effect at low temper- 
atures is difficult to understand. At least one author (10) considers 
oxygen to be a special case due to its strongly electronegative character, 
resulting in diffusion which may be partly substitutional and partly 
interstitial. This explanation may account for anomalies in the titanium- 
oxygen system, but at the present time it can only be offered as specula- 
tion. 

Although the equation developed for the diffusivity of oxygen in 
beta titanium differed from that of Wasilewski and Kehl (2), it was 
of interest to compare actual diffusion rates. These were found to be 
practically identical at 900°C (1650°F), and to diverge as temper- 
atures increased. It is possible that oxygen analyses of peripheral turn- 
ings from the surface, as carried out by those authors (2) reflected 
contamination from remnants of the outer alpha titanium case contain- 
ing a relatively high oxygen concentration. This would lead to relatively 
lower values for diffusivity, with the error increasing in proportion to 
temperature as a result of greater case formation at higher temperatures. 

In general, the authors believe that any explanations set forth at this 
time are highly speculative, especially in view of the questionable 
manner of oxygen diffusion and the anisotropic effects known to exist 
in alpha titanium. It would seem much more reasonable to await further 
studies and clarifications before attempting to assess in a rigorous 
fashion any particular diffusion equation for the titanium-oxygen sys- 
tem. 

SUMMARY 

Diffusivities of oxygen in alpha and beta titanium were determined 
using microhardness data as measures of oxygen content for Ti75A 
cylinders oxidized in TiOg powder at temperatures of 700-1150 °C 
(1290-2100 °F). 

Plots of log D (diffusivity) versus 1/T gave straight lines of slope E, 
the energy of activation of diffusion. These energies were found to be: 


Es - 11 = 68700 cal./mol. 
E. - tr: = 33500 cal./mol. 
Diffusion equations for the best straight lines by the method of least 
squares were: 
Ds - 11 = 3.14 & 10°e ®™”’**cm.?/sec 


ri = 5.08 x 10%e"’®"cm.?/sec. 
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The diffusivity data obtained have been checked against actual deoxi 
dation experiments and have been in fair agreement. 
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DISCUSSION 


Written Discussion: By J. Gordon Parr, professor of Metallurgy University 
of Alberta, Edmonton, Alberta, Canada. 

The activation energies of oxygen diffusion may have the following impli 
tions : the value of 68,700 cals per mole in beta titanium is almost as high as the 
assumed value for the activation energy of self-diffusion of titanium. (A value of 
approximately 80,000 cals per mole can be assessed from the melting point of 
beta titanium). This perhaps implies the substitutional position of the oxyget 
atoms, and, in turn, a substitutional movement of titanium atoms to accommodate 
the diffusion of the oxygen. 

The activation energy of self-diffusion in alpha titanium is probably only a littl 
lower than that in beta titanium (for Kaufman has calculated a melting tempera 
ture of 1670 °C for alpha). However, the activation energy of oxygen diffusion i 
apparently very much lower in the alpha form, implying, perhaps, interstitial dif 
fusion of oxygen atoms. This possibility is, perhaps, substantiated by the fact that 
the octahedral holes in alpha titanium are about 40% larger than the holes in the 


beta structure 
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Written Discussion: By Owen M. Katz and E. A. Gulbransen, Westinghouse 
Electric Corporation, Research Laboratories, Pittsburgh. 

The authors have presented an interesting paper concerning the important field 
of gaseous diffusion in metals. However, when a fundamental quantity such as the 
diffusion coefficient is obtained, it is prudent to give specific details as to the ex- 
perimental variables involved. Since there are some discrepancies with published 
values of D.*™', a few representative curves of microhardness values versus pene- 
tration are worthy of publication. The condition of the titanium before the dif 
fusion anneal is also important. 

One finds that it would be nice to see a plot of Bergsman hardness values versus 
oxygen content since the literature (6) shows a nonlinear plot of Vickers hard 
ness versus oxygen content in thoroughly annealed, untransformed, alpha titanium. 
The question then arises as to whether the hardness versus % oxygen relation- 
ship applies to the structure of transformed aTi-0 solutions. In addition, the 
0.1 W/e nitrogen in Ti75A alloys can have a nonadditive effect on hardness such 
that different percentage oxygen alloys are affected differently. 

It is of interest to speculate on the explanation of the qualitative plot of log D vs. 
1/T in Fig. 2. Comparison of interstitial diffusion rates through different phases 
of the same material is conveniently done by an analysis of crystal structures. The 
diffusion of oxygen through the “open” body-centered cubic, beta titanium struc- 
ture would be faster than through the more close-packed hexagonal, alpha lattice ; 
and such is the case at high temperatures. At low temperatures the anomaly of 
slower diffusion through STi, if it could exist, may be partially explicable by con- 
sidering the thermal expansion and lattice expansion on oxygen additions of alpha 
titanium. Both of these quantities are anisotropic with the larger effect in the C 
direction of the crystal. Thermal expansion levels off, becoming constant around 
the transformation point,* while the C axis of the crystal continues to increase 
with oxygen additions up to 15 W/o (7). If the thermal expansion counteracted 
the oxygen expansivity as to make oxygen diffusion in the alpha lattice com- 
paratively easy, D.*™' may be smaller than D,°*' at low temperatures. As the 
temperature is raised, this effect becomes negligible since the rate of change of the 
expansion coefficient becomes negligible. This effect is most feasible in the dilute 


oxygen range where you are most likely working 


Authors’ Reply 

The authors appreciate the comments and suggestions offered by Messrs. Katz, 
Gulbransen, and Parr 

Addition of pertinent data to the paper will clarify some of the questions raised. 
Actually, the analysis of the original Ti 75A bar stock should have been given as 
0.002% nitrogen. Data are also given for fully annealed specimens in Fig. 3 of 
this reply that show an approximate linear relationship between hardness and 
oxygen content. Values shown in Fig. 3 apply in general to the range of values 
encountered in the beta-titanium diffusion studies. Surface hardness values were 
higher in the alpha-titanium studies such that deviations from linearity would be 
more pronounced 

Comments by these contributors on the nature of oxygen diffusion are cer- 
tainly of interest as possible explanations for the different equations developed 


for diffusivity in alpha and beta titanium. 


* McQuillan and McQuillan; Titanium. Academic Press, N. Y. 1956, p. 144. 
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KINETICS OF DECOMPOSITION OF ALPHA 
PRIME IN A TITANIUM-COPPER ALLOY 


By Mario P. Gomez AND D. H. Potonts 


Abstract 


In the present study the authors have been motivated by 
the acute need for fundamental information on the kinetics 
of decomposition of metastable phases in alloy systems. 
Most of the previous fundamental studies have been con- 
ducted on iron-carbon alloys with very limited work re- 
ported on nonferrous systems exhibiting similar alloying 
behavior. 

This paper deals with the decomposition kinetics of trans- 
formed beta (alpha prime) in a titanium copper alloy. The 
objective of the study has been to attempt a correlation be- 
tween measured activation energies, crystallographic proc- 
esses and microstructures. (ASM-SLA Classification: N6; 
Ti-b, Cu) 


INTRODUCTION 


HE KINETICS of decomposition of transformed 8 phase in 

titanium alloys has been studied for the Ti-Ni system by Polonis 
and Parr (1,2)! and for the Ti-V system by Brotzen, Harmon and 
Troiano (3). Polonis and Parr used a quantitative x-ray method to 
study the decomposition of a’ in a 6 atomic % nickel alloy of titanium. 
They found that the reaction a’—a-+ TigNi involved an activation 
energy of 84000 cal/mole. Microstructural studies suggested that the 
phase TizNi developed in platelet form at the boundary between a’ 
crystals during tempering at 450 to 525°C (840 to 975°F) and in 
spheroidal form at higher tempering temperatures. The rate controlling 
mechanism was suggested to be the self-diffusion of titanium on the 
basis of the measured activation energy. Brotzen, et al. (3) studied the 
decomposition of a’ in Ti-V alloys by measuring changes of electrical 
resistance during tempering and determining from this the correspond- 
ing amount of decomposition. They reported an activation energy of 
15000 cal/mole for the tempering reaction a’—a-+ 8. It should be 
mentioned that Brotzen, et al. reported their activation energy on the 
basis of a specific rate constant having units time™*! where the constant 
m was found to be —0.65 in their work. For purposes of comparison 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959 
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with other rate processes it has been pointed out by Zener (4) that the 
specific rate constant must be expressed in units time~!. On this basis, 
the activation energy for the Ti-V tempering process would be approxi- 
mately 44500 cal/mole. This value appears to be of the expected order 
of magnitude for the activation energy of diffusion of Vanadium in 
either alpha or beta titanium which could be the rate controlling process 
in the reaction. 

Swann and Parr (5) have studied the decomposition of retained 
Bina 10% cobalt alloy of titanium by means of quantitative x-ray work 
They have reported an activation energy of 50000 cal/mole for the re 
action 8B—a-+- TisCo. Microstructural studies and the value of the 
shape coefficient, suggested that TigCo forms in a lamellar or pearlitic 
distribution during tempering at 450 and 475°C (840 and 885 °F) 
and in spheroidal shapes at higher temperatures. 

In the present study a titanium-copper alloy of eutectoid composition 
(7% copper) was selected for investigation. Previous work on the 
Ti-Cu system has been limited to the phase diagram determination by 
Joukainen, et al. (6) and the effects of heat treatment on mechanical 
properties reported by Holden, et al. (7). The phase diagram shows a 
eutectoid reaction at 7.1% copper and 790°C (1455°F). The max 
imum solubility of copper in a titanium was reported to be 1.2 atomic 
% (1.6 wt. %) copper by McQuillan (8). The eutectoid reaction in 
volves the decomposition of 8 (body-centered cubic) to form a 
TigCu. Holden, et al. (7) reported that when the Ti-Cu eutectoid alloy 
is quenched from the £ field it transforms completely to alpha prime 
which is generally considered to be a martensitic or diffusionless reac 
tion. No retained 8 could be detected by either x-ray diffraction or 
metallographic studies. The work of Holden, et al. also suggested that 
the decomposition of alpha prime in this system proceeds at fairly 
rapid rates at temperatures as low as 500 °C (930°F). 

The decomposition of alpha prime in Ti-Cu alloys should involve the 
ultimate formation of a-+ TigCu on the basis of the reported phase 
diagram. In their work on the heat treatment of Ti-Cu alloys Holden, 
et al. were concerned primarily with the variation of mechanical prop 
erties with heat treatment. They reported the changes in hardness and 
tensile properties during tempering at temperatures ranging from 400 
to 790 °C (750 to 1455 °F) for periods up to 16 hours. Holden, et al 
observed that the acicular structure of the quenched alloy was not com 
pletely destroyed during tempering. Spheroidal structures which are 
normally developed in steels by long time tempering treatments and 
high tempering temperatures, were not observed in Ti-Cu alloys afte: 
tempering. The presence of a nodular eutectoid in some of their 
quenched alloys was attributed to insufficiently rapid quenching. The 
M, temperature of the 7% copper alloy was reported to be an undeter 
mined temperature below 700°C (1290°F). 
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Bunshah and Margolin (9) studied the microstructures and me- 
chanical properties of Ti-Cu-Al and Ti-Cu-Al-Sn alloys after quench- 
ing and tempering. Acording to these workers some £8 was retained 
after quenching from the £ field and omega phase formed during sub- 
sequent tempering treatments at temperatures between 300 and 500°C 
(570 and 930 °F). They based their conclusions largely on the anom- 
alous mechanical properties obtained after heat treatment. For heat 
treatment above 500°C (930°F) the increase in hardness and low 
ductility were attributed to the precipitation of the intermetallic com- 
pound TigCu along the martensite plate interfaces. Their conclusion 
agreed with the mechanism proposed by Polonis and Parr (1) for pre- 
cipitation of TigNi in Ti-Ni alloys. 

EXPERIMENTAL PROCEDURES 

The Ti-Cu alloys used in this investigation were supplied with 
chemical analyses by the Metals Research Laboratories, Union Carbide 
Metals Company. Four 25 gram buttons of the seven weight % copper 
alloy were prepared separately by arc melting in a nonconsumable 
electrode button furnace. The four buttons were then blended together 
by arc melting them in a bar mold to produce a shape suitable for roll- 
ing. 

The bar shaped ingot was vacuum annealed for six hours at 850°C 
(1560 °F) to effuse any hydrogen. Chemical analysis of the ingot re- 
vealed 0.07 oxygen, less than 0.01 nitrogen and 27 pp m hydrogen. 

Rod specimens were prepared for electrical resistance measurements 
by hot rolling the 100 gram bar ingot to 1/4-inch diameter rod at 900 °C 
(1650 °F). After the rolling operation the alloy rods were cleaned by 
grit blasting. Resistivity specimens of 3/16-inch diameter were then 
machined from the 1/4-inch diameter rod. The light surface oxidation 
and any oxygen contaminated layer at the surface of the rods caused 
by the hot working operation were removed by the cleaning and ma- 
chining. Specimens for heat treatment and metallographic study were 
cut to small cube shapes approximately 1/8-inch on edge. 

Heat treatments in the 8 phase field prior to quenching were carried 
out in evacuated vycor capsules (vacuum better than 10 mm). 
Quenching was accomplished satisfactorily by rapidly transferring 
specimens from a furnace to the quench bath and simultaneously smash- 
ing the capsules in contact with the quenching medium. Lower tem- 
perature heat treatments (below 550°C) for tempering the quenched 
specimens were performed in neutral salt baths. In order to check for 
any possible contamination during heat treatment in molten salt, sev 
eral specimens of annealed iodide titanium were held in a salt bath at 
500 °C (930 °F) for periods up to 144 hours. The Vickers hardness of 
the titanium remained essentially unchanged as a result of the heat 
treatment, thus indicating no significant contamination by interstitial 








204 TRANSACTIONS OF THE ASM l. 52 


oxygen or nitrogen. The use of neutral salt for heat treatment of alloy 
specimens was therefore considered satisfactory for temperatures up to 
550°C (1020 °F). 

The hardness changes during tempering of quenched specimens were 
measured by means of a Kentron microhardness tester. The electrical 
resistances of the rod specimens were measured by means of a Kelvin 
Double Bridge and a Leeds and Northrup Galvanometer described by 
Roberts and Polonis (10). 

Resistance of specimens was measured between two tungsten carbide 
knife edges 1-1/2 inches apart. The specific resistivity in micro-ohm 
inches was calculated from the formula 


p=@?.R.1/4L=0.5236 d? R 


where d is the specimen diameter 
R is the measured resistance. 


The electrical resistance changes during tempering were followed by 
interrupting the tempering process after a time interval at temperature, 
quenching the specimens and measuring the resistance at room temper 
ature. The total tempering time involved a number of interrupte 
periods for each specimen. Preliminary studies revealed that the re 
sults obtained by this interrupted heat treatment were identical to those 
obtained by carrying out uninterrupted tempering for the same tota 
time. 

The resistance specimens were abraded with fine emery paper to re 
move any adhering salt or surface oxide prior to measuring the el 
cal resistance. A thin oxide film was observed to form as a result 
water quenching and this was easily removed by the cleaning opera 
tion. Specimen diameters were measured with a micrometer at 6-10 
different positions (to + 0.0001 inch) and the average value was used 
in calculating the specific resistivity. 

Tempering times were accurate within ten seconds. The salt batl 
temperatures were held to + 3 °C of the reported temperature. In all 
cases the electrical resistance values were corrected to 28°C and were 
reproducible to better than one part in one thousand 


EXPERIMENTAL RESULTS 


Hardness and Metallographic Studies 


A specimen of the 7% copper alloy was slowly cooled from the 6 
phase field and the microstructure revealed a well-developed lamellar 
eutectoid structure similar to that of pearlitic steels (Fig. 1 he 
lamellar eutectoid constituent was not evident in the microstructures 


reported by Holden, et al.; however, Fig. 1 was taken at * 2000 as 
compared with 250 reported by the previous workers whicl 
count for the difference in appearance. 


<— 3 


o 
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Fig. 1—Eutectoid Structure—Specimen Slowly Cooled From the 6 Range and Held at 


785 °C (1445 °F) for 2 Hours. Etched with 10% NaF dissolved in 
HCl. x 2000 

Fig. 2—Martensitic Structure—Specimen Quenched in Water After 

30 Minutes at 925 °C (1695 °F). Etched with 10% NaF dissolved in 
HCl. x 150. 

Fig. 3—Martensitic Structure—Specimen Quenched in Water After 

30 Minutes at 925 °C (1695 °F). Etched with 10% NaF dissolved in 
= x 2000 


Fig. 4—Tempered Structure—Specimen Tempered for 1 Hour in Net 
500 °C (930 °F). Etched with 10% NaF dissolved in 80% HzO + 


80% HzO + 20% 


Heat Treated for 
80% Hs0 + 20% 


Heat Treated for 
80% HzO + 20% 


itral Salt Bath at 


20% HCl. x 150. 
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Figs. 2 and 3 show representative microstructures of the eutectoid 
alloy after quenching from the 8 field. The martensitic structure is well 
defined and the regular geometric shear pattern is particularly evident 
in Fig. 3 at 2000. The traces of alpha prime needles form almost 
perfect equilateral triangles in the surface of the specimen. In Fig. 2 
the former 8 grain boundaries are clearly outlined ; x-ray diffraction 
studies by means of a diffractometer and specimen spinner failed to 
reveal any retained 8 or TigCu. Figs. 4 to 6 show how the microstruc- 
ture of alpha prime is affected by tempering at 500°C (930°F) for 
various periods of time. The initial reaction appears to occur at the 
former 8 grain boundaries (Fig. 4). With prolonged tempering the 
boundary reaction proceeds to a limit (Figs. 5 and 6) after which 
there is no apparent change of the width of the reacted boundary band 
Evidence of decomposition is microscopically visible in regions toward 
the center of the former 8 grains after 144 hours at 500°C (930°F) 
This decomposition reaction away from the boundary network could be 
clearly resolved only at higher magnification as shown in Fig. 7. This 
structure shows how the martensite plates have become more diffuse 
with tempering and although there is no definite precipitation observ 
able, the structure does show evidence of martensite breakdown 

Fig. 8 shows the microstructure of the decomposed boundary region 
after four hours at 500 °C (930°F). The former 8 boundary appears 
very sharp and the over-all structure of the matrix, although not clearly 
defined, does not appear to be a single phase. Fig. 8, therefore, sug 
gests that the reaction product in the boundary region is most likely a 
dispersion of a+ TisCu rather than only TieCu. Polarized light ex 
amination was attempted without any advantage in interpreting the 
structure of the boundary network. Additional work involving electron 
microscopy and special specimen preparation is planned for this prob 
lem. The predominance of the decomposition of alpha prime at th 
former boundaries appeared to be insensitive to tempering temperatur 
in the range 400-500 °C (750-930 °F). 

The changes of microhardness during tempering at 500 and 550 °( 
(930 and 1020 °F) were measured within the former 8 grains so that 
the readings would not be influenced by the more rapid decomposition 
near the boundaries. The results are shown plotted in Fig. 9 and while 
data for two temperatures may not be enough to generalize, the fol 
lowing should be noted: (i) with a higher tempering temperature the 
decomposition proceeds at a faster rate, (ii) with higher tempering 
temperature the final values of hardness are lower, (iii) an initial in 
crease in hardness occurs, and longer times are required to reach the 
maximum at lower tempering temperatures. The microhardness in the 
decomposed boundary network was found to be approximately 200 
V P N for tempering at 500 and 550°C (930 and 1020°F). TI 
value is considerably lower than the 250 V P N value measured away 
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Fig. 5—Tempered Structure—Specimen Tempered for 4 Hours in Neutral Salt Bath at 
500 °C (930 °F). Etched with 10% NaF dissolved in 80% HsO + 20% HCl. X 150. 
Fig. 6—Tempered Structure—Specimen Tempered for 144 Hours in Neutral Salt Bath at 
500 °C (930 °F). Etched with 10% NaF dissolved in 80% H2O + 20% HCl. xX 150. 
Fig. 7—Breakdown of Martensite Plates During Lg mg for 144 Hours at 500 °C 


(930 °F). Etched with 10% NaF dissolved in 80% H2O0 + 20% HCl. X 2000 
Fig. 8—Prior 8 Grain Boundary Reaction Products After 4 Hours at 500 °C (930 °F). 
Etched with 10% NaF dissolved in 80% HsO + 20% HCl. x 2000. 
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Fig. 9—Changes of Microhardness During Tempering. Values Measur 
Within the Prior 8 Grains 
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Fig. 1 Variation of Relative Resistivity With Tempering Time 


300 minutes only) 


from the boundary band after 144 hours tempering at 550° 
(1020 °F). 
Electrical Resistance Results 
Rod specimens for electrical resistivity studies were encapsulated 
heat treated at 925 °C (1695 °F) for 30 minutes and quenched in water 
at 20 °C. This heat treatment in the 8 range was found to be satisfac 
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Fig. 11—Variation in Relative Resistivity With Tempering Time. 


tory on the basis of preliminary checks involving various soaking 
times and temperatures. The electrical resistance of the specimens was 
found to be sensitive to any delays in the quenching operation, but 
consistent p values for all specimens were obtained by quenching them 
individually and repeating the treatment if the quench was not suf- 
ficiently rapid. 

The quenched resistivity bars were heat treated at a series of temper- 
atures ranging from 400-500 °C (750-930 °F) in order to study the 
decomposition of martensite. Fig. 10 shows the variation of electrical 
resistivity with tempering time for five temperatures in the range 400- 
500 °C. The electrical resistivity has been plotted as the ratio p X 100/p, 
where p, is the highest initial resistivity of the quenched specimens 
(43.72y0-in) and p is the resistivity of the specimen after a specific 
tempering period. Fig. 11 shows the ratio p X100/p, plotted against 
log time and it should be noted that there is a marked deviation from 
linearity of this curve where p X 100/p, is approximately 67. 

The variation in the electrical resistivity has been used to evaluate 
the fraction of decomposition of martensite as follows: 

f{(t)= % decomposition = (po— p) / (p 


where p= the resistivity after a specific tempering period 
p= the final resistivity achieved when the tempering is complete* 
po= the initial resistivity in the quenched conditior 


The validity of the method of assessing the fraction decomposed 
depends on the assumption that the electrical resistivity is a linear 


* Extrapolation of resistivity curves in Fig. 11 suggested that the value of pr would be 
almost the same for each tempering temperature. Small variations in pr do not affect the values 
of f(t) except toward the end of the reaction. 
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function of the decomposed fraction. It has been pointed out by Geisler 
(17) that electrical resistivity is more sensitive to solute depletion than 
to any other physical change, in a supersaturated solid solution. Geisler 
also believed that rate of change in resistivity could be correlated with 
rates of processes that involve solute depletion in the matrices. During 
the early stage of reaction the determination of f(t) would not be a 
simple function of resistivity due to formation of any pre-precipitates 
which may affect the resistance values. However, it is reasonable to 
expect that during most of the tempering process the decrease of re 
sistivity would be due to solute depletion in the alpha prime and to the 
formation of a network of a + TigCu around grain boundaries of prior 
B. A plot of f(t) versus log time is shown in Fig. 12. 


DISCUSSION OF RESULTS 


From the hardness and microstructural studies it appears that two 
different reactions compete during the tempering of a’. One reaction 
involves relatively rapid decomposition of a’ at former 8 grain bound 
aries; the second reaction involves precipitation within the prior 8 
grains and this process exhibits similar characteristics to a precipitation 
hardening reaction. 

The irregularity of atomic arrangement is expected to be greater at 
former 8 grain boundaries which act as a barrier to the propagation of 
a prime plates from the parent 8 phase. The high degree of crystal 
lographic irregularity at these boundaries is due to both the normal 
misfit between 8 grains plus the misfit associated with martensite plate 
interfaces and elastic strains * set up due to the arrest of martensite 


* Though it has not been observed, it is possible that in some places the strains may be 
the plastic region 
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plate propagation at the 8 boundaries. Consequently the 8 boundary 
regions become zones of high elastic distortion and atomic irregularity 
where precipitation can occur with extremely fast nucleation and 
growth. 

Many favorable sites for nucleation exist within the transformed B 
due to the extremely large interfacial area associated with martensite 
plates. During the early stages of tempering Ti2Cu precipitates 
probably develop coherently with the alpha prime phase. This co- 
herency stage results in a corresponding increase in hardness within 
former B grains. When the surface-to-volume ratio is sufficiently small 
(i.e, when the precipitate involves a sufficiently large number of 
atoms) the precipitate is able to grow incoherently, resulting in for- 
mation of a definite interface. The relaxation of coherency strains may 
result in a progressive decrease in hardness with further tempering as 
indicated by the curves of Fig. 9. 

The fractional decomposition of a’ was calculated from the electrical 
resistivity values for each of the tempering times and temperatures. 
These data were carefully analyzed in order to determine the type of 
kinetic behavior which most closely describes the decomposition re- 
action. Of several reaction equations which were applied to the data, 
the Cohen equation (11) and the log autocatalytic equation described 
by Austin and Rickett (12), were applied with some success. 

The log autocatalytic reaction has been discussed for the decompo- 
sition of austenite in steels (12) and for precipitation hardening re- 
actions (13,14). The equation for this type of kinetic reaction is as 
follows : 


log {f(t)/{I—f(t)]} =k log t+C Equation 1 
where {(t)=fraction transformed 
k= rate constant 
t= time 


C=constant 

Austin and Rickett demonstrated that a plot of f(t) versus log t on 
log probability paper should yield a straight line if a particular reaction 
is to conform to log autocatalytic behavior. This is a useful relation to 
use in determining fairly quickly whether a reaction is of the auto- 
catalytic type. Such a plot was made for the fraction transformed 
during tempering of the TiCu alloy at 400, 425, 450, and 475 °C (750, 
795, 840 and 885°F). The reaction at each temperature yielded 
straight lines up to 60% transformation with all lines exhibiting the 
same slope. The only points which failed to conform to linearity below 
60% transformation corresponded to very short tempering times for 
which the specimen heating times were very influential. The curves 
through data points for greater than 60% transformation also showed 
straight parallel plots but these had a different slope to the earlier stage 
of the reaction. Above 80% transformation it is difficult to draw 
reliable conclusions since the log t-probability plot at high and low 
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Fig. 13—Plot of f(t) Using Log-Autocatalytic Equation 


per cents does not correspond very well with a log autocatalytic func 
tion. The alpha prime decomposition at 497°C follows a similar 
trend to that at lower temperatures but the slopes are slightly different 

Fig. 13 shows an actual log autocatalytic plot in which log {f(t) /[I- 
f(t) ]} is plotted against log t in accordance with equation 1. The curve 
for each temperature is linear up to 60% transformation. For f(t)> 
60% the curves deviate from a straight line and show increasing values 
of the slope d [log{f(t)/[1-f(t)}] d log t with increasing time. The 
deviation from linearity is not consistent, as indicated by the curve for 
450 °C.* On the basis of the curves in Fig. 13, it appears that the log 
autocatalytic equation should describe quite accurately the kinetics of 
tempering for f(t) <<60%. 

The decomposition of alpha prime in the Ti-Ni and Ti-V systems 
was reported (1,3) to follow a kinetic rate equation similar to that ap- 
plied to the first stage of tempering in steels by Cohen (15). 

f(t)=1—exp (—kt®) Equation 2 


which yields is 
d f(t)/dt=knt®™'e*t =k n t®~' (I—f) Equation 3 


where f(t)= fraction of transformation 
k and n are constants for the reaction and (n k) may be considered 
as a form of rate constant and was designated K by Cohen 


If logarithims are taken in Equation 2 


log log [1/1—f(t)] = logy [k/2.3]-+n logio t Equation 4 
=logio [K/2.3n]+-n logio t 


Previous workers (Zener (4,16), Polonis and Parr (1) ) have shown 
that k in Equation 4 is a rate constant of dimensions (time)~* 


* This is mainly due to the choice of pr (see previous footnote). 
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Fig. 14—Plot of f(t) Using Cohen Equation. 


In evaluation of activation energies for comparison with other 
kinetic processes the exponent of time in the dimension of the rate 
constant should be minus one. Consequently, if the Arrhenius re- 
lationship is applied by using the rate constant it is necessary to plot 
(1/n) log (K/2.3n) versus 1/temp. to determine the activation energy. 
However, from a practical standpoint it is more convenient to plot log 
time for a specific fraction of transformation versus |/temp. to di- 
rectly determine the activation energy. These two methods have been 
discussed previously (1). 

The factor n is a constant for a particular precipitation process and 
has been related by Zener (4) to the shape of precipitates forming 
during a decomposition reaction. 

Fig. 14 shows the curves obtained when the data of the present work 
are plotted on the basis of the Cohen equation. The graph shows log 
log {1/[l-f(t) ]} plotted against log time in accordance with Equation 4. 
A linear plot for these variables indicates conformity to the Cohen 
equation. The slope of the curve for each temperature yields a value of 
n, described as the shape coefficient by Zener. Also the intercept log 
t =0 yields the value of log K/2.3n from which the rate constant K 
(units time) can be evaluated. The details of this argument have been 
discussed in a previous paper (1). 

The curves in Fig. 14 appear linear over a wide range of decompo- 
sition, particularly during advanced stages of the reaction. The Cohen 
equation appears to yield a better description of the kinetics for f(t) > 
60% than does the log autocatalytic relation. As a first approximation 
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Fig. 14 appears to represent the over-all reaction more satisfactorily 
than the log autocatalytic plot (Fig. 17). However, the results of the 
five temperatures for a given amount of transformation are correlated 
much better by the log autocatalytic curves below 60% decomposition 

The activation energy for the tempering reaction was determined 
from an Arrhenius type plot of log t against 1/T°® (reciprocal of 
tempering temperature in °K) for a specific amount of transformation 
Fig. 15 shows such a plot for 50% transformation of a’. The times 


necessary for 50% transformation at each temperature were obtained 
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Fig. 15——-Determination of the Activation Energy 


from the log autocatalytic curve (Fig. 13). The plot of Fig. 15 yields 
a line which according to kinetic theory has a slope Q/2.3R where Q 
is the activation energy for the process. The activation energy deter 
mined from Fig. 15 for the tempering of a’ is 45000 cal/mole. 

The activation energy value determined for the present data on the 
basis of the Cohen type relation was also found to be 45000 cal/mole. 
On the basis of both of these kinetic analyses, it appears that the acti 
vation energy for decomposition of a prime remains fairly constant 
throughout most of the reaction (i.e., for f(t) < 90%). 

The following Table lists the shape coefficient values n for each 
tempering temperature as determined from the slope of each curve of 
Fig. 14. 


Temp °C n 
400 0.25 
425 0.25 
450 0.24 
475 0.25 


497 0.24 
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The values of n remain fairly constant at 0.25 with temperature 
which suggests that within the range 400-500°C (750-930°F) the 
mechanism of decomposition is essentially the same. The value of n 
in this reaction is considerably lower than that reported in previous 
studies and is not directly related to any of the particle shapes dis- 
cussed by Zener. Wert (18) has suggested that very low values of n 
(<0.5) imply that nucleation plays a less significant role in a particu- 
lar precipitation reaction. This idea appears quite reasonable in view 
of the martensitic structures of the as-quenched Ti-Cu alloy. In view 
of the highly strained structure produced by the shear transformation 
B—d’ and the large amount of interfacial area which results with the 
formation of a’, the nucleation of TigCu should present no difficulty. 
Consequently, it seems reasonable that the decomposition of a’ should 
be a growth controlled process with nucleation playing a relatively 
minor role. 


SUMMARY AND CONCLUSIONS 


From the experimental data it is concluded that up to 60% trans- 
formation, the tempering of the a’ phase has the characteristics of a log 
autocatalytic reaction. Beyond that point a Cohen-type equation repre- 
sents the transformation more closely, especially at the higher tempera- 
tures. Since the amount transformed was assumed proportional to the 
variation in electrical resistivity, any mechanism proposed to explain 
the observed phenomena should account for the following facts : 


a. the variation in resistivity is a consequence of three factors: 
1. variation in the state of strain of the matrix 
2. a variation in the number and relative amounts of the 
phases involved in the transformation 
3. depletion of solute in the a’. 

b. most of the visible precipitate is formed at the former grain 
boundaries, resulting in a continuous network throughout the 
matrix. 

c. for some temperatures there is a continuous increase in hard 
ness inside the former £ grains. 

d. there is a visible (at * 2000) breakdown of the martensite 
plates that is more pronounced after longer treatments. 

e. the initial rate of the reaction is extremely high suggesting 
that nucleation is not the rate controlling factor, which is sub- 
stantiated by the low value of the growth coefficient. 

f. after the first 60% has transformed there is a slight increase 
in the overall rate of decrease of electrical resistivity. 


In order to explain the decomposition of a’ and to account at the 
same time for the listed facts, the following mechanism is suggested for 
the tempering reaction. 
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At the beginning of tempering, two processes take place: (a) pre- 
cipitation starts inside the prior 8 grains with an initial increase in 
hardness similar to an age hardening reaction and (b) precipitation 
occurs at a much faster rate at the former 8 boundaries. The reaction 
within the 8 grains probably involves coherent growth of nucleii 
which form very readily in the highly strained interfacial regions be- 
tween a’ platelets. The nucleation stage should occur very readily in 
view of the high density of potential nucleation sites. Consequently, 
the reaction within the grains is in all probability, growth controlled 
with the growth stage initially involving the formation of a coherent 
precipitate. For tempering at 500°C (930°F) both hardness and re 
sistivity data are available. These data show that the coherency stage 
within the former 8 grains extends to 85% fraction transformed. 

The precipitation at the former 8 grain boundaries may proceed 
essentially by direct growth of the particles without depending on 
nucleation because of the high density of high energy sites in those lo 
cations. Vacancies should also be present in large numbers which would 
help diffusion. Another factor which facilitates diffusion, especially over 
longer ranges, is the extremely large number of interfaces between 
martensite plates that could act as channels promoting the flow of 
atoms to and from the former 8 grain boundaries. All the mentioned 
factors undoubtedly favor a high initial rate of precipitation which 
would affect the resistivity in two ways: 


a. the formation of TisCu precipitate and the accompanying de 
pletion of Cu in the a’ would proportionally decrease the re 
sistivity (it has been found that either a or TioCu have lower 
resistivity than a’) and 

b. the relaxation of the highly strained matrix would also con 
tribute to the decrease in resistivity. 


Both the microstructures and resistance data indicate that during 
the initial part of the reaction the precipitation at the former 8 grait 
boundaries will have a much more pronounced effect on the over-all 
reaction than its counterpart inside the former 8 grains. Consequently, 
it is suggested that nucleation of TigCu within prior @ grains con 
tributes negligibly to the activation energy of the over-all process. The 
coherent growth within the a’ grains will be an important factor only 
during the later stages of the reaction. 

After all the high energy sites near 8 boundaries have been ex 
hausted and the strains of the lattice relaxed so that rate has slowed 
down, there may be a point at which the relaxation of the coherent 
strains plus the increasing amount of solute depletion in the a’ within 
the former 8 grains may produce an acceleration in over-all rate of 
decrease of resistivity. Since that sudden change in the direction of 
influence occurs when the rate of the boundary reaction is already low, 
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it may be reasonably expected that its effects will be noticeable. The 
changes in slope shown in Fig. 12 may be explained in this way. 

The activation energy found for the controlling reaction at 50% 
transformation, AH = 45,000 cal/mole, is of the same order as the 
expected value of the activation energy for the diffusion of copper in 
a’.* The value may actually correspond more closely to the activation 
energy for the diffusion of copper atoms along a’ interfaces, though at 
the moment it is impossible to favor definitely either hypothesis since 
diffusion measurements for copper in a or a’ titanium have not been 
reported in the literature 
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DISCUSSION 

Written Discussion: By J. Gordon Parr, professor of Metallurgy, University 
of Alberta, Edmonton, Alberta, Canada. 

The authors have conducted an elegant and convincing piece of research. My 
own comments are born of ignorance: the first two questions reflect a lack of 
acquaintance with the experimental method used; the third question implies, per 
haps, a more deep-seated simplicity 

While I appreciate that the resistivity values depend upon solute depletion, | 


wonder whether one can assume that the solute is depleted in the same way a 
all times of the process. What I mean is that at one stage in the pr cess, the 
solute may be depleted in very localized regions, causing only a small decrease i 
resistivity ; while at another stage in the same process, general depletion 
occur, causing a more pronounced resistivity change. Thus it appears that tw 
equal increments of resistivity at different stages of the decomposition may not 
represent equal amounts of decomposition 

Measurement of the extent of decomposition is, of course, commonly 
out after the sample has been cooled to room temperature. When this involves a 
direct measurement of quantities by, for example, an x-ray method, one nee l 
be sure that the cooling rate is sufficient to prevent further reaction. However 
measuring resistivities, one appears to make the further assumption that tl 
temperature coefficient of resistance is the same whatever the stage of decomposi 
tion. 

I am interested in the different values obtained for activation energies of 
decomposition in similar processes in the binary systems of titanium with nicke 
cobalt and copper. I cannot help wondering if, in fact, the values reflect t 
temperature ranges over which they were determined : that is, over certain range 
of temperature, the activation energies might be the same. Possibly the variatior 
might arise in two ways: first, in the Arrhenius equation, the experimental a 
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tion energy varies with temperature to some extent; (2) second, the mechanism of 
the process itself might vary with temperature. The fact that the second does 
occur is implied by a variation in “n’” that is frequently obtained—does “n” ac 
commodate all possible differences in reaction mechanism of a given process? 


Authors’ Reply 


We wish to thank Dr. Parr for his discussion and for raising three very in- 
teresting points regarding the paper. We reply to each of his three points in order, 
as follows. 

1. The use of electrical resistivity measurements provides an extremely sensi 
tive and simple technique for studying the decomposition of alpha prime in the 
absence of measurable quantities of retained beta phase. The kinetic analysis and 
supporting metallographic data strongly indicate that the decomposition reaction 
proceeds on an extremely finely dispersed scale both at former beta boundaries 
and within former f grains. The depletion of solute is believed to occur quite 
generally throughout the alpha prime with an extremely large number of TisCu 
growth centers involved. Consequently, it is reasonable to expect that the solute 
depletion is extremely random throughout the alpha prime with the exception 
that the reaction rate is more rapid at the boundaries. The electrical resistivity, 
therefore, represents a measure of the average solute content in the alpha prime 
at any stage of decomposition. It has been pointed out by Geisler (1) and 
Newkirk (3) that electrical resistivity change during precipitation is more 
sensitive to solute depletion than any other process occurring during heat treat- 
ment (e.g., coherency effects, stress-relief). Potter, et al, (4) have used electri- 
cal resistance measurements to follow the transformation of y to a manganese. 
In a discussion of this work, Williams (5) has suggested that preferred orienta- 
tions and morphologies of the phases might affect the relationship between the 
measured electrical resistivity and amount of transformation. However, Wil- 
liams’ argument applies to a reaction in which no compositional changes are 
involved and to one in which the product phase becomes relatively coarsely de- 
veloped. In the present work the TisCu is very finely disseminated, and the aver- 
age solute content of alpha prime is the dominating factor in determining the 
resistivity at all stages of decomposition. More work on the effects of micro- 
structure and phase distribution on electrical resistivity appears to be needed, 
however. 

2. The temperature coefficient of resistivity in the room temperature range for 
the various stages of decomposition was checked in the present work. No signifi- 
cant differences were observed and any error that may be incurred was definitely 
smaller than the experimental error in measurement. 

3. The significance of the activation energies and how they compare for the 
various titanium systems which have been studied raises a question that may well 
apply to many other solid state reactions. Before legitimate comparisons can be 
made it is essential that the dimensions of the rate constants used in determining 
energy values be identical. Furthermore, a careful interpretation of experi- 
mentally determined activation energy values is critical since several elementary 
processes are frequently involved in a particular transformation reaction. It may 
be difficult, if not impossible to weigh the contribution of each process to a 
measured activation energy. In the tempering of alpha prime in the several ti 
tanium systems studied thus far it appears that simple growth kinetics apply and 
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the activation energies have been related to diffusion processes. The activation 
energy determined in the present study is close to the value obtained for the 
decomposition of alpha prime in Ti-V alloys, if the reported value in the latter 
system is adjusted to account for the dimensions of the rate constant. The tem 
peratures used in the present work were purposely selected over a narrow range 
to limit the effects of temperature on the activation energy, although no such 
effect was indicated over the range 400 to 500 °C (750 to 930 °F). The activation 
energy for tempering in Ti-Ni alloys involved temperatures similar to those used 
in the present work with respect to the eutectoid temperatures of each system 
However, the Ti-Ni activation energy suggests a different rate controlling 
process which may have resulted from the use of powders in that study. The pri 

nounced difference in behavior between powders and massive specimens may be 
accounted for by differences in internal strain resulting from the transformatior 
8— a’. The 8 grain constraint in massive specimens should lead to a much higher 
degree of imperfection in the alpha prime product and the irregularity appears 
to be a maximum in the vicinity of the former 8 boundaries as revealed in the 
present work. More recent studies at the University of Washington have show: 
that the copper content of the alloy markedly affects the mode of decomposition 
of alpha prime and probably also affects the degree of structural imperfection ri 


sulting with the formation of alpha prime. It appears necessary to extend th 
present work to powders of the Ti-Cu eutectoid alloy and this worl alre 
planned. 

The shape factor “n” allows for the shape of a growing particle from a soli 
solution and the analysis applies only if nucleation is not a significant factor 
fluencing the overall decomposition process. If temperature variations influence 
the shape of growing particles in a growth controlled reaction, then “n” shou 
vary. At the same time, however, it is necessary to realize that the activation 
energy need not differ unless temperature variations are simultaneously affecting 
the elementary process or processes which control the decomposition reactior 
It is possible that prior to extensive decomposition higher tempering tempera 
tures may affect the complex distribution of imperfections resulting from alpha 
prime formation and this in turn can affect the reaction mechanism. These ré 
marks may not resolve the problem, but it is hoped that they point out the unde 


lying complexity of Dr. Parr’s third question 
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ON THE AGING BEHAVIOR OF 
THE ALLOY Ti-6Al-4V 


By J. M. Dupovuy, M. B. Bever, anv B. L. AvERBACH 


Abstract 

The effects of aging in the temperature range 800-1100 °F 
on the mechanical properties of the alloy Ti-6Al-4V were 
investigated. As the aging progressed, the tensile strength, 
yield strength and hardness went through two and, in some 
instances, three maxima and the ductility developed minima. 
The lower the aging temperature, the longer were the times 
required to reach these maxima and minima and the lower 
were the values of the strength properties. 

The amount of beta phase was measured as a function of 
aging time at different aging temperatures using an x-ray 
technique which employed a scintillation counter and a pulse- 
height analyzer. The amount of beta increased with aging 
time, and it appeared that its vanadium content also in- 
creased. 

The precipitation of beta from alpha prime ts proposed as 
an explanation for the first or second observed maximum in 
the strength properties. The third maximum may be related 
to solid solution strengthening of the beta. (ASM-SLA 
Classification: N7a; Ti-b) 


INTRODUCTION 


HE ALLOY Ti-6AI-4V, since it was first developed, has been 

known to have a satisfactory combination of tensile strength and 
ductility (1,2).‘ Sherman and Kessler (3) and Knorr (4) have shown 
in detail that aging treatments increase the strength of this alloy with- 
out excessive loss of ductility. 

In preliminary tests (5) an alloy containing 8% aluminum and 4% 
vanadium developed two maxima of strength and associated minima of 
ductility as aging progressed. These tests also showed that the elastic 
modulus increased with aging time. 

In the research reported here, the aging behavior of the alloy Ti-6AlI- 
4V was investigated. It was of particular interest whether the mechan- 
ical properties of this alloy, like those of the alloy containing 8% alumi- 
num, developed maxima and minima during aging. To answer this 
question, the aging times had to be spaced more closely than in previous 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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investigations of the alloy Ti-6Al-4V. The effects of longer aging times 
than those covered in the published literature were also of interest 

The mechanical properties of this alloy have been considered to de- 
pend on the relative amounts of phases present and on their composition, 
However, in the range of aging temperatures used, the phase relations 
in the titanium-aluminum-vanadium system are not precisely known. 
The investigation reported here, therefore, was also concerned with 
measuring the amount of beta phase present in the aged alloy and with 
evaluating its relation to the mechanical properties. 


EXPERIMENTAL PROCEDURE 

The alloy was received as 54-inch diameter forged rods. Its composi 

tion according to the analysis furnished by the supplier * was: 
Al V O H ‘ N 
6.2 4.1 0.13 0.008 0.030 0.014 

Heat Treatment—The rods were cut into sections 4% inch long. 
These were solution annealed at 1570 °F for one hour in a tube furnace, 
which was continuously evacuated by a mechanical pump. This solution 
temperature was selected because prior tests made by Fopiano (6) over 
a wide range of annealing temperatures indicated that it yielded the 
largest change in hardness upon subsequent aging. After the work re 
ported here was under way, Sherman and Kessler (3) published the 
same observation. 

The specimens were water quenched from the solution temperature 
They were then aged in a salt bath at 800, 900, 1000 and 1100 °F for 
various times. Some specimens were aged at 900 °F in a vacuum fur 
nace; their properties did not differ significantly from those of the 
specimens treated in the salt bath. All specimens were water quenched 
after the aging treatment. 

Mechanical Tests—A tensile specimen 4 inches long and a small slug 
were machined from each bar. The slugs were used for hardness meas 
urements, metallographic investigation and determination, by x-ray 
diffraction, of the amounts of beta phase present. 

The test section of the tensile specimen had the same length and 
diameter as the standard ASTM bar. Special shoulders at the ends of 
the specimen could be fitted into unthreaded grips. This arrangement 
permitted a satisfactory alignment, which was important as only one 
SR-4 strain gauge was used. The elastic modulus and 0.2% yield 
strength were determined graphically from the stress-strain plot 
elastic limit was found by the method of Muir, Averbach and Cohen 
(7). Duplicate specimens in each heat treated condition were tested and 


averages are reported. 

The hardness specimens were surface ground and mechanically 
polished. Eight determinations were made on each specimen on the 
Rockwell C scale ; their averages are reported. 


* Titanium Metals Corporation of America. 
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X-Ray Diffraction Technique—For the x-ray investigation, ground 
and mechanically polished specimens were electropolished for one min- 
ute at 50 volts in a solution of 6% perchloric acid in glacial acetic acid. 

Low-intensity lines are difficult to detect in x-ray patterns of titanium- 
base alloys because of the high background produced by titanium fluo- 
rescence. Comerford, Averbach and Bever (8) measured percentages 
of beta phase in this alloy with a diffracted beam monochromator con- 
sisting of a bent lithium fluoride crystal. They compared the intensities 
of the (110), and (0002), peaks using iron radiation and a Geiger 
counter. They selected these lines because the corresponding planes in 
the two phases were known to be parallel (9,10,11). This parallelism 
was believed to minimize the effect of preferred orientation. 

A technique using copper radiation with a scintillation counter and 
a pulse-height analyzer was adopted for this investigation. Molybdenum 
radiation, which can be counted most efficiently with a scintillation 
counter, was less suitable as it caused some overlapping of the (220), 
and (0004), peaks. Copper radiation, therefore, was mainly used. In- 
tensities of the (220), and the (0004), lines were measured ; the dif- 
fraction patterns were recorded and the integrated intensities deter- 
mined by measuring the areas under the peaks. A satisfactory peak-to- 
background ratio was obtained by this arrangement, allowing the de- 
tection of small amounts of beta phase. 


RESULTS 

Mechanical Properties—The tensile strength decreased with in- 
creasing aging temperature (Fig. 1). Several stages of aging can be 
distinguished in each curve, as evidenced by the presence of several 
maxima. The times at which these maxima occurred, decreased as the 
aging temperatures increased, as shown in Table I. While some of these 
maxima were within the range of uncertainty of the measurements, 
corresponding maxima consistently appeared in the curves of other 
strength properties after very nearly the same times. The curves of Fig. 
1 for aging at 1000 °F and 1100 °F show no third maxima. However, 
upon aging at 1000 °F the tensile strength did not decrease continu 
ously after the second maximum. The observed hold in the curve is 
believed to be caused by the same mechanism which was responsible 
for the third maximum in the 800 °F or 900 °F curves 

The 0.2% yield strength of this alloy (Fig. 2) is well defined, because 


; Table I 
Aging Times fur Maxima of Tensile Strength 
Temperature ist 2nd 3rd 
°F Maximum Maximum Maximum 
800 30 min. 16h 20 days 
900 20 min 8h 10 days 
1000 20 min. 4h 


1100 10 min. 1h15 
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Fig. 1—Tensile Strength as a Function of Aging Time at Different 
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the stress-strain curves exhibited a sharp discontinuity in the rate of 
strain hardening. The difference in the yield strength of duplicate speci 
mens was of the order of only 1000 psi. The yield strength was the 
property that underwent the largest change upon aging. The highest 
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value attained was larger, the lower the aging temperature. Three 
maxima can be seen on the curves of Fig. 2 representing values ob- 
tained on aging at 800 and 900 °F. There is no third maximum in the 
curves representing aging at 1000°F and 1100°F. At 1000°F the 
yield strength leveled off after the second maximum as did the tensile 
strength. On aging at 1100 °F, however, the yield strength decreased 
little beyond the second maximum, whereas the tensile strength re- 
turned to the value of the solution treated specimen. The maxima in the 
tensile and yield strengths occurred after identical aging times. 

The magnitude of the increase of the yield strength was greater than 
that of the tensile strength. This is commonly observed in investigations 
of age hardening (12). The ratio of yield to tensile strength increased 
continuously with time of aging from 0.78 for the solution treated con- 
dition to values between 0.92 and 0.96. 

The hardness changes were relatively small (Fig. 3). The curves for 
aging at 900 and 1000 °F exhibit three maxima. As in the case of the 
tensile strength, the hardness decreased after aging past the second 
maximum at 1100 °F. 

The elastic modulus was raised about 15% by the aging treatment 
The variations shown in Fig. 4 must be interpreted with caution, how- 
ever, because of uncertainties of the data. According to Graft, Levinson 
and Rostoker (13) alpha prime may in some cases have a low elastic 
modulus. The low value obtained for the solution treated specimens is 
attributed to the formation of alpha prime during quenching. Upon 
aging, alpha prime decomposed and the value of the modulus of the 
mixture of alpha and beta was recovered. After this initial increase the 
modulus was raised further by aging for longer times. 

The curves of the elongation (Fig. 5) are closely related to those of 
the hardness. The dips in the former occur at approximately the same 
times as the peaks in tensile strength. 

The elastic limit is shown in Fig. 6. Since the scatter of the values 
measured with duplicate specimens was large, in one instance as much 
as 12,000 psi, the fluctuations of the curves may not be real. The impor- 
tant point, however, is that the elastic limit of the solution treated speci- 
men was about 20,000 psi and that aging raised it into the range of 
65-80,000 psi. As in the case of the elastic modulus, the low value of 
the elastic limit of the as-quenched specimens is attributed to the pres- 
ence of alpha prime. The decomposition of this phase on aging causes 
a return to normal levels. 

X-Ray Results—In the solution treated specimens a low, but broad 
peak could be distinguished from the main alpha peak; after 5 or 10 
minutes of aging only an anomalously long tail remained. The low peak 
and the tail were due to alpha prime, which is hexagonal, and has ap- 
proximately the same lattice parameters as the alpha phase. 

No beta was found in the solution treated specimens. Beta lines were 
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Fig. 4—Elastic Modulus as a Function of Aging Time at Different Temperatures 


first detected in specimens aged from 30 minutes to 2 hours depending 
on the aging temperature. These times were slightly longer than those 
required for the first maxima of the tensile strength. The beta lines were 
at first very broad, indicating either a fine dispersion of beta, or a spread 
in composition. After longer aging times their intensity increased and 
they became sharper. After the longest times investigated the doublet 
Ka -Kaz could be resolved. 
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Fig. 6—Elastic Limit as a Function of Aging Time at Different Temperatures 


The formation of beta lines coincided with the disappearance of the 
alpha prime tails. It is concluded, in agreement with Comerford et al. 
(8) that beta is the product of the decomposition of alpha prime. 

The integrated intensities of the alpha lines obtained with copper 
and molybdenum radiations were measured and normalized on the basis 
of the strongest line, which was the (1011) reflection. Their ratios to 
the calculated intensities were then computed and were compared for 
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Table I! 
Comparison of the Intensities of Different 
Orders of the Diffraction Lines 








Lines Normalized Intensities 
a MoKa CuKe 
1010 0.40 0.48 
2020 1.00 1.00 
0002 0.33 0.46 
0004 72 1.00 
v00K 1.00 = 
1011 0.48 0.45 
2022 1.00 1.00 
1012 0.64 
2024 1.00 
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the different orders of a given line. The results are presented in Table I] 
after normalizing to the highest-order line. 

The abnormally small intensities of the low-order lines are attributed 
to extinction, chiefly primary. The rings obtained on back reflection 
Laue photographs were spotty indicating the presence of large grains 
of alpha. The presence of strong preferred orientation as well as the 
possible existence of slightly misoriented blocks in the grains of alpha, 
particularly after long aging treatments, also make some secondary 
extinction possible. Since the low-angle lines are most affected by ex 
tinction, the percentage of beta phase was measured using the second 
order lines. 

The amount of beta in a specimen solution treated at 1380°F was 
measured by lineal analysis. Since at this temperature the beta phase 
is too rich in vanadium to transform into alpha prime, the second phase 
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that could be seen under the microscope must have been beta. Lineal 
analysis gave a value of 8.1% beta. X-ray measurements made on the 
same sample with copper radiation showed 14.5% beta based on a com- 
parison of the (110), and (0002), peaks, while a comparison of (220), 
and (0004), indicated a value of 7.9% beta. It was concluded that the 
best measurements could be obtained with the use of the latter com- 
bination and copper radiation. 

The amount of beta increased with aging time although not at a 
uniform rate (Fig. 7). Discontinuities or plateaus were observed at 
times corresponding to the second maxima of the tensile strength. The 
26-values of the (220), line are shown in Fig. 8 as a function of time 
and temperature of aging. The lower the aging temperature, the higher 
was the angular position at which the first beta lines were observed and 
the greater was the shift towards higher angles. As a consequence, the 
lower the aging temperature, the higher was the final angular position 
of the beta lines. 

Lattice parameter measurements show that additions of vanadium 
decrease the parameter of beta titanium in an approximately linear 
manner (14). No information is available on the effect of aluminum. 
The vertical section of the ternary phase diagram for 6% aluminum 
(15) resembles the pure binary titanium-vanadium system since alumi- 
num has a limited solubility in the beta phase. The changes in the posi- 
tion of the beta lines, therefore, are attributed to an increase in vanadium 
content. 

The shift of the beta lines at a given temperature of aging, which 
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occurs simultaneously with the increase in their intensity, indicates 
that beta particles are continuously precipitating from alpha prime and 
have an increasing vanadium content. Concurrently, the precipitated 
particles of beta tend to attain a uniform composition. 

As can be seen in Fig. 8, the vanadium content of beta phase in speci 
mens aged for extended periods is higher, the lower the temperature of 
aging, which is in agreement with the phase diagram. No explanation 
can be suggested for the large increase in vanadium of the first beta 
detected as the temperature of aging is decreased. 

No shift was observed in the lines of the alpha phase. Since some 
change in composition must have occurred, it appears that this change 
did not affect the lattice parameter appreciably. 

The rate of decomposition of alpha prime, deduced from the times at 
which beta lines are first observed at various temperatures, suggests 
C-curve behavior. The knee of this curve appears to lie between 1000 
and 1100 °F. 

No curve is shown in Fig. 7 for the specimens aged at 800 °F. Some 
beta seemed to be present, but the (220), line was too close to the 
(2022)a line to be separated. 

Discussion—The most striking aspect of the plots of the mechanical 
properties is the existence of several stages in the aging of this alloy 

The precipitation from alpha prime of fine, possibly coherent, beta 
particles is a probable strengthening mechanism. However, from the 
experimental results it cannot be decided whether this reaction is re 
sponsible for the first or second maximum of the strength properties 
As has been pointed out, the beta phase is not detected by x-rays until 
after tensile strength, yield strength and hardness have reached their 
first maxima. This, however, does not rule out the possibility that the 
precipitation of fine beta particles is responsible for the first maximum 
In many systems, particularly if coherency is involved, the precipitat- 
ing phase is observed only after overaging. 

Graft et al. (13) have stated: “The alpha phase of titanium has an 
intrinsically higher elastic modulus than the beta phase. Even with 
substantial alloy contents, the elastic modulus of beta can only approach 
that of unalloyed alpha.” These authors also mentioned other factors 
which may increase the modulus, such as the formation of omega or of 
dispersed intermetallic compounds. However, it is unlikely that these 
factors operate in the alloy Ti-6Al-4V. Therefore, the maximum value 
of the elastic modulus of approximately 18x10® psi can best be ex 
plained by some change in the alpha phase, such as an increase in 
aluminum content. 

The third maximum in strength properties may be related to the 
enrichment in vanadium of the beta phase. Such a relation would be 
consistent with the fact that the values of hardness and strength attained 
after long aging times are higher, the lower the temperature. 
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CONCLUSIONS 

Heat treatments consisting of a solution annealed at 1570 °F followed 
by aging in the temperature range 800-1100 °F produced a general in- 
crease in strength properties and a decrease in ductility. 

Two, and in some instances, three maxima were observed in the 
curves of tensile strength, yield strength and hardness plotted as func- 
tions of aging time. Concurrently, the ductility, as measured by the 
elongation, developed minima. The times at which these maxima and 
minima occurred were the same for all properties at a given aging tem 
perature and increased with decreasing aging temperature. 

The elastic limit and modulus of structures containing alpha prime 
were low. Aging increased the modulus to a value of 17x10® psi, char- 
acteristic of mixtures of alpha and beta, by decomposing the alpha 
prime. Higher values were reached after longer times of aging. 

No measurable amount of beta was retained when this alloy was 
quenched from 1570 °F. Upon aging, beta formed by decomposition of 
alpha prime in amounts which increased with aging time and with de- 
creasing temperature. 

The precipitation of fine, possibly coherent, beta particles is believed 
to be responsible for the first or second maximum of the strength prop 
erties. Relatively high values of the elastic modulus tend to indicate 
that changes in the alpha phase may contribute to the second hardening 
reaction. The third maximum, observed after long aging times, may be 
related to the enrichment in vanadium of the beta phase 
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DISCUSSION 


Written Discussion: By J. Gordon Parr, professor of Metallurgy, University of 
Alberta, Edmonton, Alberta, Canada. 

The authors have presented an explanation that is little more than a guess 
of a phenomenon that is little more than a possibility. 

I am, at present, unconvinced by the experimental data that are presented. In 
Fig. 1, for example, the curves become smoothed if a scatter of +1000 psi is 
allowed each point 

Unless the authors have used refinements that they have not mentioned, I think 
we cannot expect greater accuracy than this. In the first place, a measurement at 
150,000 psi level will vary by 1000 psi for each 200 pounds on the load dial of the 
testing machine (and I doubt whether the testing machine is guaranteed to any 
greater accuracy) ; and the same variation of calculated stress will arise from an 
error of about one thousandth of an inch in the measurement of the tensile speci 
men diameter. 

Even assuming (and I am not prepared to assume) that any given value of 
stress is accurate to +1000 psi, we are led to believe that the values quoted were an 
average of two tests. (This is actually stated with respect to the yield stress 
measurements, and I assume that yield stress and ultimate tensile strength were 
obtained on the same samples). The authors do not state the closeness of agree- 
ment, except to say that the duplicate yield stress values differed by “the order of 
1000 psi.” This itself is enough to invalidate their work. And in any case, I would 
have to be convinced that such agreement could be obtained from any two tests of 
say, one dozen. In other words, unless the authors, by adding to the information 
they have given us, can demonstrate a greater than usual accuracy in their work, 
their Fig. 1 (and Fig. 2) are quite meaningless. 

Now it may be argued that the bumps in the yield stress curves (Fig. 2) offer 
corroborative evidence. But this is not so: the curves of Fig. 2 in the authors’ 
paper do not parallel the curves of Fig. 1. You will notice, for instance, that the 
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tensile strength after (about) 100 minutes is more than 10,000 psi greater at 
800 °F than at 1000 °F; yet the yield point curves show that after 100 minutes, 
the 800 °F sample shows a slightly lower yield point than the 1000 °F curve. A 
close examination shows other anomalies that are more easily explained by 
experimental scatter than by a sophisticated theory. While I agree that yield stress 
is more sensitive than ultimate tensile strength in age hardening processes, the 
curves of each parameter plotted against time usually take a similar path. 

The hardness curves of Fig. 3 appear to be drawn to an accuracy of 0.1 Rock 
well C unit. Since the authors make no statement to the contrary I must presume 
that a conventional Rockwell machine was used—and we are told that an average 
of six values was taken. Such an approach does not permit the accuracy implied. 
Allowing a spread of +0.5 unit, smooth curves are once again obtained 

The elongation figures (Fig. 5) are presented with equal unrealism 

Turning to Fig. 4 (the elastic modulus data) the humps are convincing enough. 
But the authors state: “The variations in Fig. 4 must be interpreted with caution, 
however, because of uncertainties in the data.” Frankly, I feel that we should not 
be asked to even cautiously interpret data that the authors themselves feel to be 
uncertain. 

One other feature of the mechanical properties curves intrigues me. I would 
imagine that yield stress, ultimate tensile strength, and elongation were measured 
on the same sample. Yet, the 900 °F values corresponding to the (approximately) 
100 minute time is shown on Fig. 1 at 80 minutes, on Fig. 2 at 100 minutes, and on 
Fig. 5 at 150 minutes. I realize that a logarithmic time scale minimizes these dif- 
ferences ; but data whose importance seems to depend upon slight variations are 
not tolerant of even these small discrepancies. If, however, the samples concerned 
were tested after 80, 100, 150 minutes, respectively,—that is, different samples 
were used for the measurement of the three parameters—the authors should have 
made this clear 

Obviously, my interpretation of the data, leaves me less to explain than the 
authors have to account for. The first two peaks (either one of which the authors 
explain in terms of strengthening due to beta precipitation) become a single peak 
—whose presence is already accounted for. The third peak disappears on all the 
ultimate strength curves, on all but the 800°F yield strength curve, and on all 
but the 1000 °F hardness curve. This is slender and inconsistent evidence upon 


which to base a solution enrichment theory 


Written Discussion: By W. Rostoker, Armour Research Foundation of Illinois 
Institute of Technology, Chicago 

Elastic modulus can serve as a very useful adjunct tool in the study of trans 
formation processes in titanium alloys. This is the case because of the large 
differences in modulus contribution by the various phases encountered and the 
normal sequence of occurrence of these phases in precipitation and transformation 
processes. The low elastic modulus of the alpha prime phase has been reconfirmed 
and amplified upon in a paper (2) more recently published. Apparently vanadium 
is very potent in depressing the modulus of this phase. The omega phase, on the 
other hand, profoundly elevates the elastic modulus of titanium alloys. In some 
circumstances (3) the modulus of a (8 + w) structure may rise to 19.5 « 10° psi. 

The interpretation of the sequence of events following upon quenching and 
reheating of the 6AI1-4V alloys as submitted by the authors is not in accord with 
that proposed by Zwikker (4). According to this latter author, the Ms temperature 
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is quite high but the transformation 8a’ cannot be completed and the formatio: 
of some omega phase is insuppressible. The present authors are posing a difficult 
problem to account for the number of curve inflections in the property-time curves 
when they will only allow the tempering of alpha prime as the operative process 
Their problem might be easier to handle if they would allow an early but minor 
participation of the omega phase. 

There is another potential conflict with Zwikker’s work. The present authors 
used a solution treatment temperature of 1570 °F. According to Zwikker and his 
references, the 8/a + 8 boundary is at about 1800 °F. If this is correct, the present 
authors were quenching from an (a + 8) field with resultant quenched structures 
containing (a + a’) or (a+ a’+~w). All of these phases are metastable with re 
spect to subsequent reheating temperatures. Compounded with these points i 
the question of the existence of intermediate Ti-Al phases in the Ti-Al-V systen 
There is clear evidence that such phases exist in dilute Ti-Al alloys. Zwikker 
refers to one of these as a2 and claims that it is involved in the phase equilibrium of 
the Ti-6Al-4V alloy. There seems to be ample material for dialectic processes 
to account for the property-time trends encountered 


Written Discussion: By Frank A. Crossley, Armour Research Foundation of 
Illinois Institute of Technology, Chicago. 

I suggest that the occurrence of an intermediate phase in the Ti-A 
system may be the source of the high modulus values obtained upon aging the 
Ti-6Al-4V alloy at 1000 °F. Crossley and Carew (5) found a precipitate phase 
to occur in Ti-6 w/o Al binary alloy. This phase was considered to be TizAl by 
these investigators, but was more likely TisAl. The nose of the TTT curve for 





Fig. 9—Modulus of Elasticity Versus Annealing 
Temperature for Ti-6Al-4V Alloy. 
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the formation of this phase appeared to be about 1000°F. Impact properties at 
room temperature and tensile ductility below room temperature were adversely 
affected by the presence of this phase. Modulus values were determined but were 
not reported. In view of the findings of Dupony et al., the modulus data take on 
new significance and are presented in Fig. 9 for consideration. The tensile tests 
were conducted on a Baldwin-Southwark 60,000-lb machine equipped with an 
autographic stress-strain recorder. The loading rates of 600 and 4000 lb/min 
corresponded to strain rates of 0.0006 and 0.004 in/in/min in the elastic region. 


Written Discussion: By P. D. Frost, Battelle Memorial Institute, Columbus, O. 

The authors of the last two papers are to be commended for their contributions 
to the knowledge of transformation mechanisms and kinetics. It is evident, how- 
ever, from the questions raised by these papers and their discussions that there 
is a need for more research on beta phase transformation in titanium alloys. 
More experimental work is needed, for example, on alloys in which the beta phase 
is weakly stabilized. In alloys of this type the transformation S>a’ or B>w may 
occur depending on relatively slight differences in chemical composition or on 
differences in the temperature from which the alloys are quenched. This is a “gray 
area” of alloy composition that holds great interest for further exploration. 

In the light of other work it would seem that Dupouy, Bever and Averbach 
may wish to modify somewhat the conclusions and interpretations concerning the 
aging curves in their paper. They state, for example, that “beta is the product of 
decomposition of alpha prime.” This might be clarified. Thus, it has been shown 
that alpha prime transforms to alpha plus beta, the beta becoming enriched in 
solute as aging progresses.* The a’>a mechanism was found to occur in other 
titanium alloys, as well.** 

It has also been shown, in both the referenced papers, that two forms of super- 
saturated alpha may be present in a quenched titanium alloy, including Ti-6Al-4V. 


’ “” 


Alpha “double prime,” as observed in this alloy, had essentially the same “c 
spacing but a different “a” spacing than alpha prime. Like the latter, a” disap- 
peared during aging and was replaced by alpha and beta.* 

I would agree with Dr. Parr’s discussion that the maxima in the aging curves 
do not appear to be significant in view of the reproducibility that can be expected 
from tensile tests and the absence of x-ray or metallographic evidence to sup- 
port the interpretations presented. 
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aging. In reply, additional information on the experimental procedures will be 


given and the data presented in the paper will be evaluated. 

All tensile properties shown in Figs. 1, 2, 4, 5 and 6 were obtained on duplicate 
specimens heat treated together; averages are reported. Dr. Parr is correct in 
assuming that one point on each of the 900 °F curves in Figs. 1, 2 and 5 is not 
plotted at the proper time (120 minutes). Also in Fig. 1 the value for aging 120 
min. at 900 °F should be 150,500 psi and the point for 900 °F at 240 minutes should 
be deleted. Some other slight errors in plotting do not affect the shape of the 
curves 

The specimen diameters were measured to + 1 & 40 rather than + 1 x 10 
in. This corresponds to a maximum error of + 120 psi. The reproducibility of the 
testing machine is believed to be better than + 1000 psi. It is this reproducibility 
rather than the absolute accuracy that matters in the evaluation of the data 

Of the 34 values of the tensile strength of aged specimens plotted in Fig. 1, only 


31 represent averages, because three individual readings were unavailable or ir 
error. The point for the solution treated condition is based on two sets of dupli 
cates. A duplicate set of values was also obtained for the as-received conditior 


Of the 34 sets of available duplicate values, 5 were identical, 8 differed from their 
means by less than + 70 psi, 11 had spreads about their means ranging from + 400 


to + 600 psi and 10 had spreads ranging from + 850 to + 1060 psi. The dif 
ferences from the means of 36 duplicate values of the yield strengtl e: 6 
equal to + 60 psi or less, 3 ranging from + 150 to + 350, 12 from + 400 to + 560 
2 from + 650 to + 690 and 13 from + 900 to + 1050 psi 

In one statistical analysis, the data are tested for deviations from the best 


smooth curves drawn through the means. The variance of the means re 
from such curves can be compared by the F test with the variance derived fron 


the differences of the duplicate specimens (The differences are assumed to have 
a normal distribution. Only points which do not fall on the smooth cur ire 
counted in estimating the statistical degrees of freedom.) For the curves of the 


> 


tensile strength the F ratio calculated from the experimental values is 2.7, while 
the theoretical values are 2.5 and 1.8 at the 97.5 and 90% levels of significance ; for 
the yield strength the experimental F ratio is 4.9 and the corresponding theoreti 
cal values are 2.9 and 1.8. The ratios calculated from the experimental values 
thus are larger than the theoretical ratios even for high levels of significance 
Therefore, smooth curves require a variance of the means greater than the vari 
ance calculated from the experimental differences. The curves are thus 
have inflections 

Another analysis also assumes that the differences of the duplicate values of 
the tensile and yield strength have a normal distribution. It yields 80% conf 
limits for the means of + 785 and + 885 psi. and 90% confidence limits of + 1015 
and + 1150 psi. An uncertainty of the tensile and yield strengths of + 1000 psi 


is the largest value that needs to be considered 





If spreads of + 1000 psi are allowed at each point, the smoothest pos 
curves drawn through them, while no longer showing maxima and minima, still 
have inflections suggesting separate stages in the aging process. The yield 
strength after aging at 800, 1000, and 1100 °F in addition to the initial increase 
(the first stage) provide evidence for the second stage, while both the tensile and 
yield strengths show the third stage at 800 and 900 °F 

Two facts cannot be taken into account by this analysis, although they 
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Table III 
Aging Times for Maxima of Tensile Strength, Yield Strength 
and Hardness taken from Pigs. 1, 2 and 3 


scala 
rature 
Temes Tensile Strength Yield Strength Hardness 
800 30 minutes 30 minutes 30 minutes 
18 hours 18 hours 8 hours 
20 days 20 days no maximum 
900 10-30 minutes 10-30 minutes 10-30 minutes 
8 hours 8 hours 8 hours 
10.8 days 10.8 days 5 days 
1000 10-30 minutes 10-30 minutes 10 minutes 
160—540 minutes 160-540 minutes 160 minutes 
(hold) (hold) 13 days 
1100 10 minutes 10 minutes 0 minutes 
60-7 


75 minutes 60 minutes f minutes 





strong evidence for the existence of several stages in the aging process. First, at 
each temperature the stages as indicated by the tensile and yield strength occur 
at the same times, as can be seen in Table III. Secondly, the stages indicated 
by the curves for each of the four temperatures obey time-temperature relations 
consistent with those expected for a thermally activated process. This consistency 
of the time-temperature relations at different temperatures and the agreement 
between the two strength properties at single temperatures are significant 

The elastic modulus and the hardness data also contribute evidence for the 
existence of several stages of aging. The 90% confidence limit for the mean value 
of the elastic modulus is + 0.22 x 10° psi. If the smoothest possible curves are 
drawn through these spreads, the second maximum stands out at 1000 °F, while a 
third stage is clearly noticeable at 800 and 900 °F. 

The paper states that each reported hardness value is the average of eight 
readings (rather than six). This should have been designated as the minimum 
number of readings and applies only to one value; in the other cases 9 to 14 read- 
ings were taken. The 80% confidence limits for the means range from + 0.15 to 
+ 0.20 RC depending upon the number of readings on each specimen; the 90% 
confidence limits range from + 0.21 to + 0.26. If a spread of + 0.2 RC is used, 
the smoothest possible curves for aging at 800 and 1100 °F still show a second 
stage and the 900 and 1000 °F curves a third stage 

In summarizing the effects of drawing the smoothest possible curves through 
the estimated spreads of the tensile strength, yield strength, elastic modulus and 
hardness, the second and third stages are still shown by at least two properties at 
each temperature, except for the second stage at 900°F (and a third stage at 
1100°F not postulated in the paper). A comparison of the published curves of 
the tensile strength, yield strength and hardness (Figs. 1, 2 and 3) is presented 
in the Table. It shows that the times for the first two maxima are nearly identical 
for all three properties, while the third maximum is not well substantiated. In this 
comparison, it is important to note that the hardness data (in addition to being 
based on 8 or more readings) were taken on different specimens than those used 
in the tensile tests. It is concluded that the maxima and minima shown in the 
figures cannot be ignored and that several stages of aging exist 

Messrs. Crossley, Frost and Rostoker raise various questions about the mech 
anisms proposed for the aging process. The authors agree with Dr. Rostoker that 
the three stages in the property-time curves cannot be explained by tempering of 
alpha prime alone. The paper, in addition to this tempering, suggested tentatively 
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that some change in the alpha phase such as an increase in aluminum content 
may have accounted for the second stage of aging and stated that an enrichment 
of the beta phase in vanadium may have been responsible for the third 

A change in the alpha phase was only inferred from the rise in elastic modulus 
at 1000 °F. The tempering of alpha prime and the enrichment in vanadium wer 


deduced from x-ray observations. Specimens solution treated at 1570°F were 
not well suited for examination by light microscopy of the solution treated and 
aged structures because of the fine dispersion of the transforming phase 

The x-ray technique could have failed to detect any omega present. There js 
little published evidence, however, for its existence in Ti-6AI1-4\ is | 
Rostoker has emphasized, omega raises the elastic modulus of titanium alloys 
its formation, at least during the quench, would not explain the lower modulus 


of the solution treated and quenched specimens, although it is not incompatible 
with it. 

Drs. Crossley and Rostoker propose the formation of an ordered phase. More 
over, the data contributed by Dr. Crossley suggest that such a phase is responsibl 


for the high value of the modulus obtained upon aging at 1000 °F an 
for the second stage in general. However, this ordered phase has not yet beer 
observed in the alloy Ti-6Al-4V. 

The authors agree with Mr. Frost that the products of the decompositi 
alpha prime are beta and alpha. They did not observe alpha double prim 
welcome Dr. Rostoker’s confirmation of the low value of the el 


astic modulu 


alpha prime 
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THE CORROSION BEHAVIOR OF 
TITANIUM-PALLADIUM ALLOY 


By Mitton STERN AND CLAUDE R. BISHOP 


Abstract 

The corrosion properties of a consumable arc-melted ingot 
of titanium-palladium alloy are described. It is shown that 
this material retains all the desirable properties of titanium. 
It has equivalent mechanical properties and corrosion resist- 
ance in oxidizing environments. In addition, it exhibits good 
corrosion resistance in a variety of nonoxidizing acids. A 
qualitative comparison is made of the corrosion resistance 
of this alloy with a variety of materials presently used for 
corrosive service. (ASM-SLA Classification: R-general; 
Ti-b, Pd) 


INTRODUCTION 


N ADDITION to its excellent corrosion resistance, good fabrica- 

bility combined with improved methods of manufacture and a con- 
tinuously decreasing cost make titanium a highly acceptable material for 
corrosion service. The metal is particularly resistant to oxidizing media 
and is quite insensitive to the normal detrimental effects of chlorides. 
Reports of its superiority in these areas are quite numerous and con- 
tinue to accumulate (1,2).1 Titanium, however, is not particularly re- 
sistant to nonoxidizing media as typified by hydrochloric or sulphuric 
acids. This places restrictions on the use of titanium in many possible 
applications which require that the material of construction be able to 
withstand conditions which alternate between oxidizing and reducing. 

In the course of electrochemical and corrosion studies (3,4) on the 
behavior of titanium, it was found that the addition of small amounts 
of a variety of noble metals greatly improves the corrosion resistance of 
titanium in nonoxidizing media. This was accomplished without detri- 
mental effects to the established resistance of titanium to oxidizing 
environments. 

Much of the original work was carried out on small scale, arc-melted 
buttons. The present work describes the corrosion behavior of a larger 
scale, consumable arc-melted titanium-palladium alloy. Palladium was 
selected from the group of noble metals because it was among the most 
effective and the least expensive of the possible additions. 

1The figures appearing in parentheses pertain to the references appended to this paper. 

A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 

The authors, Milton Stern and Claude R. Bishop, are associated with the Metals 


Research Laboratories, Union Carbide Metals Company, Division of Union Car- 
bide Corporation, Niagara Falls, New York. Manuscript received May 1, 1959. 
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ALLoy PREPARATION AND FABRICATION 


A 25-pound heat was prepared by consumable arc melting in vacuum 
using sodium-reduced titanium sponge and palladium powder as the 
raw materials. Weighed quantities of the sponge were placed in a die 
and a calculated amount of palladium powder was spread along the 
center axis of the mass. Additional sponge, making a total of 5 pounds, 
was added to the die and the mass was pressed into a 2-inch octagonal 
shaped bar. Five such bars were welded together to make an electrode 
for melting. The ingot, resulting from a single melting operation, was 
4 inches in diameter and approximately 10 inches high. 

Previous work has shown that about 0.1% palladium produced the 
maximum effect and such percentage is preferred. Since no previous 
experience was available on palladium recoveries during vacuum con 
sumable arc melting, the target concentration of palladium for the ingot 
was 0.22 weight % to ensure the required concentration. Table I shows 
the results of chemical analyses taken from various portions of the ingot 
Each analysis represents a sample taken from two separate drillings 
For example, to obtain the analysis of the material around the circum 
ference at the top, drillings were made at approximately 180-degree 
positions and these were combined to form one sample for analysis. It 
is evident from Table I that good homogeneity was obtained through 
out the ingot and that no loss of palladium occurred during melting 


Table I 
Distribution of Palladium in Single-Melted, Four-Inch 
Diameter, Ten-Inch Long Titanium Ingot 


Weight % Palladium 


Center Axis Circumference 
of Ingot of Ingot 
Top 0.23 0.21 
Middle 0.22 0.22 
Bottom 0.22 0.25 


While this material contains more palladium than is necessary, it will 
be assumed that its behavior is typical for that of material containing as 
little as about 0.1% palladium, since this was the experience with non 
consumable, arc-melted buttons. 

The ingot was forged at 1600 °F (870 °C) into a slab approximately 
¥%4 of an inch thick and was further reduced by hot rolling at 1400 °F 
(760 °C) into 0.06-inch thick sheet. Conditioning of the plate and sheet 
by grinding and sandblasting was done at several stages during rolling 
After annealing at 1300°F (704°C), the sheet was sandblasted and 
pickled in a solution containing by weight 20% nitric acid and 2% hy 
drofluoric acid to remove scale and oxide. 

As far as could be determined from this work, fabricating properties 
of the palladium-bearing alloy were identical to those of unalloyed ti 
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Table I! 
Room Temperature Tensile Properties of 
Titanium-Palladium Sheet 


Ultimate % 
Proportional Vield Strength Strengt! Elongation 
Limit, psi 0.2% Offset, psi psi 2 inches 
Titanium-Palladium 19,800 35,000 56,000 37 
— 35,600 54,900 34.2 


Titanium 


tanium. Furthermore, as shown in Table II, the palladium-bearing sheet 
exhibited tensile properties which may be considered the same as those 
for unalloyed titanium with comparable interstitial content. 


Corrosion BEHAVIOR IN OxIDIzING-TyPEe MEDIA 

It is important to establish whether the presence of palladium has any 
influence on the existing outstanding resistance of titanium to oxidizing 
media. Environments which were selected for this comparison may be 
considered particularly aggressive and difficult to handle by most pres- 
ent day commercial corrosion-resistant materials. The results presented 
in Table III show that the presence of palladium causes no loss in cor- 
rosion resistance. The two materials may be considered comparable in 
this type of environment. 


RESISTANCE TO NONOXIDIZING TYPE MEDIA 

For maximum corrosion resistance in many media, titanium requires 
that an oxidizing agent be present in the environment. The metal gen- 
erally shows poor resistance to acid solutions when no oxidizing agent 
is present. These environments, often called “reducing,” are repre- 
sented by sulphuric and hydrochloric acids. Since oxidizing and reduc- 
ing are relative terms, it might be well to define what is meant by these 
terms as used here. An oxidizing-type environment is one which con- 


Table Ill 
Comparison of the Corrosion Resistance of Titanium-Palladium Alloy 
with Commercially Pure Titanium in Various Oxidizing Media 


Corrosion Rate—Mils/Year* 





Titanium- 
Commercially Palladium 
Environment Pure Titaniur Alloy 
Nitric acid—65% boiling 2-21** 2-26** 
Nitric acid —65%, 190°C (375°F) 25 Gain 
Nitric acid—65%, 250°C (480°F) Gain Gain 
Ferric chloride—30%, boiling <1 <1 
Chromic acid —20%, boiling 1 <1 
Chlorine—wet, room temperature 1 <1 
Chlorine—water-saturated solution, room temperature <1 <1 
Sulphuric acid —~10% +0.5 g./l. ferric sulphate, boiling i1 7 
Sulphuric acid —10% + 16 g./1. ferric sulphate, boiling 1 <1 
Sulphuric acid—20% +16 g./l. ferric sulphate, boiling 5 6 
Hydrochloric acid— 10% +0.5 g./1. ferric chloride, boiling 9 11 
Hydrochloric acid —10% +16 g./ ferric chloride, boiling 6 3 
Hydrochloric acid—10% +16 g./l. cupric chloride, boiling 6 5 


* Tested one 65-hour period 
** Average corrosion rate from three 48-hour periods—results dependent upon test method 
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Fig. 1—Comparison of Titanium and Titanium-Palla 
dium Alloy in Room Temperature Hydrochloric Acid 
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Fig. 2—Comparison of Titanium and Titanium-Palla 

dium Alloy in Hydrochloric Acid at 70°C (158 °F) 
tains an ion or molecular species which is more oxidizing than the hy 
drogen ion. During corrosion in such a medium, reduction of the 
oxidizing agent generally occurs in preference to reduction of hydrogen 
ions to form hydrogen gas. Nonoxidizing type media or reducing media 
are, therefore, environments which contain no species more oxidizing 
than hydrogen ion. Under these circumstances, the major cathodic (re 
duction) process during corrosion is hydrogen evolution. 
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Fig. 4 


g Comparison of Titanium and Titanium-Palla 
dium Alloy in Room Temperature Sulphuric Acid. 


The results of corrosion tests conducted in various concentrations 
of hydrochloric acid and sulphuric acid at room temperature, 70 °C, and 
at the boiling point are shown in Figs. 1 through 6. Commercially pure 
titanium is compared with titanium-palladium alloy. It is evident that 
the addition of palladium produces a marked improvement in corrosion 
resistance. The corrosion rates reported, in general, represent an aver- 
age of three 48-hour test periods. 
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Table IV 
Comparison of the Corrosion Resistance of Titanium-Palladium Alloy with 
Commercially Pure Titanium in Various NonOxidizing Type Media 


Corrosion Rate— Mils/ Year 


Titaniu 
Commercially Palladiur 
Environment Pure Titanium Alloy 
Aluminum chloride—10%, boiling <1! <1 
Aluminum chloride—25%, boiling 2020! 1 
Citric acid—50%, boiling 17? 1? 
Formic acid—-50%, boiling 143 38 
Hydrochloric acid—5%, boiling 1120! 74 
Oxalic acid—1%, boiling 1800? 45° 
Phosphoric acid—50%, aerated, 70°C 405? 712 
Phosphoric acid—10%, boiling 4398 127% 
Sulphuric acid—5%, boiling 1920! 20 
One 48- to 65-hour test period 
Average of two 48-hour test periods 
3— Average of three 48-hour test periods 
4‘— Average of five 48-hour test periods 
Some examples of the types of environments in which titaniur 


palladium alloy shows superiority over unalloyed titanium are shown 
in Table IV. In most of these cases, titanium is attacked at rates to 
high for consideration for commercial application, whereas the titaniu 
palladium alloy shows negligible or markedly lower corrosion rate 

The benefit obtained by palladium additions to titanium extends t 


Table V 
Autoclave Corrosion Tests Conducted ai 190°C (375°F 
Titanium-Palladium Alloy and Titanium 


Corrosion Rate— Mils/ Year* 


Tita 
Commercially Palladi 
Envir ment Pure Titaniur \ 

Sulphuric acid 1%, nitrogen-saturated 1660 
Sulphuric acid 5°, nitrogen-saturated Dissolved 
Sulphuric acid— 10‘ nitrogen-saturated Dissolved 59 
Sulphuric acid 0%, nitrogen-saturated Dissolved 155 
Sulphuric acid 1%, oxygen-saturated <1 
Sulphuric acid 5%, oxygen-saturated Dissolved ; 
Sulphuric acid—10°,, oxygen-saturated Dissolved 5 
Sulphuric acid—20 oxygen-saturated Dissolved 59 
Sulphuric acid—30 x ygen-saturated Dissolved 2440 
Sulphuri i 1%, chlorine-saturated 1 <1 
Sulphuric acid 5 chlorine-saturated <1 
Sulphuric acid—10 chlorine-saturated 
Sulphuric acid—20 chlorine-saturated 13 16 
Sulphuric acid —30 hlorine-saturated 3060 
Hydrochl | 3 nitrogen-saturated Dissolved 
Hydrochloric 1 5 nitrogen-saturated Dissolved 4 
Hydrochloric acid —10%, nitrogen-saturated Dissolved 350 
Hydrochloric acid —15°%, nitrogen-saturated Dissolved 1620 
Hydrochloric acid 3%, oxygen-saturated Dissolved 
Hydrochloric acid 5°. oxygen-saturated Dissolved 5 
Hydrochloric acid—10%, oxygen-saturated Dissolved 368 
Hydrochloric acid 3 chlorine-saturated <1 1 
Hydrochloric acid 5 chlorine-saturated <1 <1 
Hydrochloric acid —10%,. chlorine-saturated Dissolved 1140 


* One test period 48 to 65 hours’ duratior 
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temperatures considerably higher than the normal boiling point of most 
acids. This is particularly important since the tendency in many chemical 
processes is to increase temperature to obtain an improvement in effi 
ciency. Such a temperature increase generally creates a marked increase 
in the corrosiveness of the environment. A variety of tests were con 
ducted by sealing samples and acids in heavy-walled pyrex glass tubes 
and inserting in an autoclave heated at 190°C (375°F). The data 
(Table V) show that in the absence of oxidizing agents, unalloyed 
titanium is rapidly attacked, while the titanium-palladium alloy shows 
useful resistance in solutions containing up to about 5% of either hydro- 
chloric or sulphuric acids. The presence of oxygen passivates unalloyed 
titanium in 1% sulphuric acid and extends the improvement obtained 
with the palladium alloy to higher acid concentrations. In hydrochloric 
acid solutions, unalloyed titanium is not protected by oxygen and the 
corrosion rate is high. On the other hand, the palladium-bearing alloy 
is resistant to solutions containing up to about 5% hydrochloric acid 
The presence of chlorine (a strong oxidizing agent) gave added pro 
tection to titanium and the titanium-palladium alloy in both sulphuric 
and hydrochloric acids, and there was little difference in the corrosion 
resistance of the two materials under these conditions. These data again 
serve to show that titanium is very resistant to the more strongly oxidiz 
ing media and that the palladium-bearing alloy has the advantage of 
good resistance even when the oxidizing agent is removed. Unlike most 
corrosion-resistant materials, titanium is insensitive to the detrimental 
effects normally produced by chloride ion and chlorine, provided the 
environment is sufficiently oxidizing. 


THe MECHANISM OF IMPROVEMENT BY PALLADIUM ADDITIONS 

A detailed electrochemical description of the mechanism whereby 
noble metal alloy additions improve the corrosion resistance of titanium 
is available (4). Briefly, it states that passivity can be obtained with 
titanium by producing an electrode potential which is more noble than 
some critical value called the critical potential for passivity. It is believed 
that palladium functions by providing cathodic regions on the metal 
surface which thereby produce galvanic currents, with titanium the 
anode member in the cell. If the electrode potential of palladium in the 
environment is more noble than the critical potential for passivity of 
titanium in the same environment, then it is possible that the potential 
of the galvanic couple, which exists on the surface of the alloy, will be 
in the passive potential region. Titanium is particularly susceptible to 
improvement by such alloying because it exhibits relatively active criti- 
cal potentials for passivity in a variety of media. This means that it is 
relatively easy to polarize anodically to achieve electrochemically passive 
potentials. 

One interesting consequence of this mechanism is the prediction that 
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Fig. 7—-Effect of Time on the Corrosion Rate of Titanium-Palladium 
Alloy in Boiling Hydrochloric and Sulphuric Acids 
Table VI 
Influence of Volume of Acid on the Corrosion Rate 
of Titanium-Palladium Alloy 
Acid Corrosion Rate 
Environment Volume-ml. Mils/ Year* 
Boiling 5% sulphuric acid 200 44 
Boiling 5% sulphuric acid 400 50 
Boiling 5% sulphuric acid 800 54 
Boiling 5% sulphuric acid 2000 38 
Boiling 5% sulphuric acid 5000 41 
Boiling 10% hydrochloric acid 200 33 
Boiling 10% hydrochloric acid 400 33 
Boiling 10% hydrochloric acid 800 33 
Boiling 10% hydrochloric acid 2000 29 
Boiling 10% hydrochloric acid 5000 3? 


*One 20-hour test period; specimen area approximately 0.60 sq.in 


corrosion rates of titanium-palladium alloy in nonoxidizing environ 
ments should be initially high but should markedly decrease as the pal 
ladium concentrates at the metal surface. Enrichment of palladium on 
the surface is expected in those environments in which it is insoluble. 
The influence of time on the corrosion rate of titanium-palladium alloy 
is shown in Fig. 7 where it is evident that this effect does exist. The 
corrosion rate reaches a minimum very quickly in boiling hydrochloric 
acid and more gradually in sulphuric acid. For comparison purposes, 
the corrosion rate in boiling 5% sulphuric acid, obtained as the average 
of five 48-hour periods, is 20 mils/year. It is evident that the longer 
the exposure the more improved the material—which is a particularly 
desirable characteristic for commercial corrosion applications. 
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Table VII 
Corrosion Rates of Titanium-Palladium and Titanium When 
Tested Together in the Same Solution (mils / year 


Environment Titanium Titanium-Palladiun 
Boiling 5% sulphuric acid 1530* 54* 
Boiling 5% sulphuric acid 1470** 47** 
Boiling 10% hydrochloric acid 2650* 32* 
Boiling 10% hydrochloric acid 2660** 29** 


*Samples placed in test at same time—tested for 20 hours 

** Titanium-palladium samples tested for 17 hours before introducing the titar 
test continued for another 24 hours 

While the above data support the proposed mechanism of improve 

ment by palladium, it was considered possible that this improvement 
was actually obtained by soluble palladium in the environment function 
ing as a corrosion inhibitor. If this were the case, then the corrosion rate 
of the titanium-palladium alloy should be a function of the ratio of 


solution volume to specimen area in the corrosion test. The larger 
solution volume, the higher would be the expected corrosion rate, since 
the concentration of palladium in the solution at any given tim« 
be smaller. Table VI shows the results of corrosion tests conducted in 
sulphuric and hydrochloric acids where the sample area was heid 

stant at approximately 0.6 square inch and the acid volume was 

from 0.2 to 5.0 liters. The test time was intentionally kept short t 
magnify any effect of solution volume. However, as evidenced f1 
the data, no significant effect of volume was observed. These data show 
that passivity is not obtained by soluble palladium compounds in solu 
tions but, rather, support the initial proposal that the surface becomes 
enriched in palladium and forms a galvanic couple between titanium 
and metallic palladium. 

In another series of tests, titanium-palladium alloy and unalloye 
titanium were placed in the same flask containing either boiling 5 
sulphuric or 10% hydrochloric acids. The results shown in Table VI] 
indicate that unalloyed titanium corrodes at excessively high rates 
while the titanium-palladium alloy corrodes at the expected low rate 
even though both are in the same solution. This again shows that pas 


1 


sivity is produced by palladium on the surface and not in the solution 


DISCUSSION 


The data shown above, obtained on the larger scale consumabl 
melted titanium-palladium alloy, completely confirm previous observa 
tions obtained with small-scale, nonconsumable arc-melted buttons 
Titanium-palladium alloy retains all the desirable properties of titanium, 
showing equivalent mechanical properties and corrosion resistance in 
oxidizing environments and, in addition, exhibits a marked improve 
ment in corrosion resistance in a variety of reducing acids. 

In order to further show how titanium-palladium alloy compares 
with a number of present commercial corrosion-resistant materials, the 
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Fig. 8—Comparison of Titanium and Titanium-Noble Metal Alloys with Other 
Corrosion-Resistant Materials. The total area shown represents a variety of differ- 
ent types of corrosive environments. The vertical line in the center separates 
oxidizing environments on the left from reducing environments on the right. In 
addition, as one moves further and further to the left or to the right, the environ 
ment becomes more oxidizing or reducing and more aggressive. For example, this 
represents an increase in temperature and concentration. Also, moving from bottom 
to top, the environments show greater tendency to break down passivity illustrated 
by an increase in acid chloride content. The solid lines with arrows at the end show 
the behavior of particular alloys. Each allcy will handle all environments below 
its solid line 


qualitative graphic presentation in Fig. 8 was devised. The total area 
shown represents a variety of different types of corrosive environments. 
The vertical line in the center separates oxidizing environments on the 
left from reducing environments on the right. In addition, as one moves 
further and further to the left or to the right, the environment becomes 
more oxidizing or more reducing and more aggressive. For example, 
this represents an increase in temperature and acid concentration. It 
will also be noted that the area is separated by the horizontal dotted line. 
Environments below this line contain no chloride, whereas environ- 
ments above the dotted line increase in chloride content as one moves 
toward the top of the figure. Thus, in general, when moving from the 
bottom to the top of the diagram, environments show greater tendency 
to break down passivity which is, in general, a characteristic feature of 
chlorides. 

A number of metals and alloys are shown as horizontal lines on the 
diagram. These lines represent the top of an area of corrosive environ- 
ments which each specific metal or alloy will service. Therefore, each 
alloy will handle all environments below its solid line. For example, the 
line representing tantalum is at the very top of the chart and extends 
essentially over the entire length of the chart on both the left and right 
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areas. This means that tantalum is resistant to both highly oxidizing and 
nonoxidizing media and can handle such environments which contain 
appreciable concentrations of chlorides. 

“Hastelloy alloy C” is particularly useful in handling oxidizing chlo- 
ride environments, but shows poor resistance in highly oxidizing media 
It has useful resistance in rather dilute hydrochloric acid solutions, thus 
its position is shown to extend slightly across the vertical dividing line 
into the reducing side. It should be mentioned that Hastelloy alloy C 
shows good resistance to sulphuric acid provided chlorides are not 
present and, therefore, a second line for this material is also shown on 
the lower right side of the figure. 

Type 304 stainless steel is placed on the left side exclusively because 
it is most useful in resisting such oxidizing environments as boiling 
nitric acid. However, it is not as resistant as titanium to solutions of 
hot, strong nitric acid and, therefore, the length of the line does not 
extend to the left as far as the titanium or tantalum lines. It will also 
be noted that stainless steel occupies only the bottom portion of the chart 
because it is not particularly resistant to chloride-bearing solutions 
Also, the line does not extend all the way to the center vertical line 
hecause some concentration of oxidizing agent is generally necessary to 
ensure maximum resistance. Type 316 stainless steel is more resistant 
than Type 304 to less oxidizing environments, but not as resistant to 
solutions such as boiling nitric acid. Therefore, the line for Type 316 
does not extend quite so far to the left, but is drawn somewhat close: 
to the center than Type 304. Inconel is less resistant to strong oxidizing 
solutions, such as nitric acid, than stainless steel, but it has useful re 
sistance to less oxidizing environments; therefore, its line, while not 
extending so far to the left, is drawn as passing through the center line 
for a short distance into the nonoxidizing area. Monel is largely used 
in nonoxidizing solutions and is most resistant to solutions that do not 
contain chlorides. But since it has useful resistance to solutions such as 
sulphuric acid containing oxygen, the line for Monel, while shown as 
heing largely on the nonoxidizing side, extends slightly into the oxi 
dizing area. Since Monel has limited resistance to hydrochloric acid, 
it is also shown above the dotted line for a short distance in the non 
oxidizing area. Alloy 20 is about as resistant to nitric acid as the stain 
less steels and, in addition, has good resistance in many concentrations 
of sulphuric acid. Therefore, its line extends rather broadly from the 
left to the right side of the chart. However, this alloy is not particularly 
resistant to chloride environments and is, therefore, limited to the area 
below the dotted line on the chart. Hastelloy alloy C has already been 
discussed, but it will be repeated that its position on the vertical line 
extending from the oxidizing into the nonoxidizing areas shows it to 
have broad and unique corrosion-resisting properties. Zirconium is de 
picted as having excellent resistance to nonchloride bearing oxidizing 
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environments on the left side of the chart and occupies a high position 
next to tantalum on the right or nonoxidizing area of the chart. Thus, 
the excellent resistance of zirconium to hydrochloric and sulphuric 
acids, as well as some oxidizing media, and its lack of resistance to oxi- 
dizing environments carrying chlorides are made clear. Hastelloy alloy 
F is placed above the dotted line because it has limited resistance to 
oxidizing chloride environments and is also practically as resistant to 
nitric acid as the stainless steels. It will be noted that the Hastelloy 
alloy F line is also drawn slightly closer to the vertical line than the 
stainless steels because it requires less oxidizing agents to maintain 
passivity and high corrosion resistance. Titanium is placed well up on 
the chart, the line extending far to the left depicting its excellent resist- 
ance to nitric acid, as well as acid chlorides or aqua regia (for example, 
see Table III). However, this line does not extend into the nonoxidizing 
environments. 

Finally, the titanium-palladium alloy is shown as having essentially 
equivalent resistance to oxidizing media and acid chlorides as unalloyed 
titanium and, in addition, it is shown as being appreciably more re- 
sistant in reducing environments as indicated by the extension of the 
line well into the nonoxidizing area. Thus, the variety of different en- 
vironments which this alloy can service is particularly large. While this 
is a distinct and important advantage, it is believed that the ability of 
the alloy to handle both oxidizing and reducing conditions is equally 
important. For example, it is well known that many alloys benefit 
markedly from the presence of oxidizing impurities in the environment. 
Yet, it is often not safe to assume that these impurities will always be 
present in sufficient concentration for protection. In like manner, a ma- 
terial, such as zirconium, shows excellent corrosion resistance to hydro- 
chloric acid provided no oxidizing agents are present. If small amounts 
of ferric ion are introduced into the system, the corrosion rate increases 
markedly. Thus, it is evident that it is particularly desirable that a ma- 
terial be capable of providing good resistance without dependence upon 
the need to continuously include or omit oxidizing agents. Titanium- 
palladium alloy shows this ability to handle environments which oscil- 
late between oxidizing and nonoxidizing conditions. 
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DISCUSSION 


Written Discussion: By G. A. Lenning and E. E. Millaway, Titanium M 
Corporation of America, Henderson, Nev 

Titanium Metals Corporation of America has, of course, been very mu 
terested in the use of titanium as a corrosion resistant material. We have our 
selves done a considerable amount of work determining the corrosi 


of various titanium alloys. The work of Dr. Stern has naturally creat mucl 
interest in that it apparently provides a substantial increase in the resistance t 
corrosion of titanium in reducing as well as oxidizing environments 

As a first step in a program to provide the Ti-Pd material in eri 
quantities, two 50-pound consumable electrode melted heats were melted using 
Ti-55A standard formulation modified only by the addition of Pd. The Pd ait 


in one ingot was 0.12% and the other, 0.18%. The ingots were pressed and 


to sheet 0.045 in. thick x 3 ft. x 6 ft., using conventional sheet rolling practice 
and equipment 

No unusual difficulties were encountered in fabrication and metal ver 
from fabrication was in line with recoveries for Ti-55A material without the P 


addition. Tensile and bend properties determined with quadruplicate spe 

cut from opposite corners of each sheet were within the range of properties 
specified for the Ti-55A formulation. The evaluation of weld propert 
completed as yet but no unusual difficulties are anticipated and the mater 


be as weldable as the Ti-55A grade without Pd 


Corrosion tests run at three locations on each sheet separated by it 
sheet length indicated good material uniformity. These 44 tests were made 
boiling 10% sulphuric acid for 168 hours and corrosion rates varied fr 2 t 
6.4 mils per year for both the 0.12 and 0.18% Pd additions. The cor n rate 


for unalloyed titanium for this same test but with a 5 per cent sul 
solution showed 450 to 500 mils per year loss of metal 


The evaluation of these materials is still in progress 


Written Discussion: By R. Vines, The International Nickel Company 
velopment and Research Division, New York 

The authors are to be congratulated for their fundamental studies or 
which culminated in the novel titanium-palladium alloy described. The ess 
in obtaining greatly improved corrosion resistance through the addit of 
dash of palladium to titanium may initiate a new era of behind the decimal p 
metallurgy 
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To help confirm their findings, it might be noted that small additions of the 
platinum metals to stainless steels also result in improved resistance to corrosion 
(2). Likewise, it has been reported that the corrosion resistance of titanium can be 
improved by coupling it with a platinum metal or by adding platinum metal ions 
to the corroding media (3). In all of these methods, the platinum metal sites pro- 
duced on the surface of the titanium anodically polarize it. The alloying method 
employed by the authors offers the advantage of providing automatically pro- 
duced and self-rejuvenating platinum metal sites 

The titanium palladium alloy should not be confused with the contempory de- 
velopment of platinum metal surfaced titanium. The latter material has a thin, 
but significant, applied platinum metal coating, which functions as a current dis 
charging surface when the material is used as an anode. The titanium base, if 
exposed, becomes anodized and inert. The platinum surfaced titanium is of 
interest for insoluble anodes in chlorine-caustic cells, electroplating, cathodic 
protection and similar electro-chemical processes. In contrast the titanium- 
palladium alloy is of interest for its corrosion resistance but not for use as an 
anode in electro-chemical processes, where, although it may be inert, it will fail 
to pass significant current. 

Elaboration would be appreciated on the statement that 0.1% of palladium 
in titanium produced the maximum effect. Would not slightly higher percentages 
of palladium produce additional improvement on exposure to the higher tempera 
ture more concentrated reducing agents: 

Since palladium is a precious metal, it would appear desirable to make some 
comment on the cost of the new alloy. It has been pointed out that 0.1% of 
palladium adds about 28 cents per pound to the base price of titanium, which in 
mill product forms ranges from $4.00 to $20.00 per pound. Thus, the versatility 
in the new alloy, containing 0.1% palladium, is obtained by about a 3% increase 
in metal cost, assuming an average titanium price of $10.00 per pound and pal 
ladium at $19.00 per troy ounce. 


Written Discussion: By Paul J. Gegner, plant materials engineer, Columbia- 
Southern Chemical Corporation, Barberton, O 

In this paper, the authors have made an important contribution to the field of 
titanium metallurgy. The improvement in the corrosion resistance of titanium to 
reducing or nonoxidizing media through the addition of small amounts of pal 
ladium is striking 

The corrosion data in this paper were obtained in short term laboratory tests. 
To corrosion engineers this usually raises the question of their reliability. How 
ever, data obtained in extensive long term plant tests with commercially pure 
titanium generally correlated so well with laboratory results there is little reason 
to doubt that a similar correlation won't be found here (4). As a matter of fact, 
some preliminary observations of long term tests of titanium-palladium alloys in a 
number of corrosive environments in our plants tend to confirm this correlation 
between laboratory and field tests. 

The authors’ explanation of the mechanism of the improvement by palladium 
addition is interesting. Their tests leave little doubt that the improvement is a 
result of anodic polarization of the titanium due to the difference in potential 
between the palladium and the titanium 

It has been shown that titanium is anodically protected by galvanic coupling to 
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other metals and alloys whose potentials are more noble than the critical potential] 
of titanium in the given environment (5,6). Titanium is also readily anodically 
polarized by means of an externally applied potential. Under such anodic polari 
zation, it is attacked only slightly in strong solutions of reducing acids, such as 
hydrochloric or sulphuric, which attack unprotected titanium severely (6) 

The addition of a small amount of a noble metal, such as palladium, achieves 
this important anodic polarization of titanium in a practical, inexpensive manner 
By extending the usefulness of titanium in reducing or nonoxidizing media, with 
out impairing its outstanding resistance to oxidizing environments, this work has 
done much to broaden the potential uses of this already promising material 
corrosion resisting applications. 


Written Discussion: By Howard B. Bomberger, supervisor, Fundamental Re- 
search, Midland Research Laboratory, Crucible Steel Company of America, Mid 
land, Pa. 

The authors are to be complimented on an excellent piece of work. Their cor 
rosion data suggest important applications for the titanium-palladium alloy in 
reducing-type media in which commercial titanium is unsatisfactory. 

Since the tests were conducted in reducing-type solutions, however, a study of 
hydrogen absorption would have been most interesting. As noted by the authors 
under these conditions the major cathodic process during corrosion is hydrogen 
evolution. Since significant corrosion was observed in most of the solutions, sig 
nificant hydrogen absorption (and gradual embrittlement) might have occurred 
in long-time exposures. Indeed, the presence of a palladium film, which the au 
thors postulated develops on the surface and serves as cathodic regions, may 
serve as areas for low-energy hydrogen absorption. 

From a practical standpoint, of course, it is the rate at which these phenomena 
occur that determine the suitability of any material for a given application. Con 
sequently, it may be well to consider the possibility of hydrogen absorption, and 
the rates at which it occurs, along with the corrosion rates, in evaluating the ma 
terial for specific applications. From our experiences, we think there will be many 
such applications in which the very important advance in corrosion resistance of 
titanium achieved by the authors’ titanium-palladium alloy will not be accom 
panied by any detrimental hydrogen absorption. Thus a wide new area of im 
portant applications has been opened up by the authors. 
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Authors’ Reply 
We are pleased to learn that the work of the Titanium Metals Corporation of 
America supports our own observations on titanium-palladium alloy 
Since our manuscript was written, we have done more work on the welding 
properties of this alloy. The material can be welded with no more difficulty than 
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unalloyed titanium. We observe no accelerated attack of the weld metal or the 
region adjacent to the weld. 

It is important to note that the corrosion rates described by Messrs. Lenning 
and Millaway for their 168-hour test in boiling 10% sulphuric acid are markedly 
lower than that which we report for our material. It is believed that this differ- 
ence is probably primarily due to the markedly different test period used. As we 
report in our paper, one predicts that the corrosion rate of titanium-palladium 
alloy in nonoxidizing environments should be initially high but should decrease 
as the palladium concentrates at the metal surface. Thus the majority of metal 
loss probably occurs during the first few hours of test. This is an important con- 
cept to the design engineer since he can take advantage of the fact that the higher 
rates associated with short period testing do not apply to long term exposure. 

Laboratory workers are always quite aware of the need to confirm results of 
their experiments with tests conducted under plant conditions. We particularly 
appreciate the co-operation of P. J. Gegner and the Columbia-Southern Chemical 
Corporation in field testing the various compositions which we have supplied 
them and are gratified to learn that the tests to date tend to confirm our Labo- 
ratories information. 

We would like to thank Mr. Vines for the interest which he has displayed 
in our work on the corrosion of titanium-palladium alloy. As he points out, some 
improvement in the corrosion resistance of stainless steel is obtained by alloying 
with the platinum metals. Our own findings indicate that this is only the case 
when corrosive conditions are not particularly severe. If the temperatures are 
much above room temperature or the acid concentration is increased, the alloying 
with platinum metals may have a detrimental effect on the corrosion resistance of 
stainless steels in many environments. This, of course, is not the case with 
titanium. Also our work with stainless steels indicates that alloying with platinum 
will increase the corrosion rate of stainless steels in environments in which the 
material without platinum additions shows excellent corrosion resistance. An 
example of an environment of this type is boiling 65% nitric acid 

As Mr. Vines also points out, galvanically coupling platinum to titanium can 
also improve its corrosion resistance. We have also, of course, observed this and 
further (Journal, Electrochemical Society, Vol. 106, p. 755, 1959) observed 
that coupling of titanium to a variety of materials which are not necessarily 
platinum metals also will produce this effect. For example, if conditions are prop 
erly selected, coupling of a stainless steel or a nickel alloy with titanium will also 
produce passivity. These effects can be explained in terms of electrochemical 
phenomena which are beyond the scope of our present discussion 

Regarding the question posed concerning the statement that 0.1% of palladium 
in titanium produced the maximum effect, we probably should have used the 
term “optimum effect,” since we find that higher percentages of palladium give 
slightly better results under some conditions 

While a final price differential between the cost of unalloyed titanium and 
titanium-palladium alloy has not been established, we certainly concur with 
Mr. Vines’ observation that a 3% increase in metal cost should be negligible in 
comparison to the markedly improved versatility of the new material. 

Dr. Bomberger brings up a particularly important point in mentioning the pos- 
sibility of hydrogen embrittlement during corrosion of titanium-palladium alloy. 
There is a possibility that such failures may occur. However, we have made no 
laboratory observations which support this nor do we know of any theoretical 
reason which would make us suspect this might be a general phenomenon. 
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We have corroded titanium-palladium alloy stressed beyond its yield point in 
boiling 10% hydrochloric acid for 168 hours (7 days) with no evidence of cracking 
or failure. The samples were in the form of sheet specimens 4!4-inches long by 
'4-inch wide and approximately 0.05-inch thick. They were stressed into a horse 
shoe shape by bending to fit a jig in the form of a slot 4 inches long, cut from a strip 
of the same material. This we believe is a pertinent test, since the material js 
stressed beyond its elastic limit and the corrosion rate in boiling 10% hydro- 
chloric acid is relatively high. 

We should also mention that our electrochemical observations show that 
unlike active titanium, passive titanium-palladium alloy often operates in a 
potential region more noble than the reversible hydrogen potential of the solu 
tion due to traces of oxidizing agents in the environment. Under these conditions, 
there can be no net hydrogen-ion reduction process and thus no possibility for 
hydrogen embrittlement. Under strictly reducing conditions, however, the po 
tential is slightly more active than the reversible hydrogen potential of the solu- 
tion and a small net hydrogen-ion reduction current does exist 

Contrary to the view expressed by Dr. Bomberger, we believe that the presence 
of palladium as a surface film would prove beneficial to any condition tending to 
dissolve hydrogen in the metal. It is well known that palladium is considered a 
good hydrogen atom recombination catalyst. The hydrogen atom activity at the 
surface (produced by hydrogen-ion reduction) is probably the driving force for 


diffusion into the metal. Thus a good catalyst for recombination of hydroger 
atoms would be expected to lower the driving force for diffusion into the met 
While our relatively short time Laboratory tests indicate that no difficulty would 


be anticipated from hydrogen embrittlement of the titanium-palladium alloy 
definite conclusions must await further study and the results from long service 
exposure in various environments. 
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FATIGUE PROPERTIES OF HIGH STRENGTH STEELS 
By H. E. Franxket, J]. A. BENNETT AND W. A. PENNINGTON 


Abstract 


A study was made of the influence of a number of metal- 
lurgical variables on the fatigue properties of high strength 
steels. The rotating beam fatigue strengths of four steels 
with carbon contents ranging from 0.44 to 1.06% were de- 
termined for a number of quenched and tempered condt- 
tions. All specimens were heat treated after final finishing 
in order to avoid changes in the structure at the surface that 
might obscure the effects of the variables being investigated. 

As the fatigue strength was a nearly linear function of 
hardness up to some limiting value, it was possible to adjust 
the data to a single hardness value tn order to determine the 
effect of other variables. There was no significant difference 
between marquenched specimens and those that were di 
rect quenched. It was found that fatigue strength was low- 
ered by increasing amounts of retained austenite up to about 
10%. This deleterious effect was apparently due to trans- 
formation of some of the austenite which was observed to 
take place during fatigue stressing. (ASM-SLA Classifica- 
tion: O7c; CN, SGB-a) 


INTRODUCTION 


HE MOST COMMON cause of mechanical failure of metals in 
service is fatigue and any part which is subjected to high fluctuat- 
ing stresses may suffer fatigue failure. Although fatigue phenomena 
have been studied for almost a century, a number of the fundamental 
metallurgical aspects of the problem still are not well understood. For 
example, steels which have been heat treated so as to obtain high static 
strength levels may or may not have a correspondingly high fatigue 
strength. 
The superiority of tempered martensite structures, with regard to 
fatigue properties, is one of the subjects on which metallurgists agree. 
Many heat treated steel parts contain products other than martensite. 


_ Paper. abstracted from a dissertation submitted by H. E. Frankel to the Graduate School, 
University of Maryland, in partial fulfillment of the requirements for the degree of Doctor of 


Philosophy. 


A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 

The authors, H. E. Frankel & J. A. Bennett are associated with the U. S. De 
partment of Commerce, National Bureau of Standards, Washington, D.C.; W. A. 
Pennington is Professor of Metallurgy, University of Maryland, College Park, 
Maryland. Manuscript received July 14, 1958. 
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The larger and more intricate a part, the more difficult it becomes to 
obtain a wholly martensitic structure. 

In general, it would be expected that the presence of a relatively soft 
constituent in a hard matrix would result in lower strengths. For ex 
ample, Castleman, Averbach and Cohen (1)! and Angel (2) have con 
cluded that the static tensile properties of martensitic steels are de 
creased as a result of retained austenite. Vajda, Hauser and Wells 
(3), however, contend that there is no significant deleterious effect 
of retained austenite on the yield strength, while Sinclair and Dolan 
(4) point out that small amounts of proeutectoid ferrite in a tempered 
martensitic matrix result in a lowering of the mechanical properties 
of the steel. 

The effect of retained austenite on the fatigue properties of steel i 
a field in which speculation predominates and very little work has been 
done. Perhaps the earliest investigator was French (5), who, in 1933, 
stated categorically that the fatigue properties of steel were enhanced 
by the retention of austenite in the matrix. He thought that its com 
parative softness and ability to deform permitted retained austenite to 
have a cushioning effect under repeated stressing. Using this reason 
ing, French stated that there is an appreciable improvement in the 
fatigue limit with more than about 5% retained austenite. However 
it becomes confusing when he also uses the same data to indicate that 
an increase of retained austenite of 5 to 10% tends to lower the fatigue 
limit. Sachs (6), in his survey of high strength, low alloy steels, re 
ports a third conclusion based upon French’s data. Sachs contended 
that retained austenite had no effect at all on the endurance limit. 

It was suggested by Styri (7) that some of the wide scatter of data 
obtained in his fatigue studies on SAE 52100 steel might be a result 
of the stresses caused by the transformation of austenite to untempered 
martensite. Unfortunately, he presented no substantiating evidence 
However, one of the conclusions arrived at by Frith (8) was that re 
tained austenite had no effect on fatigue properties. The results, how 
ever, were far from conclusive, as the methods employed by Frith in 
austenite determination were of a semiquantitative nature. Two years 
later, Frith (9) modified his previous assertion by suggesting that 
retained austenite could indeed be detrimental to fatigue strength, but 
without any supporting evidence for the statement. 

In an attempt to resolve some of the conflicting views concerning 
the role of metallurgical variables on fatigue properties, a program 
was initiated by the National Bureau of Standards and the University 
of Maryland to study the effect of carbon content, tempering tempera 
ture, hardness, retained austenite, method of cooling for hardening, 
and refrigeration. The basic assumption used in the design of the ex 
perimental program was that alloy content, other than carbon, was not 


The figures appearing in parentheses pertain to the references appended to this pa 
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Table I 
Chemical Composition of the Steels Used, Percentage by Weight 
Steel Cc Mn Si Cr Ni Mo 
SAE 4340 0.44 0.67 0.27 0.77 1.74 0.20 
Tioga ' 0.63 0.60 0.21 0.70 1.20 0.16 
Deward ! 0.88 1.51 0.28 — 0.25 
SAE 52100 1.06 0.34 0.19 1.38 ons otic 


! These materials are tool steels manufactured by the Allegheny-Ludlum Steel Company. 


as important as microstructure in the determination of fatigue 
strengths. The tensile strength and fatigue limit of ferrous materials 
are roughly proportional to the hardness over a considerable range. As 
shown by Garwood, Zurburg and Erickson (10), at high hardnesses 
the values of the fatigue limits deviate markedly from this relationship. 
They showed that the maximum fatigue limits, in their studies of a 
number of low alloy steels, were functions of carbon content rather 
than remaining alloy content. 


SPECIMEN PREPARATION AND TESTING PROCEDURE 
1. Materials 


The chemical composition of the materials used in this investigation 
are given in Table I. The SAE 4340, Tioga and Deward steels were 
received as 0.5-inch hot-rolled rod and the SAE 52100 material as 
1.25-inch hot-rolled rod. All of the steels had approximately the same 
distribution, quantity, and type of inclusion. 


2. Testing Procedure 


All of the tests were conducted on R. R. Moore, rotating beam 
fatigue testing machines operated at speeds of about 8000 rpm. The 
specimen was permitted to reach its maximum speed before the load 
was applied and was then run until complete fracture had occurred, 
the number of cycles being measured by a mechanical counter which 
could be read to 1000 cycles. 


3. Specimen Preparation 

It has been recognized for some time that the surface finish of a 
metal is of prime importance in its influence on fatigue resistance. The 
usual practice of producing steel fatigue specimens has been to heat 
treat rough machined specimens and then grind them to meet di- 
mensional specifications. Although grinding may not have a deleterious 
effect on the fatigue strength of a specimen, it may produce residual 
stress conditions on the surface which would mask the metallurgical 
effects. Grinding may also produce structural changes in the surface, 
which will therefore not be truly representative of the inner portions 
of the material. An experiment was devised to determine if the usual 
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Table Il 
Results of Specimen Preparation Experiment 


Nr/Nu)* at 140,000 psi 


Preparation 4340 Tioga Deward 52100 
Usual 1.2 1.11 0.96 1.12 
NBS.. ; ‘ 30.9 4.81 3.55 0.96 





Fatigue life of refrigerated specimen 
~ Fatigue life of unrefrigerated specimen 


method of preparing specimens had a tendency to “equalize’’ any 
strength differences which may have resulted from the various heat 
treatments. 

Four specimens of each of the four steels were selected: half of the 
specimens were completely finished and polished, and then electro 
lytically plated with 0.002-0.003 inch of copper, from a sulphate solu 
tion, prior to heat treatment. After heat treatment the copper plating 
was chemically removed by means of a boiling solution of a commercial 
preparation containing a mixture of cyanides. The remainder of the 
specimens were rough machined, heat treated, and then finished and 
polished. One specimen of each of the aforementioned groups was 
quenched and tempered arid the other was quenched, refrigerate 
tempered. 

The results of subsequent fatigue stressing, at equal stress ampli 
tudes of 140,000 psi, are shown in Table II. Measurements showed that 
all of the specimens from the same steel, having been tempered at the 
same temperature, were of equal hardness. 

The ratio of the fatigue lives of refrigerated to unrefrigerated speci 
mens, Nr/Nu, indicates that, for three steels, refrigeration causes an 
increase in the fatigue lives of those specimens completely finished 
prior to heat treatment. In the case of the normally finished specimens, 
however, the ratios indicate that there is but slight difference between 
the refrigerated and non-refrigerated specimens. The 1.06% C steel 
had been tempered at 800 °F, apparently obliterating any differences 
These results then show that the usual method of preparing fatigue 
specimens can often mask metallurgical effects which may be of prime 


and 


importance. 

As a consequence of the above experiment, all of the specimens used 
in this investigation were prepared as follows: 

The blank was turned on a lathe to within 0.002-inch of the finished 
dimensions. It was then ground to the specified dimensions with a 
7-inch diameter wheel (alundum 32A60-G1I2VBEP), with the plane 
of polishing parallel to the longitudinal axis of the rough machined 
specimen. Final polishing was done in a longitudinal direction with 1G 
paper followed by 400 Aloxite paper. The automatic polishing device 


t 


has been described in a previous paper (11). The machine operates at 
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a low speed with a small constant pressure between the specimen and 
the abrasive. Although this procedure does not produce a highly pol- 
ished surface, the surface condition is reproducible from specimen to 
specimen, The specimen diameter was then measured by means of an 
optical comparator and the specimen copper plated, heat treated, and 
stripped as described previously. 

During the course of the program, when additional specimens were 
required, a modified specimen design was utilized, (Fig. 1). The 
straight shank of the specimen was inserted into a collet whose outside 
diameter was tapered to fit the spindle of the fatigue machine. It is 
necessary to have only the collet threaded, as tightening up with the 
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Fig. 1—-Modified R. R. Moore Type Smooth Fatigue Specimen 


pull rods serves to “pinch” the specimen shank, thus holding the speci- 
men securely. The adoption of this specimen modification resulted in a 
considerable saving of machining costs. Comparative fatigue tests of 
the standard specimens and the modified specimens indicated abso- 
lutely no differences in fatigue behavior as a result of the design alter- 
ation. 

+. Heat Treatment 

All specimens were austenitized by holding in a chloride salt bath 
at 1550°F for 1 hour. It was realized that this austenitizing temper- 
ature is higher than normally used for some of the steels, but this was 
done to hold one variable constant. The austenite grain size was held 
fairly constant, i.e., ASTM grain size 7-9. 

In accordance with the experimental plans, a number (4-9) of 
specimens of each steel were subjected to one of six treatments after 
austenitization; 1) direct quench and temper, 2) marquench and 
temper, 3) direct quench, refrigerate and temper, 4) marquench, re- 
frigerate and temper, 5) direct quench, refrigerate and double temper, 
6) marquench, refrigerate and double temper. 

At the beginning of the investigation a few specimens were re- 
frigerated in powdered dry ice. However, in order to obtain more 
intimate surface contact, this was soon superseded by immersing speci 
mens in liquid nitrogen (—320°F) for a period of 3 hours. In order to 
minimize, if not entirely prevent, austenite stabilization, the specimens 
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Fig. 2—-Typical Microstructures. The different heat treatments merely changed 
proportions of retained austenite and martensite. Etched with 1% Nital. (a) SAE 4 
(0.44% C); (b) Tioga (0.63% C); (c) Deward (0.88% C); (d) SAF 100 (1.06 
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were immersed in the refrigerant as soon as possible after reaching 
room temperature. Tempering was done in forced air furnaces and 
for 1 hour in all cases. Visual examination, with a low powered binocu- 
lar microscope, of the surface of specimens upon removal of the pro- 
tective copper coating, after heat treating, revealed no change in 
appearance from the original polished surface. 

Specimen diameters, after heat treatment and stripping, were re- 
measured to determine if the internal volumetric changes, known to 
occur, would result in a discernible difference in the diameter. The 
results of over 200 such measurements indicated that there were no 
readily measurable dimensional changes within the precision of the 
comparator. 

Examination of the microstructures of the longitudinal and trans- 
verse sections of the four steels showed, in every case, tempered mar- 
tensite, varying amounts of retained austenite, and carbides. Typical 
microstructures are shown in Figs. 2a—2d. There was no visible evidence 
of diffusion of copper into the steel or of steel into the copper or of a 
copper precipitate at the grain boundaries. It was assumed that the 
high austenitizing temperature would remove any hydrogen which 
may have been formed during the plating process. 


RESULTS AND DiscUSSION 
1. Effect of Hardness 

The usual practice in the evaluation of the fatigue properties of 
steels is to compare the fatigue limits. However, it is not an uncommon 
occurrence for high strength steels to fracture after more than 20 « 10° 
cycles, which value is frequently chosen as the cut-off point in the de- 
termination of endurance limits. Consequently the position of the knee 
of the S-N curve (stress amplitude vs log number of cycles to failure ) 
is poorly defined for the high strength steels and precise determination 
of a fatigue limit is difficult. Therefore, in the interest of time and 
economy, the finite portion of the S-N curve was investigated and the 
fatigue strength at 10° cycles was selected as the basis for analysis. A 
summary of the heat treatments, hardnesses, and fatigue strengths is 
tabulated in Table III. 

Fig. 3 shows the fatigue strengths plotted as a function of hardness. 
As expected, as the hardness is increased the fatigue strength at 10° 
cycles also increases. For the three higher carbon steels a maximum is 
indicated, apparently at higher hardness values than those for the 
fatigue limits reported in reference (10). 

For equal hardness those specimens which had been refrigerated 
possess greater fatigue strengths than those which had not been given 
this treatment. 

With the exception of the 4340 steel, specimens tempered below 
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Table Ill 
Summary of Results; Upper Numbers, Rockwell C. Hardnesses; Lower 
Numbers, Fatigue Strengths at 10° Cycles, ksi 
Tempering Tempering Steel 4340 Tioga Deward 52100 
Temperature Procedure ~- —- 
°F Quench Dir Mar Dir Mar Dir Mar D Mar 
350 M Re 53.5 
ksi 157 
M: Re 53 62.5* 
ksi 172 120 
M; Re 62* 63.5* 
ksi 110 130 
400 M Re 58 62.5 60 61 
ksi 150 170 145 158 
M R« 56 60 
ksi 155 155 
Ms; Re 49.5 60.5 
ksi 155 165 
450 M Re 50 
ksi 142 
M: Re 
ksi 
Ms R« 49 
ksi 160 
500 M Re 49 53.5 53.5 59 58.5 58.5 
ksi 140 134 135 150 146 142 
M: R« 49 53 
ksi 150 144 
M; R« 56 5 
ksi 146 155 
550 M Re 
ksi 
M Rx 48 52 56 57 57.5 
ksi 148 130 152 158 15s 
M R« 46 51 
ksi 140 138 
600 M R« 
ksi 
M R« 47 51 54.5 5 
ksi 145 135 150 151 
M R« 
ksi 
700 M Rx 
ksi 
M R« 55 
ksi 143 
M; R¢ 


ksi 


M:—Temper directly after quench 
M:—Refrigerate between quench and temper 
M:—Refrigerate then double temper 

*—Not used in any further analysis 


400 °F had very low fatigue strengths, possibly due to a residual stress 
pattern different from that in specimens tempered at higher tempera 
tures. Consequently, these results are not included in any further 
analysis. 
2. Effect of Retained Austenite 

Because of the strong correlation between fatigue strength and hard 
ness, it was desirable to adjust the data for each steel to an average 
hardness before attempting to determine the effects of the other vari 
ables. This was done on the basis of the slopes of the trend lines of 
Fig. 3, each value of fatigue strength being adjusted by an amount 
equal to the slope of the line times the difference between the hardness 
for that group and the average hardness for all groups of that steel 
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Fig. 3—Fatigue Strength at 108 Cycles As a Function of the Average Rockwell 
“C” Hardness. The solid lines represent groups which were refrigerated, the 
dashed lines those which were not 


\s the results for the refrigerated and nonrefrigerated groups ap- 
peared to be from different populations, the trend lines were deter- 
mined separately. 

Measurements of retained austenite were made on blank specimens 
machined to the same dimensions as the test specimens and heat treated 
at the same time. After heat treating and stripping the protective copper 
coating, the specimen was slit longitudinally and cut transversely near 
the minimum diameter. All cutting operations were done as carefully 
as possible, under a forced coolant stream. The cut pieces were mounted 
at room temperature, using a dental acrylic plastic. The specimens were 
then mechanically polished through four successively finer abrasive 
grits, and electropolished. 

In order to determine the amount of retained austenite, x-ray dif- 
fraction techniques, similar to the integrated intensity method de- 
scribed by Averbach and Cohen (12) were used. A modification of the 
lengthy computations of Averbach and Cohen was suggested by Beu 
(13) and it was this procedure which was used for the numerical com- 
putation. 
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Fig. 4—Adjusted Fatigue Strength As a Function of the 
Amount of Austenite Retained. The slopes of the lines 
are drawn according to the least squares method 


A modified powder camera described by Meyerson and Rosenberg 
(14), was used to hold the mounted specimens. A single crystal of 
pentaerythritol was used as a monochrometer. X-ray exposures were 
for 24 hours, using Co K, radiation. As a check on the film method tw: 
additional methods using counting techniques were employed. The 
values obtained by the three methods are tabulated in Table IV. The 
precision of the average values used in the analysis is approximately 
+ 1%. 

The curves of Fig. 4 show the adjusted fatigue strength as a function 
of per cent retained austenite. Plotting the data in this manner indi 
cates that an increase in retained austenite decreases the fatigue 
strength of the materials. However, for the three higher carbon steels 
there appears to be a limiting value beyond which there is no further 
decrease in strength. This type of behavior has been recently reported 
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DM: 600 
MM: 550 
MM: 500 
DM: 350 
MM; 400 
DM; 550 
DM? 450 


DM: 350 
MM: 450 
DM: 500 


DM: 600 
MMs: 550 
DM: 500 
MM: 400 
MM; 550 


DM: 400 
MM: 500 
DM: 500 


MM: 550 
DM: 600 
DM: 550 
DM; 400 
MM; 500 


MM: 500 
DM; 400 
DM; 500 
DM: 600 


MM: 700 
DM: 490 
MMs: 550 
DM; 500 


MM; 400 
DM: 500 
DM: 400 
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’ : Table IV 
Adjusted Fatigue Strengths and Retained Austenite Measurements 


Hardness Sn(105r) Adjusted Sn(105r) ™ Retained Austenite 

Film“ Norelco GE®) 

Re psi psi 
4340 
Refrigerated, Slope =4.76; Av. Re Used =49.4 
47 145x10* 156.4x10 0 0 
48 148 154.7 2.5 4.5 3.0 
49 150 151.9 4 4 3.6 
53 172 157 0 0 
49.5 155 155 0 0 
46 140 156.2 0 0.9 
49 160 161.9 0 0 
Nonrefrigerated, Slope =4.29 
53.5 157 139.4 11 11.3 11.3 
50 142 139.4 94 8.2 8.9 
49 140 141.7 6 6 6 
, Tioga 
Refrigerated, Slope =4.12; Av. Re Used =53.4 
51 135x108 144.9x10* 0 0.86 
52 130 135.8 3.5 4 44 
53 144 145.6 0 0 
56 155 144.3 2 2 
51 138 147.9 0 1.1 
Nonrefrigerated, Slope =3.3 

58 150 134.8 18 17.1 18 
53.5 135 134.7 3.5 2.7 
53.5 134 133.7 2.5 3 


Deward 
Refrigerated, Slope =2.9; Av. Rc Used =57.8 


57 158x10? 160.3x10* 0 1.2 

54.5 150 159.6 0 1.1 

56 152 157.2 2 2.4 3.4 

60.5 165 157.2 2 2 

56 146 151.2 5 5 4.6 
Nonrefrigerated, Slope =6 

58.5 146 142.2 16 16.3 16.2 

62.5 170 141.8 12 9 11 

59 150 144.5 11 10.5 11 

52100 
Refrigerated, Slope =2.50; Av. Rc Used =58.1 

57 151x110? 153.8x10* 0 0 

55 143 150.8 0 1 

60 155 150.2 2 2 

57.5 155 156.5 0 0 

57.5 155 156.5 0 0 
Nonrefrigerated, Slope =6.4 

61 158 134.1 19 20 21 

58.5 142 142.1 4 4 4.3 


60 145 133 10 11 10 


D—Direct quench 

M — Marquench 

M:i—Temper directly after quench 

M:—Refrigerate between quench and temper 

M:—Refrigerate then double temper 

1—See text for description 

2—Counting method used on North American Phillips diffractometer 
3—Counting method used on General Electric diffractometer 
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by Borik, Chapman and Jominy (15) for tempered martensitic struc- 
tures having undefined transformation products. 


3. Refrigeration—N onrefrigeration 


It has been previously pointed out that those groups which had not 
been refrigerated had fatigue strengths lower than equivalently hard 
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justed to 0% retained austenite 


refrigerated pieces. It would be of considerable interest to determine 
if the lowering of these fatigue strengths is due primarily to austenite 
retention. This can be done by calculating what the fatigue strength 
would be if there were no retained austenite present 

From Fig. 4, the slopes of the lines indicate the amount of stre 
amplitude decrease per 1% of austenite. Application of these values to 
each of those groups possessing any measurable quantity of retained 
austenite, 1.e., calculating what the stress amplitude would have been 
for 0% retained austenite, reveal that these groups would fall more 
nearly on the line as indicated by the squares, Fig. 5. It can therefore be 
concluded that removal of retained austenite tends to increase fat 
strength. 
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Distance From Center, Fraction Of Rad 
Fig. 6—The Amount of Retained Austenite As a Function of Distance 
from the Center of the Specimen. Due to the area encompassed by the 
impinging X-ray beam, the values of the abscissa should be considered as 
“center of gravity’’ positions. All specimens were similarly stressed with 
an amplitude of + 150,000 psi. 


4. Effect of Stressing on Retained Austenite 


It has now been established that retained austenite has a deleterious 
effect on the fatigue strength of a steel. The question of the effect of 
fatigue stressing on retained austenite is also of interest. It has already 
been pointed out that Frith (9) has investigated this problem and has 
shown qualitatively that fatigue stressing is capable of transforming 
retained austenite. 

In order to obtain quantitative information, longitudinal cuts were 
made on a fractured specimen from each steel and x-ray (film method 
only) determinations of retained austenite were made at three loca- 
tions, 1) the center, where the stress due to bending is zero, 2) midway 
between the center and the surface, 3) close to the surface. The 
mounted specimen was always placed in the camera in such a manner 
that the center of the x-ray beam was 0.1 inch from the fractured edge. 
As the beam diameter was about 25% of the specimen radius the points 
shown in Fig. 6 can be thought of as being in a sort of “center of 
gravity” position rather than at discrete locations. It can, therefore, 
be concluded that not only does fatigue stressing transform retained 
austenite, but that the extent of the transformation is a function of the 
stress amplitude. The comparatively large area encompassed by the 
x-ray beam, however, precludes the determination of the linearity or 
nonlinearity of the relationship. 
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Fig Percent Retained Austenite Transformed at a Posit 
Midway from the Center to the Edge As a Function of Carbon. A 
specimens were similarly stressed with an amplitude = 3 

psi at the surface 


5. Amount of Retained Austenite Transformed 


The austenite-martensite reaction depends not only on the applie 
stress but also on the chemical composition. That is, the amount of 
transformation is decreased as the austenite stability increases. The 
phrase “austenitic stability” is defined as the ability of an element to 
retard the transformation. 

It has been noted by Johansson (16) and Zener (17) that the greater 
the amount of carbon dissolved in the austenite lattice, the mor 
thermal energy would be required to cause an equivalent amount 
transformation. Thus, at equal temperatures, increasing the carbon 
content results in a lower free energy difference between the austenit 
and martensite, F, — Fy. Thus, it can be postulated that for equal 
amounts of stress there should be a decrease in the amount of trans 
formation, as the carbon level is increased. As illustrated in Fig. 7, this 
view is correct. As a first approximation, a linear relationship was 
assumed. It is realized that other alloying elements have a similar effect 
but of lesser magnitude, thereby permitting the development of the 
carbon effect in a series of steels of different composition 
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6. Effect of Carbon 


The consistency of the results for the four steels of different alloy 
content affirm the validity of the basic assumption that alloying ele- 
ments, other than carbon, are not as important as microstructure in 
their effect on the fatigue strength. 

The effect of increasing the carbon content on fatigue strength is 
illustrated by Fig. 8. This relationship was obtained by determining 
the hardness necessary to attain a fatigue strength of 150 ksi, for 0% 
retained austenite present. Thus, it can be seen that as carbon content 
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Fig. 8—The Hardness Needed to Attain a 

Fatigue Strength of 150,000 psi As a Function 

of Carbon Content, for 0% Retained Aus- 
tenite. 


is increased a higher hardness is necessary for equivalent fatigue 
strengths. It is difficult to determine the factors influencing this be- 
havior. Such metallurgical variables as morphology of the carbides, de- 
gree of homogenization of alloying elements, and so forth may be pre- 
sumed to contribute to the general nature of the curve. 


7. Effect of Quenching and Tempering Techniques 
It has been pointed out by Forsyth and Carreker (18) that mar- 


quenched specimens, by virtue of the decreased magnitude of their 
residual stress pattern, had better fatigue properties than a direct 
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quench and tempered steel. An examination of the data presented in 
Fig. 3 does not support their contention. 


THEORETICAL DIscUSSION 

The experimental results make it apparent that retained austenite 
can be detrimental to the fatigue strengths of ferrous alloys. It would 
be of great interest to formulate a reason as to why this is so. 

Any phase can transform into another phase spontaneously only if 
there is a decrease in free energy. Thus, for martensite to form from 
the parent austenite phase, the conditions must be such that the free 
energy difference be: 


F,—Fy >0 


However, there is an energy barrier which must be overcome by 
thermal or mechanical means before the reaction will proceed 

As the austenite-martensite reaction is diffusionless, the composition 
of the martensite is identical with that of the parent austenite phase 
Thus, the effect of retained austenite on the fatigue properties cannot 
be associated with any chemical change, but rather with physical 
processes. It is also well known that the austenite to martensite trans 
formation causes a volume increase. 

Sinclair and Dolan (19) and Head (20) have recently stated that 
fatigue might be phenomenologically characterized by three stages 


1. Slip and fragmentation occur until a maximum of cold work is 
reached. 

2. A disruption of high energy bonds within the severely worked 
striations. These minute ruptures result in submicroscopic 
cracks 

3. A coalescence of the submicroscopic cracks, forming visibl 
cracks and failure. 


In reality, only stages 2 and 3 contribute to fatigue damage, as a 


work hardened metal has not necessarily been damaged. In fact, work 
hardening by rolling or shot peening may enhance the fatigue resistance 
of a material. 

It has been shown that small areas of retained austenite undergoing 
cyclic stressing transform to an untempered martensite. It is during 
this transformation that large localized stresses appear, perhaps lead 
ing to the submicroscopic cracks postulated by Sinclair and Dolen, and 
Head. Thus, the greater the amount of retained austenite presei't, the 
lower the fatigue strength. However, as can be seen from Fig. 4 this 
is apparently true only for small amounts of retained austenite. This inay 
be due to the fact that the great majority of fatigue failures origir ate 
at the surface. Thus, there is a rather limited area of “strategic” im- 
portance ; if there is even one patch of retained austenite in this regicn 
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the fatigue strength would be lowered, and quantities of austenite 
greater than a certain amount would have relatively little effect on 
fatigue failure. 

Thus, if the retained austenite is transformed prior to cyclic stress- 
ing, then the fatigue properties should be increased. In this respect, 
refrigeration has been shown to do precisely this. Mechanical treat- 
ments as well as thermal treatment can also transform any retained 
austenite. Shot peening has been known to effectively increase the fa- 
tigue properties of metals. There has been considerable discussion as 
to the manner in which shot peening improves the fatigue strength. 
The two most frequently advanced reasons are 1 ), the material becomes 
work hardened, 2) favorable compressive stresses are introduced. It is 
now suggested that perhaps there exists a third mechanism—the work- 
ing of the surface transforms any retained austenite. This transforma- 
tion would have two consequences : 

1. Remove austenite, which has been found to be harmful 
2. Introduce compressive stresses by means of the expansion of 
the lattice. 


As far as the authors have been able to ascertain, there has been 
very little work done on this aspect of the problem and that by two 
Soviet investigators. Karasev (21) and Bolkhovitinova (22) have 
published data to show that retained austenite is not only decomposed 
by shot peening, but that this decomposition materially improves the 
fatigue properties of steel. 


SUMMARY AND CONCLUSIONS 


A number of metallurgical variables were studied, both those which 
can be controlled, such as carbon content, refrigeration and tempering 
temperature, and those which are direct consequences of the controlled 
variables, e.g., hardness and retained austenite. The usual method of 
preparing specimens obscures metallurgical surface changes which may 
hide the true nature of fatigue phenomena, therefore an alternate way 
of specimen preparation was devised. 

Asa result of this study and research, the following conclusions may 
be drawn: 

1. Moderate amounts of alloying elements, except carbon, are not 
as important as microstructure in their effect on the fatigue 
strength. 

2. Fatigue strength is a linear function of hardness up to some 
limiting value which is a function of carbon content. Beyond 
this hardness there appears to be a very rapid decrease in 
fatigue strength. 

3. Refrigeration prior to tempering improves the fatigue prop- 
erties of the steel. 
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4. Amounts of retained austenite up to about 10% lowered the 
fatigue strength of the steels. Beyond this percentage, there is 
apparently very little further decrease. 

Fatigue stressing transforms retained austenite to an un 
tempered martensite, the amount transformed being a function 
of the stress. As the carbon content is increased, there is a de 
crease in the amount of transformation at equal stress levels 
6. The hardness required to attain a given fatigue strength is 
greater as the carbon content is increased. 

Marquenching does not appear to give any additional benefits 
not obtained by direct quenching. 


uw" 


N 


On the basis of the above conclusions, an explanation based upon 
the dynamic volumetric changes was presented. It was hypothesized 
that large localized stresses resulting from an austenite-martensite 
reaction may nucleate submicroscopic cracks that lower the fatigue 
strength of a steel. The prior removal of retained austenite was shown 
to be beneficial. 
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DISCUSSION 


Written Discussion: By A. S. McKloskey and R. B. Liss, Caterpillar Tractor 
Co., Peoria, Ill 

The authors should be complimented for publishing so timely a paper which, 
because of its relation to industrial practice, may be controversial. We are very 
interested in this paper because of the importance of the effect of carbon on 
mechanical properties of high strength steels. For this reason, there are several 
points on which we wish to comment or have clarified. 

While alloy content in solid solution is not critical within the range studied, 
its effect on carbides, and hence on properties, is of great importance. For ex- 
ample, the SAE 52100 steel contained 1.38% chromium, a strong carbide former, 
whereas, the Deward steel contained only moderate amounts of carbide forming 
elements. Normal austenitizing temperatures are not sufficiently high to dissolve 
all the chromium carbides in steels such as 52100. It is likely, therefore, that the 
carbon in the martensite and austenite is greater in the Deward steel than in the 
SAE 52100 steel. Since it is the interstitial carbon and carbide precipitates in 
the tempered martensite rather than total carbon which strongly influences hard 
ness and fatigue strength, we do not feel the plots of Fig. 7 and Fig. 8, are too 
significant above approximately 0.65 carbon 

Because the effect of carbon is one of the variables being studied, we think 


that the steels should have been so heat treated that optimum properties were 
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obtained. By quenching all of the steels from the same temperature, some of 
the steels were put to a disadvantage. The relatively small differences in proper 
quenching temperatures would not significantly change grain size, but could hay 


ve 


a great influence on amount of austenite retained. 

Since retention of austenite is influenced by cooling rate, it is possible that 
some of the cross sectional variation shown in Fig. 6 existed in the specimens 
prior to testing. Was this possibility eliminated by checking the control specimens 


I 


for variation of retained austenite at different locations? Also, it is interesting to 
note that the refrigerated samples usually have a lower hardness than the non 
refrigerated. The opposite would be expected. 

We have undertaken a study of the effect of carbon content from 0.3 to 0.6% 
on mechanical properties at hardnesses higher than Rockwell C-40. By using a 
split heat in which carbon was varied in the melt, we have been able to eliminate 
any effect of alloy variation. Static tests show that at high hardness, an increas« 
in carbon content results in lower ductility and lower notch tensile strengtl 
While our unnotched rotating beam fatigue tests are not yet complete, the trends 
support the contention that endurance limit is a function of hardness, regardless 


of carbon content, to approximately Rockwell C-50. Furthermore, our data tend 
to confirm Conclusion 6, that is, in the finite range the higher carbon steels requiré 
a greater hardness to attain a given fatigue strength. However, below a | 
of approximately Rockwell C-47 the influence of carbon content is negligibl 
Authors’ Reply 

We agree with Messrs. McCloskey and Liss that the austenitizing temperature 
used in this study was not sufficiently high to dissolve all the carbon in | hour in 
either the 52100 or Deward steel. This is evident from an examination of th 
photomicrographs shown in Fig. 2. Furthermore, it is realized that chromiun 
restricts the solubility of carbon in austenite somewhat more than a simila: 
amount of manganese. However, the 52100 steel also contained about 18 points 


more carbon than the Deward and the photomicrograph of the quenche 
men of the former steel also shows an appreciably larger quantity of free carbide 
than is shown for the latter steel. It is our opinion, therefore, that there may not 
have been a marked difference in amount of carbon in solution in the tw 
at the time of quenching. Certainly, sufficient carbon was dissolved to produce a 
quenched structure of martensite of maximum hardness in each steel. The curve 
in Figs. 7 and 8 merely depict trends and it is felt that these are not invalidated 
by using the total carbon content as an ordinate. In fact, if the points were showt 
so as to reflect carbon in solution, they would fall more nearly on the trend lines 
It is realized that the quenching temperature will influence the amount of re 
tained austenite, but as the amount of retained austenite was measured, we do not 
believe that the conclusions would have been affected if different que ng 
temperatures had been used. 
In regard to the question regarding the cross-sectional variation of retair 
austenite, this was checked on the control specimens and within the preci 
the means employed, no variation was noted. In comparing the hardn 
duced by different treatments, it must be remembered that Ms indicates a double 
temper. For single tempering treatments, it can be seen from the results giver 
in Table III that the refrigerated and non-refrigerated specimens are of almost 
equal hardness 


THE INFLUENCE OF PRE-EXISTING SHARP 
CRACKS ON BRITTLE FRACTURE OF A 
NICKEL-MOLYBDENUM-VANADIUM 


FORGING STEEL 
3y E. T. WESSEL 
Abstract 

The brittle fracture characteristics of a commercial, vac- 
uum teemed forging steel were determined using several 
test conditions including specimens containing pre-existing 
sharp cracks. Increasing the severity of test conditions re- 
sulted in a progressive shift of the brittle fracture range to 
higher temperatures and lower applied stresses. The fracture 
strength of the samples containing sharp cracks was found 
to be highly temperature dependent and exhibited an abrupt 
transition from above, to well below, the normally measured 
yield strength over a narrow temperature range. This transi- 
tion is associated with a change in the mode of fracture ini- 
tiation from shear to cleavage. The transition temperature as 
determined by “drop-weight” and “low-blow” Charpy tests 
coincided with the temperature range in which the abrupt 
change in crack-notch fracture strength occurred. The ap- 
plied stresses and temperatures at which brittle fracture will 
occur in the presence of a pre-existing crack are dependent 
upon section size and crack length. The fracture strength 
was found to decrease in proportion to the inverse square 
root of the crack length in specimens of constant section size. 
Hence, size effects must be considered in practical situations. 
(2 {SM-SLA Classification s O26s » AY, 4-51 


F , Gite JGH a large amount of work has been conducted on brittle 
fracture in the past twenty years, sudden, unexpected, catastropic 
brittle failures continue to occur in practice. A number of these have 
involved large forgings (1).’ Much has been learned as a result of the 
fracture studies and some improvement in brittle fracture susceptibility 
tests, steel making practices, materials and fracture theory have been 
forthcoming. However, some aspects still maintain an air of uncer- 
tainty. For example, how do these failures occur at the relatively low 
applied stresses and moderate temperatures that prevail in service? 


! The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 

The author, E. T. Wessel, is associated with the Metallurgy Department, West- 
inghouse Electric Corporation, Research Laboratories, Pittsburgh. Manuscript 
received April 21, 1959. 
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Likewise, what design procedures and applied stresses can be tolerated 
in cases where a metal must be used below its ductile-to-brittle transi- 
tion temperature? Only recently have various investigations started 
to make some progress towards understanding the answers to these 
questions, but much still remains to be learned. 

The present paper describes some experimental work in which the 
influence of severe notches on brittle fracture * behavior was studied 
Primarily the investigation is concerned with determining the stresses 
and strains that are necessary to initiate ** a brittle failure in a large, 
flat, tensile specimen containing a pre-existing cleavage crack. Such 
sharp notches or crack-like defects are known to exist in large steel 
sections and structures in the form of weld cracks, inclusions, flakes, 
shrinkage cracks, forging bursts, etc. The present crack-notch experi 
ments are supplemented with studies of plain and notched tensile tests 
of small cylindrical specimens as well as several types of impact tests 
It is shown that the large pre-cracked specimens will fail in a brittle 
manner at applied stresses that are well below the normally measured 
yield strength and at relatively high temperatures. 


MATERIALS AND EXPERIMENTAL PROCEDURES 
All of the steel used in this investigation was taken directly from a 
large forging (3 foot diameter x 30 feet long) that was made from a 
vacuum teemed ingot. The composition is that commonly used for large 
forgings that are intended for use at or about room temperature 


Analysis (weight %) 
C Mn P S Si Ni Cr Mo \ Cu 
0.25 061 0.010 0.022 0.28 3.27 0.20 053 0.08 0.08 


The forging had been normalized and a representative microstructure 
of a radial section from the mid radius position of the forging is shown 
in Fig. 1. The microstructure is essentially upper bainite with some 
proeutectoid ferrite. The hardness is 260 BHN and the grain size is 
ASTM 3 to 4. 

As a result of vacuum teeming the hydrogen content of the forging 
was relatively low (0.30 PPM at the mid-radius position). However, to 
assure the elimination of hydrogen as an unknown test variable, all 
specimens were given a low temperature baking treatment (54 hours 
at 212°F) which could be expected (2) to remove 98% of the hydro 

* For the purposes of this paper brittle fracture is defined as any sudden catastr 
which results in a bright crystalline cleavage appearance of the fracture surface 
amounts of prior plastic strain may be associated with this type of rupture 


** The total fracture process can be considered to be composed t two parts tiat 
propagation. Initiation is visualized to incorporate that part of the failure process wh 
volves the formation and growth of an initial fracture in some local region to the ext 
rapid catastrophic rupture sets in. Propagation is considered to be that part of the fr: 1 
process in which the crack rapidly extends away from the local initiation site and progresse 
catastrophically throughout the structure or member. 
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Fig. 1—Representative Microstructure of Normalized Ni, Mo, V Forging Steel, from 
Mid-Radius Position of Forging. Etchant: 2% nital. x 500. 


gen originally present. After baking, a typical analysis of a specimen is 
as follows: 
Hydrogen—less than 0.1 PPM (0.006 PPM calc.) 
Oxygen—0.0006 wt. % (vacuum fusion) 
Nitrogen—0.0072 wt. % (Kjeldahl) 


The steel in this forging was exceptionally clean with respect to non 
metallic inclusions as would be expected from the very low oxygen 
content. 

All test specimens were taken so that the gage section coincided with 
the mid-radius position of the forging and were oriented with their axis 
perpendicular to the axis of the forging. The crack-notch phase of the 
investigation used large flat tensile specimens of the type shown in 
Fig. 2. One edge of the specimen contained a cleavage crack and the 
opposite edge contained a fine (approx. 0.004 inch root radius) 
jeweler’s saw cut of equivalent length. The preparation of the test 
specimens is illustrated in Fig. 3. The small, plain tensile specimens 
were the shoulder-loaded type (14 inch diameter with a 1 inch gage 
length). The pertinent dimensions of the small, notched, cylindrical 
specimens were as follows: diameter of main body 0.357 inch, diameter 
at the root of notch 0.252 inch, ground notch with 60° included angle 
and root radius of 0.001 inch, and the theoretical elastic stress concen- 
tration factor, Kt = 10.8. The small tensile samples were tested using 
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Fig. 3—Preparation of Large ries a Specimens with a Crack-Like 
Notch, 

apparatus and techniques which have been previously described (3,4). 
The large crack-notch tests were conducted in a 400,000 pound capacity 
tensile machine for which suitable heating and cooling fixtures were 
made. Special spherical seats and a clevis and pin gripping arrange- 
ments were used to assure good axial alignment. All specimens were 
continuously loaded in tension until fracture occurred. The loading 
and/or strain rates for the various tests are given with the experimental 
results. 


EXPERIMENTAL RESULTS 
Unnotched (plain) Tension 


In order to establish base line data concerning the flow and fracture 
characteristics of this particular forging, tests were conducted in plain 
(uniaxial) tension at a constant strain rate of 2.8 * 10~* sec.-!. These 
conventional tensile data are shown in Fig. 4. The steel conforms to the 
general behavior pattern which has been established for metals possess- 
ing the body-centered cubic (bec) lattice structure (5-9). Of major 
interest is the pronounced transition from a ductile-to-brittle behavior 
which occurs in the temperature range of —260 to —300 °F. This tran- 
sition is characterized by a sharp loss in ductility, a pronounced decrease 











282 TRANSACTIONS OF THE ASM Vol. 52 

















Fig. 4—The Temperature papen Gnas of the Uniaxial Ten 
sile Properties of a Forging Steel 
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initiation from shear to cleavage, and the absence of any general lo 
calized deformation (necking). 

Experience with steels and other body-centered-cubic metals has led 
to the generalization that brittle fractures can be classified into three 
different types as are described for the present steel. (a) In the tem 
perature range from 75 to —260 °F, fracture initiates by a ductile shear 
tearing at the center of the specimen, but converts to a brittle cleavage 
fracture during propagation. Large plastic strains precede this type of 
fracture. The proportion of shear to cleavage components in the f: 
tured surface decreases with decreasing temperature. This change from 
a ductile to a brittle type of crack propagation, which has also been 
observed by Felbeck and Orowan (10), is attributed to the increasing 
severity of conditions which develop at the advancing tip of the shear 
crack. (b) In the temperature range between —260 and —375 °F 
fracture initiates and propagates as cleavage. Fracture is preceded by 
moderate amounts of plastic deformation which decreases with decreas 
ing temperature. In this temperature range, microcracks are formed in 
the relatively early stages of plastic flow but they do not propagate 
catastrophically until they grow in size or several join together to form 
a critical size sufficient to become self-propagating (5,11,12). As a 
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Fig. 5—The Temperature Dependence of the Notched Tensile 
Properties of a Forging Steel 


result of the damage induced in the early stages of plastic deformation 
the fracture strength decreases with increasing temperature due to 
increasing plastic strain in this range. (c) At temperatures below 
—375 °F, cleavage failures occur during incipient yielding. In this more 
brittle range it is believed that the first microcracks that form suffice 
the propagation requirements (11). Fracture strength is seen to de- 
crease rapidly with decreasing temperature in this range. In other 
metals fracture strength may increase or be temperature independent 
depending upon the particular metal and its metallurgical condition. 

The data of Fig. 4 show that the stress and temperature ranges in 
which brittle fracture occurs in plain tension are nowhere near the 
moderate temperature and low stresses at which this type of steel fails in 
service.* However, these data do provide a basis for understanding the 
details of the ductile-to-brittle transition behavior under simplified test 
conditions. 


Notched Tension (small cylindrical specimens, K; = 10.8) 
The results of tensile tests of small cylindrical specimens with a 


* For a comprehensive description of operating and failure conditions refer to a series of 
papers in ASME Transactions, Vol. 78 (1956), p. 1527-1623 
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Fig. 6—Fracture Initiation Strength in the Crack-Notch Condition 


machined notch (K;= 10.8) are given in Fig. 5. The same behavior 
patterns and the same three types of brittle fracture that were observed 
in plain tension are also observed in the notched tests. The shear con 
verting to cleavage type of fracture which occurs after extensive plastic 
flow prevails in the range from —125 to 300 °F. Cleavage after moder 
ate amounts of plastic flow is observed in the range of —175 to 
-125 °F. Cleavage during incipient yielding occurs below —175 °F 
with an associated rapid decrease in fracture strength. The occurrence of 
these types of brittle fracture has shifted to higher temperatures and 
lower applied stresses than for plain tension. The basic factors causing 
this shift have been previously (5) reported. In general, the same se 
quence of events leading to total failure as were described for the case 
of plain tension also occur in these notched tests. However, they occur 
in a much smaller, localized region emanating near the root of the notch 
Although the fracture strength has been lowered and the brittle fracture 
temperature range raised, the results of the small notched tensile tests 
still fall well outside the region of stress and temperature where failures 


are encountered in service. 


Crack-notch Tension 


To provide more severe conditions and a closer approach to practice, 
a series of tests were conducted using large flat specimens, Fig. 2, con 
taining sharp edge cracks as notches. These results are given in Table | 
and Figs. 6 to 10. All of the data shown in these Figures are for a speci 
men of nearly constant geometry. The specimens were continuously 
loaded to fracture in tension at a rate of 15,000 psi per minute which 
undoubtedly resulted in a very high local strain rate at the root of the 


very sharp notch. 
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Fig. 7 
shear; 1. Original crack-notch, 


shear converting to cleavage; ‘; ‘Shear initiation, 
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Fig. 9—Relationship of Crack-Notch to Plain Tensile Properties 


The fracture strength behavior, Fig. 6, is most significant. The net 
section fracture strength, ox, represents the average applied stress that 
is required to initiate fracture at the root of the pre-existing cra 
The values are obtained by dividing the applied load at the time of 
fracture initiation by the uncracked area between the notches. Once 
again the characteristic types of brittle fracture are encountered, Fig. 7 
Above 250 °F only ductile, all shear rupture occurs. In the relatively 
narrow range from about 200 to 250 °F fracture initiates by shear aftet 
considerable local plastic flow but converts to cleavage during the fra 
ture propagation process. Above 200 °F oy decreases slightly with in 
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Fig. 10—Fracture Appearance Transition in the Crack-Notch Tensile Tests. 


creasing temperature much in the same manner as does the normal 
tensile strength. In fact, in this range where fracture initiates by shear, 
ox iS approximately equal to the normal tensile strength. In this range 
ductility is relatively high as shown in Fig. 8. The average ductility 
increases while the local ductility at the point of fracture initiation re- 
mains essentially constant. 

The transition from a shear to a cleavage initiating type of fracture 
occurs just below 200 °F. This corresponds to the dashed portion of 
the fracture strength curves shown in Figs. 4 and 5 where the same 
change in the mode of fracture initiation occurs in these other types of 
tests. In the range just below 200°F cleavage fracture occurs after 
moderate amounts of plastic deformation and both oy and ductility 
decrease rapidly. In this range of abrupt transition, ox changes from 
a value that is above to one that is considerably below the normal yield 
strength. 

Some further consideration should be given to the change in fracture 
appearance which occurs over the ductile-to-brittle temperature range. 
When examining fracture surface details, one must recognize that both 
the initiation and propagation phases of failure will be present in the 
final fracture area and should be duly considered. The change in frac- 
ture appearance for conventional plain and notched tension specimens 
has been described previously (5,6). Essentially the same behavior is 
observed for the case of the large crack-notch specimens. A typical 
ductile shear fracture which is obtained above 250 °F is shown in Fig. 
7a. The dye stained pre-existing brittle crack can be seen on the bottom 
with the saw cut notch on the top. The fracture surface is inclined at 
an angle of about 45 degrees to the specimen axis. Fig. 7b illustrates 
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the shear initiation converting to cleavage propagation type of fracture 
that was observed in the relatively narrow range trom 200 to 250 °F. On 
the bottom at the end of the original cleavage crack is a shear region 
extending across the thickness of the specimen where fracture initiated 
and propagated a short distance as ductile shear rupture before convert- 
ing to cleavage propagation. The shear lips along the two edges of the 
specimen occurred during propagation of brittle fracture and they are 
attributed to the absence of triaxiality of stresses near the surface. 
Fig. 7c shows the fracture surface at 125 °F. In this case fracture origi 
nated as cleavage at the end of the pre-existing crack and propagates 
as a brittle fracture. Once again a thin shear lip occurs during propaga 
tion of the fracture. The width of this shear lip decreases with decreas 
ing temperature and appears to be completely absent below 10°F. All! 
these cleavage initiated fractures below 200°F had fracture surfaces 
which were in a plane perpendicular to the specimen axis. The relative 
amount of shear and cleavage components in the total fracture for the 
entire temperature range that was studied are shown in Fig. 10 

Of particular significance is the fact that all of the fractures over the 
entire temperature range, excluding the complete ductile fractures, 
where the origin of fracture is not always apparent, originated at the end 
of the pre-existing sharp crack and not at the end of the jeweler’s saw 
cut on the opposite side of the specimen. The chevron pattern pointing 
towards the fracture origin can be seen in Fig. 7b and 7c. This observa 
tion indicates that, at least for these experiments, a sharp crack-notch is 
more effective in causing a brittle failure than is a fine saw-cut notc! 

The relationship of oy to the conventional engineering tensile proper 
ties is shown in Fig. 9. Above about 200°F where shear initiation 
occurs oy/oyieia iS greater than 1 and increases substantially with in 
creasing temperature. This behavior signifies that enough plastic flow 
precedes the initiation of rupture to relieve all elastic stress concentra 
tions, even in the presence of an extremely sharp crack. Hence, fracture 
is difficult to start. In fact, in this range applied stresses equivalent to 
the normally measured ultimate strength are required for fracture as 
seen by ox/outtimate = 1. The ratio of ox/orracture does not achieve unity 
even in the ductile range. This is expected because of the differenc 
in plastic constraint which arises from differences in geometry. Below 
200 °F where the mode of fracture initiation changes to cleavage, all 
ratios decrease rapidly. The decrease is most pronounced in the transi 
tion range, 200 to 100 °F, where all three ratios decrease about 5 
A further, but more moderate decline in these ratios occurs below 
100°F with all three reaching a common value of about 0.25 at 
—320°F. The decrease in these ratios, which is accompanied b 
loss of ductility, is quite indicative of a decline in brittle fracture re 
sistance. It is apparent from these ratios that even at the very low te: 
peratures the effect of the theoretical elastic stress concentration factor 
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Fig. 11—The Effect of Crack Length on Fracture Strength 


at the head of the sharp crack is no where near realized. Obviously some 
plastic flow must occur at the tip of the crack. Clearly, the critical range 
is from 100 to 200 °F. At 200 °F, for the conditions of these tests frac- 
ture cannot be initiated unless the normal yield strength is exceeded 
while at 100 °F a brittle fracture will initiate at nominal stresses that 
are 65% of the normal yield strength. 

It must be realized that in the brittle range the specific values of oy 
will depend markedly upon the crack length. The effect of crack length 
for specimens of constant size is illustrated in Fig. 11 for room tempera- 
ture. ox is seen to decrease with increasing crack length, and as a first 
approximation oy is proportional to the inverse square root of the crack 
length. 

It is believed that the abrupt, temperature dependent change in oy 
and the associated changes in fracture behavior that are demonstrated 
for this particular steel are characteristic of a behavior trend that is 
common to metals which exhibit a ductile-to-brittle transition. A similar 
ax behavior has been observed by the author in other forging steels, 
12% Cr steels, and low alloy steels when tested in the crack-notch con- 
dition.* Srawley and Beachem (13,14) have also obtained a similar ox 
behavior in very high strength steels using small sheet specimens con- 
taining a central notch. 


COMPARISON WITH OTHER MEASUREMENTS OF TOUGHNESS 
The crack-notch data can be compared qualitatively with other, more 
conventional, types of brittle fracture susceptibility tests. The most 
common of these is the Charpy ““V” notch impact test for which the re- 


* Data will be presented in subsequent publications 
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Fig. 12a—Conventional Charpy “V” Notch Transit 
Fig. 12b—Low-Blow Charpy Transition (pre-existing low 


initiated crack 


sults are shown in the conventional manner in Fig. 12a. Fig. 12b is the 
transition data obtained by the “low-blow” modified Charpy test de 
veloped by Hartbower (15). The nil ductility transition temperature 
(NDT) shown in Fig. 12 was determined using the “drop weight’ 
techniques described by Puzak (16). 

Since the crack-notch tension tests and the conventional Charpy test 
are obviously different types of tests and measure different properties 
one cannot make a direct quantitaitve comparison of the test ult 
+} 


¢ 


The rapid increase of oy in the crack-notch tension test occurs 
same temperature range as the increase in energy absorption in the 
Charpy test. Within the limits of normal scatter, both the “drop-weight”’ 
and “low-blow” tests indicate a transition temperature of about 150 °F 


This temperature coincides quite well with the pronounced ris¢ 


from well below to above the normally measured yield strength. Of 
perhaps greater significance, is the observation that this transitior 

perature is in good agreement with that at which the mode of fracture 
initiation in the crack-notch tension tests changes from brittle cleavage 


to ductile shear tearing. In comparing the results of these various tests 
it is significant to note that the slowly loaded crack-notch tension tests 
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exhibit a transition temperature that is as high, if not higher, than the 
impact tests. Hence impact loading is not a definite necessity for high 
transition temperatures. 

No doubt further study might reveal a more specific correlation of 
the transition temperatures as determined by these different tests. On 
the basis of these preliminary data it would appear that either the “drop- 
weight” or “low-blow” transition temperature provides a good indica- 
tion of the temperature range in which a pronounced change in oy could 
be expected to occur with an associated change in the mode of fracture 
initiation at the end of a pre-existing sharp crack. While these impact 
tests do give an indication of a transition temperature, they do not pro- 
vide any information regarding the applied stresses that will cause 
fracture, either below or above the transition temperature. The crack- 
notch tests however do show a distinct advantage in this respect, and 
when properly related to size effects should be of considerably more 
value for application purposes. 

Fracture toughness can also be expressed in terms of a critical crack 
extension force, G,, employing the concepts described by Irwin (17). 
It has been suggested (18) that fracture toughness as measured in terms 
of G, appears to be a basic material property which is largely independ- 
ent of specimen size effects. If this is so, G. would be a very useful tool 
for structural design and material evaluation purposes. For example, 
by having accurate observations of G, for a given material and tempera- 
ture, and knowing the size of any possible cracks or crack-like defects 
as well as the dimensions of the structure, it may be possible to predict 
the stresses at which fracture will occur in the brittle range. For cal- 
culations of G, it appeared advisable to take into account a correc- 
tion factor (~20%) for the influence of the side boundary free 
surfaces (19) upon the stresses near the edge of the crack, and values of 
G, for the crack-notch tests were determined using the following re- 
lationship (20). 

G.= o?L/E tan ac/L\14+ 0.20 
( 1+(tanzc/L)? 
G,.= crack extension force (Ib. /in.) 


o= Gross section stress 
L=total width 
c =crack depth 
E = Young’s modulus 
The values of G, are given in Table I and Fig. 13. G, is seen to in- 
crease with increasing temperature in the same manner as does oy. 
Values of G, above 250 °F are not significant since completely ductile 
fractures were obtained for the size of specimens that were used. 
The G, values from the crack-notch tensile tests apparently agree 
with machined-notch rotating disk test values (Fig. 13) reported by 
Winne and Wundt (18) for a similar forging steel having approxi- 
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Fig. 13—Variation of Fracture Toughness “Ge” with Temperature. 


mately the same Charpy impact transition temperature (50% shear) 
and a similar c/L ratio (about 0.2). Such agreement, however, would 
not be expected because of specimen thickness effects. Without going 
into detail regarding the factors involved, it appears that when the re- 
sults are considered on an equivalent thickness basis the crack-notch G, 
values are lower than the rotating disks values by a substantial amount. 
This difference may be attributed to the much sharper notch that is used 
in the crack-notch tension tests. For this reason it is believed that disk 
bursting tests using crack-notches in thick specimens could result in 
considerably lower values than are currently being obtained with 
machined notches. Such a difference in G, is observed by comparing 
cracks versus saw-cuts in otherwise identical flat tensile specimens. 
DISCUSSION 

It was found that as the severity of test conditions were increased, 
brittle fractures occurred at progressively higher temperatures and 
lower applied stresses. The results of three series of experiments that 
illustrate this behavior are summarized in Fig. 14. It is seen that a 
change in test conditions from simple tension (K;—= 1), to machined- 
notch tension (K;= 10), to crack-notch tension (K;—a), results 
in a pronounced shift of the brittle fracture range to higher tempera- 
tures and lower stresses. For the crack-notch conditions that were used, 
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Fig. 14—Fracture Initiation Strength of a NiMoV F 
Steel for Different Test Conditions 


brittle failures occurred at relatively high temperatures and at average 


applied stresses that are considerably below the normally measured 
yield strength. Thus it is apparent that if the proper combination of 
defect (notch) and section size prevails, brittle failure is possible under 


service conditions. 

It must be emphasized that the fracture strengths which are 
in Figs. 6 and 14 for the crack-notch condition were obtained for 
ticular geometry and crack size. Therefore in their present form thes 
data cannot be applied directly for specific evaluation or design pur 
poses. They are only intended to illustrate a behavior trend. It is ex 
pected that the same general behavior pattern as shown in the present 
crack-notch experiments will undoubtedly prevail for other geometrica 
conditions, however, the occurrence of brittle fracture will be shifted 
to different stress and possibly different temperature levels. It ha 
been established (17) that, for the brittle fracture range, an increas 
in total section size, while maintaining a constant ratio of crack to sé 
tion size, will result in lowered applied stresses for fracture. Likewist 
increasing the crack size in a constant section size was found to decr 
the fracture strength in proportion to the inverse square root 
crack length (Fig. 11). Such behaviors are predicted by a mod 
Griffith theory (21,22) or a notch-stress viewpoint (23,24). O: 
basis specimens that are larger than those used in the present test 
the same ratio of crack length to width, would be expected to fail a 
lower applied stresses. Increasing the thickness would have a similar 
effect, at least up to some critical thickness where a plain-strain stres 
condition was reached. Increased thickness would be expected to 
raise the transition temperature to some extent. Conversely, th 





sort of dimensional changes in the opposite direction would be expected 


~~ s —_ 2 





1960 BRITTLE FRACTURE OF A FORGING STEEI 295 


to raise the fracture strength and lower the transition temperature. 

Thus, it is apparent that it is necessary to consider the interrelation- 
ships of fracture strength, crack lengths, section sizes, stress states and 
possibly other influential factors before experimental data that is ob- 
tained for any given set of conditions can be utilized for specific evalua- 
tion or design purposes. The possibility of being able to predict fracture 
behaviors and strengths from a knowledge of the influence of these 
factors and a given set of data of the type obtained in the crack-notch 
tests appears to be quite promising. For example, if for a given applica- 
tion one knows the stress conditions which are applicable to the particu- 
lar geometrical configuration, the dimensions of the structure and the 
location and size of the defects or cracks; it appears that the fracture 
stress for the application conditions can be approximated from data 
obtained under other known conditions in laboratory tests. Such an 
approach should provide reasonable assurance against brittle failure 
in those instances where metals must be used at subtransition tempera- 
tures. Naturally, it would be highly desirable to avoid using forgings 
or similar large sections below their transition temperature, but this 
is not always possible with the steels that are currently available. 


SUMMARY 

The brittle fracture characteristics of a commercial Ni Mo V, vacuum 
teemed forging steel were studied in detail. Primary emphasis was 
devoted to an investigation of the ductile-to-brittle transition behavior 
of large flat tensile specimens containing pre-existing sharp (cleavage) 
cracks. The fracture strength in the presence of a pre-existing sharp 
crack is highly dependent upon temperature, and it exhibits a pro- 
nounced transition from well above to well below the normally measured 
yield strength over a narrow temperature range. This transition is asso- 
ciated with a change in the mode of fracture initiation from a ductile 
shear tearing to a brittle cleavage fracture. For the particular cracked- 
notch conditions that were studied, brittle fractures were obtained 
within the stress and temperature region where this type of steel is used 
in practice, thereby providing some insight into the possible causes of 
failures in service. 

The critical stresses and temperatures at which brittle fractures will 
initiate in the presence of pre-existing cracks are also dependent upon 
geometrical conditions. Increasing the crack size in a constant section 
size decreased the fracture strength in proportion to the inverse square 
root of the crack length. Increasing total size with a constant ratio of 
crack length to section size would be expected to produce similar results 
in accordance with predicted behavior (21,22). Hence, the application 
of this type of fracture strength data to practical situations requires 
consideration of both crack and section size effects. 

The ductile-to-brittle transition behavior exhibited by the crack-notch 
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tests was compared to other types of toughness tests. The transition 
temperature as determined by either the “low-blow” or “drop-weight” 
techniques (15,16) provides a good indication of the temperature range 
in which the change in the mode of fracture initiation and the associated 
sharp decrease in fracture strength can be expected to occur. 
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DISCUSSION 


Written Discussion: By G. T. Hahn, research associate, Department of Metal- 
lurgy, Massachusetts Institute of Technology, Cambridge, Mass 

This well executed study emphasizes the very definite need for a “basic material 
property” characterizing resistance to brittle fracture. Since the present paper will 
further stimulate interest in the fracture toughness, G-, the following comments 
dealing with the significance of G. are thought to be pertinant 

The term G. is defined by Irwin (25) * as the strain energy release rate that is 
a consequence of crack extension the instant the crack becomes unstable. This 
energy release rate can be identified with the energy requirements of the growing 
crack (at that same instant), and the identity is the basis for the quantitative 
treatments of fracture developed by Griffith (26), Orowan (27), Irwin (28), 
Stroh (29), and others. For completely brittle materials, G. is the specific surface 
energy of the crack. In semibrittle materials, such as steel below its transition 
temperature, cracking is accompanied by localized tearing and plastic deformation 
in a region immediately adjacent to the fracture. In this case Ge may be con- 
sidered as the effective surface energy or the sum of the specific surface energy 
and the energy dissipated by plastic flow. In either case G- reflects the interatomic 
forces that resist crack propogation, is a measure of the resistance to brittle 
fracture, and may be regarded as a basic material property 

Effective surface energy values proposed for mild steel have recently been re- 
viewed by Barrett (30), and are summarized in the accompanying Table II. The 
term G.-1 is associated with the energy requirements of a submicroscopic crack 
growing from a dislocation pile-up (31,32) ; G.-2, with the energy requirements 


of a growing microcrack (32,33) ; G.-3, with the type of large crack studied by 


the author in the present paper. The difference between the G.-1 and G.-2 values 
can be rationalized in terms of known grain boundary effects (36). On the other 


hand, G.-2 and G--3 differ by 1 or 2 orders of magnitude despite the fact that 


* The figures appearing in parentheses pertain to the references appended to this discussion. 


See page 302 
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both terms are calculated from the modified Griffith equation, and depend on « 
sentially the same assumptions. 

The difference between G.-2 and G.-3 probably arises from the fact that crack 
propogation in notched or pre-cracked plates is preceded by plastic deformatior 
at the root of the notch or crack. Felbeck and Orowan have observed such 
deformation in large pre-cracked steel plates, and Wessel also notes that “ever 
at the very low temperatures the effect of the theoretical elastic stress concentra 
tion factor at the head of the sharp crack is nowhere realized” and that “some 
plastic flow must occur at the tip of the crack.” Plastic deformation that 
prior to crack propagation relieves the stresses at the root of the not and 
dissipates stored elastic strain energy that would otherwise be available to supply 
the energy requirements of crack propagation. The amount of deformation that 
occurs under specific loading conditions and the extent to which stresses are re 
lieved are difficult to estimate, but it seems likely that even small amount f 
deformation can produce important effects. For example, consider that the pre 


Table Il 
Effective Surface Energy Values Proposed for Mild Steel 
erg/cm? in-lbs/in? Re 
Geo-1 Effective surface energy for 10¢ 0.06 $1, 32 
cracking within a grain or single 
crystal 
Gc-2 Effective surface energy derived 105 0.6 
from microcrack studies 
Gc-3 Effective surface energy derived 5.10¢—5.107 20-200 10, 34, 35 
from studies of large precracked 
plates 





cracked specimen tested at —40 °F (specimen No. B10, Table I) is unde 
section stress of 40,000 psi. If deformation occurs so that stresses be 
formly distributed in a region of radius 0.02 inch at the root of the crack, the 
maximum tensile stress is reduced from over 500,000,000 psi ** to about 160,000 
psi, the average stress in this region. The energy required to deform this volume 
5% plastically under these conditions is equivalent to the average strain energy 
stored elastically in the specimen in a volume about 200 times as large 

To compensate for the strain energy lost to flow, higher stresses must be ap 
plied to cause fracture. Since the Griffith equation or the modified treatments of 
Orowan and Irwin make no provision for energy dissipation prior to fracture 
the higher strengths thus achieved are not charged to stress relief, but ar¢ 
rectly attributed to higher G. values. In other words, if no deformation 
before crack propagation, then G. values can be determined experimental 
large pre-cracked plates. On the other hand, if plastic deformation does occur 
present treatments no longer apply rigorously, and calculated G. values will be 
larger than the true effective surface energy. This conclusion is born out by the 
results presented in Fig. 11 which indicate that G., contrary to theoretical expect 
tions, is not a constant, but a function of crack size 

In the case of G.-2 the Griffith equation is applied to a rapidly growing 
crack, and stress relief is not as important a factor. Consequently, G--2 is prol 
a much better approximation of the effective surface energy requirements 
brittle fracture. The large difference between G.—2 and G.—3 suggests that fra 
toughness values determined from large plate tests are predominantly a fu 


of the deformation prior to crack propagation, and provide little if any inf 


** This value is based on the same assumption made by Orowan, Ref. 27, page 194 
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tion on effective surface energy. The significance of the experimental G. values 
is, therefore, similar to the significance of the energy values in the Charpy test. 
The results of Fig. 12a and Fig. 13, showing that G. and Charpy values exhibit 
very similar trends, tend to confirm this view. The decrease in G. at low tempera- 
tures probably reflects a decrease in the extent to which deformation occurs at the 
root of the crack, rather than a decrease in the effective surface energy. 

Finally, these considerations imply that the G. value derived from tests of pre- 
cracked plates is not a basic material property, but a complex function of yield 
strength, delayed yield effects, work hardening, plastic constraint (notch and 
specimen geometry) and effective surface energy. Accordingly, the G- values 
may provide important information concerning the resistance to brittle fracture 
of the plate rather than of the material itself. 


Written Discussion: By James F. Watson, Materials Research Group, Convair- 
Astronautics, San Diego, Calif. 

The author is to be congratulated on this research effort which has further 
elucidated the complex nature of flow and fracture phenomena. Of special interest 
was the presentation of data showing how crack-notch tensile samples can be used 
to obtain brittle fractures within the stress and temperature regions where this 
grade of steel is in current use. The use of “sigman,” the net section fracture 
strength, to describe fracture, and the implications drawn from the ratio of 
sigma,/yield strength and sigma,/ultimate tensile strength are a progressive step 
in the direction of making toughness data more meaningful to the design engineer. 


* where correlations be- 


Progress in this direction has been made in impact tests, 
tween service performance and impact energy have been made, and further efforts 
along these lines are welcomed by the designer confronted by the problem of 
specifying materials for application where brittle failures may occur. As mentioned 
by the author, the net section fracture strengths pertain only to certain specimen 
geometry and crack size, but they indicate fertile areas for additional research, 
especially in those cases where those parameters such as residual notch size and 
acuity can be estimated with some degree of accuracy. 

In tests of cold-rolled austenitic stainless steel at this laboratory, large dif- 
ferences in toughness (as measured by notch/unnotch tensile ratios) have been 
observed between longitudinal and transverse directions over a range of extreme 
sub-zero temperatures. For example, in the longitudinal direction this value de- 
creases from 1.09 at room temperature to 0.98 at — 423 °F, while in the transverse 
direction the corresponding values are 1.01 and 0.75.** Similar effects have been 
reported by Brown, et al in both austenitic and martensitic steels.*** Although 
the steel studied in the present investigation was normalized and was relatively 
clean due to vacuum teeming, it would be interesting to know how samples cut 
transverse to the axis of the forging so that the width of the gage section would lie 
parallel to the forging axis would behave . . . It seems likely that these samples 
would exhibit a somewhat lower fracture strength. 

The data shown in Fig. 4, when compared to Charpy “V” notch data in Fig. 12a, 
again demonstrate that reduction of area and elongation are not meaningful 
measures of toughness (as distinguished from ductility). Significantly, the frac- 
ture surface was seen to approximate 100% brittle failure prior to large decreases 

*L. Jaffe, et al, Proceedings, American Society for Metals, 1951 

** J. F. Watson, Proceedings, Cryogenic Engineering Conference, 1959 


*** W. Brown, et al, Preprint, Transactions, American Society for Testing Materials, 1959 
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in reduction of area and elongation. In tests of austenitic cold-rolled stainless steel 
sheet, this writer has observed elongations of 2% which accompanied notct 
unnotch tensile ratios (Kt of 6.3) in excess of 1.0 over a range of temperature 
from 70 °F to — 423 °F. This material was found to have excellent resistance to 
brittle failure under service conditions. Also, elongation values are known to 
depend on gage length, and are thus even more misleading than reduction of area 
in studies of this type, when used to describe transitions from ductile to brittle 
failure. 
Does the spread of data increase significantly at the more brittle temperature 
ranges? In other tests of cold-worked austenitic stainless steels at 320 and 
~ 423 °F in this laboratory, embrittlement (caused by the austenite to martensite 
reaction) was associated with increases of scatter in experimental data. This i 
scatter was presumably due in large part to fine scratches or other residual ' 
stress raisers which controlled crack initiation at the lower temperatures where 


this steel behaved in a brittle fashion. These tests suggest the possibility of using a 
statistical analysis for standard deviation as a further effort toward the inti 
tative measurement of trends toward brittle behavior 


Written Discussion: By B. M. Wundt, structural engineer, Large Stean 
Turbine-Generator Department, General Electric Company, Schenectady, N. \ 
There is considerable lack of published information on the practically 
portant subject of fast crack propagation in alloy steels. This paper by Dr. Wessel 
contributes considerably to the sum total of knowledge in this field. In the f 

lowing the discussor used Dr. Wessel’s carefully performed experiment 
attempt to additionally elucidate the physical meaning of fracture toughness ( 

It is of interest to determine the net section notch strength ox as a function of 
notch depth C while maintaining constant width of plate L and constant fracture 
toughness G 
Obviously on —o (L/L — 2c) 
and the gross section stress 

o ox (1 2c/L) 


Using relationship (20) 
l 


o* = G- E/L Fy ac/L) (14 0.20/1 + (4+ er 


We obtain 


1 
2 ( "y 
ox’ = GEE T 1] — 2c/L]* [4 g wc/L) [1 + 0.20/1 + (+2 x 
Using the above equation notch strength ox was calculated as a function of 
creasing notch depth ratio 2c/L for four different values of G. 50, 100 


200 Ib in/in*. The results are plotted in the accompanying Fig. 15 and the fou 


curves were designated as aa:, bb:, cc: and dd; respectively. It is seen 


above equation leads to infinite notch strength ox for shallow notches 2c/I O 
if G- is maintained constant. Such behavior of ox is devoid of physical meaning 
and a correction derived from actual physical behavior must be introduced. Thi 
is easily accomplished if we consider that for not too-large unnotched specimet 
notch strength ox becomes approximately equal to tensile strength. Thereforé 
order to approximate the notch strength for shallow notches tangents w 
drawn from tensile strength 120,000 psi to the four curves. In this manner curve 
ta:, th: , tex, td: were obtained. A similar condition exists for very deep notche 
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when 2c/ = 1 not shown in the figure. For an analogous treatment of notched 
strength of cylindrical bars in tension which is extended to include notch strength- 


ening and very deep notches see Fig. 11b of reference A at the end of this dis 
cussion. 

It may be seen from the curves that with increasing notch depth, for a constant 
value of G., notch strength ox decreases from tensile strength t until it reaches a 
rather broad minimum and then increases again for deeper notches. Note that for 
small values of G.-, like 50 lb in/in*, ox decreases very rapidly but for larger G, 
the decrease is much less rapid. It follows from the curves that for the de 
termination of G, the most useful region of notch depth 2c/L is between 0.25 and 
0.45, depending on the value of G 

The family of four curves was plotted using constant width I 3.8 in. which 
was chosen as a compromise value for a number of specimens listed in Table I 
and which were plotted in Fig. 11 of the paper. In the accompanying Fig. 15 are 
re-plotted the test results for specimens B2, B4, B5, B11, A1l2, C12 tested in the 
neighborhood of room temperature. (See reference B at the end of this discussion 
for test results B2, B4, A12.) It may be concluded from the location of test points, 
that considering possible scatter, the tests performed at room temperature define 
rather well a fracture toughness value somewhat lower than 150 Ib in/in’, prob- 
ably close to 140 lb in/in®. Note that the considerable variation of notch depth 
ratio from 0.055 to 0.64 did not result in a varying fracture toughness 

The theoretically predicted variation of notch strength for materials with low 
fracture toughness and very sharp notches of variable depth is also confirmed 
by test results shown in Fig. 13 of reference C at the end of this discussion. This 
figure indicates that in case of a 4340 sheet with 270,000 psi tensile strength and a 
0.002-inch radius at the root of the notch, the notch strength ratio rapidly de 
creases from 1.0 to a minimum of 0.62 for notch depth ratio equal to 0.3 followed 
by an increase with increasing notch depth 
agreement between the theoretically predicted and experimentally 





The essential 
observed values of notch strength contributes additional evidence that G- is a 
physical quantity which describes the fracture characteristics of a material in a 
particular condition 
It appears also that if G. is determined with the proper understanding of its 


ef al 
+} 


intended meaning its value does not depend on the geometry of the specimen nor 
on the manner of loading 
In order to achieve this, the experiments must be designed with considerable 


} 


large enough, the notch must be deep and sharp 


care. The specimens must be 
enough, a notch which ends with a crack is preferable. 

The test temperature must be maintained constant, and, preferably somewhat 
below fracture transition appearance temperature. This will result in almost com- 
plete cleavage across the fractured section. It will permit the starting of propaga- 
tion with the least energy expended for initiation as evidenced by the almost com 
plete lack of shear lip at the apex of the notch and on the free surfaces of the 
specimen 

Under such conditions also the energy expended for propagation will tend to ap- 
proach the minimum and will be supplied by the released strain energy which 
takes over from the applied load to complete the fracture. In other words, the 
“rapid propagation” phase will be initiated with practically a minimum magnitude 


of external load. In the same time, it is very likely that as a consequence of the 
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Fig. 15—Notch Strength Versus Notch Depth Rati ¢ 
it room temperature 


near-minimum magnitude of the initiation force, the fracture surface will appear 
as a relatively smooth cleavage area rather than a cleavage area cover: ith 
ridges and chevrons 

It appears that Dr. Wessel’s test results on specimens used by the discussor it 
Fig. 15 largely meet the above requirements 

Experiments performed in the laboratories of the company with w 
cussor is connected indicated that, 3 x 3 inch beams with 20% deep 1 
hibited approximately a 40% drop in nominal notch-bending strength 
0.005 inch radius at the base of the notch was replaced by a fatigue crac} here 
fore, the fracture toughness in the presence of a crack Geo was reduced t most 
one third, 

[0.36 = (1 0.4)?], of the G, 


obtained with a 0.005 inch radius 

The beams were made from a similar Ni MoV steel and were teste 
temperature which was considerably lower than the 50% fibrous fractures 
ance transition temperature 
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Author’s Reply 


There is considerable current interest concerning the possible determination and 
use of some basic material property, such as G., for evaluating brittle fracture 
resistance. Thus, Dr. Hahn’s comments relative to the significance of Ge are quite 
timely. In the present paper the author merely intended to illustrate the possible 
use of G. as another means of describing fracture toughness and therefore pur 
posely avoided any detailed discussion regarding the significance, validity and 
application of G. measurements. It was believed that this subject is sufficiently 
broad and complex to warrant separate consideration. However, it appears neces 
sary that some of Dr. Hahn’s comments require further discussion at this time. 

Much of the discussion is related to the fact that local plastic flow precedes the 
onset of rapid fracture in the pre-cracked plate tests and thereby influences the 
values of G. that are obtained from the results of such tests. This is true since the 
degree of plastic deformation and the associated stress relief certainly affect the 
specific local stress conditions near the tip of the crack. These in turn exert a less 
pronounced influence on the average applied gross section stress that is used to 
calculate G.. However, the author fails to understand why these same factors 
are not also involved in the case of a microcrack developing and growing through 
a polycrystalline mild steel. Plastic deformation prior to and during the advance 
of a crack is undoubtedly present in both cases. Likewise the processes and 
sequence of events which start a crack moving are essentially no different than 
those which occur as the crack advances. For this reason the author cannot agree 
that the difference between G.-2 and G.-3 (Table II of discussion) occurs pri 
marily because plastic deformation affects the local stress conditions in cracked 
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plate tests but has little or no influence in the case of a growing microcrack. It 
seems more likely that the differences in energy requirements are related to the 
differences in the volumes of material that are involved in the fracture process 
The energy involved in fracture initiation * or propagation * is not conf to the 
fracture surface but encompasses a region surrounding the fracture. In the pre 
cracked plate tests there is undoubtably a larger total volume of material being 
affected prior to and during fracture than there is for the case of the formation 
and advance of a microcrack. Hence the total measured energies are larger. It is 
the author’s opinion that the energy requirements for either fracture initiation or 


propagation, on either a micro or macro scale, would be found to be equivalent if 
it were possible to make the comparisons on a unit volume of affected material 
basis. It would therefore seem that the major fallacy in nearly all fracture energy 
measurements is that the energy involved is generally expressed in tern f a unit 
area of the fractured surface whereas it more rightfully should be related t 
volume of affected metal. This would be particularly true for the case of fracture 
initiation where the energy involved in starting a rapid fracture is relat to the 
area of the final fractured surface. Hence the G. values described in 

paper, as well as most others that have been reported cannot be truly representa 
tive of the actual specific energies involved. 

Dr. Hahn points out that the data of Fig. 11 indicates that Ge, contrary t 
theoretical expectations, is not a constant, but is a function of the cra ength 
The author does not appreciate how one arrives at this conclusion from the data 
provided. From the information shown in Fig. 11, the following G. values are 


calculated using Irwin’s (20) expression that is provided in the paper 


Crack Length 


inches (in. Ibs/in®)@¢ ergs 

0.10 94 j 

0.21 145 2.9 

0.62 178 3.1 

0.80 154 7 

1.50 72 1.3 
While there is considerable scatter in G-, a problem inherent when test samples 
are taken from a large inhomogeneous steel section, there seems to be no definite 
indication that G- is a function of the crack size. Other experimental data (18,37 
have shown G-, as measured from large notched section tests, to be independent 
of crack length 

The primary conclusion presented in the discussion is that G. values obtained in 

notched plates or similar types of tests reflect the fracture resistance of the plate 


(specimen configuration) rather than the material itself. In this case, sj 

different size and/or geometry should, for a given material, yield different values 
of G-. Irwin (17) has reported good agreement of G. between larg: 

notched bars and notched bend tests. Winne and Wundt (18) similarly have 
found good correlation between notched bend tests and notched disk-bursting 
tests. In the present paper the G. values for small cylindrical notched 

(Fig. 5), in the temperature range where brittle fractures are obtain below 
-100 °F), also show reasonably good agreement with those obtained in the pre 
cracked plate tests in the same temperature range. The respective Ge va 


follows: 


* As defined in the footnotes in the paper 


** For cylindrical notched bar of given geometry equations 6 and | reference are us 
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Temperature (ergs/cm?) 

(°F) n. Ibs/in®)S« (x 107) 
320 70 1.3 ra 
210 96 17 ~! tea 
140 94 1.6 — 
320 2 0.5 

-—260 4. 0.7 
225 7 1.0 Small cylindrical 
175 66 1.2 notched bars 
150 59 1.0 
130 7 1.3 
100 69 1.2 


Hence it appears that the G. values obtained from large plate or similar types of 
tests do reflect a material property related to fracture toughness rather than 
purely a measure of the fracture resistance of the plate itself. It is probable that G. 
values, so determined, cannot be rigorously defined as a basic material property, 
nor do they represent the actual specific energy involved in fracture. However, 
when properly considered, such G. values appear to have some practical sig- 
nificance as an approach to the brittle fracture problem. Further work in this area 
is expected to help clarify the specific nature of this type of G. measurement. 

\s Dr. Watson points out, the toughness of a given steel can vary as a function 
of the orientation of the test sample with respect to the primary direction of work- 
ing. Usually, the toughness is poorer in the transverse direction. The large flat 
tensile specimens of the investigation were oriented transverse to the primary 
working direction with their width in the radial direction. As suggested, it is 
possible that the same transverse specimens, with their width in the longitudinal 
direction, would exhibit a lower fracture strength (ex). This would be expected 
since a greater density of inclusions in the critical test section could be possible 
when the width dimension of the specimen corresponds to the longitudinal di- 
rection of the forging. By chance, a stringer of inclusions could extend across the 
entire width of the specimen thereby seriously reducing the load bearing capacity 
This difference in inclusion density would be unique to flat specimens and would 
not prevail for cylindrical or square test pieces. In the absence of inclusions, no 
pronounced difference between the two specimen width orientations would be 
expected. 

In sheet or plate materials that are heavily worked as compared to the large 
cylindrical forgings, the directional! effects are quite pronounced. These effects are 
illustrated in Fig. 16 for a forged plate of a NiMoV steel that is quite similar to 
that used for the present investigation. From plates of adequate thickness it is 
possible to orient Charpy “V” notch specimens in the longitudinal and two 
transverse directions (thickness and width). Note the marked difference in energy 
absorbtion between the various orientations. Again the poor fracture resistance 
of the transverse thickness direction is attributed to the unfavorable orientation 
of inclusions. Also of significance is the fact that while directionality has a strong 
effect on energy to fracture, there is relatively little effect on the 50% shear 
fracture appearance transition temperature 

With respect to the question concerning an increase in the spread (scatter) of 
data in the more brittle temperature range, it is apparent that there were not a 
sufficient number of crack-notch tests in the reported investigation to conclude 
much about the degree of scatter. However subsequent experience with this and 
other steels has revealed no increase in scatter at subtransition temperatures. The 
degree of spread in test results is fairly consistent from the transition temperature 
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Fig. 16—Directional Effects on Charpy “V” 
Notch Transition Behavior of NiMoV 
Forged Plate 
The author certainly agrees that the use of statistical analysis for 


deviation is quite desirable in measurements of fracture strength 


tion would be 
ation or design purposes 
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analysis. 
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THE DIMENSIONAL STABILITY OF A 
PRECISION BALL BEARING 
MATERIAL 


By E. B. Mixus, T. J. Hucuet, J. M. Gerry, anp A. C. KNUDSEN 
Abstract 


The dimensional stability of various hardened structures 
of 52100 steel was investigated. Four structures were 


studied which contained from 0 to 15% retained austenite. 
Testing over a range of temperatures from 30°F to 


+-165 °F and at stresses up to 20,000 psi revealed that both 
stress and temperature influenced the dimensional stability 
of 52100 steel. Furthermore, it was found that the presence 
of more than 1.5% retained austenite in the structure re 
sulted in pronounced instability. A maximum of 120 micro- 
inch/inch expansion was observed for a structure contain- 
ing 15% retained austenite when tested at 165°F and 
20,000 psi for 1600 hours. Highly stable structures could be 
produced by removing essentially all retained austenite, 
either bya high temperature temper or by use of an austemp- 
ering procedure. (ASM-SLA Classification: P10d, 2-61; 
AY, SGA-c) 
INTRODUCTION 
T= TERM “dimensional stability” as used in this paper will be 
defined as the ability of a material to resist permanent size changes 
at stresses below the elastic limit. There are two principal mechanisms 
by which a metal object may change its size and/or shape at stresses 
below the elastic limit: 1. The decomposition of an unstable or meta- 
stable phase ; 2. The relaxation of residual stresses present in the ob- 
ject as the result of prior processing. It is possible that both mechanisms 
may function in a single part. In general phase decomposition will re 
sult in a volume change, whereas residual stress relaxation will cause 
changes in various dimensions with no net volume change. In hardened 
steels a two-step process may occur in which retained austenite de 
composes to tetragonal martensite with an increase in volume, followed 
by the transformation of the tetragonal martensite to cubic martensite 
with a decrease in volume. 
\ series of papers from MIT starting in 1942 has dealt with the 
A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959 
This investigation was carried out by the General Motors Research Labora- 
tories in cooperation with the AC Spark Plug Division of General Motors, and 
was supported in part by U. S. Air Force Contract No. AF04(645)19. The pres- 
ent addresses of the authors are: E. B. Mikus, Convair Astronautics, San Diego, 
California; T. J. Hughel, General Motors Research Laboratcries, Warren, 
Michigan; J. M. Gerty, True Cast Concrete Products Co., Sun Valley, California ; 
\. C. Knudsen, AC Spark Plug Division, General Motors, Milwaukee, Wiscon 
sin. Manuscript received March 25, 1959 
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dimensional stability of various steels (1,2,3,4).' All of the work done 
at MIT was carried out with no external stress applied to the speci 
mens. The present research was done to evaluate the dimensional 
stability of 52100 steel over a range of temperatures and stresses. This 
information was needed in the design of gyros for guided missile guid 
ance systems. The accuracy of such systems demands that parts not 
shift position or center of gravity by as much as a few microinches. It 
is therefore most important to use materials which are known to be 
dimensionally stable in the microinch per inch range. 

It was the object of this investigation to evaluate the stability of a 
steel which is widely used in gage blocks, gyro ball bearings, and other 
precision parts, and to develop procedures for maximizing the long time 
dimensional stability of this steel under the conditions encountered in 
such applications 


EXPERIMENTAL PROCEDURES 


The material used in this investigation was obtained in the form of 


11%4”D. barstock in the spheroidized annealed condition. The reported 
chemical analysis of this 52100 steel was as follows : 
; Mn P S Si Cr Ni Mo Cu 
1.03 0.38 0.020 0.015 0.31 1.37 0.08 0.03 09 
Four heat treatments were selected to give a range of hardness and re 
tained austenite content. 
A. Austenitize 4% hr. @ 1550 °F, O.Q. @ 90 °F + Temper 10 hrs. @ 250 
B. Austenitize % hr. @ 1550 °F, O.Q. @ 90 °F + Temper 1 hr. @ 500 
C. Austenitize % hr. @ 1550 °F, 0.Q. @ 90 °F + Temper % hr. @ 321 

+ 14 hr. @ 250 °F, AC, repeated 10 times 
D. Austenitize % hr. @ 1550 °F, Austemper 1 hr. @ 500 °F, AC 
Prior to heat treatment all the specimens were rough machined 0.020” 


oversize. After heat treatment they were finish ground and 
lapped as indicated in Fig. 1. 


Measuring Technique 

An intermittent measuring procedure was used to follow the change 
in length of the test specimen as a function of time at a specific stress 
and temperature. Before the initiation of the test, the speimen lengt! 
was determined relative to a standard jig with a Link Fringe 
Micrometer. The specimen and jig employed are shown in Fig. 2. \\W 
the reduced section of the specimen held snugly in the V-groove of the 
jig, by a brass clip shown in the left side of Fig. 2 and the specimer 


resting on the surface of a ball at the bottom of the jig, a small differe: 
in height between the jig and specimen existed. This differen 
height was measured with the Link machine 


1 The figures appearing in parentheses pertain to the references appended t 
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Fig. 1—Dimensional Stability Test Specimen. 





Fig. 2—Specimen and Jig Used For Precision Measurements 


The reproducibility of the measuring technique employed was +1 
micro-inch per inch of specimen length. After the initial measurement 
the specimen was placed in test for a period of about 7 days and then 
remeasured. This cycle was repeated until a total test time at stress and 
temperature of as much as 1700 hours had been attained on the speci- 


men. 
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Fig. 3—Dimensional Stability Specimen in Test Config 


Loading 1 echnique 


A unique feature of the test cells employed in this investigation 
that the specimens were loaded directly to a prescribed stress level witl 
high pressure oil. A cross sectional view of a specimen in its pressure 
chamber is shown in Fig. 3. This design was adopted to insure uni 
loading throughout the course of the test. The fit between the chamber 
wall and specimen was such so as to permit a constant but small 
rate of high pressure oil past the specimen. Thus, the specimen 
maintained in a floating position while under stress with very littl 
interaction between specimen and chamber wall. The area of the re 
duced section was 1/20 that of the flange area. The hydrostatic c 
pressive force can be neglected in this device. With the hydraulic sys 
tem employed a pressure of 1000 psi could be maintained continuous! 
in the test chamber. A maximum of 20,000 psi tensile stress could be 
put on the reduced section of the specimen and this level could be main 
tained to within +100 psi. Dial AX oil was used as the pressure fluid 
as well as the liquid medium in which the pressure chamber was im 
mersed to achieve constant temperature conditions throughout the test 
Any desired temperature from —30 to +165°F could be achieved 
with this oil on a continuous basis by using appropriate heating or cool 
ing immersion coils 


Structural Examination 
Hardness measurements, electron micrographs and retained aus 
tenite determinations using x-ray diffraction were made before and 
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Fig. 4—-Dimensional Stability of Structure A—Tempered 10 Hrs. at 250 °F at 
Various Stresses and Temperatures 


after testing on most of the structures evaluated for dimensional sta- 
bility. 
. ResuLts & Discussion 

Figs. +-7 show the data obtained from 25 tests conducted on four 
structures of heat treat 52100 steel. The general shape of these curves 
indicates the two basic reactions that take place in steel on aging which 
affect its dimensional stability. The first reaction, the transformation 
of retained austenite to a martensitic product causes an expansion of 
the material and accounts for the initial rapid change in length in the 
positive direction. At the same time a second reaction takes place, 
martensite tempering, which results in a contraction of the material. 
The effect of this reaction on the dimensional stability curve is to 
reduce the rate of expansion so that in some cases an actual decrease 
in length occurs with time. The effects of the austenite transformation 
is most prominent in the structures resulting from the low temperature 
temper and the subcooled treatments, Figs. 4 and 6, which contained 
significant amounts of retained austenite. The effect of the tempering 
reaction is evident in the structures obtained by the high temperature 
temper and the austemper treatments, Figs. 5 and 7, which resulted in 
very small amounts of retained austenite. 

In Fig. 4, the data obtained for the low temperature tempered struc- 
ture are plotted. The large instability exhibited at 165 °F and 20,000 
psi should be noted. With decreasing stress at 165 °F, the stability of 
this structure improves significantly. At —30°F the stability of the 
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Various Stresses and Temperatures 


Table I 
Hardness and Retained Austenite Content of 52100 Dimensional Stability Specimens 
Before and After Testing at 165°F and 20,000 PSI 








Heat Retained Austenite, % R“C” Hardnes 
Treatment* Before After Before After 
\ 14.6 15.0 64 64 
B 0 0 58 58 
( 2.7 3.0 645 64.5 


D 1.3 - 57 57 


* refer to procedures section 
** not determined 


structure appeared to be insensitive to stress up to 20,000 psi. Thus, it 
appears that the reaction resulting in dimensional instability is de 
pendent upon stress as well as temperature. The data for the higl 
temperature tempered structure are shown in Fig. 5. A very significant 
improvement in stability is exhibited by this structure at all test con 
ditions compared to that obtained with the previous structure. 

Fig. 6 shows the data obtained on the subcooled structure. Again 
large instability is found at 165 °F and 20,000 psi. However, the in 
fluence of stress at 165 °F is not as pronounced for this structure as was 
found for the structure resulting from the low temperature temper 

The limited data obtained on the austempered structure is shown in 
ig. 7. This heat treatment appears to develop a structure which is as 
stable as that produced by the high temperature temper. Furthermore 
in the heat treatment of a complex shape this procedure would minimize 
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the risk of quench cracking and distortion encountered during normal 
hardening. 

An examination of Figs. 4-7 in conjunction with Table I will reveal 
an interesting correlation. Table I lists the retained austenite in the 
four structures before and after testing which were used in this in- 
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vestigation. The largest dimensional change took place in the low 
temperature tempered structure which contained the largest amount 
(15%) of retained austenite. Structures produced by the high tempera 
ture temper and the austemper contained little or no retained austenite 
and exhibited a high degree of stability. The degree of stability was 
intermediate for the subcooled structure, which contained about 3% 
retained austenite. Since the stability of retained austenite is expected 
to be dependent upon stress as well as temperature, it seems that the 
dimensional instability of 52100 steel observed in this study arises 
almost entirely from the instability of the retained austenite phase and 
that residual stress plays little or no part, at least in the test bar con 
figuration and heat treatments used here. 

Since this correlation was evident, it was felt that the degree of in 
stability could be predicted by examining the structure after testing 
The results of retained austenite determinations on completed test 
specimens are shown in Table I. Unfortunately, no significant differ 
ence in retained austenite was detected between tested and untested 
structures. The fact that the reported retained austenite contents after 
testing are greater than before testing, simply reflects the inhomoge 
neity of the material. These differences in structure, even within the 
same specimen, were verified with electron microscope examination 

The fact that no structural change due to test conditions was found 
in the tested specimens doesn’t preclude the existence of such a change 
According to the volume differences known to exist between austenite 
and martensite, a transformation of 1% retained austenite to marten 
site should result in a lineal increase of 150 microinch/inch. The largest 
dimensional change observed in this investigation was 120 microincl 
per inch. At best, then, theoretically 1% retained austenite transforma 
tion would account for the observed dimensional change. This amount 
of transformation was not detectable with the techniques employed 


CONCLUSIONS 
1. The presence of appreciable amounts of retained austenite ir 


hardened 52100 steel significantly contributes to the dimer 
sional instability of the material. 


— 


2. When appreciable retained austenite is present in hardened 
52100 steel, the dimensional stability depends upon both the 
temperature and stress of the test. 

3. On the basis of x-ray determinations and electron micros 
employed in this investigation, no structural changes account 
ing for dimensional instability were detected. This was due 
partly to the existence of structural inhomogeneities in the ma 
terial and partly to the small amount of structure change neces 
sary to account for the dimensional instability observed in these 
tests. 


Int 
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4. Maximum dimensional stability in hardened 52100 steel can be 
achieved by largely eliminating retained austenite. This may be 
accomplished either by a relatively high temperature tempering 
operation after hardening or by austempering. 

On the basis of these tests, the austempered structure appears 
to be as stable as the structure produced by a high temperature 
temper. Furthermore, the austempering treatment has the ad- 
ditional advantage of minimizing quench cracking. 


wn 
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i DISCUSSION 


Written Discussion: By Bruce L. Mims, The Barden Corporation, Danbury, 
Conn. 

This paper presents evidence that SAE 52100 steel tempered for 10 hours at 
250 °F retains about 15% retained austenite. For the vast majority of ball bear- 
ing uses, it should be emphasized, this fact is of little consequence. As the authors 
are careful to point out, their area of interest is restricted to the very special bear- 
ings used in the spin motors of gyros for missile guidance systems. 

The 15% retained austenite leads to growth of the ball bearing material, hence 
a shift of the supported gyro wheel which is incompatible with the requirements 
of this restricted class of gyro. 

To reduce the retained austenite, three alternative heat treatments are pre- 
sented and evaluated. One of these results in 58 Rc hardness, another in Rockwell 
C-57 hardness. This seems dangerously soft for ball bearing balls and races, where 
elimination of retained austenite is not the only requirement of a functioning ball 
bearing. Hardness and wear resistance are also vital. 

Ball bearings used in this class of gyroscope are required to operate with 
scanty lubrication, because the mass shift of the lubricant is itself a problem. 
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Wear products help to break down what little lubricant is present, leading t 
bearing failure. Possibly for this :reason, little success has been obtaii vith 
races softer than Rockwell C-58, so that both heat treatments B and D 


somewhat dubious value 


The final heat treatment, C, involving the much discussed deep freeze technique 
has fairly low retained austenite (2.7 to 3.0%), good hardness (Rockwell C-64.5) 
but surprisingly poor stability under stress at 165 °F. It is stated that even 3 
retained austenite is sufficient to cause instability. However the fact that the steel 
with 15% retained austenite is only a little less stable than that with 3% seems to 


suggest that other factors are also involved. In any case the deep freeze heat treat 
ment C is inadequate from the stability standpoint. 

In summary, although the alternative heat treatments do not appear ov at 
tractive, the authors have certainly achieved their purposes, (a) to point out 
that conventionally heat treated 52100 is too unstable for use in their spe 
(b) to suggest the reason for this instability, and (c) to try altern 
treatments to improve matters. Even should none of these heat treatments tur it 
to be the final answer, the paper is certainly useful in delineating the prob! 
in pointing out the direction to solution. 


Written Discussion: By H. T. Morton, Chief Metallurgist, Industrial 1 
Inc., Ann Arbor, Mich 

This paper is very interesting and contributes to the data relative to stabilizing 
52100 bearing steel 

It is unfortunate that 1600 hours or more are required to prove tl 
each test and variations in procedure. Figs. 5 and 7 representing treatment 


c 


D show satisfactory size stability with 0 and 1.3% retained austenite. H 

hardness values for these treatments are Rockwell C-58 and C-57. Both of 

values are below desirable bearing wear resistance hardnesses 
To overcome wear small bearings, gage balls, and other 


hardness of Rockwell C-60 minimum, and preferably Rockwell C-63. 1 
up the question as to whether 52100 steel can be stabilized for use at R 
C-60-63 and means that further work should be done to combine stabi 
wear resistance 

We suggest that further work be done to develop a heat treatment 


maintain a hardness in excess of Rockwell C-62 and obtain stabilized part 


Written Discussion: By G. Meldrum, assistant chief metallurgist, Centra 
District, Republic Steel Corporation, Massil'on, O 
The authors are to be complimented for this investigation covering the dit 


sional stability of hardened high carbon-chromium steel over a range of ten 
ture and stress. This subject is extremely important and especially in relati 
the development of missiles, rockets, and various guidance systems. The exper 
mental procedure used to measure dimensional changes in terms of micro inch per 
inch of specimen over a range of temperature at prescribed stress levels is 
ingenious and deserves recognition. Not enough work has been done as regar 
dimensional stability under conditions which approach those normally encount 
in actual service. 

It is recognized that this paper is based on a relatively small number of 
Further work may indicate some modifications of the conclusions indicated 


present work 


1960 DIMENSIONAL STABILITY OF BEARING STEEL 317 


[he amount of austenite obtained with treatment A, 1550°F oil quench and 
250 °F temper for 10 hours, seems rather high. We believe normal production 
heat treatments now being used for this grade in the bearing industry will pro- 
duce much less austenite and still maintain the required hardness of about Rock- 
well C-64. It is unfortunate that the heat treatments, “B” with the 500 °F temper 
and “C” austempered at 500 °F, which produced the least dimensional change gave 
hardness results below Rockwell C-60 which is below the desired hardness for 
most of these critical applications. 

\ comparison of the data presented in Figs. 5 and 7 is very interesting. It will 
be noted that the 500 °F austempering treatment gave a maximum of less than 
half the maximum dimensional change produced by the 500 °F temper treatment 
at a temperature of 165 °F and 20,000 psi stress. This despite the fact that zero % 
retained austenite was noted in the 500 °F temper treatment as compared to 1.3% 
with the austempering treatment. This would imply that the less residual stress 
developed in the austempering was the controlling factor rather than the amount of 
retained austenite 

Again this is a very important report and should lead to more work as regards 
dimensional stability in relation to retained austenite and residual stresses under 
conditions of temperature and stress. We will be very interested in further results 
and conclusions developed. 

Vacuum consumable melted high carbon-chromium bearing steels are now 
being used extensively in these precision applications requiring maximum dimen- 
sional stability. It would be extremely important to know if the vacuum melted 
product with possibly lower gas and nonmetallic content produced less dimensional 


hange under these prescribed conditions of temperature and stress 


Written Discussion: By Melvin R. Meyerson and Theodore R. Young, U. S 
Department of Commerce, National Bureau of Standards, Washington, D. C. 

The National Bureau of Standards is attempting to develop a gage block ma 
terial and process so as to obtain a maximum change in length of 1 x 10 
in./in./yr. Due to the many other requirements for a precision gage block, a metal- 
lic material seems to offer the best solution, and a 52100 type of steel is one of 
many under study. This steel has been hardened and treated to remove retained 
austenite, and finally tempered to produce hardnesses of Rockwell C-65 or Rock- 
well C-60. As a result of these studies and observations of the dimensional stability 
of commercial gage blocks over a period of thirty-two years, and the similarity 
of some of the authors’ work, the following comments appear pertinent 

[he authors have employed a maximum interval of 1700 hours and in some 
cases as little as 800 hours over which to determine the stability of their steel. 
While the time interval is adequate for the specific application involved, we be 
lieve this interval is too short to be conclusive for longer times and can show 
numerous examples where the stability characteristics of hardened and tempered 
steel blocks during the first six months after heat treatment differ from their 
characteristics after six months. We also have observed gage blocks which have 
become progressively shorter or have remained stable for several years and then 
have started to grow. For these reasons it would appear desirable to use a term 
other than “dimensional stability,” which by convention has come to imply long 
term stability without intentionally applied exterior stress. May we suggest “Short 
Term Dimensional Stability” or “Stress Induced Dimensional Instability” ? 

We do not believe that the role of retained austenite on the stability of hardened 
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steel is as clear cut or straightforward as the authors state. The data they have 
presented in Table I indicate a slight or no increase in austenite after testing 
rather than a decrease as would occur if the austenite had transformed in whole 
or in part. Furthermore, specimens given treatment D, and which contained 1.3% 
retained austenite, were far more stable than those given treatment B which had 
no retained austenite. Unfortunately, only one curve is presented combining zero 
applied stress at 95°F, so that the no-load stability at approximately roon 
temperature could not be compared as a function of heat treatment. Steel gage 
blocks made by Johansson in 1927 and under observation for dimensional stability 
since that time have recently been analyzed for retained austenite * and the most 
stable blocks of the group examined (size changed 2 x 10° in./in. in 30 years 

have about 10% of retained austenite; the less stable ones had somewhat mor 

Certainly 10% of retained austenite is an appreciable amount and there may have 
been more at the time of manufacture, but still, these blocks have a high degree 
of stability. 

The authors state that residual stresses play no part in their problem, but th 
conditions of heat treatment clearly indicate the possibility of effects by residu 
hardening stresses. The degree of tempering of the martensite, as indicated 
tire ly 


ull 


hardness measurements, and the fact that steel D is probably almost er 
bainitic introduce two additional structural variables that we feel are not ace 


quately considered. Thus, the steels austempered or tempered at 500 °F not only 
have less austenite but also have lower hardening stresses, more advanced temper 
ing of martensite or a bainitic structure, and lower hardness. 

No mention is made of the role of residual surface stresses induced by the 
grinding operation performed after heat treatment. These stresses can exceed 
75,000 psi and unless relieved could play an important part in stability. It may be 
possible to neutralize this effect by carefully grinding each specimen in exactly 
the same manner, thereby placing uniform grinding stresses (both in size and 
direction) on each specimen. We have tentative findings which indicate that the 
direction of grinding and the directional stresses thereby induced can alter the 
direction of the instability from a shrinkage to a growth or vice versa 

Our fina! comment pertains to the procedures for measuring length. For ex 
tremely precise measurements on the order of 1 micro in./in. extended over 
period of time, it is necessary to measure periodically the absolute length of the 
jig and correct for any instability it may have. Some of the most precise hardens 
and stabilized steel gage blocks commercially available today have been found to 
have some degree of instability. In actuality, changes to the degree found in thes¢ 
gage blocks are relatively small and errors of this magnitude would not seriously 
influence the authors’ results. However, greater instability could appreciably is 
fluence the authors’ results, and therefore, it would appear desirable to have 
stability data for the jig. An inadequate correction for thermal errors could also 
produce serious errors. Did the authors obtain values for the coefficient of therm 
expansion of the jig and of their steel at Rockwell C-64 and C-57-58? Careful 
determination of the coefficient of our 52100 steel indicates a difference in valu 
when the steel is heat treated (hardened and tempered) for a hardness above 
Rockwell C-62 (6.4 x 10°/°F at 85°F) or below Rockwell C-60 (6.2 « 10°/°! 
at 85 °F). This observed variation in the coefficients of expansion is an indicatior 
of the need for close temperature control and some way of assuring that both th 


/ 


* Metrology of Gage Blocks, National Bureau of Standards, Circular 581, 195 
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jig and the specimen are at the same temperature throughout. Because of the large 
difference in cross sectional area between the jig and the specimens used by the 
authors, thermal lag could be a considerable problem in an environment whose 
temperature is fluctuating or cycling even slightly. A difference ir. temperature of 
only 0.15 °F between the jig and specimen would cause an error of +1 micro 
in./in. A more detailed description by the authors of the techniques used for con- 
trolling the temperatures and making the measurements would be especially 
beneficial to many readers. 


Written Discussion: By Anthony J. Gentile, research metallurgical engineer, 
New Departure, Division General Motors Corporation, Bristol, Conn. 

The authors are to be congratulated on this work on the effect of stress and 
temperature on dimensional stability. This type of quantitative information is of 
considerable value and interest to those of us concerned with contact loaded 
elements and the necessity of maintaining dimensional accuracy during operation. 


Authors’ Reply 

In reply to Mr. G. Meldrum :—We do not agree that the amount of retained 
austenite in our heat treatment A is higher than that obtained in normal produc- 
tion heat treatments used in the bearing industry. We have measured the retained 
austenite content of a fairly large sample of production bearings from two manu- 
facturers and have found a wide variability with austenite contents up to 20% not 
uncommon. Furthermore, we do not agree with the assumption that a very high 
hardness is always necessary in an instrument type bearing. These bearings are 
lightly loaded, having Hertz stresses of about 100,000 psi. Also they fail by torque 
increase rather than the fatigue spalling which is the common mode of failure for 
heavily loaded ball bearings. We have shown in another recent paper, “The Effect 
of Ball Bearing Steel Structure on Rolling Friction and Contact Plastic Deforma- 
tion” by R. C. Drutowski and E. B. Mikus, ASME Preprint No. 59-Lub-2, that 
austenite-free 52100 steel is more resistant to plastic deformation by rolling contact 
at 58 Re than is 52100 at a hardness of 64 Re which contained 3.9% retained 
austenite. 

With regard to Mr. Meldrum’s observation that our austempered specimen 
which contained 1.3% retained austenite was somewhat more stable than the 
500 °F tempered specimen which had no austenite, we agree that the relief of 
internal stress might be one factor accounting for the observed result. However, 
we also feel that the austempering procedure may have had a strong stabilizing 
effect on the untransformed austenite. 

We have no data on vacuum consumable melted steels, but we do not feel that 
such steels would differ in dimensional stability except to the extent that the re 
duced gas content might alter the tendency to retain austenite on quenching. 

Reply to discussion by Melvin R. Meyerson and Theodore R. Young :—We 
readily acknowledge the great contributions of the National Bureau of Standards 
in the study of the dimensional stability of gage blocks. Both the precision of their 
measurement and the duration of their tests exceed those of the present investiga 
tion. However, we feel that the measuring techniques and test duration we used 
were adequate to establish those characteristics of 52100 steel which are important 
in gyro applications 

With regard to the use of the term “dimensional stability,” we agree that the 
terms “Short Term Dimensional Stability” or “Stress Induced Dimensional 
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Instability” are more descriptive, but they are also much longer and less 
venient. 

We explain in our paper that the amount of austenite which would have to trans 
form in order to account for the dimensional changes we observed is so small 
it can not be accurately measured by any known technique 

The results reported by Meyerson and Young on the stability of gage blocks 
containing 10% retained austenite are in accord with our results, sin 
that 52100 steel containing large amounts of austenite was quite stable 


stress and room temperature 

The stability of the austempered specimen was discussed above in 
to Mr. Meldrum. 

As Meyerson and Young suggest, we attempted to neutralize the effect of ¢ 
ing stresses by grinding all of the specimens in exactly the same way 

Our measuring jig was heat treated in a manner which we believe mack 
stable as any commercially available gage blocks 

We did not determine the thermal expansion coefficient of 58 Re vs. 62 
structures. Although we realize that a difference may exist, the fact that 
jig and the specimen were the same nominal size, i.e., 3.5 inches, would mir 
the error arising from differential thermal expansion 

With regard to the temperature variation between jig and specimet 
tempted to measure this difference with thermocouples on both the jig ar 
mens at the top and bottom positions. Using a high precision potentiometer: 
were unable to detect any significant temperature difference after our star 
“soaking out” time. We regret that space limitations do not permit a detailed 
scription of our entire measuring procedure. 

In reply to Bruce L. Mims :—We agree that our results do not necessaril 
to the application of 52100 steel in ball bearings used for many purposes 


high Hertz stress prevails. 

Our beliefs regarding the suitability of 52100 steel at | 
bearing use are discussed above in our reply to the discussion of Mr. Meldrur 

We agree that the amount of retained austenite is not the only factor 
influences dimensional stability. Other factors are probably the residual! 
present and the degree of stabilization of the retained austenite 

In reply to H. T. Morton :—Our comments in reply to Mr. Meldrum regarding 


2c 58 for instrument 


tr 


the applicability of 52100 steel at lower than usual hardness levels apy 


the comments of Mr. Morton 
In reply to Anthony J. Gentile :—We thank Mr. Gentile for his gener: 


ments on our work 











EFFECT OF DEFORMATION PRIOR TO TRANS. 
FORMATION ON THE MECHANICAL 
PROPERTIES OF 4340 STEEL 


By Eric B. Kuta Anp JosepH M. Duost 


Abstract 

A method of hardening has been investigated which can 
lead to a higher strength and an improvement in impact 
properties. This consists of deforming the steel in the 
austenitic state and quenching it to form martensite before 
recrystallization occurs. 

Rolling of 4340 steel at 1550 and 1000°F was investi- 
gated. A 10% increase in yield strength, from 230,000 to 
255,000 psi, no change in the tensile strength, and an im- 
provement in impact properties were noted after rolling to 
a 72% reduction at 1550 °F and tempering at 450 °F. Stmi- 
lar deformation at 1000°F increased the yield strength 
19% to 280,000 psi and the tensile strength 13% to 310,- 
000 psi. Reasons for the improvement and practical applica- 
tions of the results are discussed briefly. (ASM-SLA Clas- 
sification: Q27a, O6n, N8p, 3-70, 3-68; AY ) 


INTRODUCTION 

HE DEVELOPMENT of steels with higher strength levels has 

long been one of the goals of metallurgical research. Through the 
years the strength limit of steel has been raised by alloying and heat 
treatment. In many cases, although it was possible to raise the strength 
level of alloy steels, this was usually accompanied by a decrease in 
ductility and toughness. Nonetheless, new materials have been and 
are still being developed with increased strength yet with satisfactory 
ductility. 

The primary means of achieving this increased strength has been by 
increasing the alloy content of the steel. An example of this is the ad- 
dition of chromium or molybdenum to increase the hardenability. This 
has allowed the formation of greater amounts of martensite in a given 
section size, or the use of an increased section size, with the attendant 
increase in strength. 

A second means of extending the upper limit of strength of steels has 
come into use in recent years. This involves a reduction in the temper- 
ing temperature from above 800 °F down to the range 400 to 450 °F. 

A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 

The authors, Eric B. Kula and Joseph M. Dhosi, are associated with the Water- 


town Arsenal Laboratories, Watertown, Massachusetts. Manuscript received 
August 4, 1958. 
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For example, the tensile strength of 4340 steel can be increased from 
about 200,000 psi to over 275,000 psi by reducing the tempering tem- 
peratures, while the toughness, as measured by the Charpy V notch 
impact test, is almost unchanged. 

A third means of increasing the strength of steels was suggested by 
Lips and Van Zuilen (1).! They reported that when a 4.5% nickel, 
1.5% chromium, 0.35% carbon steel was hot-quenched, rolled to strip 
before the austenite could transform and without recrystallizing the 
austenite, and then quenched to room temperature, a tensile strength of 
400,000 psi with a reduction in area of 42% was obtained. In the 
normally heat treated condition, the tensile strength is only 295,000 psi 
and the reduction in area only 5%. Equally amazing results were ob 
tained when a plain carbon steel with 0.9% carbon was drawn to wire 

Similarly, Russian investigators have studied the effect of quenching 
deformed austenite (2) and have shown that the resistance of the 
steel to embrittlement on tempering is markedly improved. Related to 
this are studies in which hardened steel was strain aged, i.e., cold 
worked and aged. Shteinberg, et al, (3) reported an increase in 
sistance to temper embrittlement, and Paxton and Busby (4) showed 
an improvement in yield and tensile strength as a result of such a 
treatment. More recently, Ripling (5) showed that warm working of 
hardened and tempered steel can improve the toughness. 

The salient feature of the treatments in References 1 and 2 is that 
martensite (and/or bainite) is formed from austenite that has been 
“cold-worked,” i.e., deformed below the recrystallization temperature 
Presumably, any martensite formed from such austenite is finer than 
usual, and there would be much more boundary area available as 
nucleation sites for precipitates. Potentially, this treatment could be 
very important in increasing the strength and/or ductility of steels 
From what is known about this type of strengthening, it should not be 
too dependent on chemical composition, and also would be additive to 
any strengthening obtained by other means. 

This problem was brought to the attention of Watertown Arsenal 
Laboratories by Professor A. R. Troiano of Case Institute of Tech 
nology. The present report represents the results of a preliminary in 
vestigation carried out in cooperation with Case Institute. 

After this manuscript was submitted, results of a similar investiga 
tion by Schmatz and Zackay (5a) became available. They studied 
tensile properties in steels ranging in carbon content from 0.28 to 
0.57% which had been deformed in the austenitic state at sub-critical 
temperatures prior to transformation to martensite. This report is 
limited to 4340 steel, but considers the effect on tensile and impact 
properties of deformation at temperatures both above and below the 
critical. In general, the results of the two investigations are compatible 


re 


1 The figures appearing in parentheses pertain to the references appended to this p 
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MATERIALS AND EXPERIMENTAL PROCEDURE 

For this investigation 4340 steel was chosen. In the normally heat 
treated condition this material exhibits a tensile strength well above 
200,000 psi. Any improvement in properties obtained by hot deforma- 
tion prior to martensite formation would therefore be more striking 
than if obtained in a low strength material. This steel is readily avail- 
able, and its properties are well known. Finally, 4340 has excellent 
hardenability, and the isothermal transformation diagram shows a large 
bay region between the pearlite and bainite noses, where austenite is 
meta-stable for a period of hours. Thus, material in large section sizes 
may be used ; and should deformation at the austenitizing temperature 
lead to simultaneous recrystallization, the material can be _ hot- 
quenched below tt 2 critical temperature to the bay region and deformed 
at that temperature. 

The chemical composition of the 4340 steel used in this investigation 
is shown in Table I. The steel had been commercially air-melted in a 
basic electric furnace and fabricated by forging and rolling to 1 & 5 
inch plate. All specimens for rolling were cut longitudinally from this 
plate as 1 X 1 inch or 1 X 23 inch sections. 


, 


Table I 
Stel %C %Mn %Si ZS BP ANi ZCr ZMo ZV BWRAl %O AN %H 
4340 0.385 0.62 0.28 0.013 0.020 1.75 O81 0.23 trace 0.059 0.004 0.008 0.00003-—4 


Austenitizing was carried out in an electric muffle furnace at 1550 °F 
for one-half hour. The specimens which were rolled at 1550°F were 
transferred directly from the furnace to a two-high rolling mill, re- 
duced in one pass to the desired reduction in thickness, and oil- 
quenched. The total time elapsed was less than 10 seconds. A slightly 
different procedure was used for specimens deformed at 1000 °F. Since 
no salt pot or lead pot was available which could be placed in the vi- 
cinity of the rolling mill, the specimens were air-cooled from 1550 to 
1000 °F as determined by a surface pyrometer, stabilized at this tem- 
perature for two minutes in a muffle furnace, and then rolled and 
quenched. This procedure was not entirely satisfactory, as subsequent 
discussion will show, since a small amount of proeutectoid ferrite 
formed during air cooling to 1000 °F. 

Tensile and Charpy V notch specimens were cut from the rolled and 
quenched plate. Standard Charpy V notch specimens, 0.394 inch 
square, were cut from plate with a thickness greater than 0.410 inch. 
In addition to standard-size impact specimens, subsize Charpy bars of 
0.394 « 0.197 inch were taken from material rolled at 1000°F to 
permit uniform testing over the complete range of reductions. Tensile 
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Fig. 1—Variation of Tensile Properties with 
rempering Temperature, 4340 Steel Austeni 
tized at 1550 °F, Tempered for 1 Hour 


specimens had a gage diameter of 0.160 inch, except for some cases 
where reductions of 68 and 72% were given. In these cases, there was 
not sufficient thickness to make the threaded ends, so that 0.113 inch 
gage diameter specimens were used. The gage length was four times 
the specimen diameter in each case. 

Tensile and Charpy blanks were first prepared, and then tempered 
for one hour at the appropriate tempering temperature and oil 
quenched. The blanks were then ground to the finished size. 


I-X PERIMENTAL RESULTS 
1. Conventional Heat Treatment 


Tensile properties of 4340 steel were determined after a conventional 
oil quench from 1550 °F. They are shown plotted versus tempering 


temperature in Fig. 1. The ultimate tensile strength decreases from 
320,000 to 247,000 psi as the tempering temperature is increased from 
room temperature to 600 °F. The yield strength increases with tem 
pering temperature from room temperature to a maximum at 400 °F 
and then decreases slightly. The reduction in area at fracture increases 
from 20 to 48% in the same temperature range. 








2 
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Fig. 2—4340 Steel, Rolled (a) 0% and (b) 72% at 1550 °F, Oil-Quenched. Tempered 
1 hour at 1100 °F. Etched in Cohen, Hurlich, Jacobson Reagent. x 1000. 


The Charpy V notch impact properties were determined on the as- 
quenched bars and after tempering for an hour at 450 °F. These results 
are plotted with other data in Fig. 5. As would be expected, the impact 
properties in the as-quenched condition are inferior to those after 
tempering at 450 °F. In order to study the susceptibility of the steel to 
embrittlement on tempering, the room temperature impact strength 
was determined after tempering for an hour at a series of temperatures 
up to 1000°F. This steel suffers embrittlement in the range 500 to 
700 °F. There is a sharp maximum in impact strength after tempering 
at 400 °F, and above 700 °F the impact strength is also high. 


IIT. Rolling at 1550 °F 

Specimens were rolled various percentages at 1550°F (which is 
above the critical temperature and is the normal austenitizing tempera- 
ture), and were oil quenched. After rolling, the specimens were ex- 
amined microscopically for any evidence of recrystallization. In order 
to reveal the austenitic grain size, the specimens were tempered for 1 
hour at 1100°F and air-cooled, and then etched with an etchant de- 
veloped by Cohen, Hurlich, and Jacobson (6) which shows the pres- 
ence of temper embrittlement by delineating the austenite grain bound- 
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Fig. 3—Variation of Tensile Properties with Tempering Temperature, 4340 Steel, 
Rolled 10 and 72% at 1550 °F, Oil-Quenched, Tempered for 1 Hour 


aries. Fig. 2 shows the microstructure in a longitudinal section of speci 
mens which had been (a) given a normal austenitizing treatment, and 
(b) rolled 72%. No evidence of recrystallization can be seen in Fig. 2b 
However, microscopic examination of this and other specimens showed 
that with reductions in thickness greater than 50%, a small amount of 
recrystallization had taken place in the center of the rolled plate, but 
that lower reductions at this temperature (and all reductions at 
1000°F) showed no evidence of recrystallization. 

The tensile properties have been plotted versus tempering tempera 
ture for reductions of 10 and 72% in Fig. 3. As was the case for the 
conventionally quenched material, Fig. 1, the ultimate tensile strengtl 
decreases with increasing tempering temperature. The yield strengt! 
increases slightly with a maximum near 400 °F. The reduction in are 
at fracture is generally higher the greater the tempering temperaturs 

These tensile results have been summarized (Figs. 4a and 4b) by 
plotting the properties versus percent reduction for the various temper 
ing temperatures. In the as-quenched condition the yield strength an: 
reduction in area increase with increasing percent reduction, while 
the ultimate tensile strength is constant or tends to decrease somewhat 
although there is considerable scatter. As the tempering temperature is 
raised, there is a somewhat smaller change in properties with reduc 
tion, so that the maximum beneficial effect of working occurs in the 
as-quenched condition. Thus, while the yield strength is increased 25 
by 72% reduction in the as-quenched condition, the same reductiot 
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Fig. 4a—Variation of Tensile Properties of 4340 Steel with Percent Reduction at 
1550 °F for Various Tempering Temperatures, Tempered for 1 Hour. 


increases the yield strength only about 10% after tempering at 400 °F. 
In some cases, the results for 0% reduction do not fall on an extra- 
polation of the curves. 
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Fig. 4b—Variation of Tensile Properties of 4340 Steel with Percent Reduct 
at 1550 °F for Various Tempering Temperatures, Tempered for 1 Hour 


The impact results for the standard heat treatment and for \ 
reductions at 1550°F are plotted in Fig. 5 for the as-quenched and 
450°F temper condition. In the as-quenched condition the impact 
strength at room temperature and below is improved by any reducti 
The results after tempering at 450°F are similar, but here it can be 
seen that the transition curve has been shifted to lower temperatures 
and the impact strength at the lowest temperatures has been increased 
by any reduction at 1550°F. Similarly, the energy level above the 
transition level also is increased by prior deformation 

Fig. 6 shows the impact strength at room temperature and —40 °] 
in the as-quenched and 450 °F temper condition as a function of per 
cent reduction. In every case the impact strength is increased by defor 
mation at 1550°F. For example, the impact strength at —40° is in 
creased from 8 foot-pounds to 14—16 foot-pounds by reduction of 10 t 
40%. There is an indication that there is an optimum reduction, about 
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Fig. 5—Variation of Impact Strength with Testing Temperature, 4340 Steel, 
Rolled Various Percentages at 1550 °F, Oil-Quenched 





Fig. 6—Variation of Room Temperature and —40 °C Impact 
Strength of 4340 Steel with Percent Reduction at 1550 °F 


40% for the as-quenched condition and 25% after tempering at 450 °F. 

Room temperature impact strength is plotted versus tempering 
temperature in Fig. 7. Reduction between 10 and 54% at 1550°F 
reduced the degree of embrittlement in the range 500 to 700 °F. This is 
in agreement with previously published work (2). 

The hardness after tempering was determined. In general, the 
hardness of the deformed material is one to two Rockwell C units above 
that for the conventionally treated material. There is no clear-cut effect 


of deformation beyond 10% however. 


III. Rolling at 1000 °F 


Specimens were austenitized at 1550°F, air-cooled to 1000 °F, and 
then rolled and oil-quenched. Microscopic examination revealed that 
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Fig. 7—Variation of Room Temperature 
Impact Strength with Tempering Temper 
ature, 4340 Steel, Rolled Various Per 
sentages at 1550 °F, Oil-Quenched, Tem 
pered for 1 Hour. 
a - , 
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Fig. 8—Variation of Tensile 
with 
Rolle 


Properties 

Tempering Temperature, 4340 Steel 

1 47% at 1000 °F, Oil-Quenched, 
Tempered for 1 Hour. 


some pro-eutectoid ferrite precipitation took place during air cooling t 
1000 °F. This is in agreement with the results of Ross, Sernka, and 
Jouring who reported that the pro-eutectoid ferrite region of the 
transformation diagram for this steel is in error (7). 
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Fig Variation of Tensile Properties of 4340 Steel with Percent Reduction at 
1000 °F. (a) As-quenched; (b) Tempered 1 hour at 425 °F 





Fig. 10—Variation of Impact Strength with Testing Temperature, 4340 Steel, 
Rolled Various Percentages at 1000 °F, Oil-Quenched 


The tensile properties for a specimen rolled 47% at 1000°F are 
plotted versus tempering temperatures in Fig. 8. These results are 
qualitatively similar to those obtained for specimens rolled at 1550 °F, 
Fig. 3, and for normally heat treated specimens, Fig. 1, except that the 
yield strengths for the untempered and 200°F-tempered specimens 
are low. There is considerable scatter in the data for untempered speci- 
mens, so no special significance is attached to this. 








mt 
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In Figs. 9a and 9b are plotted the tensile results for the various re 
ductions at 1000°F. In both the as-quenched condition and after 
tempering at 425 °F the ultimate tensile strength and yield strength 
increase continuously with percent reduction, whereas the ductility 
shows no consistent trend. In this figure the data for 0% reductions 
were taken from specimens air-cooled to 1000°F, and then oil 
quenched. The tensile strength after tempering increases about 13° 
from 275,000 to 310,000 psi, as the reduction is increased to 72%. The 
0.2% yield strength shows an even greater increase, about 20%, from 
235,000 to 280,000 psi, over the same range. Comparing Fig. 9 wit! 
the results for rolling at 1550 °F, Fig. 4, it can be seen that the abso 
lute values of the strength, as well as the changes with reduction, are 
somewhat higher after rolling at 1000 °F. Also, it should be noted that 
the tensile strength at 1000°F increases with increasing reductions 
whereas at 1550 °F it is independent of reduction or may even decrease 
somewhat. The ductility after rolling at 1000°F is less than after 
rolling at 1550 °F. 

Some impact properties are plotted in Fig. 10. In the as-quenched 
condition, 47% reduction at 1000 °F results in a steel with less i1 
energy than after rolling at 1550°F. This is also shown after temp« 
ing at 450°F. In contrast with the results for 1550 °F, however, de 
formation does not lead to an improvement in properties over 
normally heat treated condition. Although at testing tempera 
below room temperature some slight improvement is obtained 


room temperature the advantage is lost. This is further substantiate: 
by other data, not plotted, which are for individual specimens reducé 
various amounts at 1000 °F, and for a series of sub-size Charpy 
tested at room temperature, after rolling various amounts at 1000 
The impact strength decreases almost uniformly with the reduct 
These results should be contrasted with those for rolling at 1550 
Fig. 6, where the impact strength is increased by prior deformation 


MISCELLANEOUS RESULTS 
Transverse Properties 

In wrought materials of high-strength level the problem of direct 
ality may be important. This is especially true in air-melted materi 
which may contain a high content of nonmetallic inclusions that | 
been lined-up during the working operation. Fig. 1la shows the im; 
properties for longitudinal and transverse specimens from the origi! 
plate, after quenching and tempering at 450°F. The poor im; 
properties in the transverse direction are apparent. A transitiot 
present, although the magnitude is less for the transverse specit 
than for the longitudinal specimens. Similarly, the tensile ductilit 
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Fig. 11—Effect of Directionality on Impact Properties of 4340 Steel 
Rolled in the Longitudinal Direction (a) 0% and (b) 50% at 1550 °F, 
Tempered 1 Hour at 450 °F. 
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Fig. 12—Effect of Directionality on Tensile Properties of 4340 Steel Rolled in 
the Longitudinal Direction (a) 0% and (b) 50% at 1550 °F, Tempered for 
1 Hour. 


lower in the transverse direction, Fig. 12a. Note, however, that the 
strength properties are not affected by direction. 

The effect of rolling in the longitudinal direction to a 50% reduction 
at 1550°F on the impact properties can be seen from Fig. 11b. The 
transition range has been moved to lower temperatures (see Fig. 5) for 
both the transverse and longitudinal specimens, so that the specimens 
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are in the “ductile” condition at all testing temperatures. There has 
been no further change in properties due to directionality, over and 
above that shown by the original material, Fig. lla. Similarly, the 
tensile ductility in the longitudinal direction is again superior to that 
in the transverse direction, Fig. 12b, but now it can be seen that the 
strength is slightly higher in the transverse direction. There seems to 
be a difference of about 5000 psi, independent of tempering tempera 
ture. 

Although the difference in ductility and toughness can be explained 
by the directionality of the nonmetallic inclusions, this cannot account 
for the increase in strength in the transverse direction after deforma 
tion. It is believed that this difference is caused by a preferred orienta 
tion which is formed in the “cold” worked austenite, and which is 
transmitted to the martensite on quenching. The suspected presence of 
a preferred orientation in the rolled and quenched plate was confirmed 
by x-ray studies. Details of this will be reported at a later date 


Rolling-Forces Measurements 

Since the commercial usefulness of any deformation _— ing 
process may be limited by the feasibility of carrying out the deform: 
tion, some knowledge of the forces involved would be use ful This 1 
especially important, since for optimum properties the deformation 
may have to be carried out at temperatures far below normal working 
temperatures. Accordingly, roll separating force measurements wer: 
carried out on a series of specimens of 4340 austenitized and rolled at 
1550 °F. Initially, the specimens were 0.935-inch thick and 24-inch 
wide. The mill was two high, with 12-inch diameter rolls. The roll 
separating force varied linearly with the reduction. From these forces 
and the initial and final dimensions of the bars, the mean specific roll 
pressure was calculated. The maximum mean specific roll pressure 
was 70,000 psi with a reduction of 70%. These pressures will be higher 
at lower temperatures. These forces are high but are within the limit 
of commercial equipment, so no difficulty would be expected 
account. 

DISCUSSION 

Two separate results can be attributed to the formation of martensite 
in a deformed austenitic structure. One is the increase in yield strengt! 
and ultimate tensile strength with increasing amounts of deformation 
the other is the improvement in impact properties as a result of defor 
mation at 1550 °F. 

One possible reason for the increase in strength with deformatior 
that the martensite plates that form in a deformed austenite are fine: 
than those forming in undeformed austenite. This finer martensiti 
grain size or platelet size would increase the strength much 1n the sa 
way that the strength of many nonferrous metals 1s increased by 











Fig. 13—4340 Staak, Oil Quenched. Etched in Picral modified wit a (a) Rolled 10% 
t 1550 °F; (b) Rolled 72% at 1550 °F. x 


decrease in grain size. A similar explanation has been used by Hyam 
and Nutting (8) who attributed hardness changes in the third stage of 
tempering of steel to changes in the ferritic grain size. This decrease in 
martensite platelet size can be seen from Fig. 13, which shows Al 
tudinal microstructures at X1000 for specimens rolled 10 and 72% at 
1550 °F and quenched. Martensite plates, once formed, usually propa- 
gate until they meet some impediment, such as a grain boundary or 
another martensite plate. In a material rolled 50% the average grain 
thickness is also reduced 50%. Because of the partitioning effect, it is 
obvious that the average particle size will decrease with increasing 
reduction. The small amount of recrystallization which occurred in 
the center of specimens given high reductions at 1550°F does not 
change this picture, since the size of the recrystallized grains was ex- 
ceedingly small. A further effect of reduction would be polygonization, 
or the formation of a subgrain structure, which often accompanies high 
temperature deformation. This substructure would also reduce the 
average size of the martensite plates. 

A second possible method by which martensite can be strengthened 
by prior deformation of austenite is by means of cold work strengthen- 
ing. All metals can be strengthened if they are worked below their re- 
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crystallization temperature. If austenite is strengthened by cold work- 
ing, some of this strengthening can conceivably be transmitted to the 
martensite. The means by which this strengthening is transferred 
could be by the martensite inheriting a substructure from the austenite, 
or by groups of piled-up dislocations or other defects, which are re 
tained through the phase transformation austenite to martensite. The 
observation that deformation at 1550°F increases the yield strength 
but not the tensile strength, whereas deformation at 1000 °F increases 
both the yield and tensile strength, suggests that some such mechanism 
may be operative at the lower temperature. With higher deformation 
temperatures there would be more of an opportunity for dislocations to 
anneal out, and the same degree of strengthening would not be expected 
This is also supported by the observed decrease in impact strength 
after 1000 °F deformation. As Shteinberg, et al (3), have shown, cold 
working of hardened steels can lead to a decrease in impact strength 

Evidence has been found for the existence of a fine substructure in 
austenite and its transference to martensite. By electron microscopic 
examination, Lement, et al (9), have measured the size of the sub 
grains and found them to be 1000 to 2000 A in diameter. This substruc 
ture is an order of magnitude finer than the substructure referred to 
above and should not be confused with it. An attempt was made to 
study the variation of the size of this substructure with deformation by 
investigating the x-ray line broadening. This was abandoned, however, 
because of the difficulty of separating the effects of particle size broad 
ening and strain broadening, and because of the complicating effect of 
preferred orientation. 

It should be noted here that, since practically no recrystallization 
occurred during deformation at 1550°F, this process must be con 
sidered at least in the strictest sense, as cold working. However, at this 
temperature, the severity of the treatment, and consequently th« 
energy absorbed by the material, obviously does not compare with that 
of rolling the same material at 1000 °F. This is borne out in terms of 
cold work strengthening by comparing the effects of the two treatments 
on the ultimate tensile strength. Increasing reductions at 1550 °F have 
little effect on the tensile strength. By lowering the temperature of the 
deformation to 1000 °F, the severity of the cold working is increased 
and the result is a steady increase of tensile strength with percent re 
duction. 

The second beneficial effect of forming martensite in a deformed 
austenite matrix is the improvement in impact properties after defor 
mation at 1550°F, both in the as-quenched condition and after ten 
pering. The decrease in the so-called 500 °F embrittlement has been 
shown in Fig. 7. There is fairly strong evidence that this embrittlement 
which is intergranular, coincides with the appearance of a platelet 
cementite precipitate, probably in the prior austenite grain boundaries 
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On tempering, it is known from electron microscopic examination 
that cementite precipitation occurs preferentially at martensitic bound- 
aries and especially when these boundaries coincide with prior austen- 
itic grain boundaries (9). Whether the embrittlement is caused by the 
inherent brittleness of cementite films at these boundaries, or by the 
presence of a thin ferritic network adjacent to the cementite in the 
boundaries and surrounding the higher strength, less-tempered mar- 
tensite in the grain interiors (10), has not been determined. In either 
case, in a highly-deformed austenite contzining many high energy 
internal boundaries, there will be many more preferential sites for 
cementite precipitation, and there will be less chance for any con- 
tinuous brittle network to exist. 


SUMMARY AND CONCLUSIONS 


The phenomenal increase in strength and ductility of steel reported 
by Lips and Van Zuilen (1) as a result of the formation of martensite 
in a cold-worked austenite matrix could not be substantiated with 4340 
steel. Nevertheless, substantial improvements in both strength and 
toughness can be realized by this technique. 

For the 4340 steel 

a. Rolling at 1550 °F up to 72% reduction and quenching: 

1) did not affect the ultimate tensile strength ; 

2) improved the 0.2% yield strength about 25% in the as- 
quenched condition, from 205,000 to 255,000 psi. After 
tempering, the improvement is smaller in magnitude, from 
230,000 to 255,000 psi after a 400 °F temper ; 
improved the impact properties by decreasing the tran- 
sition temperature and increasing the energy level below 
and above the transition range, and by reducing the mag 
nitude of the 500 °F embrittlement on tempering. 


“~ 


b. Lowering the temperature of deformation to 1000°F and 
thereby increasing the severity of the cold work increases the 
absolute values of strength over that attained by deformation 
at 1550 °F. Rolling up to 72% 

1) improved the ultimate tensile strength in both the as- 
quenched condition and after tempering, e.g., about 13% 
after tempering at 425 °F, from 275,000 to 310,000 psi; 

2) improved the 0.2% yield strength both as-quenched and 
after tempering. A 19% increase from 235,000 to 280,000 
psi was noted after tempering at 425 °F; 

3) reduced the impact properties somewhat. 


In order to take advantage of the improvement in properties offered 
by this special hardening technique, some factors must be considered. 
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After quenching, the material has a hardness of Rockwell C 56 or C 57; 
and even after tempering at low temperatures to retain the high 
strength, the hardness is still over Rockwell C 50. This precludes most 
machining operations, and in most cases, only grinding will be practical. 
This technique could be used with favor where simple fabricated 
sections are needed, such as strip, sheet, wire, or extrusions. Quenching 
on a continuous basis directly as the material leaves the mill or die is 
practical. A further area where this technique could find application is 
with certain forgings, where the pieces could be quenched directly upon 
leaving the die. In such cases a further benefit would be gained in that 
fabrication and heat treatment would be carried out in one operation, 
thus avoiding the cost and time of a separate hardening cycle. 
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DISCUSSION 


Written Discussion: By Walter A. Backofen, associate professor of Metallurgy, 
Metals Processing Laboratory, Massachusetts Institute of Technology, Cam- 
bridge, Mass. 

The careful experiments of Kula and Dhosi are particularly helpful in evalu- 
ating this new and interesting method of hardening. One wonders, however, 
about the uniqueness of the apparently key idea of transformation in a deformed 
metastable austenite. Experience can be found in the history of hardening treat- 
ments for austenitic stainless steel that would certainly seem to overlap the 
authors’ problem and perhaps even give some insight into the actual hardening 
mechanism. The somewhat extensive literature is reviewed in a recent paper (2), 
but as a rather clear illustration of the point a previously unpublished set of data 
is given in Fig. 14. 

The curves are the result of tension testing of type 301 at constant true-strain 
rate. All pertinent experimental details, including composition, critical tempera- 
tures, etc., have been described previously. The upper and lower solid curves 
represent continuous tests at room temperature and liquid nitrogen temperature. 
At both temperatures, plastic flow is accompanied by the martensitic (y7—> a) 
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transformation, the conversion to 100% a being completed at a strain of about 
0.15 at — 196 °C — 321 °F and 0.4 at room temperature. To explain such high 
flow stresses, particu'arly at the lower temperature, the fact of this transforma 
tion occurring simultaneously with deformation must be recognized. The other 
curves of intermediate position demonstrate how much of the strengthening from 
simultaneous deformation and transformation at low temperature may be re 
tained at room temperature. There are two degrees of liquid nitrogen tensile 
prestrain: 0.12 and 0.47 (about 40% reduction of area). Testing at room tem 
perature directly after the prestrain is represented by the solid curves. If pre 
straining is followed by annealing or tempering at 400°C (750°F), both yield 
stress and residual ductility are increased as shown by the dashed curves; for 
the 40% prestrain, yield stress is now 310,000 psi and ductility is increased by a 
factor of 3 to a tensile reduction of area of about 40%. Vhese are the properties 
therefore, of a very low carbon tempered martensite, the martensite, however, 
having been produced during the prior deformation of the austenite. It is, of 
course, clear from the shape of the prestrain curves that the amount of uniform 


tensile elongation is very low and that tensile strength must be at nearly t 


1 Same 


level as yield strength 

Observations such as these raise questions about when the strength-producing 
austenite decomposition occurs, even in the much less stable austenite of 4340 
Does it actually follow the deformation? If all the experiments were so designed 
that this was the case, then might not still greater amounts of strengthening fol 
low from processing in such a way that some transformation accompanied th 
deformation? With the possibility of a wide range of generally low Mp and M 
temperatures, perhaps the austenitic stainless steels would be useful and convenient 
experimental materials in a broader study of such hardening. One possible ad 
vantage would be experiments in which the plastic deformation was either pre 
ceded, accompanied, or followed by different controlled amounts of transformatiot 


Written Discussion: By Damian V. Gullotti, principal engineer, Engineering 
Structures, Materials Section, Republic Aviation Corporation, Farmingdale, New 
York. 

This paper represents an interesting and valuable contribution to the literature 
on high strength steels. It is of importance since it considers a relatively new and 
potentially powerful technique for improvement of the mechanical properties of 
certain steels 

Several years ago, exploratory work of a similar nature was performed at t 
Ohio State University (3). Subcritical rolling operations with reductions ranging 
from 0 to 35% were carried out on metastable austenitic 4340 at nominal tempera 
tures from 1000 to 1150°F. The resultant material was water-quench« and 
tempered at 212 °F for 3 hours. Limitations in the capacity of the equipment and 
difficulties in establishing exact rolling temperatures resulted in scatte: 
data. The overall improvement in properties for 4340 was less than half tl 
ported in the present investigation, but the conclusions reached were essentia 
agreement with those of Messrs. Kula and Dhosi 

Further investigations at Ohio State were concerned with subcritical defort 
tion of austenitic 4340 followed by isothermal reaction at 700°F for | how 
produce an essentially bainitic product. Evaluation of the subsequently quenche 
and tempered (3 hours at 212°F) material while also showing considerable scat 
ter, indicated a greater enhancement of properties than the martensitic mater 
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The increases observed over the undeformed bainite were 24% in elastic limit, 
12% in 0.2% offset yield strength, and a 16% improvement in the ultimate 
strength. It was considered significant that optimum strengthening did not occur 
at the maximum reduction of 35%, but at some intermediate value. It was believed 
that the higher deformations tended to shift the bainite transformation curve so 
that an appreciable percentage of the softer, high temperature bainite was formed 
unintentionally, thus lowering the mechanical properties. 


Written Discussion: By Richard F. Harvey, 111 Berg Drive, Pittsburgh. 

It is of interest to note the improvement in physical properties reported by the 
authors of this paper. 

The authors Kula and Dhosi state that this treatment was originated by two 
Dutch investigators Lips and Van Zuilen. 

\s far as it is known this treatment was first described by me in an article in 
the /ron Age on Dec., 27, 1951. My work on this treatment was also published in 
other publications including the Journal of the Franklin Institute, Metal Treating, 
METAL PRoGRESS, as well as in other publications here and abroad 

The method of deforming metastable austenite described in this paper is 
covered in U.S. Patent 2,717,846 issued to me on Sept. 13, 1955 


Written Discussion: By J. T. Berry and T. Watmough, Metals Research De- 
partment, Armour Research Foundation of Illinois Institute of Technology, Chi- 
cago. 

The present paper represents further valuable documentation on the effects of 
“warm” working on the mechanical properties of steel. Particularly welcome are 
the date on the transverse properties of steels. Although we are in general agree- 
ment with the authors, interpretation of the results obtained by rolling at 1550 °F, 
we consider that the interpretation of those obtained at 1000 °F is somewhat over 
simplified. We base this assumption upon some recently completed data on press 
forging of 4340 steel castings (4) using hot die and liquid metal bath techniques 
for controlled time-temperature processing cycles. However, before turning to a 
discussion of the authors lower temperature results, some remarks should be made 
upon the 1550 °F work. 

Although this temperature is only just sufficient for recrystallization to take 
place, it appears fairly evident from the photomicrograph (Fig. 13b) that the 
temperature is still not low enough to produce permanent or well-defined deforma- 
tion bands within the parent austenite. This austenite partitioning feature appears 
to have been partly responsible for the success of Zackay and co-workers (5,6) in 
increasing the mechanical properties of selected steels. It is likely, therefore, that 
increasing degree of alignment of grain boundaries and its consequent effect upon 
mean size of martensite platelet have been primarily responsible for the strength 
ening. 

It would appear that further if preferred orientation were present the consequent 
limitation imposed upon the direction of martensite plate expansion could also be 
invoked to explain the superiority of the transverse properties 

In regard to the interpretation of the results obtained by deforming the steel at 
1000 °F, some account should have been taken of 

a) the complex thermal history involved in processing 

b) the effect of strain upon the continuous cooling diagran 

These two factors should be considered conjointly. An examination of the con- 
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tinuous cooling diagram, as derived by Jominy and Chapman (7), and the effect 
of tensile stress upon intermediate transformation, according to Bhattacharyya 
and Kehl (8), seem to indicate that intermediate transformation products will be 
formed immediately prior to and during the rolling operation. The data shown in 
the following tables will verify this statement, assuming that a 1 in. diameter bar 
will air cool from 1550 to 1000 °F in approximately 300 seconds (11) 


Time for Start of Transformation at 1000 °] 


Isothermal (Reference 10) about 10* seconds 


Continuous Cooling 
Calculated (Reference 9) x 
Observed ( Reference 7 ) 330 seconds 


Time for Start of Transformation at 845 °F 
Isothermal (Reference 8) 
Stress free 15 seconds 
60,000 psi Applied Tensile Stress 5 seconds 


Continuous Cooling 
Calculated (Reference 9) 50 seconds 


Observed (Reference 7) 50 seconds 


In addition, as the authors observed, the proeutectoid ferrite envelope (Refer 


ence 10) will definitely be intersected during the cooling cycle employed 
fortunately, no data appear to be available which describe the acceleration of trai 
formations above 845 °F under applied stress ; however, it is reasonable to assume 
that the effect will be present and of the same order of magnitude as quoted in the 
table for 845 °F.) 

It is necessary, therefore, to attribute at least part of the strengthening mec! 
anism to the work hardening of the intermediate transformation products forme 
during the working 

We ourselves have attempted to control the processing cycle as closely as p 
sible by the employment of (a) liquid metal baths for the cooling of the speci 
mens and (b) dies with cast-in heating elements for control of the temperature of 
the specimens during deformation 

Under these circumstances a rather different picture can be drawn of the effe 
of increasing deformation on mechanical properties. Fig. 15 shows this effect f 
three die temperatures (austenitizing, specimen stabilization, and the subsequent 
tempering temperatures being held constant at 1525, 1000, and 450°F, re 
spectively). 


The thermal history of specimens immediately prior to deforming was thu 
closely similar: are cooled for 20-30 seconds to a point just above the bainit 
envelope. The effect of die temperature is merely to change cooling rate throug! 
the now accelerated transformation field. It would appear that changes in ( 


of the various curves can be rationalized as follows 
1. 950 °F die temperature— 
Accelerated transformation proceeds most rapidly here principally to 
softer higher “bainites” which eventually work-harden with deformatior 
above 20%. 
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2. 800 °F die temperature— 

Slight initial strength increase is possibly due to initial mid “bainite” 
transformation causing partitioning which eventually limits martensite 
platelet size. The effect of increasing amounts of deformation follows the 
argument advanced above. 

3. 650 °F die temperature— 

Initial formation of stronger lower “bainites” has a partitioning effect; 
increasing amounts attenuate rise in properties, but eventually work harden- 
ing takes place. This last die temperature is probably the nearest approach 
we have made to the authors’ temperature-deformation cycle. 
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Finally, the movement of the minimum of the first curve with tempering 
temperature, Fig. 16, indicates the interesting dependence of tempering upon any 
strain inherited by the martensite in this material. The present contributors cor 
sider this a sphere worthy of further study 
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Authors’ Reply 
The authors sincerely appreciate the contributions of the discussors and th 


interesting experimental data which they presented 

Mr. Harvey’s reference to his early work on surface hardening throug] id 
working of metastable austenite at temperatures in the vicinity of the M, tem 
perature was certainly enlightening and interesting, and he is to be commends 
for his part in the pioneering stages of this general concept of hardening 

We extend to Mr. Gullotti our thanks for his kind remarks with respect to our 
paper. His agreement with our conclusions in work done by him and his 
workers, presented in a WADC report, was gratifying. The improvements it 
properties cited through isothermal transformation of austenite to bainite aft 
deformation were indeed interesting, particularly in exceeding those of th 
martensite. We concur completely in his explanation of the lowering of properti 
with increasing deformation after a maximum has been reached as being attribut 
able to the acceleration of higher, softer bainite transformation 

The general agreement of Messrs. Berry and Watmough with our results ar 
analysis of rolling at 1550 °F was also gratifying. With regard to their statement 
that thermal history in processing and the effects of strain upon the continuous 
cooling diagram should be more seriously considered, we have several points I 
discussion. Their discussion is based on the premise that because of continuou 
cooling and the accelerating effect of stress, as well as a slight drop in temperature 
from the working temperature, transformation to nonmartensitic decompositi 
products (bainite) would occur. These transformation products would be w 
hardened during the deformation and could contribute to strengthening. Although 
these considerations are undoubtedly correct in certain cases, it is not felt t 
they apply here 

First, except for the small amount of proeutectoid ferrite formed during the 
tinuous cooling, no other transformation products were observed in the mic 
structure. Second, the relatively smooth variation of properties with percent 
reduction obtained for 4340 steel rolled at 1000 °F, as well as some unpublished 
results for Tricent steel rolled at 1000 and 1100 °F suggest only the formation of 
martensite. Interference by bainite or other nonmartensitic transformatior 
ucts, which often leads to discontinuities in the curve such as the discussors 
was not encountered. 
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There are certain known and unknown factors which must be considered and 
which make any speculation difficult. The actual temperature of the material can 
vary depending on the conditions of deformation, e.g., time of deformation, area 
of contact between metal and rolls or die, etc. Undoubtedly, the actual tempera- 
ture of the metal is higher during rolling than in press forging, heated dies not- 
withstanding. Concerning the accelerating effect of stress, this depends not only 
on the stress and temperature, but also on the type of stress, whether tensile or 
compressive, and the transformation product formed. Furthermore, consideration 
must be made of the time of application of the stress. Differences in kinetics would 
be expected between holding a metal under stress, applying a stress for a short 
time at the beginning of isothermal holding, and applying a stress at the end of a 
holding period. Even where there are isothermal transformation products formed, 
these might not be work hardened significantly, if for example they formed at 
the latter stages of deformation or after completion of deformation. 

Certainly the effects on mechanical properties of deformation of austenite 
where nonmartensitic decomposition products form are exceedingly complex. 
Many of the ideas advanced by Messrs. Berry and Watmough are reasonable, 
and the authors are looking forward to any further reporting of these results. 

The authors are in complete agreement with Professor Backofen that the con- 
cept of transformation in deformed austenite is akin to what has been used in 
stainless steels for some time. His results are extremely interesting, and certainly 
point out that much can be learned about the mechanism of hardening from 
studies of such steels. One difference, however, is that the effect of prior deforma- 
tion on the distribution of carbides would not be studied. This certainly is a factor 
which must be considered in explaining certain of the observed results. Also, in 
the results reported by Professor Backofen, the martensite is predominantly 
deformation martensite formed during the deformation process. In the case of 
the 4340 steel and other steels with high M, temperatures, although deformation 
martensite may be present under some conditions, in other cases there is no 
deformation martensite 

The term “metastable” austenite has appeared in several of the discussions. The 
authors feel that the word “metastable” is quite inappropriate in describing the 
austenite. As has been shown, strengthening can be obtained after deforming 
above the critical temperature, where the austenite is stable. The feature here is 
that martensite is formed from austenite that has been cold worked. Accordingly, 
the important criterion, where martensite is the only transformation product, is 
whether deformation takes place between the recrystallization temperature and 
Mp, or below Mp. The authors are in agreement with Professor Backofen who 
points out that strengthening might be greater with deformation below Mp. Support 
for this is found in the results of Maksimova and Nikonorova,* who show that 
martensite formed during deformation (under Mp) has a different appearance 
and is much finer than martensite formed during cooling of a deformed austenite 


*O. P. Maksimova and A. I. Nikonorova, Problems of Metallography and the Physics of 
Metals, Fourth Symposium, 1955, State Scientific Technical Press, available as AEC Trans- 
lation 2929, p. 69 





THE STRENGTH OF MARTENSITE FORMED 
FROM COLD-WORKED AUSTENITE 


By J.C. Suyne, V. F. Zackay anp D. J. ScHMATz 


Abstract 

The effects of certain thermal-mechanical treatments o1 
the structure and properties of ultra high strength steels 
were studied. Plastic deformation of metastable austenite in 
creased the strength of the subsequently formed martensite 
The increases in yield and tensile strength were proportional 
to the degree of austenite deformation. Associated with thi 
increase in strength was a refinement of the martensite plat. 
size. Tempering caused an unusual increase in yield strength 
of martensitic steels transformed from cold-worked austen 
ite. By such processing ultimate tensile strengths as great as 
465,000 psi, and yield strengths over 400,000 psi we 
achieved. (ASM-SLA Classification: N&p, Q-general 
AY 


TEEL IS THE most important high strength structural 

Other materials offer special advantages for certain applications, 
but in general the mechanical properties that can be developed in steel 
are superior. However, the technical evolution of modern high strength 
steels has not kept pace with design requirements as evidenced by thi 
increasing urgency in the demands of aircraft and missile designers 
for materials with higher strength-to-weight ratios. In response to this 
a great deal of effort is currently being expended to fill the need for 
improved ultra high strength steels. 

The increases in strength reported for martensitic steels in the past 
few years have been based primarily on the use of lower tempering 
temperatures and have been obtained at the sacrifice of a certain amount 
of ductility and toughness. Further improvements will doubtless b 
made by optimizing steel compositions and conventional heat treat 
ments. However, it seems doubtful that really large increases in the 
strength of steels remain to be obtained through that sort of effort alone 
Sands and Miller in their review of ultra high strength steels suggested 
that the maximum useful tensile strength to be obtained by conventional 
means is 350,000 psi (1). 

The best high strength steels have only a small fraction of the pote: 
tial maximum strength of iron. Using Frenkel’s classical method th 


1 The figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Forty-first Annual Convention of the Soci 
held in Chicago, November 2-6, 1959 
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theoretical maximum fracture strength for iron has been calculated to 
be about 2,500,000 psi (2). This estimate is probably not erroneously 
high ; single crystal iron whiskers have been observed to possess tensile 
strength as high as 1,800,000 psi (3). The demonstration of strength 
nearly equal to the theoretical limit in iron whiskers is strong encour- 
agement to explore other means for the development of very high 
strength in steel. 

A departure from conventional steel heat treatment has been sug- 
gested as a means for obtaining higher strength in hardenable steels. 
Lips and Van Zuilen reported that unusually high strength could be 
developed in steel by hot cold working metastable austenite prior to 
quenching to room temperature (4). The work of Schmatz and Zackay 
confirmed the feasibility of this thermal-mechanical treatment as a 
means to improve the properties of high strength steel (5). Evans and 
O’ Neill have also investigated the influence of working metastable aus- 
tenite on some properties of carbon steel (6). 

The present paper describes a study of the influence of several vari- 
ables on the resulting microstructure and mechanical properties of steels 
subjected to such treatment. 


ALLOY PREPARATION AND THERMAL-MECHANICAL PROCESSING 

Three of the steels used in the investigation were prepared by induc- 
tion melting in air and two steels were induction melted in vacuum. 
The compositions are indicated in Table I. The air melted alloys were 
cast into 4-inch square ingots that were soaked 24 hours at 2400 °F. 
prior to being forged and hot-rolled to bar stock. The vacuum melted 
steel was cast into 24-inch diameter chill molds and hot-rolled to bars. 
The hot-rolled alloys were then normalized. This preparation resulted 
in steel with a uniform ASTM austenite grain size of 6-7 when the 
alloys were subsequently austenitized at 1600 °F. 


Table I 
Steel Compositions 
Alloy Content, Wt. % 

Alloy No ( Cy Ni Mn Ss Mo Vv 
A31 0.31 2.21 1.03 1.15 1.59 0.31 0.31 
A41 0.41 2.23 1.07 1.17 1.64 0.34 0.32 
A47 0.47 2.27 1.05 1.10 1.46 0.34 0.32 
V48 0.48 2.94 1.65 0.75 1.53 0.42 
V63 0.63 2.91 1.57 0.75 1.54 0.43 


Because of the time necessary to hot cold work the metastable aus 
tenite, steels with relatively sluggish transformation kinetics were re 
quired if nonmartensitic transformation products were to be avoided. 
Experimental steels were designed to have an austenitic “bay” in the 
TTT diagram. This characteristic was imparted by the use of chromium 
as an alloying addition. The TTT diagram shown in Fig. 1 was deter 
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Fig. 1—TTT Diagram for Steel Having Austenitic Bay. Austenitizing tempera 
ture and deformation temperature range are indicated 


mined with one of the experimental steels; all of the steels used had 


similar transformation characteristics. 

Samples were austenitized at 1600 °F and cooled in air to a deforma 
tion temperature below the recrystallization temperature of the au: 
tenite but above the Ms temperature. The deformation temperature was 
further limited by confining it within the temperature range of the 
metastable “bay” ; as can be seen in Fig. 1, this was between 800 and 
1050 °F. The high hardenability of the steels permitted samples as larg 
as 1% inches in diameter to be cooled in air to the deformation tempera 
ture without any transformation to pearlite. Immediately after th 
metastable austenite had been plastically deformed to the desired extent 
the samples were quenched in oil. The undeformed samples were also 
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Fig. 2—Yield and Ultimate Tensile Strength as Influenced by Deformation of Meta 
stable Austenite. These data refer to air melted steels tempered at 212 °F 


cooled from 1600°F to room temperature by this same interrupted 
cooling path. 

The only means of deformation used for this study was multipass 
rolling to round bar stock. Conceivably, other working methods might 
be applied in a similar manner. After some preliminary trials, extrusion 
was judged impractical for the higher degrees of deformation because 
the adiabatic heating accompanying large deformations made it ex- 
tremely difficult to hold the sample temperature within the desired 
range. 

MECHANICAL PROPERTIES 

Tensile tests were performed using % inch standard ASTM tensile 
test samples that were ground from the hardened bar stock. When sam- 
ples were tested in a tempered condition the tempering time was always 
one hour. 


The effect of varying the amount of austenite deformation from 0 to 


93% reduction in area by rolling is shown in Fig. 2 in which the ulti- 


mate tensile strength and the 0.2% offset yield strength are plotted 
against degree of deformation. These data refer to the three air melted 
steels which differed only in carbon content. The samples were tempered 
at 212 °F prior to testing. Tempering at 212°F did not significantly 
change the tensile properties but reduced the experimental scatter that 
was experienced with untempered samples. All three steels responded to 
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The Result of Tempering Steel A41—Oil Quenched After Being Subje 
to 0, 75 and 93% Deformation as Metastable Austenite 


austenite deformation in about the same way; increasing the ai 
of deformation caused both the yield strength and the ultimate strength 
to be raised. The highest austenite deformation resulted in increases o 
from 40,000 to 60,000 psi in both the yield and ultimate strength. Sam 
ples of each steel were cooled to —321 °F immediately after the 
quench from the deformation temperature range. Regardless of the ce 
gree of austenite deformation, this resulted in no change in the observed 
ultimate strength and only a very slight increase in yield strength 

The tensile behavior of the air melted steel A41 (0.41%C) after 0, 
75 and 93% austenite deformation and after tempering at temperatures 
up to 900 °F is shown in Fig. 3 where yield strength and ultimate tensile 
strength are plotted against tempering temperature. These data are 
typical of the three air melted steels. Without austenite deformation, 
tempering reduced the ultimate and the yield strength. Deformation of 
75 and 93% reduction by rolling resulted in higher strength and also 
changed the response to tempering. With 75% austenite deformation 
both the yield and the ultimate strength were higher relative to the 1 
deformed steel, and increasing the tempering temperature sharply 
raised the yield strength. This effect was even more pronounced i 
the samples representing the most extensive austenite deformatio1 
93%. With these samples, tempering at low temperatures caused the 
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Fig. 4—The Response to Tempering of Steels A31, A41 and A47—Fully Hardened 
After 93% Austenite Deformation 


ultimate to be lowered ; however, above 400 °F both the ultimate and 
the yield strength went up with increasing tempering temperature, 
reaching a maximum at about 700 °F. This unusual response to temper- 
ing was noted in all of the deformed air melted steels. In Fig. 4 the ul- 
timate and yield strength of the steels subjected to 93% austenite 
deformation are plotted against tempering temperature. The yield 
strength of the undeformed steel is also shown for comparison. All these 
deformed steels exhibited the same sort of maximum in both yield and 
ultimate strength when tempered at 600 to 800 °F. While the deformed 
steels displayed an increase in yield strength when tempered, only in 
the samples with the very highest austenite deformation, 93%, did the 
ultimate strength increase as higher tempering temperatures were 
used. The data of Fig. 4 demonstrate that austenite deformation 
increased the yield strength over the tempering range investigated as 
much as 45 to 60% relative to the undeformed steel. With steel A31, 
tempering the 93% deformed samples at 500 to 800 °F resulted in ulti- 
mate and yield strength actually higher than the ultimate strength in 
the untempered condition. The yield strength was over 360,000 psi in 
this 0.31%C steel tempered at 700 °F. 

Tensile test data obtained with the two vacuum melted steels are 
shown in Fig. 5. The influence of tempering on tensile properties is 
compared for 0 and 90% austenite deformation. Clearly, the superiority 
in strength resulting from 90% deformation persisted throughout the 
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Fig. 5—Mechanical Properties of Steels V48 and V63—Deformed 
and 90% Prior to Quenching and Tempering 


tempering range. The highest ultimate tensile strength of these tw 
vacuum melted steels was 440,000 psi for V48 (0.48%C) and 465,000 
psi for V63 (0.63%C). These values were obtained after tempering at 
212 °F and represent increases of 95,000 and 145,000 psi, respectivel) 
over the undeformed samples. Strangely, the ductility of both steels de 
formed 90% was higher in the untempered condition or after tempering 
at low temperatures, while higher tempering temperatures reversed thi 
order and the samples with no austenite deformation were more ductile 
MICROSTRUCTURE 

Samples of the experimental steels were examined metailographically 
by both optical and electron microscope techniques. 

When the cold-worked austenite was cooled slowly in air rather thar 
quenched immediately after hot cold working, some nonmartensitic 








Fig 6—Steel V63—Deformed 90% as Metastable Austenite and Allowed to Cool Slowly 
Nonmartensitic transformation product precipitated on slip bands illustrates severe de 
formation of austenite. 1400 
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Fig. 7—Electron Photomicrograph of Steel A41—-Quenched and Tempered at 400 °F, 
Austenite Deformation. Picral etch, chromium shadowed parlodion replica. X 15,000 


products formed. Precipitation during slow cooling apparently took 
place on heavily worked slip bands in the austenite. The microstructure 
of steel V63 deformed 90% by rolling as metastable austenite and cooled 
slowly is shown in Fig. 6. The dark etching nonmartensitic transforma 
tion product in the matrix of more lightly etched martensite clearly 
attests to the severe plastic deformation to which the austenite was sub 
jected. The precise nature of the precipitate is not known; it could be 
termed bainite because of the temperature at which it formed (under 
1000 °F). 

Electron photomicrographs revealed that the austenite deformation 
influenced the subsequent martensitic structures. Hot cold working the 


metastable austenite resulted in refinement of the martensite. Fig. 7 
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a 8—Electron Photomicrograph of Steel A41 Showing Refinement of Martensite Re- 
tin i F 


sulting From 93% Austenite Deformation Prior to Quenching and Tempering at 400 ° 


Picral etch, chromium shadowed parlodion replica. 15,000. 


shows an electron photomicrograph of steel A41 quenched to martensite 
without any austensite deformation and tempered at 400 °F to facilitate 
etching. The largest martensite plates observed were about three 
microns long. The small round particles are vanadium carbides which 
were insoluble at the austenitizing temperature of 1600 °F. Fig. 8 shows 
steel A41 at the same magnification, polished, etched and replicated in 
the same fashion as in Fig. 7, however, this martensite formed after 
93% deformation of the austenite. The largest martensite plates ob- 
served in this sample were about 1% microns in length. Thus, 93% 
austenite deformation caused a reduction in the martensite plate size 
by at least one-half. 
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The degree of martensite refinement was observed to be proportional 
to the amount of austenite deformation. Table II summarizes the mar- 
tensite sizes of the three air-melted steels. The length of the largest 
martensite plates appearing in each steel is tabulated in microns. All 
three steels showed a similar reduction in martensite plate length with 
increasing austenite deformation. 


Table Il 
Austenite Deformation and Martensite Size 


Martensite Plate Length (Microns) 


Austenite Steel A31 Steel A41 Steel A47 


Deformatior 0.31% ©) (0.41% C) 0.47% ¢ 
0 3.2 3.2 2.9 
50 2.7 2.6 24 
75 2.0 2.4 2.3 
87 1.9 1.5 2.0 
93 1.5 14 1.7 


RETAINED AUSTENITE 

The retained austenite content of a number of samples was meas 
ured by a magnetic method. Since austenite at room temperature is not 
ferromagnetic, the relative proportions of austenite and martensite 
could be obtained by measurement of the saturation magnetization 
moment (7). In the absence of standards of known retained austenite 
content, it was necessary to compute the saturation moment of 100% 
martensite of each steel composition using the results of binary irot 
alloy studies. This introduced a possible error of +2% in the computed 
saturation magnetization moment corresponding to 100% martensite 
However, any such error would be a constant systematic error commot 
to every retained austenite determination on a given steel. The error of 
the magnetic measurement itself was less than +0.1%. Therefore, while 
the reported retained austenite values have an absolute uncertainty of 

+ 2%, the differences between values for a given steel should be a 
curate to within +0.1%. 

Tabulated in Table III are the retained austenite contents of several 
samples. In steels A47 and V63 the amount of retained austenite in 
creased slightly as the amount of austenite deformation went from 0 to 
75%. Increasing the deformation of the metastable austenite still further 
appeared to reduce the retained austenite content. Tempering at 800 °F 
or below reduced the retained austenite very slightly. Cooling to 

321 °F in liquid nitrogen immediately after the oil quench also 
caused a small amount of retained austenite to transform to martensite 


TRANSFORMATION KINETICS 


It was expected that plastic deformation would alter the kinetics of 
the transformation from austenite to ferrite plus carbide. Others have 
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Table Ill 


Retained Austenite 
Austenite Tempering Liquid o// 

Deformation Temperature Nitrogen Retained 

Steel (%) (°F) Treatment Austenite* 
0 no 7.5 
0 ~ yes 6.0 

A3 pad 
A31 87 - no 6.5 
87 yes 5.0 
0 no 12.9 
0 yes 8.0 
50 no 11.2 
75 - no 17.0 
. 87 no 13.0 
A47 93 no 10.8 
93 ~ ves 8.2 
93 212 no 10.8 
93 400 no 10.2 
93 800 no 8.7 
0 no 14.0 
50 no 15.4 
V63 75 - no 22.5 
75 212 no 22.4 
75 400 no 20.8 
75 800 no 20.2 
* The absolute accuracy of these values is estimated to be within + 2%, however, the differences 


between values for a given steel should be significant to within +0.1 


shown that the transformation rate is increased both by elastic stresses 
(8) and by plastic strain (9). Even when the austenite deformation 
was carried out as rapidly as possible, occasionally samples were found 
to contain small amounts of non-martensitic transformation products. 
The limitation on the rapidity of the hot cold working process was im- 
posed by the heating of the sample during rolling and the consequent 
necessity of allowing sufficient time between passes for the material to 
lose heat. Since the isothermal transformation studies on the steels 
tested indicated an indefinite time to the start of decomposition of un- 
worked austenite at the “bay’”’ temperatures, the acceleration caused 
by hot cold working must have reduced the time to the start of trans 
formation by many orders of magnitude. 


DISCUSSION 


Cold working the austenite may limit the size of the martensite plates 
formed in the deformed austenite for several reasons 


1. The number of martensite nucleation sites may be greatly in- 
creased. Since the total austenite grain boundary area is in- 
creased by deformation, this would tend to increase the total 
number of martensite platelets nucleated at grain boundaries. 
The heterogeniety of the plastic deformation must cause com- 
plex microstresses that also would be expected to promote 
martensite nucleation. 


Bending the austenite lattice may restrict the martensite shear 
to shorter plate lengths. 
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3. Extremely heavily worked slip bands may block the progress 
of advancing martensite plates. 

4. The austenite grains become distorted in shape, elongated in 
the case of rolling where their dimensions are reduced in the 
plane transverse to the rolling direction. Austenite grain bound 
aries may thus become more effective in limiting the size of 
the martensite plates. 


refinement of the martensite after cold working the metastable austenit. 
as described. Since refinement of the martensite was observed to be 
coincident with increases in tensile strength, the possibility that the 
increases in strength may have been caused by the refinement must be 
considered. 

Many correlations between size and strength have been noted in 
different kinds of materials. The strength of metal whiskers increases 
with decreasing whisker size and the highest strengths have been re 
ported for very fine whiskers. Similar dependence between strengt! 
and size has been noted in glass filaments and in drawn patented steel 
wires. However, in the latter case, the strength of the patented steel 
wire is raised more probably by a refinement of the microstructure that 
by the reduction of the external wire size. And of course, in most poly 
crystalline metals strength is raised by decreasing the grain size 

Stroh, Cottrell and others have proposed mathematical expressions 
that relate both yield and brittle fracture strength to grain size (10,11 
12). These are: 

or =o,+ Kd” 
og o, + K’d-™. 


Soth fracture stress, of, and the yield stress, o,, should increase 
linearly with the reciprocal of the square root of the grain size, d; a), K 
and K’ are constants. An attempt has been made to correlate the tensile 
test data of this study with the martensite size measurements in th 
manner suggested by the equations. 

Plotted in Fig. 9 are the yield strength and the fracture stress for the 
air melted steels with the highest and the lowest carbon contents. The 
yield and fracture stresses are plotted against the reciprocal of the 
square root of the martensite plate length in microns. The martensite 
plate lengths represented ranged from 3.2 to 1.5 microns as the amount 
of austenite deformation was increased. The difficulty in obtaining reall 
precise martensite size measurements and the usual scatter observed ir 
tensile test data precluded a good quantitative correlation ; however, 
the trend is obviously in the direction suggested by the theoretical pré 
diction. 

An apparent exception may be noted in the case of the 0.3 
A31; the fracture stress seemed insensitive to the martensite size 
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Fig. 9—-Fracture Stress and Yield Stress for Steels A31 and A47 Versus the 


Reciprocal of the Square Root of the Observed Martensite Plate Length. 


discrepancy can be explained by considering the ductility of the two 
steels. The samples of the 0.47%C steel A47, broke with about 9% 
reduction in area, while the 0.31%C steel samples failed with about 
33% reduction in area on the average. In other words, while the higher 
carbon steel failed in a brittle fashion, the lower carbon steel failed in a 
ductile manner. Since the theoretical equation relating fracture stress 
and microconstituent size refers to brittle fracture, it can only be ex- 
pected to apply to the higher carbon steel. For the higher carbon content 
the correlation of fracture stress and martensite size was equally as 
good as that for the yield stress in both steels. It was also noted that in 
all steels the ultimate strength increased as the martensite size was 
decreased. 

The rather remarkable yield and ultimate strengths obtained by 
tempering the martensite formed from highly worked austenite also 
may have been related to a microstructural effect. The carbides that 
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precipitated during tempering must have differed in size and distribu 
tion from those formed in the conventionally heat treated steels 

Retained austenite did not appear to have any great influence on the 
tensile properties of the steels tested. A consistent correlation could not 
be made between strength and retained austenite content either for the 
tempered or untempered steels. 


SUMMARY 


1. Steels of high hardenability having a metastable austenite 
“bay” were austenitized and cooled to the “bay” temperature 
range. The metastable austenite was then deformed up to 93% 
by rolling prior to quenching to room temperature. 

2. Hot-cold working the austenite greatly accelerated the kinetics 
of transformation to nonmartensitic decomposition products 

3. The martensite formed from the deformed austenite possessed 
greater tensile strength than when hardened conventionally 
Increases as large as 145,000 psi in the ultimate tensile strength 
were observed. The increase in tensile strength was greatest 
with the largest degree of austenite deformation. 

4. Plastic deformation of the austenite resulted in finer marten 

site. The decrease in martensite plate size was roughly propor 

tional to the degree of austenite deformation. 

The simultaneous increase in strength and decrease in marten- 

site size resulting from the deformation of the metastable aus 

tenite can be correlated in a manner consistent with current 
theories of yield and fracture. 

6. The amount of retained austenite was not greatly influenced 

by hot cold working the austenite prior to quenching, nor did 

the observed minor changes in retained austenite content affect 

the tensile properties significantly. 

Tempering the martensite that transformed from deformed 

austenite caused its yield strength to be greatly increased 
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DISCUSSION 


Written Discussion: By K. E. Pinnow and R. W. Lindsay, Department of 
Metallurgy, The Pennsylvania State University, University Park, Pa. 

The authors have made another worthwhile contribution in the area of ultra 
high strength steels. We welcome the opportunity to offer a discussion on their 
paper. 

From the results on the air-melted steels as shown in Figs. 3 and 4, it would 
seem that 93% deformation of austenite has introduced a secondary strengthening 
(hardening) effect upon tempering. This effect seems most evident from the re- 
sults presented for steel A41 in Fig. 3. In the undeformed condition, this steel 
exhibits but a slight retardation of softening upon tempering, this retardation 
being more evident with 75% deformation of austenite. On the other hand, with 
93% deformation, the ultimate strength after tempering in the range of 600 to 
800 °F equals or exceeds the strength of the steel in the untempered or slightly 
tempered condition. In this regard, it is interesting to note that a 90% deforma- 
tion of the vacuum-melted steels, which do not contain vanadium, does not intro- 
duce such a secondary strengthening effect upon tempering 

It would seem, then, that the tempering behavior of the air-melted steels is 
closely associated with their chemical composition, and the amount of deforma- 
tion they received as metastable austenite. It is suggested that the secondary 
strengthening may be associated with some solubility of molybdenum and va- 
nadium at the austenitizing temperature, and the subsequent precipitation of alloy 
carbides, particularly vanadium-bearing carbides, upon tempering. Furthermore, 
it is suggested that this precipitation is promoted by severe deformation of the 
prior austenite. 

We should like to ask the authors if they feel that the secondary strengthening 
exhibited by the air-melted steels is truly associated with the composition of these 
steels, and also whether they have found this effect after similar treatment of 
steels which did not contain such strong carbide-forming elements 
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In regard to the chemical composition of the air- and vacuum-melted steels, we 
should like to inquire if there were any substantial differences in other elements 
such as nitrogen, which might have entered into a precipitation process upon 
tempering. 

Finally, it is noted that the yield strength and the tensile strength values 
practically superimpose in several instances, as is particularly evident in Fig. 4 
for the air-melted steels tempered at 600 to 800 °F after deformation and trans 
formation. Corresponding elongation values are not given. Referring to the re 
sults for the vacuum-melted steels presented in Fig. 5, the elongation values for 
specimens tempered in this range of temperature are only of the order of 4%, wit! 
values of 8 to 10% for specimens tempered at 200 to 300 °F. Also, no data have 
been presented for conditions of loading other than uniaxial tension 

In view of these points, would the authors care to offer an opinion as to the 
present engineering usefulness of this procedure of strengthening steel by dk 
forming metastable austenite prior to transformation and tempering 


Written Discussion: By Ralph B. G. Yeo, The International Nickel Company 
Inc., Research Laboratory, Bayonne, N.J 
I would like to add my congratulations and comments to those already sul 


mitted. 

The need for the investigation and development of new processes, such as 
“Ausforming,” to achieve high strength levels has become obvious from our own 
development work. During this work it has not been possible to develop steels of 


strengths approaching those reported by the authors and further work using cor 
ventionally quenched and tempered steels does not appear too promising. This 
may be illustrated by considering a steel of the following percentag¢ 


sition : 
S. Mn Si P S Ni Cr Mo ( / 
0.55 0.40 2.13 0.014 0.010 1.92 0.90 0.53 3.0 0.03 


The steel was heat treated by normalizing from 1750°F, oil quenching 
1650 °F and tempering at 600 °F for 10 hours, after which the steel had the f 


lowing mechanical properties 


0.2% offset yield strength 295,000 psi 
Ultimate Tensile Strength 340,000 psi 
Elongation 11% 
Reduction of Area 29% 


st) 


Charpy V-notch Impact Strength 18 ft Ibs at 


When this type of steel is further alloyed to try to achieve higher strengt! 
the ductility is lowered and cannot be improved by raising the temperi: 
perature above 600 °F. The tempering range of 700-900 °F causes embrittlemer 
and the yield point is lowered without any accompanying increase in ductility 
Therefore we have been unable to gain overall properties better than those liste 
above. 

Thus the development of stronger low-alloy steels with reasonable 
appears possible only by two new approaches: 

1. The production of ultra-pure steels, especially with respect to phosp! 
antimony, arsenic, tin and nitrogen which could be tempered in the range 700 
900 °F without embrittlement (1,2,3). 
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2. By the use of new fabricating processes such as described by the authors. 

Two questions appear pertinent : 

(a) It would be interesting to know the levels of the trace elements in the 
steels studied. Could these elements be responsible for the embrittlement during 
tempering the deformed alloy (Fig. 5) or could this be caused by strain aging 
of the ferritic phase which may have been proa: uring rolling? 

(b) How does a change in grain size affect :!.e tempering response of the 
steels ? 
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Written Discussion: By P. R. V. Evans, associate metallurgist, Armour Re- 
search Foundation of Illinois Institute of Technology, Chicago 

The authors have presented further interesting data on the improvement of 
mechanical properties that result from combining mechanical working and inter 
rupted quenching techniques 

The results indicate that fine-grained martensite leads to better properties, 
but how dependent are these improvements on steel composition? Do the authors 
consider the choice of steel (assuming suitable hardenability) critical ? 

It would appear that, at high levels of deformation, the preferred orientation 
introduced during rolling could make a significant contribution to the observed 
improvement in tensile properties. Can adequate yield strengths and elongations 
be expected from these materials under complex stresses ? 

The response to tempering, in certain cases, is unusual. Have the authors any 
explanation why a “secondary hardening effect” was observed only in air-melted 
steels given 93% reduction? 

The influence of air cooling compared with oil quenching heavily worked 
austenite on microstructure is in general agreement with previous work. However, 
Evans and O'Neill also found that at relatively low reductions (about 20%), 
water quenching increased rather than reduced the amount of carbide(s) present 
in the final structure. They concluded that quenching stresses aided the nucleation 
but limited the growth of carbide(s) formed by the accelerated breakdown of 
austenite. 

The increasing amount of retained austenite observed with increasing reductions 
might be attributed, in part at least, to mechanical stabilization. Is the presence 
of this austenite considered a desirable feature? It would be interesting to know 
how much, if any, of this austenite transformed on subsequent tensile testing. 

It might be worthwhile at the present state of our knowledge to summarize 
the possible effects of deformation on steel austenites at subcritical temperatures 
(below the pearlite nose of the TTT diagram) as follows: 

1. Plastic deformation and strain hardening of the austenite with no in- 
duced transformation. This would result in either the stabilization of 
the austenite or the formation of a fine-grained bainitic or martensitic 
structure on cooling. In high-alloy steels, small degrees of deformation 
often promote the subsequent austenite to martensite transformation.* 


*G. V. Kurdymov et al., The Effect of Prior Plastic Deformation on the Martensitic 
h ; 


Transformation in an Fe-Cr- Ni Alloy,” hysics of Metals and Metallography, Vol. 


No. 1, 1958 
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2. Formation of strain-induced martensite, when the deformation tempera 
ture is at Ma or below. 

3. Formation of strain-induced bainite. 

4. Breakdown of the austenite resulting in the precipitation of carbide(s) 
along slip planes of the parent phase. 


The exact nature and extent of austenite transformation by any of the above 
mechanisms will depend on such variables as steel composition, temperature 
amount and mode of deformation, strain rate during deformation, holding time 
in the region of austenite metastability prior to deformation, and rate of cooling 
after deformation. 

These are the main factors that will control final microstructure and, in tur: 
mechanical properties of steels heat treated by this new technique 


Written Discussion: By Richard F. Harvey, 111 Berg Drive, Pittsburg! 
In this article it is alleged that the method of mechanically working metastabk 


} 


austenite to obtain improved physical properties is due to Lips and Van Zuiler 


Temperature 











Fig. 10—-Diagram Representing Technique of “Interrupted 
quenching Hot-Working.” 


he original conception of the interrupted quench and work technique wa 


s 


developed by me starting in 1950 and as far as it is known the method 
described by me in an Jron Age article of Dec. 27, 1951. My work has also beet 
described in many other publications both here and abroad 

For reference, the basic method of working steels in the metastable cond 
above the M, temperature to obtain improved physical properties is show 
matically in the diagram submitted herewith from my 1951 article—Fig. | 
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A partial list of references to my original work in the field is as follows: 


1. R. F. Harvey “Step Quenching Hot Peening Improve Lean Alloys” Iron Age, Vol. 168, 
Dec. 27, 1951, pp. 70-71 

2. The Providence Rhode Island Sunday Journal, Jndustrial News, Aug. 3, 1952, p. 7 

3. R. F. Harvey “Interrupted Quench Hardening” Oral presentation to American Society for 
Metals Meeting; Providence, R.I., Mar. 12, 1952 

4. R. F. Harvey “Development, Principles and Applications of Interrupted Quench Harden- 
ing’ Journal of the Franklin Institute, Vol. 255, No. 2, Feb. 1953, pp. 93-99 

5. R. F. Harvey “Development, Principles and Applications of Interrupted Quench Harden 
ing,” The Chemical yo (England) Aug. 15, 1953, p. 321 

6. R. ¢ Harvey “Interrupted Quench Hardening” New Zealand Engineering, Jan. 15, 1954, 


pp. 15-16 

7. R. F. Harvey “Interrupted Quench Hardening” Thesis—Professional Degree of Me 
chanical Engineer. Worcester Polytechnic Institute, May 3, 1954 

8. R. F. Harvey “Quench and Work Technique” Meta Procress, Feb. 1955, p. 119 

9. R. F. Harvey “Applications of Step Quenching (Martempering)"’ Metal Treating 
May-June, 1955, pp. 6-11 

10. R. F. Harvey, U.S. Patent 2,717,846, Sept. 13, 1955 

11. R. F. Harvey, written discussion, Transactions, American Society for Metals, Vol. 

1959, p. 488 


51, 


I wish to point out that the method of working steels above the M, tempera- 
ture described by Messers Shyne, Zackay, and Schmatz is covered by U.S. Patent 
2,717,846 issued to me on Sept. 13, 1955. 

Written Discussion: By W. H. Chang, Flight Propulsion Laboratory, General 
Electric Company, Cincinnati 

The authors are to be complimented for another valuable and interesting paper 
on the effect of cold working austenite prior to formation to martensite. The 
paper implies that the strength increase resulted from formation of martensite 
upon quenching of the cold-worked austenite. Some results obtained in our Labo 
ratory indicated that for some steels strain-induced transformation may play an 
important part in contributing to the strengthening effect 

Three of the steels under investigation were LaBelle-HT (0.43C, 1.35Mn, 
2.25Si, 1.35Cr, 0.40Mo, and 0.30V), Super Tricent (0.55C, 0.8Mn, 2.21Si, 3.6Ni, 
0.95Cr, 0.50Mo, and 0.07V ), and WCM-1 which is a 0.5C low alloy steel developed 

The TTT diagrams for LaBelle-HT and Super Tricent are 
Although the TTT diagram for WCM has not been determined, 
be somewhat more sluggish 


in our Laboratory 
shown in Fig. 11 
its isothermal transformation rates are believed to 
than those of Super Tricent 

In Table IV are given the data of the three steels rolled at 1000 °F for 75% 
\ll specimens had an initial dimension of 0.5 x 2 x 4 in. 
passes) for total 


reduction in thickness 
and were rolled in 6 passes (with 5-minute soaking betwee 
e specimens were im- 


time at temperature of about 30 minutes. After each pass, tl 
mediately checked with a strong magnet to determine if transformation had oc 
curred during rolling. 

The data show that the strength increase was much greater on LaBelle-HT than 
on the two more hardenable steels although the latter had higher strength than 
LaBelle-HT in the undeformed condition. In this connection, it is of considerable 
interest to note the development of magnetism during the course of rolling 
LaBelle-HT almost always became moderately magnetic after about 50% re 
duction (regardless of the number of passes used in achieving reduction) and 
strongly magnetic after 75% reduction. In contrast, a 75% reduction rendered 
Super Tricent only moderately magnetic and WCM-1 nonmagnetic 

The development of magnetism shows conclusively that strain-induced trans 
formation was taking place during deformation although the nature of the trans- 
formation products is not at all clear. It is postulated that the transformation 
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Table IV 
Tensile Properties of Steels After Rolling in the Meta-Stable Austenitic State 
Roll Red. in 0.2 Elong 
Temp Thick UTS YS 
Steel °F qi ksi ksi 1” 
LaBelle-HT Undeformed 290'* 246 5 
1000 75 373 359 4 
Super Undeformed 328'8 318 5 
Tricent 1000 75 373" 335 +5 
WCM-1 Undeformed 337( 300 6 
1000 71 377\* 320 5 
\M-357 Undeformed 207% 145 
800 85 285* 194 
800 85 292" 234 


®’ Refrigerated at 100°F for 8 hrs. and tempered at 600°F for 1 hr 
») Refrigerated at —300°F for 8 hrs. and tempered at 800°F tor 1 hr 
®* Refrigerated at 100°F for 10 min. before rolling. Refrigerated and tempere 





Temperature °F 











could result from (a) strain-induced martensite similar to that found in working 
unstable austenitic stainless steels below the so-called Ma temperature, (b) a 


celerated transtormation into bainite or some other nonmartensitic products a 
suggested by the authors, and (c) strain-induced bainite caused by the deforma 
tion being carried out below a possible “Ba” temperature. This could hay 


when the time at temperature approac hed or exceeded that correspon 
bainitic knee. 

Regardless of the nature of the transformation products, it appears tha 
strengthening effect may result not only from formation of martensite upor 
quenching of cold-worked austenite, as in the authors’ case, but also from strain 
induced transformation and simultaneous cold working of the transformatior 


products. In the first case, the primary strengthening mechanism may be tl 


refined martensitic size as suggested by the authors, whereas in the second ca 
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strain hardening of the transformed products would be expected to contribute 
additional strength. Some support for the latter case has been derived from our 
work on AM-357 which is a semi-austenitic steel developed by the Allegheny 
Ludlum Steel Company. When annealed at 2000 °F and air-cooled to room tem- 
perature, the steel was essentially austenitic. Upon refrigeration at — 300 °F for 
8 hours and tempered at 800 °F for 1 hour, the steel had a 0.2 yield strength of 
145,000 psi. By rolling the austenitized material at 800°F for 85% reduction 
followed by identical refrigeration and tempering, a yield strength of 194,000 psi 
was obtained. If, however, the austenitized steel was pre-refrigerated at — 100 °F 
for 10 minutes to cause partial transformation and then rolled at 800 °F for 85%, 
the yield strength was found to have further increased to 234,000 psi. 

While our observations are in contrast to, but do not necessarily contradict 
those of the authors, it would help in clearing up the situation by knowing if 
the authors had used any means other than metallography to ascertain that 
strain-induced transformation had indeed not taken place in their case. It is of 
further interest to note that the authors’ data, as well as ours, showed that a 
considerably greater strength increase was achieved on lower carbon steels. This 
is interpreted in our case to reflect a larger amount of strain-induced transfor 
mation and hence the corresponding cold work of the transformation products. 
In addition, the fact that more austenite is usually retained in the higher carbon 
steels may have also contributed to the lesser response of these steels. We would 


appreciate the authors’ comments on this 


Written Discussion: By F. A. Malagari, Research Laboratory, Allegheny Lud 
lum Steel Corporation, Brackenridge, Pa 

The authors are to be complimented on their further contribution to this new 
field for working steels. The data presented in this paper definitely show that an 
improvement in steel properties can be achieved by using the technique described 
by Lips and Van Zuilen of the N. V. Philips Incandescent Lamp Works, Eind- 
hoven, Holland. Allegheny Ludlum has applied this hardening process to 
Potomac A (H-11) hot work die steel and Type 420, AM-355 and AM-357 stain 


less steels. The compositions of these steels are as follows 





Alloy C Vn Si Cr Vi I Ni W N2 
Potomac A 0.38 0.34 0.90 5.15 126 047 O12 = O11 
Type 420 0.41 O56 0.38 13.47 9.34 — 
AM- 0.13 0.80 8 0.30 15.69 2.94 4.14 0.09 
AM-357 0.23 0.75 0.18 14.87. 2.77 4.48 0.09 


Multipass rolling of sheet was the method of deformation investigated in this 
study. All tensile samples were standard ASTM with gage dimensions of 2 inches 


by % inch by the thickness. Elongations were measured over 2 inches 


Potomac A 

For this alloy, the data in Fig. 12 show an increase in strength properties as 
the amount of deformation increases. Elongation decreases with increased amounts 
of deformation. The starting gage of the sheet was 0.100 inch. The alloy was 
austenitized at 1850 °F and air-cooled to the rolling temperature. It was deformed 
as much as 50% at 800 °F and 82% at 1000 °F. Each piece was reheated between 
each pass for a minimum of 4-5 minutes. The 25% reduction was achieved in two 
passes, the 50% reduction in four passes, the 62% reduction in twelve passes, and 
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Fig. 12—Effect of Deformation of Metastable Austenite on 
Tensile Properties of Potomax 


the 82% reduction in 22 passes. After rolling, the sheet was air-cool 

temperature and double tempered at 1000 °F in 2 hour periods. The referet 
undeformed sample was austenitized at 1850 °F, air-cooled to room temperatur¢ 
and double tempered at 1000 °F. As seen in Fig. 12, the yield strength increase 
from 214,000 to 300,000 psi while the ultimate tensile strength increases fr 


273,000 to 315,000 psi after being deformed 82% at 1000 °F. Above 50% deforma 
tion, there is no significant improvement in tensile strength, while tl 
strength increases markedly. The elongation decreases from 8% in the 


formed sample to 1.5% after the 82% deformation. The hardness increa 
I 
fter 


Rockwell C-49 to C-58 after an 82% reduction at 1000 °F. Results af 
to 50% at 800 °F are similar to those after rolling at 1000 °! 


1 vpe 420 

A 0.060 inch thick piece was deformed as much as 75% at 800 and 1000 
multipass rolling with a reheat between each pass. The small amounts of deforma 
tion required only four passes while as many as 27 passes were needed 
75% deformation. The undeformed standard sample was austenitized a 


quenched to room temperature and tempered two hours at 450 °F. The 
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Fig. 13—Effect of Deformation of Metastable Austenite and Air- 
cooling on Tensile Properties of 420 Stainless Steel 


material was also austenitized at 1850 °F, cooled in air to the rolling temperature, 
rolled, air-cooled or water-quenched to room temperature and tempered 2 hours 
at 450 °F. 

In Fig. 13, only small increases in strength are noted in samples air cooled from 
the rolling temperature. Between 25 and 50% reduction at 800 or 1000 °F, the ulti- 
mate tensile strength decreases while the yield strength is unaffected. In contrast, 
samples in Fig. 14 which were water-quenched show an increase in yield strength 
from 186,000 to 302,000 psi and also an increase in ultimate strength after a 75% 
reduction in area at 800 °F. Over the same range of reductions at 1000 °F, how- 
ever, there was no strength increase beyond 25% reduction and a drastic dropoff 
in strength above 45% deformation. The elongation decreases from 7% in the un- 
deformed sample to approximately 1.5% in the highest strength sample deformed 
at 800 °F. The hardness increases from Rockwell C-51 to C-60 after a 77% reduc- 


tion at 800 °F 


AM-355 
Sheet material 0.080 inch thick was annealed at 1950 °F, air-cooled to room 
temperature, cold-rolled 25%, tempered 3 hours at 850°F (known as “CRT,” 
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Fig. 14—Effect of Deformation of Metastable Austenite and 
Water-quenching on Tensile Properties of 420 Stainless Steel 


cold-rolled and tempered ) and used as the standard for this experiment. Deforn 


tion was at 1000 °F after air cooling from 1950 °F. All samples were given tl 
CRT treatment after the deformation. The data in Fig. 15 show an increa 
yield strength from 173,000 to 240,000 psi after 25% deformation at 1000 °! 
the CRT treatment. However, AM-355 can be cold-rolled 50% at roon 
ture to give a yield strength of 290,000 psi or approximately 50,900 psi gre 
than that obtained by deforming 25% at 1000 °F plus 25% at room temperat 
An additional 25% deformation at 1000°F increases strength only 
Elongation drops from 19 to 3% with 50% deformation at 1000 °1 
particular alloy, the process does not appear to improve the properties obt able 
simply by cold rolling at room temperature 

1M-357 

Pieces 0.125 inch thick were austenitized at 1950 °F and air-cooled I 
temperature, thereby retaining the austenitic structure. The control for tl 
alloy was cold-rolled 25% and tempered 3 hours at 850°F. The pieces f 
vestigation were reheated to both 400 and 1000 °F, rolled 25 and 50%, cooled t 
room temperature, and then given an additional reduction at room temperature 
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Fig. 15—Effect of Deformation of Metastable Austenite on the 
Tensile Properties of AM-355 Stainless Steel 


of 17% and 12% respectively. The 25% reduction at room temperature could not 
be achieved because of the rolling mill limitations. The data plotted in Fig. 16 
show an increase from 200,000 to 252,000 psi in yield strength after 50% reduction 
at 1000 °F with a subsequent 12% cold-rolled at room temperature. Deforming 
at 400 °F gave similar results. Although this is an improvement in strength and 
good elongation is obtained (15%), the same alloy can be cold-rolled 65% at 
room temperature to have a yield strength of 360,000 psi with 1.5% elongation 
Based on these data, the high temperature plus room temperature deformation 
does not give as high strengths as obtainable simply by cold rolling at room 
temperature 

The results obtained indicate that for all four alloys deforming metastable 
austenite before the transformation to martensite results in an increase in tensile 
strengths. For every alloy but AM-357, the elongations at high strengths are very 
low. This does not, therefore, confirm the original results of Lips and Van 
Zuilen who reported unusually high ductilities at high strengths. It would be 
very helpful if the authors would present the elongation data they obtained in 
their tensile tests. 


Written Discussion: By W. |... Steinbrenner, metallurgist, Jones & Laughlin 
Steel Corporation, Pittsburgh 


The authors report significant increases in the yield and tensile strength of 
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ultra-high strength steels by plastic deformation of metastable 
subsequent transformation to martensite. They have attributed the increas 


strength with a decrease in the martensite plate size which they have four 


4 


ne 


iuster 


it 


é 


be proportional to the degree of deformation. The basis for this supposition is the 


treatment developed by Cottrell and others, relating yield and brittle f 


strength with grain size. We agree that this is the most plausible explanati 
for the strength increases which have been reported. It would be of furt! 


terest to obtain the authors comments on the results which were obtair 
tempering the alloys both in the undeformed and the deformed conditiot 
f the 
samples of the vacuum melted alloys indicate an increase in yield strengt! 


First of all, the tempering data for the yield strength « 


un¢ 


tempering temperature which is consistent with the results reported 


et al (2,3) for hardened and tempered steels. How then is the somewha 
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ry 
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ure 
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lously high yield strength reported for the undeformed and untempered samples 


air-melted heats A41 and A47 explained? Could this high yield strength h 


sulted from some difference in processing? Were all samples brought 


homogeneous temperature before deformation or cooling to room temp 


If so, how was this done and what was the homogenization time ‘ 


Secondly, what is considered to be the state of stress in 


the 
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deformation? Do the authors attribute the increase in yield strength on tempering 
the deformed samples to a relief of stresses or to carbide precipitation? 

Thirdly, the tempering data for the ultimate strength of the deformed samples 
of the vacuum melted heats are characteristic of ductile fracture over the entire 
tempering range. This observation is further supported by the high elongation 
values reported. Conversely, the tempering data for the ultimate strength of the 
air-melted heats are characteristic of brittle fracture up to a tempering tempera- 
ture of 600 to 700 °F. It is reported that the deformed samples of air-melted 
Heat A41, tempered at 212 °F, fractured in a brittle manner. At what tempering 
temperature was a brittle to ductile transition in tensile fracture observed for 
the deformed samples of Heats A41 and A47? If the tempering data for the 
ultimate strength of the deformed samples of vacuum melted Heat V48 are 
superimposed on the ultimate strength data of air-melted Heat A47, it is seen 
they coincide at about 600-700 °F. Do the authors attach a significance to this 
coincidence ? 

Structural and property homogeneity will be of important consideration in the 
commercial application of this technique. Has any structural or property dif- 
ferences been observed between the surface and center of the deformed bars? Has 
the effect of mill temperature been investigated with respect to sample homoge- 
neity, and what was the starting size of the hot-rolled bar stock? 
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Authors’ Reply 

The authors wish to express their appreciation to all those who have con 
tributed to the discussion of this paper. 

Dr. Evans has raised the questions of steel composition, preferred orientation 
and retained austenite. The authors feel that steel composition is critical with 
respect to the kinetics of austenite decomposition and that a refinement of the 
martensite size should always result in higher strength if nonmartensitic austenite 
decomposition products can be avoided. Preferred orientation does exist in 
Ausformed steel. Kula and Dhosi* have made a study of this; their data indi- 
cate no marked anisotropy of mechanical properties as a consequence of a rolling 
texture. The data of our paper do not indicate, as Dr. Evans suggests, that the 
retained austenite content increased as the austenite deformation was increased. 
On the basis of the limited amount of data one would conclude that retained 
austenite increased as the deformation was increased to 75% and then decreased 
with greater amounts of austenite deformation. No significant correlation seemed 
to exist between the amount of retained austenite and the measured mechanical 
properties. With a lack of any information to the contrary, one is forced to as- 
sume that retained austenite in Ausformed steel effects mechanical properties as 
it does in conventionally hardened steels. Dr. Evans is probably correct in his 
summary of the possible effects of plastically deforming austenite, however, the 
authors are inclined to believe that only the work hardening of the austenite and 


*E. B. Kula, and J. M. Dhosi, “Effect of Deformation Prior to Transformation on the 
Mechanical Properties of 4340 Steel,’"” ASM Preprint No. 129, 1959 
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the influence of this on the subsequent martensitic transformation were ré I 
for the observed increases in mechanical strength 

The experiments that Dr. Chang has described in his discussion are extreme 
interesting. However, as he points out they differed from those of the aut 


several respects ; the most important difference lies in the relatively long times h 


took between rolling passes at the deformation temperature In no instance did the 
authors use as much as five minutes for the entire deformation process. The 

minutes holding time taken by Dr. Chang between each rolling pass was doubtles 
conducive to the formation of bainite. His magnetic measurements certainly indi 


cated austenite decomposition at the deformation temperature, and we must agre 
that subsequent deformation of the partially transformed steel work would harde1 
the transformation products thus strengthening the final structure. The authors 
have only metallographic evidence that the highest strengths were coincident wit} 
the least nonmartensitic decomposition for any given degree of austenite deforma 
tion. Since the presentation of the paper we have obtained some additional ey 
dence that contradicts the suggestion that strain-induced martensite 

been formed during austenite deformation. Using the Greninger-Troia te 
nique, the influence of 50% austenite deformation at 1000 °F on the Ms t 

ture was determined. This was found to be negligible. Since austenite def 

had little or no effect on the Ms temperature it seems unlikely that any martensit 
of deformation could have formed several hundred degrees Fahrenheit a 


the Ms 


Mr. Steinbrenner commented on the somewhat higher yield strengt 


undeformed samples of the air-melted steels compared to the vacuun 
steels. This may have been caused by the lower retained austenite contents of t 
air-melted steels resulting from the different alloy content. All s 

held at a temperature of 1600°F for one half hour prior to cooling to tl 


formation temperature. Since different bar diameters were used (so that 


degrees of deformation would result in a constant finished size) longer ting 
times were allowed for the longer bars. Bar sizes of 1 inches down t 
were used as deformation ranged from 93 to 0% reduction. The authors fee 


that the increases in yield strength observed after tempering were the result 
carbide precipitation rather than the relief of stresses. No structural or 
differences were observed from the center to the surface of the Ausformed bars 
except that caused by a small amount of decarburization in some bars 
carburized surface material was removed in machining the test specimens 

Mr. Malagari appears to have had only a limited amount of success with hi 
attempts to Ausform some very highly alloyed steels. Perhaps carbide precipita 
tion caused by the austenite deformation contributed to the lack of ductility. It is 
interesting to note that AM 357 could be cold-rolled 65% but could not be rolle 
more than a total of 42% by first hot working 25% followed by a 17% cold r« 
tion; this suggests that a completely austenitic structure was not maintait 
ing the hot rolling 

In their discussion of the tempering behavior of the Ausformed steels Prof 
Pinnow and Lindsay suggest that the tempering behavior of the Ausforme 
may have been determined, in part, by the precipitation of alloy cart he 
authors feel that size and distribution of the precipitating carbide pat 
of greater importance ; however, steel composition may have influer 


size and distribution. Because of the very critical hirdenability requirer 
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Ausformed steels without strong carbide formers were prepared. Professors Pin- 
now and Lindsay and Dr. Evans all have inferred from the authors data that 
“secondary hardening” caused by tempering was observed only in the air melted 
steels deformed 93%. Examination of the data for the vacuum melted steels de- 
formed 90% reveals the same sort of effect to a lesser extent. It should be noted 
that this unusual response to tempering became more pronounced as the extent of 
austenite deformation was increased and that 93% reduction actually amounts to 
30% reduction more than 90% reduction. Thus the air-melted steels deformed 
93% were worked considerably more than the 90% deformed vacuum melted 
steels. If yield strength is used as the measure of this effect rather than the ulti 


mate strength, even the air-melted steel deformed 75% showed a definite “second 
ary hardening.” 

The present engineering usefulness of the Ausform Process for strengthening 
steel is unknown. In view of the properties obtained in these preliminary experi 
ments, however, it seems reasonable to hope that important applications of the 


technique will be forthcoming 











THE EFFECT OF AUSTENITIZING, TEMPERING 
AND MICROSTRUCTURE ON THE 
PROPERTIES OF A Cr-Mo-V STEEL 


By F. E. Werner, T. W. EICHELBERGER, AND E. K. HAn: 


Abstract 

A 1% chromium—1.2% molybdenum—0.25% vanadium 
steel, like many others designed for high temperature use, is 
susceptible to notch brittleness during creep unless it i: 
properly heat treated. A comprehensive study was made of 
a steel of this type primarily to delineate the heat treating 
variables responsible for such notch sensitivity and also 
determine those factors that contribute to high creep 
strength. 

Microstructures considered were martensite, bainite, and 
a ferrite-pearlite aggregate. A wide range of austenitizing 
and tempering temperatures was employed. Smooth and 
notched-bar stress-rupture properties were determined at 
1000 °F, a critical temperature of application for this steel 
In addition, transformation characteristics, impact prop 
erties, and microstructural stability were evaluated. 

The maximum mechanical properties were obtained in 
tempered bainitic structure. Notch sensitivity was associated 
with either high austenitizing temperatures or low tempe? 
ing temperatures. The minimum austenitizing temperatur 
was fixed by the requirement that response to heat treatment 
be uniform. Impact properties were relatively insensitive t 
austenitizing temperature. The steel will continue to temper 
at a measurable rate during service at temperatures abov 
950 °F. (ASM-SLA Classification: N8, QO-qeneral; AS 


INTRODUCTION 


S THE temperature in steam power plants has increased, improved 
high temperature properties of the materials have been required 
These improvements have been achieved either by changes in alloying 
or in heat treatment, or both. Not uncommonly, the smooth-bar stress 
rupture strengths have been the properties that seemed to be of concert 


and that were specified. That smooth-bar property specifications aré 
inadequate is indicated by several service failures of turbine rotor 
(1,2)! or bolts (3) made from Cr-Mo-V steel. A major contributing 


The figures appearing in parentheses pertain to the references appended to this pape 


\ paper presented before the Forty-first Annual Convention of the Soci 
held in Chicago, November 2-6, 1959. 

Of the authors, F. E. Werner and T. W. Ejichelberger are associated with tl 
Research Laboratories and E. K. Hann with the Materials Engineering Depart 
ment of the Westinghouse Electric Corporation, Pittsburgh. Manuscript rece 
April 22, 1959 
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cause of failure in each of these cases was the sensitivity of the steel to 
the presence of notches which caused a weakening of the steel and a 
subsequent fracture possessing little ductility. Thus, it is necessary to 
take into consideration both the smooth-bar and notch-bar creep 
properties. 

Among the heat resisting low alloy steels, one of the most common 
combinations of alloying elements is chromium-molybdenum-vanadium. 
Such steels possess high creep strength, but have a tendency toward 
notch brittleness. The most extensive investigation of the effect of heat 
treating variables on both smooth- and notch-bar stress-rupture 
properties was made by Jones et al (4). The most important findings 
from their study of a 1.2% chromium—0.5% molybdenum—0.25% 
vanadium steel were that both high normalizing temperatures and low 
tempering temperatures produced notch-sensitive conditions. They 
studied only the “normalized” condition produced by air cooling in 
one-inch sections; the as-normalized microstructure was thus rather 
ill-defined. In another investigation (5) of the same steel, notch sensi- 
tivity was also found to increase as the normalizing temperature in- 
creased. 

A detailed structural study of a 1.2% chromium—1.1% molybdenum 

0.5% vanadium steel showed that the notch-sensitive condition was 
associated with the precipitation of Fe,;Mos3C in the prior austenite 
grain boundaries (6). The extent of this precipitation, and hence the 
notch sensitivity, varied with the heat treatment. 

Heger et al (7) studied the creep properties of various isothermal 
transformation products in a 2% chromium—0.5% molybdenum steel 
and concluded that, for long time use, there was little difference among 
the strengths of the various structures. However, it did appear that 
the bainites had inferior ductility. No notch-bar properties were de 
termined nor was the effect of tempering temperature studied for any 
structure except martensite. 

In some applications, such as steam turbine rotors, one end of the 
forging may be nearly at the inlet steam temperature while the other 
end may be near the ambient temperature. In this situation, not only 
must the steel possess adequate creep properties, but it must meet the 
desired low-temperature tensile and impact requirements. Also, since 
the expected life of the turbine generator unit is greater than 10—20 
years, the creep properties at long times must be known. 

This investigation was undertaken to study the effects of heat treat 
ment on the properties of a steam turbine rotor steel which is in com 
mon use (1% chromium—1.2% molybdenum—0.25% vanadium). 
The variables studied included austenitizing conditions, microstruc 
ture, and tempering. Both smooth- and notch-bar properties were 
determined at 1000 °F, a temperature of critical service for steam tur- 
bines. Also, impact and conventional tensile properties were measured. 
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The results enable one to specify a heat treatment which produces the 
optimum combination of the desired properties. 


able I 
Composition of Cr-Mo-V Steel (wt. & 


Rotor ' Mn Si P Ss Ni Cr Mo 
A 0.34 0.86 0.29 0.010 0.009 0.04 0.92 1.21 0.25 
B 0.32 0.74 0.25 0.037 0.036 0.34 1.04 1.20 0.24 


EXPERIMENTAL PROCEDURI 


Most of the material used in this investigation was taken from a 
31-inch diameter prolongation of a regular production rotor forging, 
designated in this paper as rotor A. Some additional work was also 
performed on specimens cut from a rotor which had been in service 
approximately 5000 hours ; this latter rotor is identified herein as rotor 
B. Specimen blanks were cut directly from the forgings and heat 
treated in the laboratory. The compositions of the two rotors are 
in Table I 

A variety of heat treatments, many intended to simulate productior 
procedures, were given to the specimen blanks. These treatments cat 


ster 


most conveniently be discussed under three headings: (a) austenit 
ing, (b) rates of cooling, and (c) tempering. All temperatures used i1 
heat treating varied no more than +10 °F from those reported 
Austenitizing was performed in muffle furnaces in protecti t 
mospheres. Specimens were placed in cold furnaces and heated at 50 
100 °F /hr. to the austenitizing temperature, which varied from 1675 
to 1950 °F. They were then held for 12 hours prior to cooling. A few 


of the treatments consisted of a two-step process of heating to a giver 
nea, holding for 12 hours, then dropping the temperature at 
100 °F /hr. to 1675 °F, holding for 8 hours, and then cooling; suc! 
treatment has been reported to confer superior properties on C1 M 


V steel (8). 

Cooling from the austenite range was performed at three rates in 
order to produce martensite, bainite, and a ferrite-pearlite aggregate 
The transformation diagram shown in Fig. 1 was used to determine 
the desired cooling rates. Specimens were quenched in water to produc¢ 
martensite, although oil quenching would undoubtedly have sufficed. A 
ferrite-pearlite aggregate was obtained by cooling at 25°F /hr. to 
970 °F and then air cooling to room temperature. Bainite was produce: 
by cooling at 300°F/hr. to 450°F, soaking for 12 hours, and ai 
cooling to room temperature. The cooling rate was constant from the 
austenitizing temperature to at least 1000°F. The soaking treatment 





1960 PROPERTIES OF A CR-MO-V STEEI 379 


simulated that actually given production rotors, where it is used to 
prevent flaking. Typical microstructures are shown in Fig. 2. Note in 
Fig. 2c that the proeutectoid ferrite has a profusion of carbides precipi- 
tated within it. 

The tempering of mechanical property specimens was also carried 
out in muffle furnaces. Specimens were charged into a cold furnace and 
heated at 50-100 °I*/hr. to the tempering temperature ; they were held 
for 24 hours and cooled to room temperature at 40—50 °F /hr. 

For determination of the tempering characteristics, small specimens 








» Ferrite 


+ Pearlite 














Fig. 1—Continuous-Cooling Transformation Diagram for Rotor B. Numbers on 
cooling curves are cooling rates (°F /hr) 


were tempered from 2 minutes to 1000 hours at 1000-1300°F. For 
times of 9 hours and less, heat treating was done in a lead bath, followed 
by water quenching. All longer heat treatments were performed in 
muffle furnaces. 

A dilatometer was used to determine the transformation character- 
istics. The cooling rate was varied over a wide range by adjusting the 
rate of drive of an auto-transformer supplying power to the furnace. 
The length change versus temperature curve was automatically plotted 
by an X-Y recorder. For cooling rates slower than 1000 °F /hr., the 
cooling curves were linear from 1600 to 600°F; at faster speeds of 
cooling, the rate diminished as the temperature decreased. The ac- 
curacy of the determination of the transformation points was about 
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Fig. 2—Microstructures of Samples Cooled at Several Rates from 1750 °F. Nital etct 
x 500. (a) Water quench. Martensite; (b) 300 °F/hr. Bainite; (c) 25 °F/hr. Ferrite 
and Pearlite 
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10°F except for the fastest rate utilized for which the accuracy was 
no better than about +30 °F 

30th plain-bar and notch-bar stress-rupture tests were made on 
specimens having a gage diameter of 0.252 in. The plain-bar gage length 
was one inch. Some tests were run as combination bars; i.e., the bars 
had both a plain and a notch-bar section, and after failure of one of 
the sections, the remaining one was continued on test until failure. The 
notch bars had a root diameter of 0.252 inch, a major diameter of 
0.50 inch, a 60° notch, and a root radius of 0.005 inch or 0.007 inch; 
this geometry produced an elastic stress concentration factor of 4.8 or 
4.2, respectively. Creep tests were run in air at 1000 °F in either lever- 
or spring-type machines 

Tensile tests were made on specimens of the same type as those used 
for plain-bar creep-rupture 

Charpy V-notch specimens were broken in a standard impact testing 
machine. Oil baths were used to heat the specimens to the desired 
temperature 

RESULTS 
Austenite Transformation 

The transformation diagram of austenite on continuous cooling from 
1750°F (1 hr. austenitize) is shown in I*ig. 1. The temperature at 
which all the ferrite dissolves, Ag, and also the temperature at which 
the carbides are completely dissolved were approximately determined 
for 1-hour holding times and are indicated in Fig. 1. Since carbide pre 
cipitation on cooling can occur above Ag, the cooling curves were con- 
sidered to start at the austenitizing temperature, rather than at Ag as 
is commonly done (9). The microstructure resulting from each cooling 
rate is also listed, and it should be noted that at the two slowest rates 
only microstructural observations and no dilatometer measurements 
were made. The cooling rates of the two most rapid tests apply only to 
the rate at 900 °F. The diagram exhibits a well defined break between 
the ferrite-pearlite and the bainite regions. Note that the bainite trans- 
formation range is relatively independent of cooling rate over a wide 
range. 

The calculated (10) M, temperature for this steel is 620 °F, whereas 
the measured M, was 670 °F. This discrepancy may be due to either of 
two factors: (a) the measurement of M, was not very precise, or (b) 
carbide precipitation occurred during cooling, leaving the austenite 
leaner than assumed for the calculation 

From Fig. 1 the cooling rates necessary to produce the desired 
microstructures were determined, namely, quench for martensite, 
300 °F /hr. for bainite, and 25 °F /hr. for a ferrite-pearlite aggregate. 
The bainitic samples contained a very minor amount of proeutectoid 
ferrite. However, except for one case, a faster rate was not used to 
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Fig. 3—Tempering of Bainitic Structure. Austenitized at 1750 °F and Cooled 


300 °F/hr. Rotor A 


eliminate the ferrite since a rate faster than 300 °F /hr. is nearly un 
attainable in large forgings by conventional heat treating practices 
\lso, the ferrite was present as small equiaxed grains and was thought 
to be in apable of affecting the properties to any significant degre 
Tempering Behavior 

for a prior bainitic structure produced by cooling from 1750 °F at 
300 °F /hr. This steel exhibited the familiar secondary hardening pea 
which occurred at a shorter time and a lower value of hardness as the 
tempering temperature increased. 


A typical series of curves for isothermal tempering is shown in Fig. 3 


: | 
e€ak 


For purposes of extrapolation to long times of service, the hardness 
data were plotted as a function of several time-temperature parameters 
The parameter finally chosen was 


t exp [— A/T], 


where t is the time (hours), T the temperature (°K), and A a term 
normally considered to be constant in expressions of this form. Actually, 
it was found that A could not be treated as a constant since, by so doing, 
hardness values for each temperature formed distinct curves that would 
not superimpose. It was determined that at a given hardness level A was 
independent of temperature ; however, A was dependent on the hardness 
(DPH) in the manner, 


\ 5500 + 130 x (DPH) 


Equation | 
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Fig. 4—Hardness Tempering Parameter Relatior 


over the range 200-370 DPH. Using the parameter above and allowing 
A to vary as in Equation 1, the hardness values beyond the secondary 
hardening peak all fell on one straight line, Fig. 4. The points clustered 
in the upper left hand corner of the figure represent those points occur- 
ring before and at the secondary hardening peak. It should be noted that 
an equally good plot was obtained by the use of the Hollomon-Jaffe 
parameter (11), 


T(C + log t) 


if C was treated in a manner similar to A and not as a constant. 

The tempering curves for bainite formed on cooling from 1850°F 
and also on cooling from all of the two-step treatments were identical 
to those presented in Fig. 3 within a narrow scatter band. This co 
incidence on Fig. 3 also indicates that the parameter plot in Fig. 4 
represents equally well the tempering of bainite formed from all these 
austenitizing conditions. However, when 1675 °F was used for austen 
itizing, the hardness of the un-tempered bainite varied by 75DPH 
among different samples and was generally considerably lower than for 
the other conditions of austenitizing. This large variation precluded the 
determination of meaningful tempering curves. Examination of the 
microstructure showed that the amount of proeutectoid ferrite in sam 
ples austenitized at 1675 °F varied from 0-30% ; all other treatments 
produced essentially all bainite. The tempering of martensite and ferrite- 
plus-pearlite was investigated only briefly for purposes of mechanical 
property tests and not in detail as was the case for bainite 
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Fig. ¢ Effect of Tempering a Martensitic Structure on the Stress-Rupt 
erties at |! F. Rotor A. Austenitized at 1750 °F and water quen 
as shown 


Room-Temperature Mechanical Properties 
/ t 


The relation between the room temperature strength and tl 


ness is shown in Fig. 5. The upper of each pair of points is the ultin 


tensile strength, and the lower is the 0.2% yield strength. The stre1 
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Table Il 
Stress-Rupture Properties of Tempered Bainite, 
Cooled from 1675°F and Tempered as Listed. Rotor A 
ss Stress-rupture strength R.T 
Tempering Smooth-bar (psi) Vield Strengt! Notch-bar* 
T. (°F) 1000-hr 100-hr psi) behavior 
1075 46,000 60,000 101,000 NS 
1150 41,000 51,000 84,000 
1225 39,000 55,000 
1265 30,000 43,000 82,000 
* NS—note h sensitive 
Table Ill 


Summary of Stress-Rupture Properties. Listed in Order of Decreasing 1000-hr. Strength. Rotor A 


Stress-Rupture Strengt! 


R.T 


Austenitizing Cooling Rate Tempering Plain-Bar psi Yield Strength Notch-Bar* 
Temp. (°F) F/hr.) Temp. (°F) 1000-hr 100-hr psi Behavior 
1750 300 1150 64,000 100,000 145,000 NS 
1750 wa 1150 56,000 67,000 170,000 NS 

1750 300 1225 45,000 58,000 103,000 
1950/1675 300 1275 43,000 53,000 94,000 (NS 

1750 300 1280 42,000 53,000 85,000 
1850/1675 300 1275 42,000 48,000 84,000 

1850 300 1290 40,000 51,000 86,000 
1750/1675 300 1275 36,000 42,000 79,000 

1750 300 1300 36,000 46,000 80,000 

1750 wQ 1225 35,000 48,000 112,000 

1750 WwQ 1300 32,000 43,000 90,000 

1750 25 1150 + 44,000 70,000 

1750 25 1300 * 40,000 58,000 

1750 25 1225 + 39,000 52,000 

** Not determined, but would be quite low * NS—notch sensitive 
NS 


tendency toward notch 
sensitivity 


depend primarily on the hardness itself and not on the precise manner 
in which the hardness was obtained. The yield strengths obtained for 
the various heat treatments are reported in Tables II and ITT. 


Stress Rupture lests 
The results of the effect of heat-treatment variables o1 
properties at 1000 °F 


stress-rupture 
are summarized in Figs. 6-11. The properties of 
tempered martensite are shown in Fig. 6. As the tempering temperature 
increased, the smooth-bar stress-rupture strength decreased. However, 
the lowest tempering temperature, 1150 °F, rendered the steel so notch 
sensitive that the notch- and smooth-bar curves crossed at only 10 hours, 
although the exact cross-over point is uncertain due to considerable 
scatter among the data. (Such scatter is not uncommon for quite brittle 
materials.) This notch sensitivity would also be inferred from the low 
smooth-bar ductilities. Tempering at high temperature eliminated the 
susceptibility to notch brittleness. 

The behavior of tempered bainite is similar to that of tempered mar- 
tensite as can be seen in Fig. 7. Again, as the tempering temperature 
was increased, the smooth-bar strength decreased, but notch sensitivity 
was eliminated. In general, the rupture ductility was lower for tempered 
bainite than for tempered martensite, in agreement with other work 
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(7). The smooth-bar strength was found to be higher for temper¢ 
bainite 

High rupture ductilities, lack of notch sensitivity, and poor strengt! 
characterized the tempered ferrite-pearlite structure, Fig. 8. Different 
tempering temperatures produced differences in properties iller 
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Fig. 9—Effect of Austenitizing Temperature on the Stress-Rupture Properties at 
1000 °F of Bainite Tempered to 85,000 psi Yield Strength Rotor A. Cooled from 
austenitizing temperature at 300 °F/hr 
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Fig. 10—Effect of Tempering a Bainitic Structure on the Stress-Rupture Properties 
at 1000 °F. Rotor A. Austenitized at 1675 °F and cooled at 300 °F/hr. Tempered as 
shown. 


than those for bainite and martensite. This behavior is expected be 
cause the high temperature of formation of the ferrite-pearlite aggre 
gate (Fig. 1) produced a structure which was already coarse; thus, 
tempering had a smaller effect. 

In order to study the effect of austenitizing per se on the stress 
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Fig. 11—Effect of a Two-Step Austenitizing on Stress-Rupture Pr 
1000 °F. Rotor A. Cooled at 300 °F/hr and tempered at 1275 °F. 
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rupture properties, specimens were transformed to bainite from twe 
different austenitizing temperatures and tempered to produce a 
temperature yield strength of 85,000 psi ; the results are shown in Fig 
Little difference was found in smooth-bar properties between an aus 
tenitizing temperature of 1750 and 1850 °F. However, the notched-bar 
curve for 1850 °F lies well below that for 1750 °F. 
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7 Table IV 
Impact Results and Grain Growth. Rotor A. 


Transition 
Temperature Austenitic 


nitizin Tempering 50% Shear Grain Size 75°F Max Hardness 
— (CF) Temp. (°F) (°F) ASTM No ft.-Ibs ft.-Ibs (DPH 
1850 1290 195 3 11 85 225 
1750 1280 215 6 9 80 185 
1675 1265 195 x 9 65 200 
1950/1675 1275 260 0 4 60 255 
1850/1675 1275 200 3 9 60 255 


1750/1675 1275 190 6 9 60 240 


The results obtained when the austenitizing temperature was lowered 
to 1675 °F are shown in Fig. 10 and Table IT. The notched-bar strength 
was essentially independent of tempering temperature, while the smooth- 
bar strength decreased as the tempering temperature increased. How- 
ever, considerable scatter in properties was found. The 1225 °F curve 
is drawn through the three longest-time test results ; two tests at some- 
what shorter times lie considerably off this curve. If the curve is drawn 
so as to take into account all the results, an unreasonably steep slope 
results. In addition, the yield strengths listed in Table II do not bear a 
reasonable relation to the tempering temperature. These discrepancies 
will be considered in a later section of the paper. 

For well-tempered bainitic structures, increasing the upper austen 
itizing temperature in the two-step treatment increased the smooth-bar 
strength, Fig. 11. It appears, however, that the highest temperature 
used, 1950 °F, produced a notch-sensitive condition which would lead 
to a cross-over of the smooth- and notch-bar curves at about 10,000 
hours. Even though the second step of this treatment consisted of hold 
ing at 1675 °F, no scatter such as reported in the previous paragraph 
was found 

Table III presents a summary of the stress-rupture properties for 
all heat treatments except those in which 1675 °F was used for austen 
itizing ; these latter data are summarized in Table II. For purposes of 
comparison, the heat treatments are listed in descending order of the 
1000-hour rupture strengths in Table IIT. Also listed are the 100-hour 
rupture strengths and the room temperature yield strengths. 


Impact Properties and Grain Size 

Impact results showing the effect of austenitizing on tempered 
bainitic structures are given in Table IV. Although the tests were not 
all made on bars possessing the same hardness, certain conclusions may 
be drawn. The transition temperature (50% shear) was about 200 °F 
for all conditions of austenitizing except for the 1950/1675 °F treat 
ment, for which the temperature was 260 °F. Similarly, the room tem 
perature impact strengths for all treatments were about the same except 
for the 1950/1675 °F treatment, which gave a lower toughness 

The austenitic grain size varied with austenitizing temperature as 
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shown in Table IV. No duplexing was evident, although in some heats 
of this grade of steel, severe duplexed austenitic grain structures have 
been encountered (12). 

A treatment reported to produce severe temper embrittlement (13) 
was given to a number of bars from each condition listed in Table IT] 
This treatment consisted of heating the previously-tempered bars to a 
temperature of 1100°F and cooling at a rate of 25°F /day to 700 °F 
No embrittlement was produced except for the 1850/1675 °F treat 
ment, for which the transition temperature was increased by the in 
significant amount of 20°F. No grain boundary fractures were ob 
served in any of the impact tests; brittle fracture occurred entirely by 
cleavage. 

DIscUSSION 

Although, in heat treating, the sequence of operations is (a) auster 
itizing, (b) transforming to the desired microstructure, and (c) temper 
ing, these operations will be considered in reverse order for the sake of 


clarity. 
Regardless of the prior microstructure an increase in tempering tet 
perature produced two principle effects as shown in Figs. 6-8: (a) a 


decrease in smooth-bar strength and (b) an increase in ductility and 
the attendant decrease or elimination of notch sensitivity. Also, as Fig 
and Table III show, the room temperature strength was decreased. The 
effect of tempering temperature on creep properties was thus simil 
to that found by others (4). 

The maximum obtainable creep strength and, in some applications 
(2), the maximum room temperature strength are desired. However, a 
balance must be achieved between these requirements and that of fre 
dom from notch sensitivity. Thus, from the data in Table ITI it appears 
that the tempering temperature must be no lower than about 1225 °] 

A comparison of the effect of austenite transformation product on th 
creep properties may be made by reference to Figs. 6-8 and Table III 
For a given tempering treatment, the smooth-bar strength increased i1 
the following order: ferrite-pearlite aggregate, martensite, bainite. As 
far as steam turbine rotors are concerned, the properties of a martensiti: 
structure are of oniy academic interest since this structure can not be 
formed in such large sections. Even if it could be, it would not be desi: 
able because of its inferior creep properties noted above. Although 
ferrite-pearlite aggregate can be produced in this steel by very slow cool 
ing, there is no reason to do so since the mechanical properties are 
inferior to bainite. The reasons for the superiority of tempered bainite 
are unclear, but probably the uniform, rather coarse nature of the micro 
structure is of some importance. 

\s shown in Fig. 9 for bainite tempered to a yield strength of 85,000 
psi, there was little difference between the smooth-bar properties 
specimens austenitized at 1750 and 1850°F. On the other hand, the 
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notch-bar curve produced by 1850°F treatment lies well below that 
for 1750°F. Since the notch-bar curve lies always above the smooth 
bar curve, notch sensitivity is not present in these tests. It is apparent, 
however, that an increase in austenitizing temperature tends toward 
notch sensitivity, a fact confirmed by others (1,2) on different forgings 
of this same type of steel. 

The large scatter found in hardness tests and microstructure in sam- 
ples austenitized at 1675 °F and cooled at 300 °F /hr. indicates that this 
temperature is too low to produce uniform response to heat treatment. 
The anomalous effect of tempering temperature on yield strength noted 
in Table II and the scatter in creep data in Fig. 10 also indicate like- 
wise. Fig. 1 shows that a cooling rate of 300 °F /hr. is barely fast enough 
to avoid more than a trace of ferrite formation provided all the carbides 
are in solution in the austenite. An austenitizing temperature of 1675 °F 
is below the temperature at which all the carbides dissolve, and, thus, 
the ferrite-pearlite ‘“‘nose’’ would be shifted to the left in Fig. 1. This 
shift of the nose would result in the possibility that small variations in 
composition caused by the normal segregation found in large forgings 
could produce profound differences in austenite decomposition prod- 
ucts. Therefore, in order to insure that small variations in cooling rate 
and composition do not unduly affect the properties, an austenitizing 
temperature in excess of 1675 °F is required. 

If the initial austenitizing temperature was not above about 1850 °F, 
the two-step treatment was capable of producing the desired lack of 
notch sensitivity, Fig. 11. However, comparison in Table III of these 
data with those from the normal heat treatment reveals that no superior- 
ity was associated with the two-step process. Although 1675 °F was 
the lower temperature in this treatment, no excessive scatter or anoma- 
lous results were found, in contrast to the single-step austenitizing at 
this temperature. The initial treatment at the higher temperature dis- 
solves all the carbides, and it is expected that some re-precipitate during 
the 1675 °F part of the cycle. Apparently, the carbides present at this 
stage of the cycle differ in either quantity or type compared with those 
present after the single-step austenitizing treatment. 

From the preceding discussion, it may be concluded that for rotor A 
the heat treatment that produced the optimum combination of creep and 
room-temperature properties was (a) austenitizing at 1750°F, (b) 
transforming to bainite, and (c) tempering at 1225 °F. Tests on rotor B 
showed, however, that this treatment does not necessarily produce ade- 
quate properties in all rotors. Fig. 12 compares the properties of speci- 
mens from the two rotors when heat treated in an identical manner. 
Rotor A was free of notch sensitivity while the curves for rotor B indi- 
cate the development of notch sensitivity in about 3000 hours. Also, 
rotor B had a somewhat lower yield strength (97,000 psi) than rotor A 
(103,000 psi) after this treatment. A higher tempering temperature 
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the 1950/1675 °F 
in Fig. 11 show signs of decreasing as the rupture time increases 


benefit. For example, the ductilities for 


development of notch sensitivity at longer times is expected. 
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for the differences in properties shown by the various heat treatments. 

Conflicting data were obtained in this investigation on the role of aus- 
tenitic grain size as it affects creep properties. For example, in Fig. 9 
the smooth-bar properties of the 1850 °F treatment (ASTM grain size 
3) are slightly inferior to those of the 1750 °F treatment (ASTM grain 
size 6) ; this finding suggests that a larger grain size slightly weakens 
the material. From Fig. 11 and the grain size data in Table IV, how- 
ever, the conclusion might be reached that a larger grain size strengthens 
the steel and causes it to have a greater tendency toward notch sensi- 
tivity. Other factors, such as austenite homogeneity, undoubtedly are 
also important, and it can only be concluded that no unambiguous effect 
on creep strength of austenitic grain size was found. 

The austenitic grain size is frequently considered to be a factor which 
determines the impact transition temperature, the transition tempera- 
ture rising as the grain size increases (14). As noted in Table IV such 
behavior was not found over a grain size range of ASTM 3-8, suggest- 
ing either that compensating factors associated with austenite composi- 
tion and homogeneity are important or that the impact properties of 
well-tempered bainites are inherently not very sensitive to austenitic 
grain size 

The low propensity of rotor A toward temper embrittlement is prob- 
ably associated with its low phosphorus content, 0.010%. In support of 
this hypothesis, it was found that rotor B, containing 0.037% phos- 
phorus, showed an increase in transition temperature of 90 °F follow- 
ing the embrittling treatment. Chaberek and Zeno (15) have also shown 
that temper embrittlement of Cr-Mo-V steel increases as the phosphorus 
content increases. 

In the tempering of a complex steel of the type under consideration 
here, it would be expected that it would be impossible to represent the 
entire tempering curve by means of a single time-temperature param- 
eter. Thus, in Fig. 4 it is not surprising that the points occurring before 
and at the secondary hardening peak do not lie on the line representing 
the data beyond the peak. The variation of the term A with hardness, 
Equation 1, indicates that this term is structure-sensitive, although the 
exact physical meaning is unknown. 

Since the steel under discussion here is always tempered beyond the 
secondary hardening peak, it is only the linear portion of Fig. 4 which 
is of practical significance. From this part of the curve it is possible to 
calculate the course of further tempering during service. Such results 
are shown in Fig. 13 for several service temperatures after an assumed 
prior temper at 1225 °F. It may be noted that above 950 °F this type 
of steel will undergo considerable further tempering in service. These 
curves, of course, have not taken into account the effect of stress on the 
tempering reactions ; in practice the rate of tempering may be different 
from that presented here. However, a decrease in hardness of about the 
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amount predicted here has been found in similar steels under stress 
(3,6). It should not be construed from Fig. 13 that the creep properties 
will deteriorate over the service life to the extent that hardness changes, 
since there is no direct correlation between hardness measured at room 
temperature and the stress-rupture properties. It is clear, however, that 
structural changes will continue to occur in service; these structural 
changes will presumably affect the creep properties. 

The data presented in this paper do not give an accurate estimate of 
the strength for design purposes, since most of the data are for times 
too short to determine the 100,000-hour properties. These latter proper 
ties must be determined on many heats of this grade of steel to satis 
factorily define the strength. 


CONCLUSIONS 


The results presented in this paper clearly show that for creep appli 
cations of this type of steel there is a maximum strength level beyond 
which the steel can not be used. This maximum is determined by the 
criterion that the steel must not exhibit notch sensitivity during the ex 
pected service life. The following principles should be followed in 
specifying a heat treatment that will produce the maximum creep and 
room-temperature strength consistent with a lack of notch sensitivity 


1. Austenitize at as low a temperature as will produce uniform 
response to heat treatment. 

2. Cool at a rate such that bainite is the product of the austenite 
decomposition. 

3. Temper at the minimum temperature that will produce freedom 
from notch sensitivity. 


These principles are based upon the following findings concerning 
the effect of heat treatment on the stress-rupture properties at 1000 °F 
of a 1% chromium—1.2% molybdenum—0.25% vanadium steel 

1. When tempered to equal hardness or at the same temperature, 
bainite was stronger than martensite, which in turn was 
stronger than a ferrite-pearlite aggregate 

2. Too low a tempering temperature or too high an austenitizing 

temperature produced a notch-sensitive condition 

3. A large variability of properties was associated with a very low 
austenitizing temperature, 1675 °F. 

+. A two-step austenitizing treatment conferred no additional ad 
vantage over the simpler conventional treatment 


In addition, it was determined that : 


1. The impact properties of tempered bainite were little depend 
ent on the austenitizing temperature over the range of 1675 
1850 °F and/or a grain size of ASTM 3-8. A higher tempera 


ture (larger grain size) gave inferior impact properties 
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2. This steel will continue to temper at a significant rate at service 
temperatures above 950 °F. 

3. If tempered equivalently, martensite had a higher stress- 
rupture ductility than bainite. 
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DISCUSSION 


Written Discussion: By A. B. Wilder, chief metallurgist, Na 
vision, United States Steel Corporation, Pittsburgh 

The 1 Cr—l Mo—'% V steel discussed by the authors contain , 4 
carbon. Results obtained with following test steels may be of interest 


Table \ 
Chemical Composition (%) 
Steel ( Mr Si Cr M 
A 0.12 0.41 0.18 1.0 1.0 
B 0.10 0.44 0.36 2.5 1.0 
Table VI 
Tensile Properties 
Yield Tensile Elong 1 
Steel 1000 PSI 1000 PSI 
\-1 90 115 0 
\-2 ”) 116 0 
\.3 37 7¢ 5 
3-1 100 140 10 
B-2 100 141 0 
B-3 36 17 32 
Table Vil 
Creep Rupture Strengt h—1000 Hours (1000 PSI) 
1100°F 
1 ¢ 1M 1/5 \ 
\l \2 A3 Al 
30 34 30 17 
2% « 1M 
Bi B2 B3 Bi 
19 19 15 7 8 
In Tables VI and VII, A-1 and B-1 steels were normalized at 1900 
ind B-2 steels were normalized at 2100 °F. A-3 steel was normalized at 


tempered at 1300 °F for 12 hours, and air-cooled. B-3 steel was 


1900 °F, tempered at 1250°F for 2 hours, and slow cool 
The effect of vanadium is clearly indicated with reference 
strength which was apparently increased. This result in steel A 
it lower normalizing temperatures. This effect has been ass 

lution and precipitation of vanadium carbides 
\n attempt was made to improve Cr-Mo-V stee! with the 


The steels investigated had the following chemical compositior 


Table VIII 
Chemical Composition (%) 


Stee M ~ Cr Mi 
0.1 0.41 0.18 1.00 1.00 0.19 
( n.10 O.58 0.327 1.0¢ 1.00 ) 


oO. 0.50 0.74 1.0¢ 1.04 ; 
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Table IX 
Tensile Properties 
Vield Tensile Elong. in 1 inch m ® 
Steel 1000 PSI) (1000 PSI) (% (%) 
A 37 76 35 77 
Cc 33 68 35 81 
D 25 61 38 80 
Tabie X 
Creep Rupture Properties 
Temp Stress (1000 PSI) for Rupture in Elong. in 1 inch 
Steel °F 1000 Hours) 10,000 Hours) %) 
A 900 86 83 5 
1050 51 47 4 
1100 30 17 12 
1200 20 14 14 
( 900 33 9 50 
1050 19 16 33 
1100 16 13 53 
1200 11 9 36 
D 900 41 29 30 
1050 15 9 60 
1100 11 8 51 
1200 5 ; 35 


In Tables IX and X the steels A, C, and D were normalized at 1925 °F, tempered 
at 1300 °F for 12 hours and air-cooled. It will be observed that the titanium bear- 
ing steels were lower in creep rupture strength. This was probably due to the 
formation of titanium carbide which in steel C made the vanadium ineffective 
Although titanium improved the ductility, its effect on creep rupture strength 
was unsatisfactory 

Tests were conducted by the International Nickel Company which indicated 
the charpy notch impact properties of Cr-Mo-V steel would be improved with 
addition of nickel. With 3% nickel a very low transition temperature was ob 
tained and with decreasing amounts of nickel, increasing transition temperatures 
were obtained 

The Cr-Mo-V steels with nickel had the following compositio 


Table XI 
Chemical Composition (%) 
Ste ( Mn Ss Ni Cr M \ Al 
EF 0.12 0.40 0.15 0.05 1.04 0,99 0.18 
I 0.12 0.40 0.20 0.94 1.05 0.90 0.18 
G 0.10 0.38 0.16 2.98 1.08 0.96 0.22 
i 0.09 0.40 0.17 2.98 1.08 0.99 0.21 0.025 
Table XII 
Tensile Properties 
Yield Tensile Elong. in 1 } R.A 
Steel 1000 PSI 1000 PSI (%) 
E 102 116 0 66 
I 102 116 0 64 
(, OR 128 > 65 


H 94 124 20 65 
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Table XIII 
Creep Rupture Strength 1050 °F 


Stress (1000 PSI) for Rupture in R 


Steel (1000 Hours) (10,000 Hours 
E 48 40 3.0 
F 40 27 1.2? 
(; 30 18 O 
25 16 0.4 


In Tables XII and XIII the steels were normalized at 1925 °F for 2} 
tempered at 1250°F for 12 hours. It will be observed that nickel redu 








creep strength and ductility and therefore cannot be used as an addit 
Cr-Mo-V steels without adverse effects on the creep rupture properti 
The steels in this investigation were melted to a 0.15% maximum 
that the weldability would be satisfactory. Preheat and postheat are requir 
welding these particular steels. An upset section of pipe in the area of t 
heat-affected zone may be used to increase the strength properties at thi 
Comments of the authors on the possibilities of improving the ductility 
erties of the Cr-Mo-V steels after normalizing at temperature exceeding 
will be appreciate d. The results pres¢ ribed were develope d by D. T. Boug 
the National Tube Research Laboratory, Pittsburgh. 


Written Discussion: By W. F. Brown, Jr., chief, Strength of Material 
National Aeronautics and Space Administration, Lewis Research Center, | 
land. 

The authors have investigated the influence of the heat treating varia 
Cr-Mo-V steel using essentially the same approach as reported by Jone 
in 1955 (Authors’ ref. 4). The steel composition in the two investigat 
quite similar; the major difference being higher Mo in the rotor steel 


1 


fluence of the austenitizing and tempering variables were well establish 


for a mixed structure produced by normalizing. It is interesting to 
these general effects of the heat treating variables were confirmed in t! 
investigation for three well defined but widely different structures 

The writer wishes to offer a number of detailed comments. The statet 
made that “There is a maximum strength level beyond which the el 
be used. This maximum is determined by the criterion that the st 
exhibit notch sensitivity during the expected service life.” This 
principle that few will dispute. However, one must be very careful 
conclusions derived from laboratory notch data to service performar 
example, had the authors used the very sharp notch (notch radius less tha 
inch) employed by Jones, et al., the “notch sensitivity” at a given testing t 
ture would develop at shorter rupture times. The notch sensitivity 
with the absolute specimen size. Generally, it is preferred to use the 
notch possible since the embrittlement in service is frequently due to pr 
of cracks or other similar flows. The specimen size and notch depth should 
he selected to represent the embrittling action of the most severe flow that 
be encountered in a reasonably designed piece of hardware. In this 
has some assurance that the notch test is sufficiently sensitive to t 
embrittling action of the investigated variables. In the authors cas« 
vare of interest is a very large rotor forging which may contain large 


in the form of areas of nil ductility produced by segregations or { 





v 
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tensive networks of cracks. In such a case, confidence in the results of the labora 
tory notch test can only be gained through notch testing of large specimens and 
ultimately, of course, through a background of service experience. As things 
stand now, the investigation serves only to define the important variables but 
not to define conditions producing freedom from notch sensitivity in service. 

The authors presume that notch sensitivity is related to the rupture elongation. 
All the evidence to date (a)(b)(c)(d) (See References accompanying this 
discussion) indicates there is no direct relation between notch sensitivity and 
conventional measures of the smooth bar ductility in rupture tests or room 
temperature tension tests 

The authors report considerable notch data scatter for the brittle conditions 
This is in contrast to the data reported in ref. 4, which show no more scatter for 
the notch strength than for the smooth strength. The scatter in the results of the 
present investigation may be due to two factors; variations in the notch radius 
between 0.005 and 0.007 inch and eccentricity of loading. There is no data available 
which would give direct evidence for the effects of notch radius on this steel. How 
ever, the strength of other alloys is sensitive to radius variations (a) (e) and there 
is no reason to expect differently here. The influence of loading eccentricity has 
been investigated systematically for a Cr-Mo-V steel by the writers (f) and there 
is no question that the bending stresses associated with very small eccentricities 
(less than 0.005 inch) can reduce the rupture life. Furthermore, it has been shown 
by the writers (g) that the eccentricities introduced by conventional loading fix- 
tures vary widely from test to test in a random manner. The result, of course, is 
a variation in the notch strength of identical specimens presumably tested under 
the same conditions. Eccentricities can also arise from misalignments inherent in 
the specimen 

It has been shown (f) that by the use of special loading fixtures and by careful 
specimen machining, the sharp notch strength scatter of a very brittle Cr-Mo-V 
steel is surprisingly small 
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Written Discussion: By T. G. Foulkes, metallurgical engineer, Bethlehem Steel 
Company, Bethlehem, Pa 

The susceptibility of materials to undesirable notch behavior is of increasing 
concern today. This is true whether service temperatures are relatively low or 
relatively high. The studies undertaken by Messrs. Werner, Eichelberger and 
Hann and reported in their paper were prompted by a desire for improved know] 


edge and control regarding a very practical subject—the optimum balance of 
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properties in the operation of Cr-Mo-V steam turbines at a 1000 °F temperature 
level 

Che investigation procedures were well planned and executed. It is comforting 
to learn that the optimum balance of properties was found to be associated with a 
tempered bainitic structure since the feasible rate of cooling on large torgings 
from austenitizing will not, normally, exceed that necessary to accomplish 
transformation to bainite. The evidence that rather precise control of treatment 
(example 1750°F austenitizing temperature, 1225°F tempering temperature 
appears warranted emphasizes the processing refinements which are beings 
engineered into today’s turbine rotor steel specifications 

Phe indication that standardized treatment might not be adequate i 
may well affect production. When stress-rupture tests are necessary to make 
certain of the acce ptability of forgings planne d production cycles may be seri usly 
disrupted by the ensuing time delay. It is to be hoped that, eventually, acceptability 
can be established by (a) controlled heat treatment (b) room temperature 
mechanical properties and (c) examination of microstructure. Such a development 
would enable a smooth flow of forgings through production 

The indication that the steel at service temperatures above 950 °F wil ntinue 
to temper over the years necessitates that design engineers make conservative use 
of room temperature strength values. In the meantime, long time laboratory test 
and service results will provide increased knowledge for the guidar f future 
developments 

Written Discussion: by R. M. Goldhoff, Materials and Processes | 
General Electric Company, Schenectady, N. Y 

We feel the authors are to be complimented on a thorough job of 
the heat treating fundamentals for this highly used structural steel. I) é 
we are in complete agreement with the conclusions drawn. However, in one 
we should like to supplement the data and thereby further the usefulness of 


work. The authors conclude in part that the maximum creep and room tet 


ture strength consistent with a lack of notch sensitivity for this steel be 
achieved by tempering at the minimum temperature that will produce freedor 
from notch sensitivity. In the discussion section of the paper, reference is 1 

to the data of Table III from which a figure of 1225 °F is taken as the minimur 


tempering temperature consistent with the conclusion drawn. We simply 


point out that it is not the tempering temperature per se which 1s impe 


determining the freedom from notch sensitivity but rather the residual state afte 


Table XIV 
Notch Properties of Cr-Mo-V Steel 
Austenitizing Tempering Tensile Notch Strength Rat 1000 
Temp.., °F Temp I Strength, psi it Temp. in °1 

950 1000 1050 1100 
1750 1250 115,000 1.30* 1.15? 
1750 1140 122,000 1.30* 1.10* 
1750 1230 122,000 1.48 
1750 bined 1100-1310 112,000 1.60 
1850 1250 139,000 0.76 
1850 1225 138,000 0.67 
1850 1150 142.000 0.76 0.80 
1850 1225 134,000 0.30 


*10,000 hour dat 
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Fig. 14—-Notch-Bar Strength of 1 Cr-1 Mo-% V Steel Heat Treated to Various Hardness 
Levels and Tested at 10¢ 


tempering which is best measured by mechanical properties, e.g., tensile strength, 
yield strength, or hardness. This, of course, is a function of the tempering time as 
well as the temperature. In support of this we refer to the appended Table XIV 
at both 1750 and 


where several samples of this same steel have been austenitized 
1850 °F and then subjected to tempering treatments at temperatures both above 
and below 1225 °F but held sufficiently long at each temperature to bring them to 
the same approximate strength level after tempering. It is to be noted that all the 
steels austenitized at 1850 °F and tempered to approximately 140,000 psi tensile 
strength are notch sensitive (measured as notch strength ratio after 1000 hours 
test) whereas those austenitized at 1750 °F and tempered to about 115-120,000 psi 
tensile strength are notch insensitive independent of the tempering temperature 

To further delineate this effect, the Cr-Mo-V steel was austenitized at 1850 °F 
and tempered to widely varying hardness levels and notch sensitivity again deter 
mined. The results are shown in Fig. 14, above, where it is evident that 
notch sensitivity is indeed a function of hardness level. In this case, the tempering 
temperatures varied from 1280-1350°F. The important point to be made, we 
think, is that the notch behavior of this steel is a complex function of its initial 


] 


microstructure and subtle microstructu: changes with time which are for the 


present not completely understood and cannot therefore be defined in terms of 
temperature effects alone 
It is, of course. recognized that too low a tempering temperature increases 


prohibitively the time necessary to heat treat production rotors. At the same time, 
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optimum mill practices and residual stress relief are factors which al 


into the proper choice of tempering temperatures. We are inclined to 
that the data shown by the authors are sufficient to warrant putting 
limit on the tempering temperature. 


Authors’ Reply 


As Mr. Brown observed, the main intent of this investigation was to 


important variables associated with obtaining the optimum properties f: 


alloy. Toward the end of practical utilization of the information, howev« 


ditions of testing were chosen such that they represented actual 


ditions as closely as was possible in the laboratory Thus, the hoice I 


was made in consideration of the fact that it would closely duplicate 


stress concentration found in the most severely loaded high temp 


i 


ratu 
eratu 


of a steam-turbine rotor, the blade-root grooves. This region of the rotor 


subjected to close inspection to assure that crack networks are abs¢ 


nil-ductility regions are very unlikely to be present. The effect of specin 


has also been investigated* and found to be of only minor importanc: 
mens whose cross-sectional areas differed by 64:1. Thus, the specime: 


notch depth are typical of the restraint to plastic flow which might | 


e en 


in a steam turbine 


On the question of the relation between notch sensitivity and smooth-bar 


elongation, the data in this paper show clearly that a notch sensitive 


was associated with rupture elongations of less than about 5%. Als« 


reference b (Mr. Brown’s discussion) shows that at low ductility leve 


was a direct relation between notch sensitivity and ductility. The corres 


decreases as ductility increases because of other factors which take 
the fracture mechanism. Above about 10% elongation there is no direct 
ship between notch sensitivity and ductility 

Because of greater inhomogeneity in forgings than in bar stock, t 
former are expected to show a larger scatter than those on the latter 
the vast majority of the test results in this investigation could be repr« 
smooth curves with little scatter. Thus, such things as eccentric loading 
ations in notch radius must have been small. In reference to the notch 
should be pointed out that for any given series of tests the radius wa 
either 0.005 or 0.007 inches with a tolerance of + 0.0002 inches 





The authors share Mr. Foulkes’ hope that, eventually, accep 


forging could be established by simpler and less time-consuming tests thar 


rupture. One is always looking for test methods which will predict 
behavior better, or cheaper, than those currently being used; at t 
there is no substitute for creep testing, both plain and notch-bar 

In the regions of the rotors where tempering will continue in service 
creep properties, not the room temperature properties, which are of 
Thus, the deterioration of room temperature properties in this regior 
tively unimportant. What is important is that the creep properties 
changing in this region due to continued tempering 

The authors agree with Dr. Goldhoff when he points out that it i 


tempering temperature per se which determines the notch sensitivity beh: 


Certainly such factors as time must be considered. However, it should 


*M. J. Manjoine, Unpublished work, Research Laboratories, Westinghouse | 


ration 
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nized that the “residual state” as measured by mechanical properties may give a 
misleading picture; the comparison between the room-temperature and creep 
properties of Rotors A and B illustrates this fact. This comparison also serves to 
illustrate the danger of relying completely on a minimum tempering temperature 
to achieve freedom from notch sensitivity 

The data presented in Table XIV of Dr. Goldhoff’s discussion lead to the con- 
clusion that notch sensitivity is associated with either a high tensile strength or 
a high austenitizing temperature. Dr. Goldhoff interprets the data in terms of 
the tensile strength; the authors believe that this factor is indeed the more im- 
portant one but that the austenitizing temperature must also be considered. 

In order to properly compare notch- and smooth-bar properties, the tests must 
be performed on specimens treated identically. Thus, the figure shown in the 
discussion is difficult to interpret since all but one of the notch-bar curves are for 
material treated differently from the plain-bar curve 

Mr. Wilder has presented some interesting data on steel somewhat similar to 
that discussed in the paper. His data raises several questions which puzzle the 
authors. In Table X some of the creep-rupture strengths exceed the yield (the 
tensile, in one case) strength at room temperature; this result is unexpected, 
particularly considering the long-time nature of the tests. In Table XIII, the duc 


1 


kel is rather un 


tility of steel E is so low any further reduction caused by ni 
important, although interesting. The effects of nickel (and other elements) may 
be due in part to altering the transformation and tempering characteristics so 
that identical heat treatments produce quite different structures. Thus, the authors 
believe that there is a question whether nickel per se is detrimental to creep prop 
erties. 

Based on experience with the steel discussed in the paper, the authors believe 
that high austenitizing temperatures can be very detrimental to ductility and 
notch-sensitivity even when high tempering temperatures are used. Thus, to im 
prove ductility, Cr-Mo-V steels should be austenitized at as low a temperature 
as is consistent with other requirements. In line with these findings, it is suspected 
that some of the very low ductilities reported by Mr. Wilder are attributable to 


the high austenitizing temperature use: 








EFFECT OF COOLING RATE FROM Ms TEMPERA. 
TURE TO ROOM TEMPERATURE ON MAGNETIC 
PROPERTIES OF 3.5% CHROMIUM 
MAGNET STEEL 


By W.L. Hopaprp anp E. A. Loria 


Abstract 


[he magnetic properties of 3.5% chromium magnet ste 
were determined from specimens which were subjected to 
various cooling rate treatments. These included water, 
air and furnace quenching from 500 °F to introduce a va 
ety of successively slower cooling rates. The same data we 
obtained for the quenched bars after cumulative stabilizin 
treatments of aging at 212 °F and cooling in dry ice. The» 
sults of magnetic tests show that the effect of the alteratio 
of cooling rate from 500 °F to room temperature is as 
ated with retained austenite. The most rapid rate of cooling 
(water) produces the least amount of retained austen 
while the slowest rate (furnace) results in the great: 
amount of retained austenite according to x-ray detern 
tions. Cumulative applications of stabilizing treatments p) 
duce appreciable changes tn magnetic properties for s} 
mens subjected to the slowest cooling rate from 500 
room temperature, whereas negligible changes in magn 
properties occur in the case of the most rapid quen 
(ASM-SLA ( lassification P16, 2-64, N&un; ST 
SGA-n) 


INTRODUCTION 


NE OF THE factors affecting the magnetic properties of 3.5% 
chromium magnet steel is the cooling rate from temperatures 


somewhat above the Ms temperature to room temperature. This papet 


covers the effect of cooling rates from 500°F to room temperature 

The results of magnetic tests show that the magnitude of the measured 
and derived quantities is associated with the retention of austenite 
permeameter test employed is another experimental, yet practical 
method of confirming Cohen’s findings (1)! on retained austenite which 


The figures appearing in parentheses pertain to the references appended t 


\ paper presented before the Forty-first Annual Convention 
held in Chicago, November 2-6, 1959 

Of the authors, W. L. Hodapp is supervisor, Metallurgica i 
Sanderson-Halcomb Works, Crucible Steel Company of America, 5S 
N. Y., and E. A. Loria, manager, Metallurgical Development Divisio 
Molybdenum Company, Pittsburgh, and at the time of this investigat 
metallurgist, Metallurgical Department, Crucible Steel Company of 


Pittsburgh. Manuscript received June 25, 195% 
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are based on metallographic and x-ray methods. The permeameter test 
results reported in this paper will suggest to users of wrought perma 
nent magnet materials methods for obtaining the highest maximum 
energy products and maximum stability from) magnets made from 
wrought materials. No attempt is made to explain the mechanism by 
which cooling rate through the martensite forming region of the TTT 
diagram influences the quantity of retained austenite. 

The thermal stabilization of austenite below the Ms temperature was 
described by Cohen (1-2). The earliest work by Mathews (3) showed 
that oil-hardening steels contain more retained austenite when oil- 
quenched than when water-quenched. Recently, Morgan and Ko (4) 
studied the stabilization of austenite in iron-carbon-nickel alloys above 
and below Ms during cooling and during isothermal holding. Their 
findings agree with Harris and Cohen’s (2) conclusion that there is a 
holding temperature o,, above which stabilization can not be observed 
under a given experimental condition. However, o, varies with experi- 
mental conditions and has little significance. Petrosyan (5) has found 
that stabilization can occur at all temperatures below Ms 

Kurdjumov and Maksimova (6) have used the magnetometric 
method to study the kinetics of the austenite-to-mariensite transforma- 
tion at low temperatures and the high sensitivity of their high field 
strength apparatus enabled them to observe even small changes in the 
quantity of martensite, of the order of 0.1%. Recently, Chapman and 
Jominy (7) determined the continuous cooling transformation in steel 
by a magnetic method. Their continuous cooling diagram for SAE 
4063 shows a drop in the Ms point (or line) below the bainite reaction 
bay. This lowering of the Ms point with slower rates of cooling could 
be associated with the retention of austenite. 


IX PERIMENTAL PROCEDURI 

The composition of the steel studied is given in the following tabu 
lation: 
C Cr Mn Ni Si P S 
0.93 3.65 0.50 0.16 0.26 0.01 0.02 
Hot rolled bars of 1 & 5/16 x 10 inches, tempered at 1180°F, were 
subjected to a standard normalizing treatment of 1600 °F for 10 min- 
utes followed by air cooling prior to any subsequent heat treatments. 

Individual bars were heated for 10 minutes at 1500, 1525 and 
1550 °F then quenched into salt at 500 °F, held 1 minute, and finally 
cooled by water, oil, air or furnace quenching to introduce a variety of 
successively slower cooling rates. The partial TTT diagram, Fig. 1, 
shows that the start of transformation at 500 °F occurs in about 1 min- 
ute. The Ms temperature is 435 °F. For purposes of this investigation, 
it was considered that any transformation to bainite would be es 
sentially without effect on the magnetic properties because of the small 
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amount of bainite that was likely to form. Complete TTT diagran 
1% carbon, high chromium steels can be found in the papers by Lyman 
and Troiano (8) and Klier (9). 

All samples were tested in the as-quenched condition in a Leibing 
Permeameter at a magnetizing force H = 300 cersteds. The maximum 
magnetic flux density B max, the residual magnetism B res., and the 
coercive force Hic were measured directly. Likewise, from a plot 
least 5 points measured in the second quadrant, the maximum energy 
product EP max was determined. The same data were obtained for the 
quenched bars after subjecting them to the following cumulative 
stabilizing treatments: (a) Aged 5 hours at 212 °F, (b) Held 24 hours 
in dry ice, (c) Aged 5 hours at 212 °F, (d) Held 24 hours in dry ice 
Tables I, II and III provide the results of the magnetic tests 

The possible effects of these stabilizing treatments should be men 
tioned. The heating at 212°F is definitely a tempering-of-martensit 
treatment. This heating may also cause the austenite to become mort 
stable. The refrigeration procedure is an austenite-to-martensite trans 
formation treatment and it would undoubtedly be more effective if 
carried out prior to the 212 °F heating. 

X-ray measurements for retained austenite, utilizing the classical 
method devised by Averbach and Cohen (10) and modified by Beu 
(11), were made on the specimens austenitized at 1525 °F and given 
the four coo’ rate treatments. The exposure surveyed a '4 inch 
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square area of each specimen. Careful metallographic examination 
which estimated the percentage of undissolved carbides in these speci- 
mens was undertaken. Some dimensional specimens were also made in 
a manner described by Cohen and coworkers (12) and these were sub- 
jected to length-change measurements utilizing precision gage blocks 
and a Johansson comparator. In all this work, the finished specimens 
were 3 inch in diameter and 4.000 + 0.001 inches long ; the ends being 
ground to the surface of a 4-inch sphere. All heat treatment was done in 
evacuated V ycor tubes and some of the specimens were double tempered 
at 1300 °F for 20 + 20 minutes. 


DISCUSSION OF RESULTS 


The results of magnetic tests show clearly the effect of the alteration 
of cooling rate from 500 °F to room temperature: (a) As the cooling 
rate decreases, the B max, B res and EP max decrease, (b) As the 
cooling rate decreases, the He increases. The magnitude of these 
measured and derived quantities is associated with the retention of 
austenite. Thus, the most rapid rate of cooling (water) from 500°F 
to room temperature produces the least amount of retained austenite 
while the slowest rate (furnace) results in the greatest amount of 
retained austenite. 

The effects of cumulative applications of stabilizing treatments indi- 
cate appreciable changes in magnetic properties in the case of the 
samples subjected to the slowest cooling rate from 500°F to room 
temperature. Negligible changes in magnetic properties on the other 
hand occur in the case of the most rapid quench from 500 °F to room 
temperature 

When the austenitizing temperature is increased from 1500 to 
1550°F, the He shows greater resistance to change throughout the 
stabilizing treatments, whereas 3 max, B res and EP max show ap- 
preciable changes as additional stabilizing treatments are applied. The 
cause for this is obscure but may well be associated with the increased 
amounts of dissolved alloy created by the solution of carbides. 

A question may be raised as to whether retained austenite accounts 
for the increase in He and the diminution of B max, B res and EP max 
as the cooling rate is altered between 500 °F and room temperatures. 
The question can be disposed of by two explanations. First, the mag 
netic changes with application of dry ice treatments are in the same di 
rection as found for grossly overheated steels (known to contain re- 
tained austenite) which are subjected to deep freezing treatments. 
Secondly, the results of magnetic tests, shown in Table LV, for samples 
which were bainitically transformed at 500 °F showed no tendency to 
change with cumulative stabilizing treatments. Thus, it is felt that the 


variations in magnetic properties are indicative of structures which 








410 


Samples normalized 1600°F for 10 minutes, air-cooled, then austenitized 1525 
10 minutes, quenched into salt at 500 °F and held 2 hours, then water-quenched 
structure). H 300 oersteds 
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Table IV 
Magnetic Tests for 312% Chromium Steel 


I 


Stabilizing Treatment B res Hk EP max 
As-quenched 10730 49.0 256 
Aged 5 hours at 212°! 10760 49.0 256 
Aged 24 hours in dry ice 10760 49.0 256 
Aged 5 hours at 212 °F 10760 49.0 256 


are not bainitic, hence, must be due to variations in the proportio 
martensite and austenite in combination. 

The x-ray measurements confirm the trends shown by the magneti 
measurements. The retained austenite in the furnace-cooled specimen 
was determined to he 9% while in the air-cooled specimens it was 7 
In the oti-quenched and water-quenched specimens, the retaine 
austenite amounted to only 4 and 3% respectively. Careful metallo 


showed no retained austenite. The fractional length changes in 
tempered specimens attributed to retained austenite correlated the 
values determined directly by x-ray. 


+1 


graphic examination estimated the residual carbides at 10% in thesé 
specimens and this percentage was separated out successfully the 
retained austenite determinations. X-ray examination of the 

specimens given a double tempe~ at 1300°F for 20+ 20 minut 


é 


It should be recognized that the magnetic measurements represent 


overall figures for a mixture of ferromagnetic martensite and 1 


era 
magnetic (nonmagnetic ) austenite as well as the slight ferromagnetist 
of the undissolved carbides. The presence of retained austenite redu 


¢ 


the induction for a magnetizing force of 300 cersteds by diluting the 
ferromagnetic components. In other words, the magnetic saturation of 
the whole sample is reduced. This situation is shown by the differences 
in the values obtained for the specimens subjected to the four co 


1 


7 


iil 


rate treatments and confirmed by x-ray measurements for retait 


austenite in these specimens. 


SUM MARY 


An investigation of the effect of cooling rate from 500 °1 


room temperature on the magnetic properties of 3.5% ch 


mium magnet steel was conducted. Successively slower c 


no 


18) 


ing rates were produced by water, oil, air and furnace quencl 


ing from 500 °F. The same data were obtained for the 500 


salt-quenched bars after cumulative stabilizing treatments 


aging at 212 °F and cooling in dry air. 

\s the cooling rate decreases, the maximum magnet 
density, the residual magnetism and the maximum ene 
product decrease while the coercive force increases. The n 


~ 


j 


} 
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netic tests were made on specimens austenitized at 1500, 1525 
and 1550 °F. 

3. These results show that the effect of the alteration of cooling 
rate from 500 °F to room temperature is associated with re- 
tained austenite. The most rapid rate of cooling (water) pro- 
duces the least amount of retained austenite while the slowest 
rate (furnace) results in the greatest amount of retained 
austenite, as determined by the x-ray method. 

4. Cumulative applications of stabilizing treatments produce ap- 

preciable changes in magnetic properties for specimens sub- 

jected to the slowest cooling rate, whereas negligible changes 
in magnetic properties occur in the case of the most rapid 
quench. 

When the austenitizing temperature is increased from 1500 to 


mn 


1550 °F, the coercive force shows greater resistance to change 
throughout the stabilizing treatments, whereas the other 
magnetic measurements show appreciable changes as addi- 
tional stabilizing treatments are applied. These results may 
be associated with the increased amounts of dissolved alloy 
created by the solution of carbides. 
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DISCUSSION 


Written Discussion: By |. J]. Becker, Metallurgy and Ceramics Research [Dx 
partment, General Electric Company, Research Laboratory, Schenectady, N.\ 
Che interpretation of magnetization measurements as indicative of tl 


of a ferromagnetic phase present requires caution. The saturation 


Nagnetizatior 
properly measured by extrapolating high-field measurements to infinite 


indeed structure-insensitive and measures the actual amount of ferromagneti 


, 


phase. However, the magnetization obtained in a single field equal to o1 
times the coercive force is very structure-sensitive. The coercive force itself 
one of the most structure-sensitive properties known, as is the energy product 


\ny slight change in the shape and distribution of the phases present in t 


plex material could easily produce changes of the amounts reporte n the 
properties measured. The magnetic data are certainly not inconsistent with the 
retained austenite hypothesis, which may well be correct, but neither do they | 


themselves prove it 
Written Discussion: By W. C. Hagel, manager, Metallurgy and Cet 
Instrument Department, General Electric Company, West Lynn, Ma 


Che magnetic properties of chromium steels have been studied in detail | 





Gumlich (2), Ellis and Schumacher (3), Jellinghaus (4), and many others.* Al 
though these investigators did not show conclusively the presence of retaine 
austenite with decreased cooling rates, it was held suspect as the cause of 
stability. An interesting point can be brought to light, if one uses the Néel 
lationship 2K\ 

H — [0.386 + logeI,(2r/K)‘*] 

wl,(1-V) 

where I, is the saturation magnetization, K is the anisotropy constant 
the relative volume of non-magnetic phases, to calculate coercive force. Here 
there is good agreement with experiment for water and oil cooling ar f 


agreement for air and furnace cooling, i.e 


Volume Percent of 


Cooling Residual Carbides and As-Quenched H, Ca é 
Media Retained Austenite Table Il), Oersteds Néel H., Ox 
Water 13 61.5 60.5 
Oi 14 67.4 66.0 
Air 17 69.9 83.0 
Furnace 19 74.3 5.0 


Have the authors made an error analysis of their volume-percent and H. data 
Is it possible that the larger quantities of retained austenite (presumably first 
measured by x-ray) could have transformed to bainite or martensite prior to the 
magnetic measurements and thus give low H. values? Perhaps these large 
quantities do not have a true “inclusion” effect on H., for the retained au 


may assist in relieving internal stresses 


See reference r 418 
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While this study concerns cooling rates from the M, temperature, cooling 


media rather than actual cooling rates were compared: only a partial TTT dia 


ratuer than a continuous cooling diagram was provided. From my own 


gram 
it seems possible that 


limited experience with transformations in alloy steels (6), 
the authors’ actual cooling rates formed lower bainite which is indistinguishable 
from martensite, unless one uses an electron microscope to detect the fine carbides. 
Satisfactory correlations between structure and magnetic properties are of funda 
mental importance an:| most certainly warrant further substantial investigations 


Written Discussion: I}y Kk. P. Klier, The Catholic University of America, 


Washington, D. ¢ 


The general transformation phenomena described in this paper have much 


practical significance and the results reported will unquestionably prove of im 


1 


portance to users of this and related steels. In this connection we believe that the 


role of the austenitizing treatment in leading to austenite retention should be 


emphasized. Specifically, austenite retention is favored by in 


more explicitly 
arge amounts of austenite are 


creasing the austenitizing time. If by this means 
retained after the cooling treatment, this austenite is very difficult to decompose, 
operation to re-heat-treat than to eliminate the 


t} 


and it may be a more simple 
treatments. Thus we interpret the authors’ data 


austenite by use of stabilizing 


to indicate more austenite present in the slow-cooled and stabilized specimens 


ior 
1Ol 


than is present in the water quenched specimens for any condit 


In considering the cooling to martensite the authors treat the cooling cycle 


500 °F to about —100 °F as the interval of major importance and this is beyond 
doubt correctly emphasized. But the cooling cycle in the high temperature inter 
val is also very important. We have recently described the effects of variations 


in the cooling rate in the critical and subcritical interval on the cooling transfor 
mations in 4340 steel.* Relatively minor changes in cooling rate were found 


under certain conditions to profoundly affect the subsequent transformations 


These transformations can, moreover, be accelerated as well as suppressed. An 


example of acceleration is offered in the transformations measured for steel 


Halcomb 218. The cooling transformation diagram is presented in Fig. 2 and 


the dilatation curves from which this diagram was measured are presented in 


Fig. 3 
In the cooling transformation diagram the Ms is constant at high cooling rates 


and then as the cooling rate is lowered gradually increases. For this steel the 


ferrite reaction measured under isothermal conditions is not observed for any 


of the cooling conditions which we studied, so that transformation was to marten 


site only. This is confirmed by the hardness measurements and also by the 
dilatation curves. We propose that these alterations in the kinetics of martensite 
tenite which take 


formation result from alterations in the structure of the aust 
place especially during the early stages of cooling 

The steel Halcomb 218 differs significantly in composition from the magnet 
Further, in our studies efforts were made to achieve 


steel studied by the authors 
behavior in the steels 


a relatively complete solution of carbides. Transformation 
compared then can at best be related in a qualitative sense. In our 
| interval rather 


studies, how 


ever, we have found that the cooling rate effect in the critica 
generally affects the low temperature transformations. The transformation data 
E. P. Klier and T. H. Yet The Decompositior f Austenite in 4340 Steel on Cooling, 
submitted t ASM 
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for Halcomb 218 seemed particularly appropriate for illustrating one aspect of 
this phenomenon in the present discussion 


Written Discussion: By Morris Mentser, physical chemist, Special Coal Re 
search Section, United States Department of Interior, Bureau of Mines, Central 
Experiment Station, Pittsburgh 

From the magnetic and x-ray data, the authors have concluded that the varia- 
tions in the magnetic properties of a 3.5% chromium magnet steel are due to 
variations in the relative amounts of martensite and retained austenite present, 
and that the amount of austenite retained is influenced by alteration of the cooling 
rate. In support of their conclusions, the authors stated that the quantities of re- 
tained austenite, determined by x-ray diffraction, correlated dimensional changes 
of the tempered specimens. Of course the effect of quenching rate on the quantity 
of retained austenite is well known (7), but it may be of interest that the relation- 
ship of at least one of the magnetic properties measured, namely that of saturation 


magnetization, to the martensite content of quenched steel has also been recog 





Fig. 4 


nized for some time (8,9). A graph of the Bmax values of Table II, which corre 
spond to the “as-quenched” condition of steel specimens subjected to four different 
quenching rates, indicates the expected linear relationship. In addition, however, 
similar graphs are obtained when Bres and H.- are plotted versus the martensite 
content. (There appears to be some experimental error associated with the 96% 
martensite point in all of the graphs.) (See Fig. 4, above. ) 

The tempering of martensite results in the formation of low carbon martensite 
and hexagonal iron carbide. The carbide phase, being less ferromagnetic than 
the primary martensite from which it derives, leads to a small decrease in mag- 
netization for the tempering of martensite alone. Decreases in magnetization 
resulting from the tempering of martensite have been observed experimentally 
(10,11). In the present study, there is no instance in which Bmax decreases as a 
result of the 5-hour aging treatment at 212 °F. Thus, even though martensite prob 
ably does transform under these aging conditions, the authors’ statement to the 
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effect that the heating at 212 °F is definitely a tempering-of-martensite tre 
is not supported by the data 


Written Discussion: By W. Jellinghaus, Max Planck Institut fiir | 
forschung, Diisseldorf, Germany 

The temperature of 500 °F, at which the authors stopped quenching, has sti 
large diffusion velocity for carbon in austenite. It was shown that austenit 
be decomposed in 2-hours at 500 °F. Since diffusion of carbon in austenit 
still be observed in pure binary iron-carbon alloys at around 250 °F, the influer 
of cooling rate found by the authors was to be expected. Higher austenitizi 
temperature lowers the temperature of beginning martensite formation a1 
a pronounced influence on the quantity of retained austenite and on magi 
properties, as has been shown in two papers some years ago for a chromiun 
net steel of similar composition (4,12). Magnetic saturation and remanent mag 
zation were strongly lowered if the austenitizing temperature was 
1920 °F. 


Written Discussion: By Earl C. Roberts, professor, Metallurgical | 
ing, University of Washington, Seattle 


Once of the more interesting aspects of this paper is that it provides 


I 


example of a steel in which the stabilization temperature is above M 
perature. It thus provides confirmatory evidence for the earlier finding 
and Troiano (13) and again involves high carbon-chromium bearing sté S 


interesting fundamental questions on transformation behavior, 
effect of austenite chemistry on martensite nuclei formation, are indicate 
these findings. This area of austenite to martensite transformation stud 


definitely in need of more extensive investigation 


Written Discussion: By J. P. Tarwater, research metallurgist, Jon 
lin Steel Corporation, Graham Research Laboratory, Pittsburgh 
The data presented in the paper by Hodapp and Loria are enl 
garding the effect of cooling rates upon the magnetic properties of t 
chromium steels. The author's correlation between retained austenite 
flux density is excellent. It is felt, however, that the effect of th 
upon the coercive force is associated more strongly with precipitatior 
primarily between the temperatures 212 and 500 °F) than with retained au 
he increase in coercive force with decreased cooling rate in the stec ral 
formed to martensite could be connected with inhibition of domain wall 
by an effective dispersion of small precipitate particles 
The work of K. H. Jack (14) revealed that epsilon carbide precipitat 
sufficient after considerable exposure at 120 °C to be detected by x-ray 
carbon steel, thus smaller precipitate particles adequate in size to affect coer 
force could undoubtedly be expected in shorter times. From the work of S 
Honeycombe (15). carbide precipitation processes below 500 °F are not 
to be materially affected by the chromium content of the steel 
That coercive force is not directly related to retained austenite is show: 
positively by the properties of the bainitically-transformed steel. Wherea 


flux density of the bainitic steel was comparable to that of the mar 


1 » 


the coercive force is only about 2/3 as great 
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Written Discussion: By C. Vlad, metallurgical engineer, Physical, Chemical 
and Metallurgical Laboratory, Northern Electric Company, Montreal, Canada 

Congratulations are due to the authors for the thoroughness of their work. It 
always seems difficult to prepare a discussion on such a paper because all the 
important questions appear answered beforehand 

I would, however, like to confirm some of their findings with respect to the 
effect of retained austenite upon magnetic properties of 3.5% chromium magnetic 
steel. 

In order to determine the most effective heat treatment of the magnets made 
from 3.5% chromium magnet steel, several samples were austenitized at different 
temperatures. They were then tested in the as quenched condition in a Universal 
Permeameter by the Babbit method at a magnetizing force of H 250 oersteds 

For purposes of investigation it was considered that prior to any heat treat 
ment the samples should be given a standard normalizing treatment at 1650 °F 
for 15 minutes followed by air cooling. The results of the tests are shown in 
Table \ 


Table V 
Magnetic Tests for 344,% Chromium Steel 








C he al ¢ posit Residual Coercive Force 
nductio 
( M Ss Cr Heat Treatment Br. Gauss lic. Oersteds 

1.01 0.45 0.30 $.25 \ustenitized at 1470°1 
iS 1 te Water 

One 10.500 59.5 
\ustenitized at 151971 
r 15 i te Water 

Ouen 10,450 59.5 
\ustenitized at 1545°1 
ri5Sn te Water 

One ) »>R50 692 
Nu lat 1580°F 
F . Water 

QOuenct 50) 71.1 
\ustenitized at 1510°H 
for 15 minute Oil 

» 100 71.5 
zed at 1545°F 
n it Oi 

so 16.6 
ized at 1580°1 
minutes Oi 

iso 78.7 
ized at 1615°1 
I ute Oi] 

R950 76.5 





Whether the samples were water-or oil-quenched, the results of magnetic test 
show an increase of the coercive force He and a decrease of the residual in 
duction Br with the increase of the austenitizing temperature 

These changes in magnetic properties have to be related with the presence of 
the retained austenite in the quenched martensitic structure since any increment 
of the austenitizing temperature will proportionally increase the amount of re 
tained austenite in the structure 


In addition the increase of the residual induction Br and the decrease of the 


coercive force He observed on the oil quenched samples, from 1580 and 1615 °I 
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respectively, could be associated with the partial tempering of the martensit 
and the increased amount of dissolved chromium carbides 

The auth--s attributed the greater resistance of the coercive force He t 
change, throughout the different aging treatments, to the increased amount of 
dissolved alloy created by the solution of carbides 

Is it not possible that the phenomenon referred to could be associat 
probably with the spheroidizing and formation of complex chromium carbide 
such as (Fe, Cr), ¢ 

In addition I would like to mention that the increase of Si content from 
1% will improve not only the magnetic properties but also the aging resistanc 


is may be seen in Table VI 


Table VI 
Effect of Silicon on the Magnetic Properties of 34,% Chromium Steel 





Samples were normalized at 1650°F for 15 minutes, air-cooled, austenitized at 1545 
minutes, then oil-quenched 
H—250 oersteds 
Chet il Compositio Residu ( 
Inducti 
( M Si Cr Br, Gauss 
1.05 0.45 0.38 3.25 7.900 
1.15 0.48 1.00 3.00 7.960 Mf 
1.13 0.50 1.05 4.28 8.480 me 
References 
? Stahl und Eisen, Vol. 42, 1922, p. 41 
and E. E. Schumacher, Bell, System Technica irnal 
‘ ghaus, Arciiv. Eisenhiittenwesen, Vol , 1949, 7 4 
: Sica i. 15, 1949, p. 225 
and M. N. Ruoff, Transactions, American S ety f M 





p. 184 

7. Reference 1 of the authors’ paper 

8. T. Angel, “Formation of Martensite in Austenitic Stainless Ste« 
Steel Institute, Vol. 177, 1954, p. 165 





>. Ww Jellinghaus Magnetic Measurements in Metall gr VU Vol I 
1953. p. 669 

19. J. Crangle and W. Sucksmith, ““Magnetic Analysis of Iron-Carbon All 
ing ot Martensite and Retained Austenite,”” Journal, Iron and Steel In 
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11. M. Mentser Magnetic Analysis of Phase Changes Produced in Tempering H 
Steel,” Transactions, American Society for Metals, Vol 1, 1959, in pr 

12. W. Jellinghaus; Archiv fiir das Eisenhiittenwesen, Vol. 20, 1949, p. 24 

13. E. P. Klier and A. R. Troiano, “Ar’’ in Chromium Steels,’ lransa 
Institute of Mining and Metallurgical Engineers, Vol. 162, 1945, 1 

14. K. H. Jack, Jour lron and Steel Institute, Vol. 169, 1951, Sept 

‘ ; , J ; 


A. K. Seal and R. W. K. Honeycombe, /ournal, /ro ind 
Jan. 9 
Authors’ Reply 

First, we would like to thank all of the discussors for their interesting ar 
stimulating comments. Then, we would like to review the observations in mag 
netic testing which were not mentioned in the paper and which point to the 
portance of studying the effect of cooling rate in controlling the magneti 
erties of 3.5% chromium magnet steel 

During the course of magnetic tests on many commercial heats of 
chromium magnet steel an appreciable spread exists for the values of maxi: 
induction, residual induction, coercive force and maximum energy product 
spite of attempts to maintain adequate control over austenitizing and quencl 
conditions. These spreads appear to be independent of the effects of the usua 
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variations in chemical composition from heat to heat. As an example, four bars 
from a selected heat will show essentially the same magnetic test values among 
themselves; four similar bars selected from the same heat and quenched at a 
later date will likewise agree among themselves, but frequently will be quite dif 
ferent from the first set of four bars tested. To minimize the observed spread, 
users of magnet steel have set up rigid specifications concerning austenitizing 
and quenching conditions. For example, the temperature of the oil quenching 
medium is frequently set at the narrow and specific range of 100 to 110°F; the 
austenitizing time is set at precisely 10 minutes 

It is well known also that an oil-quenched magnet will show one set of mag 
netic values if tested in a permeameter 1 hour after quenching and will show 
another set of values if tested 24 hours later. The coercive force drops several 
oersteds after the greater elapsed time. Thus, at room temperature, spontaneous 
changes are occurring which users of magnet steels recognize as an approach 
to the magnetically stabilized condition and, to accelerate the approach to stabili 
zation, meter magnets are frequently heated in boiling water for 5 or more hours 

\ further observation indicates that a magnet of nominal 1 x 5/16 in. size 
quenched in oil at 100 °F for 2 minutes then air-cooled to room temperature will 
have a coercive force of 70 oersteds, whereas a magnet similarly quenched in oil 
at 100 °F for 2 minutes then water-quenched to room temperature will have a 
lower coercive force of 67 oersteds in spite of aging both magnets for 1 day at 
room temperature prior to the permeameter tests. Thus there is further evidence 
that structural changes take place near room temperature. Cooling rate, even in 
the small interval between 100 °F and room temperature, is a factor of importance 
in regulating the structure and consequent magnetic properties of an oil-quenched 
magnet steel 

The magnetic permeameter is a peculiarly sensitive device for detecting these 
variations and has the advantage of providing data rapidly compared with 
metallographic and x-ray methods of testing. The permeameter is a rather 
practical means for confirming the presence of retained austenite established by 
metallographic and x-ray tests. It is recognized that other investigators have used 
magnetic means for detecting structural changes near room temperature, but 
seldom has advantage been taken of coercive force measurements and the applied 
fields were generally much higher than the 300 oersteds used for testing 3.5% 
chromium magnet steel. 

Mr. Becker’s comments regarding the caution needed in relating magnetic 
measurements to the amounts of ferromagnetic phases present are indeed well 
taken. Our data, although numerical, demonstrate the presence of austenite better 
in a qualitative manner than quantitative. Our conclusions signify that the mag 
netic data are related to the presence of retained austenite but not exclusively 
so. The difficulty of interpreting coercive force measurements, as Mr. Becker 
correctly points out, is due to this property being exceedingly structure-sensitive, 
both in regard to the shape and distribution of the phases present. Coercive force 
and other magnetic data tell us that changes are occurring in the test bar at and 
near room temperature. If only the components of each magnetic measurement 
could be isolated and related to the respective structural phases, the permeameter 
measurements would serve as well, if not better, than the usual laboratory tools 
at our disposal 

Mr. Hagel raises an interesting point regarding the failure of the coercive 
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force values for air and furnace cooled samples to follow Neéel’s relations| 
our experiment, the magnetic values were taken 1 hour after quenching; the x-ray 
values were obtained later. Anv conversion of austenite during this elapsed time 
hetween tests would only provide greater discrepancies hetween the measure: 
and calculated coercive force values for the air and furnace cooled samples. We 


believe there is merit in Mr. Hagel’s suggestion concerning the formation of soms 


lower bainite during the air and furnace cooling. If bainite forms, it should be 
more closely associated site-wise with the retained austenite than with the martens 
ite which forms first. The bainite so located conceivably changes the anisotropy 
factor K to a value different from the value for the water- and oil-quenche 

samples. Stated in another manner, the interspersion of bainite makes the austenite 


less like an “inclusion” than called for in Néel’s relationship. 





Mr. Mentser points out an apparent experimental error associated with the 
96% martensite (4% retained austenite) value for the oil-quenched sample. As a 
consequence, we obtained x-ray data for a new set of water- and oil-quenche 
samples. The amount of retained austenite was 3% for the water-quenched sampk 
(as found previously) and 5% for the oil-quenched sample. While the linearit 
of the plot of magnetic values against retained austenite is improved somewhat 
see Fig. 5, the discrepancy is still disturbing. Perhaps an accounting lie 
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Fig. 5—Effect of Retained Austenite on Magnetic Properties of 3.5 
Chromium Magnet Steel 


error of about + 1% associated with the x-ray method of determining smal 
centages of retained austenite 

Mr. Mentser makes the interesting observation that the absence of a decrease 
in magnetization fails to support the authors’ statement that heating at 212 °! 
a tempering-of-martensite treatment. The basis for our statement is the generally 
recognized first stage tempering reaction accompanying the heating of martensite 
at 212°F. It was not intended that our study would include data to enlarge 
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the statement. However, it is probable that the decrease in magnetization ac 
companying first stage martensite decomposition could have been shown by ap 
plication of high fields of the order of 1000 oersteds or more instead of the 300 
oersteds used in our study. 

Dr. Jellinghaus has pointed out the effects of high austenitizing temperature 
for chromium magnet steels on the retention of austenite. His papers amply 
demonstrate the effects. Since Dr. Jellinghaus’ steels contained about 5% chro- 
mium, the retention of austenite was more pronounced than in our 3.5% chro- 
mium magnet steel. He dealt primarily with the isothermal transformation below 
Ms, but the results he obtained for water, oil- and air-cooled samples were con- 
firmed qualitatively by our study. It is interesting to note in Dr. Jellinghaus’ work 
that water quenching allowed the reaction to progress only 77% and oil quenching 
69%. Cooling to —290 °F (—180°C) permitted the reaction to proceed to 86% 
completion. It is obvious, therefore, that air hardening tool steels with com 
parable composition (1.0% C, 5.0% Cr) are far from completely martensitic 
when room temperature is reached 

Mr. Klier describes in an interesting manner the influence of cooling rate above 
Ms on reactions occurring at Ms and lower temperatures. The authors and others 
have noted the effect of size (as it influences cooling rate) on the magnetic 
properties of oil quenched magnet steels. The present study does not cover the 
effect that cooling rate above Ms may have in altering the austenite prior to trans- 
formation below Ms to ferromagnetic products. Rather, the suspected effects of 
cooling rate above Ms were held constant for the permeameter samples by using 
one size and quenching samples to 500°F in the same manner 

It is gratifying to note that studies are being conducted to demonstrate the 
effect of retarded cooling on raising the Ms of Halcomb 218 which is in the com 
mercially important air hardening tool steel group. An interesting question can 
be raised as to whether alloy carbides precipitate above Ms, thereby causing 
austenite with its lower alloy content to start transforming to martensite at a 
higher temperature and, if such is the mechanism, does the austenite show a 
disinclination to convert completely to martensite as in the case of retarded cooling 
below the Ms. 

Professor Roberts points out the need for more extensive investigation of the 
effect of austenite chemistry on austenite to martensite transformation behavior. 
We concur and would add that we hope that the magnetic permeameter will not 
be overlooked as a tool for detecting and following structural changes near room 
temperature. An obvious prerequisite, of course, is a better understanding of 
the relationship between permeameter data and the products of austenite trans 


formation. 








TENSILE PROPERTIES OF COPPER-BEARING 
LOW CARBON STEEL 


By G. W. Busu anp R. W. LINDSA\ 


Abstract 


The effects of small quantities of copper on the tensili 
properties of a low carbon, deep drawing steel have been 
evaluated from true stress-true strain relationships in th 
plastic range. The results indicate that when copper content 
exceeds a limit which lies between 0.1 and 0.2%, there is an 
increase in strength properties, a decrease in elongation and 
in the work hardening modulus, and an alteration in thi 
crystallographic orientation in cold-rolled and annealed 
sheets. (ASM-SLA Classification: Q27a, 2-60; AY, Cu 


EVERAL ADVANTAGES and disadvantages have been reported 
for the use of copper as an alloying element in steel (1—9).' There 
has been no indication, however, as to whether or not there is a limiting 
content of copper below which the element has little, if any, effect on the 
mechanical properties of steel. Because there is residual copper, pet 
haps exceeding 0.1%, in most steel (10), it is important to know the 
effects of small quantities of copper on the properties of steel. This 
statement is especially true for deep drawing steels where slight changes 
in properties may cause significant differences in drawability 
This investigation was undertaken to determine the effects of r 
sidual quantities of copper on the tensile properties of a deep drawing 
steel. The results should be helpful in establishing whether or not a 
limit should be set on the copper content permissible in deep drawing 
steels ; and they could be of additional value if a correlation is developed 


between deep drawability and laboratory tests. 


MATERIALS 
The steels used in this investigation were representative of commer 
cial deep drawing steels. They were produced as 100-pound heats 
rimming type steel melted in an induction furnace. Ladle analyses of 
the five steels are given in Table I. The copper content of the base he 


The figures appearing in parentheses pertain to the references appended t 
This paper is based on a thesis submitted by G. W. Bush in January 1 
ment of the requirements for the degree of Master of Science in Metallurg t I 


ania State University, University Park, Pennsylvania 


\ paper presented before the Forty-first Annual Convention of 
held in Chicago, November 2-6, 1959 

Of the authors, G. W. Bush, formerly an ASM Graduate Fellow 
candidate for the Ph. D. degree at The Pennsylvania State University ; a1 
Lindsay is Professor of Metallurgy at The Pennsylvania State Univers 
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Table I 


Ladle Analyses of Copper-Bearing Rimmed Steels Used in This Investigation 
Heat %Cu %C % Mn %P ™%s %Si %Ni : %Cr 
A 0.002 0.08 0.55 0.002 0.011 0.008 0.017 <0.01 
B 0.12 0.08 0.51 0.002 0.010 0.002 0.024 <0.01 
Cc 0.18 0.08 0.53 0.002 0.010 0.002 0.017 <0.01 
D 0.28 0.08 0.56 0.002 0.009 0.002 0.021 <0.01 
E 0.48 0.07 0.53 0.002 0.011 0.002 0.027 <0.01 


\, represents the residual level of copper in the melt stock. A furnace 
addition of copper was used to attain the desired copper content in 
each of the other four heats. The ingots were processed by “mill prac- 
tice” to cold-rolled, box-annealed, deep drawing sheets of 0.040 inch 
thickness 

I.XPERIMENTAL METHODS 

Test specimens were taken from the annealed sheets at similar ingot 
positions for each of the five heats. Parallel-sided and tapered specimens 
used in this investigation were in accordance with ASTM standards 
(11) except that a 4-inch reduced section was used to insure that the 
central 2-inch gage length was in simple tension (12,13). The maxi- 
mum variation in width of any parallel-sided specimen was 0.0005 
inch. The tapered specimens were reduced 0.003 inch in width with the 
intention of causing the specimen to break in the central 2-inch gage 
length. 

Tensile tests were performed using the technique developed by Low 
and Garofalo (14) with the following changes: A Morehouse Proving 
ring was used to calibrate the load measuring dynamometer ; this re- 
sulted in an average error in the calibration data of 0.46%. The average 
error in the calibration data of the extensometer was reduced to 0.13% 
by using a micrometer screw arrangement for calibration 

Nominal stress-strain curves were obtained directly from the experi- 
mental data. True stress-true strain data were calculated from the 
nominal data. In order to facilitate these calculations, it was assumed 
that: (a) the elongation of the specimen was uniform within the gage 
length; and (b) the volume of the specimen was assumed to remain 
constant. With these assumptions, it is possible to express true stress 
as a function of nominal stress and nominal strain as shown below (14) : 

A = A.L./L, Equation 1 
where A, and L, are the initial area and gage length, and A and L are 
the instantaneous area, and length. Nominal strain, e, is defined as 

e=L/L.—1, Equation 2 
and true stress, a, is defined as 


o=P/A, Equation 3 
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where P is the instantaneous load. Substitution from Equations 1 and 
2 into Equation 3 leads to 


o=S(l+e), Equation 4 


where S is the nominal stress. Because the assumption of uniform elon 
gation is not strictly true, the stress defined by Equation 4 is the aver 
age true stress in the gage length of the specimen. Low and Garofalo 
(14) have shown that stress-strain curves determined by these equa 
tions are identical to those obtained by measuring reduction in area at 
one location. The error in assuming that the volume of the specimen 
is constant is less than 1% (15). 

For strains greater than 5%, it has been shown (14) that true strain 
may be defined as 


&=inL/L. Equation 5 
Substitution from Equation 2 into Equation 5 gives 


6=In(l+e 


Equation ¢ 


This simplification was validated during the course of this investigation 
Kquations 4 and 6 were used to calculate the true stress-true 
data. 


strain 


It has been shown that the plastic flow region of true stress-true 
strain curves of metals may be approximated by the expression, 
o = K8", where K, the strength coefficient, and n, the work hardening 
modulus, are constants which describe the plastic flow behavior of a 
metal (14,16,17). This expression reduces to a straight line in loga 
rithmic form ; therefore, the plastic flow constants, K and n, were de 
termined from a line of best fit for the log-log plot of true stress-true 
strain data. In a series of ten reproducibility tests on a deep drawing 


steel, it was found that the n values fell within the range 0.258 + 1.7° 
and the K values fell within the range 83,400 + 1.0%. These values 
are within the limits of error expected for this testing procedure 
Because thi drawability of a metal is affected by the cry stallog: ni 
orientation of the sheet as well as by the tensile properties of the metal 
it was deemed advisable to determine whether copper alters the crystal 
lographic orientation of the steels used in this investigation. Therefore, 
torque magnetometer tests (18,19) were performed on disks taken 


from sheet positions adjacent to the parallel-sided tensile specimens 


RESULTS AND DISCUSSION 
The individual tensile data are given in Tables II and III. The data 
for each type of specimen from each heat were averaged and plotted 
against copper content in Figs. 1 and 2. It is apparent that about 0.1‘ 
copper has practically no effect on any of the tensile properties. When 
copper is present in excess of this amount, the tensile strength, fracture 
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strength and strength coefficient increase continuously with increasing 
copper content. The increase in tensile strength up to about 0.5% 
copper is equivalent to that observed by Lorig (9) for a steel of 0.02% 
carbon. 

It should be noted that a minimum value is observed in the yield- 
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Fig. 2—Strength Coefficient, K, and Work Hardening Modulus, n, Versus ( 


point data at about 0.3% copper. The only data available for compari 
son are those of Eisenkolb (7), who observed a minimum value in the 
yield point of a deep drawing steel (0.04% carbon) at 0.43% copper 

Not all of the elongation data are reliable; hence, the dashed line 
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Table IV 
Results of the Torque Magnetometer Tests 

% Maximum Positive Torque Angle to Rolling Curve 

Heat Copper dyne —cm/cm?! X10™3 Direction, degrees Type 
A 0.002 27 25 4’ 
: 27 —32 A’ 
B 0.12 20 45 A’ 
18 44 A’ 
c 0.18 19 66 D 
16 59 D 
D 0.28 20 54 D 
17 56 D 
E 0.48 18 47 ( 
20 57 D 


in Fig. 1 indicates only a very general trend. Only one value was ob- 
tained for Heat A and two of the values for Heat C were abnormally 
low ; however, the data for Heats B, D, and E show a consistent trend 
and are in agreement with the data of Eisenkolb. His results are 
plotted in Fig. 1 for comparative purposes. 

A marked decrease is observed in the work hardening modulus at 
about 0.2% copper. Because there is considerable variation within 
the individual results, it is not possible to comment with certainty on 
the effect of higher copper contents. 

The results of the torque magnetometer tests are given in Table IV. 
\ noticeable decrease in the maximum torque exerted on the specimen 
is observed at about 0.1% copper. No further change is observed at 
higher copper contents. The angle at which the maximum torque occurs 
does not vary regularly with copper content. These data were not 
analyzed to determine the orientation of the grains within the sheets, 
but the curves of torque versus angle were classed according to the 
hasic types of curves shown by Lankford et al (20). Heats A and B 
have curves which these investigators classified as type A’. Such curves 
indicate a high degree of crystallographic anisotropy in the sheets. The 
type A’ curves are similar to the type A curves exhibited by highly 
anisotropic sheets which have been found to perform well in drawing 
certain asymmetrical shapes (20,21). The other heats exhibited type 
C or type D curves which indicate that these sheets are not highly 
anisotropic ; such sheets did not perform well in drawing these asym 
metrical shapes 

SUMMARY 

\ll the data indicate that there is a copper content below which the 
mechanical properties of a steel of the present base analysis are not 
appreciably affected. This content lies between 0.1 and 0.2% copper. 
When copper is present in excess of this amount, the strength properties 
are increased while the elongation and work hardening modulus are 
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decreased, and the crystallographic orientation of cold-rolled and an 
nealed sheets of this steel is altered. 

\lthough the results of this investigation cannot be generalized as 
a quantitative evaluation of the effect of copper on the drawability of 
low carbon, deep drawing grades of steel, two suggestions can be made 
which may serve as a basis for subsequent work on this problem. These 
suggestions, which are based on the assumption that certain mechanical 
properties can be used as a qualitative measure of drawability (20,22), 
are as follows: 

If the copper content does not exceed the stated limit, the ability of 
this steel to withstand strain, as evaluated by the work hardening 
modulus, is not affected, and the crystallographic orientation is not 
significantly affected. Therefore, the drawability of this steel should not 
be affected by less than 0.1% copper. 

If the copper content exceeds this limit, the work hardening modulus 
is decreased and the crystallographic orientation of the steel is altered 
The effect of these changes on the performance of this steel in a par 
ticular drawing operation would depend upon the symmetry and the 
severity of that draw and could be determined only experimentally for 
the draw. 
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DISCUSSION 


Written Discussion: By E. S. Madrzyk, metallurgist, Research & Development, 
Inland Steel Company, East Chicago, Ind. 

I wish to congratulate the authors on their excellent paper. Their experimental 
procedure with its attendant precision have made it difficult to be argumentative 
I would like to bring out one point, however. The authors state that the draw 
ability of copper-bearing low carbon steels is not affected by less than 0.1% cop- 
per. This may or may not be true. This conclusion was based primarily on the 
effect that less than 0.1% copper has on the strain hardening modulus. At Inland 
Steel we have completed an extensive investigation trying to correlate the strain 
hardening modulus with drawing performance in the field on various grades of 
low carbon steel. There is a gross correlation of this parameter with drawability 


but the ability to discriminate between small variations in d 


rawing quality is not 
present. Therefore, it would be difficult to establish the degree of drawability 
impairment in steels possessing comparable values of the strain hardening 
modulus. 

A more sensitive criterion of drawability is the instability point as manifested in 
a hydraulic bulge test. This point has been suggested by many investigators. We 
have had success with this criterion of drawability in determining the drawing 
quality of many lots of steels of different grades. The entire testing procedure is 
outlined in a paper entitled “A New Method for Determining the Drawing 
Quality of a Sheet by Use of the Hydraulic Bulge Tester” by W. N. Lambert, 
E. S. Madrzyk and F. E. Gibson, all of the Inland Steel Company 

It is suggested that to establish if copper in amounts of less than 0.1% has any 
real effect on drawability, the hydraulic bulge tester would be a more valid 
criterion of drawability 
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Written Discussion: By R. H. Frazier, Youngstown Sheet and Tube ( 
Youngstown, O 

The authors are to be congratulated for adding to our general informatior 
the effect of copper in low carbon steel. I would like to comment on their analysis 
of the results. The one steel made with 0.12% copper was very much out of line 
with the other steels as far as strength and strain hardening modulus are 
cerned. Several more heats would be needed to state that, without a dé 
in small amounts did not affect the properties of the steel. Since copper g 
increases the yield strength of the steel, it would be expected that coppx 1] 
decrease the work hardening modulus. The data which the authors have 
correlate very well with the data given by John Hollomon (2). Fig 


relationship between strain hardening exponent or work hardening 





Fig. 3—Relationship Betweer Yield Strength and 
Hardening Exponent 


yield strength of several high carbon steels, as found by H 


points in this graph are ones taken from the present paper. It is interesti 


how closely the new data would fit a curve parallel to the on 


higher carbon content. In this respect, copper influences the relationshi 
hardening exponent and yield strength very much like a heat treats 
would raise the yield strength lherefore, any detrimental effects of the trail 


ntent 


hardening exponent resulting from a high residual copper con 
trolled by a heat treatment which would control yield strengt! 
The torque magnetometer test results were very interesting. Lankf 
reports that magnetometer curves of the types A’, B, C, D and I 
able, and their results do not show A’ to be different from the others. Perhaps 


the control steel without copper should be a steel which would give 
results on drawing and have a Type A magnetometer curve; ther 


] 


copper could be shown more con lusive lV 


It would be interesting to know the “R” value or the ratio of widt 


thickness strain for these experimental steels with different copper contents. Some 
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investigators have shown a very good correlation between the “R” value and 
drawability of the steel in all types of drawing operations. 
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Authors’ Reply 
The authors wish to thank Mr. Madrzyk and Mr. Frazier for their discussions 
Mr. Madrzyk’s comments are justified. The authors recognize that drawability 
can not be predicted from knowledge of the work hardening modulus alone. As 
previously stated, the suggestions offered in the paper are based on two criteria: 
namely, the work hardening modulus ; and a type A’ magnetic torque curve. Using 
the data of Lankford, Snyder and Bauscher, it is possible to account successfully 
for the press performance of 35 out of 46 lots of steel on the basis of these criteria. 
Because these criteria are not infalliable, it would certainly be desirable to estab 


ish additional criteria for predicting press performance. In this respect, the test 
proposed by Mr. Madrzyk would seem to represent a worthwhile contribution to 
the evaluation of drawability of steels. 

In reply to Mr. Frazier’s comments, the authors would like to state that the 
strength and work hardening modulus for the steel with 0.12% copper are not out 
of line with the other steels. Although the data are limited (approximately eight 
values per heat), statistical treatment of the data at a confidence level of 99.5% 
indicates that the base heat and the 0.12% copper steel are from the same “popula- 
tion.” These data supported the belief that copper in solid solution does not con- 
siderably strengthen steel. Because the limit of solid solubility of copper in steel 
is in question (it probably lies between 0.1 and 0.3% copper), it is not possible to 
differentiate between solid solution hardening and dispersion hardening for the 
other steels. 

The use of Lankford’s relationship between a type A magnetic torque curve and 
work hardening modulus accounted for the behavior of 38 out of 46 lots of steel. 
Because there is some similarity between the type A and A’ curves, the possibility 
of combining these two groups was considered. By examining Lankford’s data 
(Fig. 15, reference 20), it was found that of the lots which exhibited poor press 
performance, 13 had type A curves, 2 had type A’ curves, and 14 had type B, C, D, 
or E curves. The lots which had type A’ curves had n values of approximately 
0.252 and 0.258. Of the lots which exhibited good press performance, 15 had 
type A curves, one had a type D curve, and one had a type E curve. On the basis 
of these data, it would seem that little would be lost by combining the type A and 
type A’ curves. Using Lankford’s data, this new index would account for the 
behavior of 35 of 46 lots of steel. In this particular case, the base heat, as well 
as the 0.12% copper steel, have high work hardening modulii and would be clas 
sified as having favorable drawability by this new index. Therefore, the base heat 
could serve to evaluate the effect of copper. The validity of this approach can be 
determined only by obtaining more experimental data 

Some experimental difficulty was encountered in determining the “R” values 
for these steels. Because our results showed considerable variation for some of the 
steels, the values were not included in the paper and are not considered to have 
any usefulness. 








RETAINED AUSTENITE IN PRECIPITATION 
HARDENING STAINLESS STEELS 


By G. Krauss, Jr. AND B. L. AVERBACH 


Abstract 


An x-ray diffraction technique was used to determine the 
retained austenite contents of a 17Cr-7Ni-1Al and a 17C) 
#N1i-3Mo alloy after various heat treatments. The retained 
austenite contents of these alloys after solution treatment 
were quite high, in the neighborhood of 60-80%, but subs: 
quent treatments reduced the austenite contents to 7-109 
The austenite contents increase in the 17Cr-7Ni-1Al al 
on aging at temperatures between 700 and 1100 °F, and it 
appears that the increase in hardness accompanying thi 
aging treatments ts the result of a precipitation reaction in 
the martensite. The formation of martensite on cooling from 
an intermediate temperature or on refrigeration below roon 
temperature appears to be the primary mechanism of ha 
ening in the 17Cr-4Ni-3Mo alloy. (ASM-SLA Classifi 
tion: N&n, SS) 


I. INTRODUCTION 


HE RETAINED austenite contents of a 17Cr-7Ni-1Al and 

17Cr-4Ni-3Mo precipitation hardening stainless steel were investi 
gated after various heat treatments. The principal hardening mechan 
ism in these alloys is the transformation of austenite to martensite, but 
substantial increases in hardness are obtained by subsequent aging of 


‘ 


the martensite. In some alloys (1)' it appears that there is no change 


in the retained austenite during these aging treatments, whereas in 


others (2) a slight reversion of the martensite to austenite has beet 
inferred from a contraction observed after the aging treatment. The 
reversion of martensite to austenite in the 17Cr-7Ni-1AlI alloy has 


> 


been reported to begin on aging above 1076°F (3). In the case of the 
17Cr-4Ni-3Mo alloy it has also been suggested that the retained 
austenite decomposes on cooling from the tempering temperature 
produce an increase in hardness (2). 

Phis investigation was undertaken in order to clarify the role of the 
retained austenite in the hardening and precipitation reactions. The 
x-ray diffraction technique used in this investigation is a modification 

' The figures appearing in parentheses pertain to the references appended to this pape 


of the Society 
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Table I 
Composition of Materials 


(Weight %) 


Element 17Cr-7Ni-1Al 17Cr-4Ni-3 Mo 
Carbon 0.068 0.083 
Manganese 0.60 0.66 
Phosphorus 0.021 0.017 
Sulphur 0.014 0.018 
Silicon 0.45 0.32 
Chromium 17.08 16.93 
Nickel 7.43 4.30 
Aluminum 1.16 

Molybdenum — 2.7 
Nitrogen 0.020 0.083 


of the method used for low alloy steels (4) and is generally applicable 
to high chromium steels. The experimental procedures are described 
in Section IT and the results are discussed in Section ITI 


Il. EXPERIMENTAL PROCEDURI 


The aluminum alloy was received as 3/4-inch diameter rod and the 
molybdenum alloy as 5/8-inch rod and 1/16-inch wire. The chemical 
compositions are shown in Table I. A solution treatment of 1750°F 
was used for the 17Cr-7Ni-1AI alloy and 1850°F was used for the 
17Cr-4Ni-3Mo alloy. The samples were sealed under vacuum in Vycor 
capsules prior to the solution treatment and the capsule was water- 
quenched to room temperature, and broken immediately on quenching. 

Two hardening procedures are in general use for these materials. 
One of the methods, called the intermediate transformation treatment, 
involves heating the aluminum alloy at 1425 °F and the molybdenum 
alloy at 1350 °I* after the solution treatment. Carbides are presumably 
rejected from the austenite at these temperatures, and the austenite 
transforms to martensite on cooling to room temperature. The second 
hardening technique involves a refrigeration to —100°F after the 
solution treatment in order to convert the austenite to martensite. Both 
treatments are followed by aging at 700 to 1100 °F in order to develop 
optimum combinations of properties 

These treatments were carried out in steps on cylindrical pieces 
about 1-inch long which had been cut along the axis. After heat treat- 
ment the longitudinal faces were electropolished and electroetched in 
an electro'yte (5) containing 25 gm of chromium oxide, 133 mm of 
glacial acetic acid and 7 mm of water. The current density for polish- 
ing was 4 to 5 amps/in? and 0.3 to 0.4 amps/in? for etching. A layer of 
metal 0.005 inches thick was removed by this technique. 

Each sample exhibited delta ferrite as a microconstituent. The 
amount of delta ferrite was determined by the quantitative metal- 
lographic lineal :nalysis procedure described by Howard and Cohen 
(6). Four 5000 count traverses were made at & 500 and it was possible 


¢ 


to measure the ferrite content to an accuracy of + 1 volume % 
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Electrical resistance measurements were made on the wire materia] 
Samples 3.5 inches long were prepared by centerless grinding the wire 
to 0.050-inch diameter. Current and voltage leads were spot welded 
to the samples. The resistance was measured after solution treatment 
on samples immersed in either water-ice or acetone-solid CO. baths in 
which the temperature was lowered continuously. The temperature of 
the bath was determined by means of a copper-constantan thermo 
couple. The resistance decreased linearly with temperature until the 
Ms temperature was reached. At the martensite transformation ten 
perature the resistance increased sharply. 

The retained austenite determination by x-ray diffraction depends 
on the relationship between the integrated line intensities for eac} 
phase and the volume of each constituent present in the sample. It was 
convenient to use the (200) austenite line, to be called (200) y, and th 
(200) martensite line, (200) M. The integrated intensity for each lin 
is given by, 

P=KRV Equation 1 


where K is a constant dependent on geometric and other factors, V is 


1 


the volume of each diffracting phase in the sample, and R is given by 
R =('/v?)m(L?P) F*exp(—2M) Equa 2 


where v is the volume of the unit cell, m is the multiplicity of the dif 
fracting plane, (LLP) is the Lorentz-polarization factor, F is the struc 
ture factor and M is the Debye factor. The values of R can be calcu 
lated and are listed in Table II for several important lines in eac! 
material. If the intensities for the (200) austenite line, P(200)y, an 
the (200) martensite line, P(200)M, are measured it is evident that 
the ratio of the respective phase volumes in the sample can be de 
termined. 

In the cases where delta ferrite was present in addition to martensit« 
a complication arose because the diffraction lines for the martensite and 
the ferrite come at almost identical diffraction angles. The volun 
fraction of the delta ferrite, V5, was measured metallographically, and 
the volume fractions of retained austenite, V,, and martensite, Vy, 
could be obtained from measurements of P(200)y and [P(200)a 
P(200)M |. 

In calculating the values of R listed in Table II it was found 


Table Il 
X-Ray Factors for Stainless Steels Using CrKa 
Material Line Phase 4 
17Cr-4Ni-3M 111 austenite 33.6 32 
17Cr-4Ni-3M 110) ferrite 34.3 40.5 
17Cr-4Ni-3 Mo 200) austenite 39.6 16.25 
17Cr-4Ni-3M 200 ferrite 53.0 59 
17Cr-7Ni-1A 200) austenite 196 15.0 
17Cr-7Ni-1A 200 ferrite 53.0 8.8 
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Table Ill 
Comparison of X-Ray and Lineal Analysis 


17Cr-4Ni-3 Mo, Solution treated 1890°F, 1 hour 
Volume Ferrite (Volume ° 


Sample Number X-Ray Metallograp! 
13 16 18 
14 18 19 
15 17 18 
16 20 18 
17 21 19 


ficiently accurate to use the unit cell dimensions of 18Cr-8Ni steels 
(7). The atomic scattering factors were corrected for dispersion by 
K, L, and M electrons (8), and in calculating the structure factor it 
was assumed that all of the phases had the nominal chemical compo- 
sition. The Debye factors were computed using 438 °K for the Debye 
temperature. 

The x-ray diffraction measurements were carried out on a line focus 
Geiger-counter spectrometer using CrKa radiation monochromated by 
a focussing lithium fluoride crystal bent plastically to a 5-inch radius, 
and ground to a 2.5-inch radius. The total air path was kept down 10 
inches to reduce the air absorption. Integrated intensities were re- 
corded directly by opening the receiver slits sufficiently to take in the 
entire diffraction line. The background level was subtracted using 
readings taken at a position between the austenite and martensite lines. 

Equation 2 is rigorously true only if preferred orientation is absent 
in the sample. In order to check this feature five samples of the 17Cr- 
4Ni-3Mo were solution treated at 1890 °F for 1 hour and quenched to 
room temperature. The resultant microstructure consisted entirely of 
delta ferrite and austenite. These phases could easily be distinguished 
metallographically and the volume percentages were measured by 
lineal analysis. X-ray determinations were made on the same surfaces 
and the results are compared in Table III. The ferrite contents were 
within 2 volume % in each case and this was considered an adequate 
check since each determination has an accuracy of +1 percent. 


III. Discussion oF RESULTS 

The Mg temperatures are shown in Fig. 1 as a function of the solu- 
tion temperature. The data obtained by the electrical resistance method 
used in this study agree quite well with those obtained from dilato- 
metric measurements (9). It is interesting to note that the commonly 
used solution temperature in the vicinity of 1800°F results in an Mg 
very close to room temperature. 

The retained austenite, delta ferrite and martensite contents for 
each alloy after several common treatments are listed in Tables IV and 
V. The aluminum alloy had a somewhat higher martensite content 
after the solution temperature than the molybdenum alloy, After the 
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Table IV 
Phases Present in 17Cr-7Ni-1Al 
Tempera Volume ¢ 
tures* Delta 

Treatment 7 Ferrite Martensite bthasias Stanineee 
Solution 1750 11 30 59 Rp 87 
Intermediate 1750 

Transformation 1425 11 Rg? - Rc 29 
Intermediate 1750 

Transformation 1425 

plus Aging 950 11 Q? . Re 44 
Subzero Cooling 1750 

Transformation 100 11 6 13 Re 31 
Subzero Cooling 1750 

Transformation 100 

plus Aging 900 11 71 IR Re 42 

*One hour at each temperature 


C-44. This indicates that the increase in hardness in this instance did 
not arise from the formation of additional martensite on cooling from 
the aging temperature. On the other hand, there was an increase in the 
austenite content on aging after the refrigeration treatment. Since this 
aging treatment was also accompanied by a rise in hardness. from 
Rockwell C-31 to Rockwell C-42, it is evident that a precipitation re 
action in the martensite is responsible for the increase in hardness in 
this case. 

The austenite content of the molybdenum alloy (Table V ) decreases 
significantly on aging at 850 °F after the intermediate transformation. 
The increment in hardness on aging can thus be associated with the 
reduction in retained austenite content. This conclusion is supported 
by the observation that the austenite is essentially unchanged by the 
aging after the refrigeration treatment and the hardness value is also 
unchanged by the aging. 

The hardening mechanism in these two steels appears to be some 
what different. The 17Cr-7Ni-1AI] steel is hardened somewhat by an 
austenite-to-martensite transformation, but a significant increase in 
hardness is obtained as a result of a precipitation reaction on aging. The 


Table V 
Phases Present in 17Cr-4Ni-3Mo 
Tempera Volume 
tures* Delta 

Treatment F Ferrite Martensite Austenite Hardness 
Solution 1800 14 4 82 Ra 97 
Intermediate 1800 

Transformatior 1350 14 67 19 Re 37 
Intermediate 1800 

Transformatior 1350 

plus Aging 850 14 75 11 Re 42 
Subzero Cooling 1800 

Transformatior 100 15 16 ) Rc 44 
Subzero Cooling 1800 

Transformatior 100 

plus Aging 750 15 74 11 Re 45 


tOn - at sone ¢ 
One hour at each temperature 
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17Cr-4Ni-3Mo steel appears to depend on martensite formation en 
tirely for hardening, and the effects of precipitation phenomena on the 
hardness are negligible. 

Fig. 2 shows the microstructure of a sample of 17Cr-7Ni-1AI steel 
transformed at —100 °°. The surface was electropolished prior to the 
transformation and the surface upheavals arising from the martensite 
platelets between islands of delta ferrite are evident. 

Figs. 3-7 show the austenite and martensite contents of samples of 
the 17Cr-7Ni-1LAI steel which had been solution treated at 1750 °F, 
transformed at —100°F, and aged for various times at temperatures 
from 700 to 1100°F. The austenite content increased over the value 
after refrigeration at all aging temperatures except 700 °F and tended 
to increase with aging time. The amount of austenite after the reversion 
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Fig. 8—17Cr-7Ni-1A1 Stainless Steel Aged for 6 Hours at 900 °F After Trans 
formation at 100 °F. Austenite retained after transformation and austenite 
formed during aging are indistinguishable. x 2000 by oil immersion. Elects 


polished and electroetched in chrome-acetic electrolyte 


on aging appeared to approach a value near 20 volume % except for 
the sample aged at 1100 °F where the reversion to austenite was sub 
stantially higher. There appeared to be a minimum in the austenite 
content after aging one hour at 700 °F indicating that some additional 
martensite may be forming on cooling from the aging treatment after 
low aging treatments in this alloy. It is interesting to note that the re 
tained austenite contents and the hardness values appear to be unre 
lated in this alloy. Fig. 8 shows the microstructure of a 17Cr-7N1-1A! 
steel sample which had been refrigerated and aged for 6 hours at 
900 °F. The grain boundary attack by the etchant at the interface be 
tween the delta ferrite and the matrix appears to be due to the de 
pletion of chromium by the carbide precipitation in these areas 


IV. SUMMARY 


Retained austenite contents were measured by means of an x-ray 
diffraction technique in 17Cr-7Ni-1Al and 17Cr-4Ni-3Mo stainless 
steels after various hardening and aging treatments. A precipitation 
reaction in the martensite appears to occur in the aluminum alloy on 
aging and this results in a significant increase in hardness. The for 
mation of martensite on cooling from an intermediate temperature or 
on refrigeration below room temperature appears to be the primary 
mechanism of hardening in the molybdenum steel and the small 





w 
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changes in hardness observed on aging appear to be due to the for 
mation of additional martensite on aging. 
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DISCUSSION 


Written Discussion: By E. F. Becht, product metallurgist, Allegheny Ludlum 
Steel Corporation, Watervliet, N.Y. 

The authors are to be complimented on a timely contribution to our knowledge 
of the high alloyed martensitic stainlesses. Their work is of particular interest to 
the writer since much of our production development on these materials has been 
aimed at controlling the extent and dispersion of retained austenite through 
processing procedures. 

In alloys so close to the borderline of the austenite-martensite-ferrite stability 
regions, minor variations in chemistry due to processing procedure can determine 
the extent of secondary structures. A complete knowledge of prior processing be 
comes necessary before one can establish definite percentages of retained austenite 
or delta ferrite peculiar to a given overall analysis. 


lhe two areas of processing most important in the control of retained austenite 
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Fig. 9a—Typical Structure of Conventionally Heat Treated Upset Forging. | 
10OHCL-1OHNOs-50H20. Upper x 100, Lower » 
Heat Treatment: 1750 °F 1 Hr. W.Q. + ( 100 °F) 3 Hr. A.t 
850 °F 3 Hr. A. 


other than actual ladle analysis are hot working temperatures and ingot 
tion characteristics 


The importance of hot working temperatures is connected with the carbide 
austenite, Ms temperature relationships discussed by the authors in connecti 
with solution treating effects. Solution temperatures normally used wit 


alloys are such that it is not always kinetically possible to produce the 
disposition of carbon in and out of austenite at a constant anstenitizing te 
ture for varying processing history. For example, it has been our experience 
finishing these materials at say a high temperature of 2100 °F and then auster 
ing, freezing, and tempering results in an unusually large amount of retai 
austenite—to the point of affecting mechanical properties. This is because ir 
cases the 1750 or 1710 °F austenitizing temperature is not truly a solution 
ment but actually somewhat of a precipitation treatment and one which fall 
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of producing the proper austenite carbon level. At lower fir ng temperatures, 
say as low as 1600 °F, he ver, sufficient amounts of carbides have precipitated 
such that on subsequent austenitizing a constant low carbon austenite is produced 
This produces a maximum amount of martensite on sub-zero cooling and results 
in optimum mechanical properties 

It is therefore good practice wherever possible to maintain constant low 
finishing temperatures. This practice of course is not always practical particularly 


in the manufacture of gs where maintaining low finishing 


certaim types of tor: 





uipment hardship. To facilitate fabrica 
maintain pr uniformity, a pre-solution heat 
an equalize has been developed. This treatment is simply 
a carbide precipitation period of approximat 


thre ) iT an th 
cIimately three hours t 


tion in such instances and still 


treatment referred to as 


ie temperature 
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Fig. 10a—Six-inch Square Billet Pressed 
Upper View 
wer View 


from 16-inch Square Ing 
Center longitudinal macro etch 


Micro section near center of billet 


I 


Table VI 
Tensile Properties of Upset Forging Finish Forged at 2025°F 


1) As forged+1750°! 1 Hr Water+ 


100°F 3 Hr+850°F 3 Hr Air 
2) As forged+equalize at 1375°F—3 Hr Air+1750°F—1 Hr Water+ 100°} 3} Hr+850°! 
3 Hr Air 
0.02% Y.S 0.2% YS Tensile Elong R.A 
psi psi) psi) ¥ 
1) 119,800 147,900 190,000 8.0 11.¢€ 
(2) 139,250 175,000 213,000 19.0 32.8 
Chemistry 
Mr P Ss Si Cr Ni M ( 
0.140 0.85 0.025 0.012 0.06 15.56 4.50 2.60 0.107 





~ 
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Fig. 10b—Six-inch Square Billet Pressed from 9-inch Square I 
Upper View: Center longitudinal macro etch 
Lower View Micro section near center f billet 


range of 1300-1500 °F prior to austenitization. An example of the effectiveness of 
this pre-solution treatment on an alloy similar to the molybdenum alloy of the 
authors’ work is shown on the unequalized and equalized fully heat treated struc 
tures of Fig. 9, taken from a forging finishe at about 2025 °F. Low properties 
jue to excessive retained austenite found in this forging are brought up to 
usual levels with the equalizing treatment as shown on Table VI 

A second source of retained austenite in excess of what is to be expected from 
ladle analysis is that which comes as a consequence of variation of ingot solidifi- 
cation rates and characteristics. [Illustrative of this condition are the transverse 
macro etch samples taken from two 5-inch square billets shown on Fig. 10; one 
produced from a conventional 16-inch square ingot and the other produced from a 
9-inch square ingot. Solidification rates of the larger ingot of course were con- 
siderably lower than for the small ingot, leading to a heavier segregation pattern 
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Fig. 10¢ 
a) 1710°F 
b) 1710°F 
Billet 
ize 
6" Sq 
6" Sq 
6’ Ss 


Chemistry 
( 


0.135 


Six Square Billet Pressed from 16-inch Rour ( 
Melted Ingot 
Upper View: Center longitudinal macro etc 
I wer \ w Micro section near center of billet 1 
Table Vil 
Transverse Billet Tensile Properties 
1 Hr Water+ 100°F —3 Hr+ 850°F—3 Hr Air 
1 Hr. Water+ 100°F —3 Hr+1000°F—3 Hr Air 
Heat 0.02% Y.S. 0.2 Y.s ps 
Ingot Type Treat psi psi Tensile I 
( ventional i 150.000 183,000 215.000 8 ) 
16-inch Squar b 148,500 162,000 166,000 5 
Conventiona i 147,000 174,000 16.000 0 
9 h Square b 132,000 153,000 189,000 0 
Consumable i 147,000 191,500 20,200 3.3 8.0 
Melted 16- h Ro b 156,000 172.500 182,000 16.0 
Mr P S Si Cr N Mi 
0.70 0.029 0.008 0.15 15.10 4.22 
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In these high alloy stainlesses this segregation problem shows up as rather severe 


patches of retained austenite. The light patches in the macro etch sample from 
the 16-inch ingot are heavy concentrations of retained austenite accompanied by 
some ferrite. This condition produces the low transverse mechanical properties 
shown on Table VII. The product of the smaller ingot shows considerably less 


segregation and the transverse properties are correspondingly improved 

The austenite formed in this type of segregation is not as easily removed as that 
which comes as a consequence of unusually high forging temperatures. Equalizing 
treatments are not particularly effective nor are exceedingly low freezing 
temperatures—indeed even liquid nitrogen temperatures fail to transform this 
very stable austenite. 

Some alleviation of this problem is found in revising the chemistry, however in 
exceedingly large conventionally cast ingots, it is not possible to change the 
analysis sufficiently to avoid these patches of retained austenite. For many applica 
tions of course such retained austenite is unimportant particularly in well worked 
hars where transverse properties of modest proportions are adequate for the 
application or in upset forgings where flow lines are in the correct direction. How 
ever, in very critical applications, such as jet engine components, where large 
size pieces, Which cannot be made from small ingots are required, the problem has 
been eliminated by consumable electrode remelting. This procedure is extremely 
effective in alleviating problems due to banding of retained austenite because of 
solidification characteristics of consumable melted ingots. Extre mely good prop 
erties as shown in Table VII are practical in very large sections through material 
melted in this manner. 

It would be most interesting to see certain of the experiments discussed by the 
authors performed on material at least for the molybdenum grade discussed in 
corporating (a) an equalizing treatment prior to austenitizing and (b) consum 
able electrode remelted stock. 

Written Discussion: By Ervin E. Underwood, assistant division consultant, 
Metallurgical Engineering Division, Battelle Memorial Institute, Columbus, O. 

There are several questions which arise upon reading this paper. Perhaps the 
authors will be kind enough to clarify these points since they may have occurred 
to other readers also. 

1. What is the evidence that prompts the statement “. . . . the increase in hard 
ness accompanying the aging treatments is the result of a precipitation reaction in 
the martensite” ? Was a precipitate observed, and if so, what were the features of 
this “precipitation reaction” 

2. The “solution treatment of 1750 °F” referred in the section on Experimental 
Procedure is puzzling. Usually, for 17-7PH steels, the solution anneal is held at 
1950 °F, and the conditioning treatment at 1750 °F. Furthermore, instead of solu 
tion occurring at 1750 °F, it is stated by the producers that a precipitation occurs 
at this temperature. 

3. What is the purpose of the treatments outlined in Table IV involving “Inte: 
mediate Transformations” at both 1750°F and 1425°F? According to the final 
product desired, the solution-annealed alloy is usually conditioned at either 1750 or 
1400 °F, but not both. The first temperature leads to the RH 950 condition and 
the second to the TH 1050 condition and the reasons therefore are clear. However, 
the object of the authors’ heat treatment is not 

4. The curves shown in Figs. 3 through 7 give the variation in austenite and 
martensite content and the corresponding hardness values. If the x-ray determina- 
tions have an accuracy of 1%, why aren’t the curves drawn through the points? 
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This question is raised because the austenite curves then assume an entirely dif 
ferent character. In fact, except for the one austenite point at zero time (in Fig. 3 
all austenite curves show an early rise, a dip near 1 hour, and then another ris 
Could this possibly have any significance, say, in terms of two processes 

The answers to these questions will be appreciated, especially in view of th 
fact that Battelle is embarking on a study of the mechanism of hardeni 
17-7PH steels (sponsored by WADC). It would be particularly undesirable fo: 
any previous research to be repeated unknowingly. It is highly desirable that in ar 
area such as this, in which so little is known, maximum utilization of existing 


know ledge be made 


Authors’ Reply 


In reply to Dr. Underwood's discussion, the strengthening of precipitatior 
hardening stainless steels may be considered to be due to two mechanisms: (a) t 
austenite-to-martensite transformation and (b) a precipitation reaction. Since 
increase in austenite was observed during aging, the reverse austenit 
martensite transformation must have been opera'‘ive, and the increase in hardnes 
could not be accounted for by the form-tion of additional martensite 

The 17Cr-7 Ni-1A1 was received in the mill-annealed condition, or in “Conditior 
\” and therefore was assumed to have been annealed at 1950 °F. For purposes of 
standardization and comparison and to establish a known history of the as-receive 
stock, all samples of 17Cr-7Ni-1Al were treated at 1750°F. It is true that this 
austenitizing treatment is a conditioning treatment in that the stability of é 
austenite is lowered by the removal of carbon from solution in the austenite. Tal 


IV shows that after this treatment 30% martensite was observed at room tempera 
ture. At 1750°F chromium carbides precipitate and not the intermetallic com 
pound which is believed to cause hardening during aging 

An austenitizing treatment of 1750 °F was used as a starting point for both the 


intermediate and refrigeration procedures for hardening 17Cr-7Ni-1Al, again for 
purposes of comparison. The decrease in austenite stability occurring during 
l-hour treatment at 1425°F is much more significant than that occurring at 
1750 °F and it appears that the 1750°F treatment does not seriously alter tl 
amount of martensite formed after intermediate transformation at 1425 °] 
\n average curve was drawn through the austenite points because of the 

plexity of the interacting processes occurring in the steel during aging. The pr« 
cipitation reaction, the tempering of the martensite, and the reverse austenite-to 





martensite reactions which occur simultaneously during aging make it difficult t 
account for the variations observed in the austenite curves. The variatior 

ever, do seem to be systematic, and it may be possible to explain the shape of t 

curve in terms of the overall behavior of precipitation hardening stainle te 


during aging. The increase in hardness as the amount of martensite decreass 
during aging poses an interesting and difficult problem in the structural intet 
pretation of the kinetics of aging 

The procedures described by Mr. Becht for the removal of chemical and 
tural inhomogeneity in these stainless steels present very effective solutions t 
problem which is frequently encountered. In this investigation extensive measure 
ments of the quantitative phase relationships in the molybdenum stainles ee] 
during aging were not made because of the inhomogeneous distributi 
austenite and martensite in a banded structure similar to the one shown i 
of the discussion. The presolution equalization treatment described appear y 
ticularly useful because it could be employed at any stage of fabrication be 
ingot solidification and hot finishing 
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EFFECT OF STRESS ON THE CREEP OF 
ALUMINUM IN THE DISLOCATION 
CLIMB RANGE 


By A. E. Bayce, W. D. Lupemann, L. A. SHEPARD AND J. E. Dorn 


Abstract 


The effect of stress on the creep rate in the dislocation 
climb region was investigated by increasing and decreasing 
the stress abruptly during the course of primary creep of 
high purity aluminum. These investigations revealed that a 
simple functional relationship between creep rate and stress 
does not exist; the effect of stress on the creep rate depended 
on the substructure as well as the stress. In general the 
creep of aluminum under conditions of changes in stress can 
be resolved qualitatively in terms of dislocation clim) models 
for creep. (. {ISM-SLA Classifie ation O3, W26bh, 3-66: 
Al 


INTRODUCTION 
REEP CAN ONLY take place as a result of thermal activation of 
deformation processes. Each of these processes can be expressed 
in terms of a generalized Arrhenius relationship 


é=S(0,S,T)e-@a,5,7)/R1 Equation 1 
where o@=the applied stress 

S=a parameter that depends on the dislocation substructure 

=the absolute temperature 

R =the gas constant 

Q=the energy per mole that must be supplied by a thermal fluc- 
tuation to cause thermal activation of the unit creep process 
where the effect of substructure is represented by S and the 
applied stress is 0 

S=the strain per unit time per unit probability of a thermal 
fluctuation 


Since S is known to be insensitive to the temperature, the temperature 
dependence of the creep rate is primarily determined by the exponential 
term of Equation 1. A complete understanding of the creep behavior of 
crystalline materials therefore concerns the identification of Q and S as 
functions of the stress and the substructure for each of the permissible 
activation processes. 

In polycrystalline aluminum (1),! the activation energy for creep is 
about 35,500 cal/mole for all temperatures above about 0.55 of the abso- 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 

The authors, W. D. Ludemann, L. A. Shepard and J. E. Dorn, are associated 
with the University of California, Department of Engineering, Institute of Engi 
neering Research, Berkeley, California, and A. E. Bayce, formerly with this 
same department is now with the Shell Development Co., Emeryville, California 
Manuscript received May 12, 1959 
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lute melting temperature. The coincidence of this activation energy for 
creep with the estimated value for self-diffusion in aluminum and the 
extensive polygonization that occurs in this region serves to clearly re 
veal that the 35,500 cal/mole process is controlled by the rate of climb 
of dislocations 

It is the objective of this investigation to attack the next important 
phase in arriving at a complete understanding of the creep process, 
namely that concerned with the effect of stress on the creep rate 
Previous investigations (2,3,4) have already disclosed that the i 
tion of the effect of stress on the creep rate is indeed a much more 
subtle problem than that posed by the determination of the effect of 
temperature on the creep rate. This fact is associated with the difficulty 
encountered in attempting to separate the effect of stress from the sul 
structural effects. To illustrate the difficulties of this problem consider 
first the effect of constant stress on the creep rate in the dislocatior 
climb region where experiments have shown (5) that 


e=1(@) for ¢=const. Equati , 
where e= the total strain 
é=te & XT, the temperature compensated time 


t=the duration of test 
O.434,000 to 36,000 cal /mole 


‘or a given constant stress, the same strain is obtained for two differ 
temperatures, designated by subscripts one and two respectively 


te -Q/RT! = ¢,e-Q/RT2 Equat 


The values of O determined by Equation 3 are insensitive to the str 
and total strain 
[Equation 2 can be correlated with Equation 1 by differentiating wit! 
respect to time whence 
af\ / 00\ ‘ 
= 96) Var) F(@)e-@/8T, g=const Equation 4 
and therefore F(@) varies as S(o, S) for any given constant stress 
This relationship permits two important deductions to be made: First, 
the function F(@) depends on the constant stress for which it was 
determined. Second, for a given constant stress, the same substructural 
effects on the creep rate are obtained at the same values of 6. 
Under steady state creep, designated by the subscript s, Equation 4 
becomes 
é,eURT= F(0,) = 9(0) Equation 5 


since the same value of 6, is obtained for the same stress. It may be 
thought that the effect of stress on the creep rate can be determined 
terms of its effect on the secondary creep rate as given by Equation 5 
But a brief reflection reveals that the function @ depends on 6, whicl 
in turn depends not only on the stress but also on the substructur 


} 


changes induced during creep to the secondary stage by that stress. 
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The importance of such substructural changes is reflected by the fact 
that the creep rate under constant stress and constant temperature fre- 
quently changes by a factor 10° over the primary stage of creep. Such 
changes must arise from the introduction of additional barriers to slip 
as a result of the creep process itself. Higher stresses result in finer 
subgrain sizes, more closely spaced barriers to slip, and more closely 
packed dislocation arrays. 

Since the effect of stress alone on the creep rate cannot be evaluated 
in terms of the functional dependence of the secondary creep rate on 
the stress, an alternative approach to the problem is required. One ap- 
proach centers about the possibility that the stress and substructural 
effects expressed in Equation 1 are separable so that 


€=£(S,T)o(c)e—2/1 Equation 6 


If such a separation is warranted, the function ¢(«) could be obtained 
by the effect of abrupt decreases in stress on the creep rate, assuming 
that the substructural factors do not change. This technique was em- 
ployed in the present study. It will be shown that Equation 6 is not 
generally valid, the effect of stress on the creep rate being dependent 
on the substructure contrary to the implications obtained from earlier, 
less definitive, studies (4). 


EXPERIMENTAL TECHNIQUES 
One-tenth inch thick sheets of high purity (99.99% ) aluminum, the 
composition of which is given in the following table, were used through- 
out this investigation. 


Percent Composition by Weight 


Copper Iron Silicon Aluminum 
0.004 0.002 0.001 bal. 


Most of the creep tests were conducted on specimens which were 
machined from the cold-rolled stock and then annealed for 1 hour at 
413°K. This treatment resulted in a uniform grain size of about 4 
grains/mm. 

The creep machines were equipped with constant stress lever arms 
that maintained the stress within 0.04% of the reported value through- 
out the test. Creep strains were calculated to about the nearest 2 « 10°. 
The temperature was maintained constant within better than 1 °C. 


EXPERIMENTAL RESULTS 
Constant Stress Creep—lIn an attempt to assess the effect of changes 
in stress on the subsequent shapes of creep curves a series of specimens 
were pre-crept to a standard state of creep under a stress of 1300 psi 
to a strain of 0.05, which is in the primary range, following which the 
stress was either increased or decreased as will be described later. Such 
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Fig. 1—The Average Precreep Curves of Tests Run at 
8 and 555 °K in Terms of the Temperature-Compensated 
Time, @ 


tests were conducted at the two temperatures 508 and 555 °K, the 
dislocation climb region, for the purpose of revealing whether the 
temperature of test might not also be a factor in influencing the 
phenomena attending a change in creep stress. 

The average results of the pre-creep portion of the tests are docu 
mented in Fig. 1 where the creep strain is plotted as a function of 6 for 
the two test temperatures. These data reconfirm the validity of Equa 
tion 2 and reveal that the activation energy for creep is about 3 
cal/mole. 

Effect of Decreases in Stress—The gross trends of the creep curve 
following decreases in stress are shown in Fig. 2. Since the strain and 
time scales shown here are coarse, several small but important transient 
effects, to be described in detail later, are not revealed. For small de 
creases in stress (Fig. 2A) the creep rate continued to decrease until 
a secondary creep rate, és, was obtained. For an appropriate intermedi 
ate decrease in stress (lig. 2B), the creep rate remained constant at the 
secondary rate for the reduced stress. And for the large decreases in 
stress (Fig. 2C) the creep rate increased until it reached the secondary 
creep rate for the new stress. The secondary creep rate obtained after 
the stress was decreased was equal to that which is obtained following 
creep exclusively at the second stress as noted in Fig. 3. 


t 200 


The microstrains attending a decrease in stress always involved a1 
immediate elastic recovery and a very rapid time dependent anelasti« 
recovery. The total anelastic recovery was estimated to depend linearly 
on the decrease in stress and amounted to a strain of about 107 per 
unit psi decrease in stress. 
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Fig. 2—-Typical Constant Stress Creep Curves for 
Pure Aluminum After a Decrease in Stre from 


300 psi at 5% Strain and at a Constant Temperature 
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The microstrains following a large decrease in stress are shown in 
lig. 4 and are rationalized in Fig. 5. Following an immediate elastic 
strain recovery, Aex, both anelastic creep recovery Aecr and forward 
creep Aec occur simultaneously. For about 1 minute the resultant creep 
curve reveals a decreasing creep rate indicative of the exhaustion of the 
creep recovery phenomenon. At the minimum value of the resultant 
creep curve, the rate of creep recovery must be equal and opposite to 
that for forward creep since the net creep rate is zero. Consequently it 
is possible to reduce the total resultant creep curve into its creep re- 
covery and forward creep components. On this basis forward creep is 
observed to start at an estimated rate é,; and continue to decrease to a 
first constant rate é2. As will be noted in Table I, the rate attains é 
at a strain of about 0.0075, following which the creep rate increases to a 
value é, equal to the secondary creep rate for the reduced stress. 

The effect of temperature on the trends observed in the creep curves 





of stress than 





456 


Times and Strains to the End of the First Constant Rate Period of Creep 
é:) Following Stress Decrease. 7. 


Stress 
Temp Decrease 
°K Ae, psi 
508 260 
555 260 
555 325 
555 455 
555 650 


PRANSACTIONS 


strait 


Ae 


0.81 
0.81 
0.71 
0.65 
0.75 
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Fig. 3—A Comparison Between a Creep Test with a Stress Decrease and 
Continuously at the Lower Stress Value 


following reductions in stress are shown in Fig. 6 where the strait 
plotted as a function of the temperature-compensated time, 6 
correlations achieved in this way reveal that Equation 2 is also 
for cases of decreases in stress when o =a(@). 

The results outlined above are summarized in Fig. 7 where 


Time in Minutes 


80 


logarithm of the ratio of each significant creep rate (€1, é2, 


lowing a drop in stress to the creep rate é, just before a drop in stre 
plotted as a function of the final stress, o, minus the original stress, o 


This plot reveals that 


where 8 = 1.05 & 10°*. On the other hand the curve for In €;/é 
(o — o,) has a smaller slope than that for In é2/é, for greater reductions 
195 psi whereas it coincides with the curve for 


é, over the range of smaller reductions of stress than 








-195 psi. The 
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curve for In é,/é lies between that for In é;/é) and In é2/é, for greater 
reductions of stress than —195 psi and it lies below both curves for 
smaller reductions of stress. 

Effect of Increases in Stress—The gross effects of an increase in 
stress on the creep curve are shown in Fig. 8. The results exhibit the 
expected systematic increase in creep rate with increased stress. On a 
finer scale two types of microstrains were observed to occur, an im- 
mediate elastic strain and an immediate plastic strain. The plastic strain, 
shown in Fig. 9, was determined by subtracting the calculated elastic 
strain from the instantaneous total strain increase following the in- 
creases in stress. The results indicate that plastic straining always ac- 
companies an increase in stress. Furthermore, for a constant increase in 
stress, the amount of instantaneous plastic strain decreases with increas- 
ing creep strain. 

Stress Pulsing—The effect of stress pulses of less than three seconds 
duration on the creep curve is shown in Fig. 10. Upon rapid reduction 
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6 
Immediately Following an Abrupt Decrease in Stress 


and restoration of the original stress, the same creep curve 1S obtained 
as in the absence of the pulse. But if the stress pulse momentarily intro- 
duces a higher stress several changes are encountered. First, plastic 
straining occurs, immediately thereafter the creep rate is less than that 
obtained in the absence of a stress pulse. Finally the creep rate of the 
pulsed and unpulsed tests coincide. But the total creep strain at any 
time after pulsing to a higher stress is always greater than it would 
have been in the absence of pulsing. 

Secondary Creep Rates—The logarithm of é,e2“"* observed in series 
of tests conducted here are given in Fig. 11 as a function of the final 
stress under which the secondary creep rate was determined. Regard 
less of the previous stress history the secondary creep rate, ¢ 
only on the final stress 


- depends 
DISCUSSION 


When a stress is applied to a metal in the dislocation climb region of 
creep, dislocations generated at Frank-Read sources almost instantane 
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Fig. 6—Effect of Decreases in the Stress on the 
Creep Rate Over Long Periods of Time (Precrept tc 
¢€ = 0.05 Under a Stress of 1300 psi) 


ously undertake the Peierls process, intersection and cross-slip that is 
permissible, thus giving the instantaneous plastic strain observed upon 
loading. During this process the dislocations become arrested at bar- 
riers. The data given in Fig. 9 reveal that barriers become more closely 
spaced during the course of primary creep since the plastic strain ob- 
served upon increasing the stress decreases in this range. The fact that 
permanent plastic deformation is obtained even for extremely small 
increases in stress reveals that some dislocations are almost in position 
to escape past the barriers during creep. The data given in Fig. 10 re 
veal that additional barriers are introduced as a result of instantaneous 
pulse stressing to a higher value since the creep rate obtained im- 
mediately following restoration of the original stress is now lower than 
it was originally. This effect is not due to entanglement of dislocations 
upon lowering the stress, as shown by the negative stress pulse data 
given in Fig. 10. It is only associated with the dislocation processes 
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responsible for the permanent plastic strain obtained by an inc1 


stress pulse. None of these factors can be associated with th 
scopic grain size since it remains substantially constant durin; 
by clhmb. Consequently, the barriers that are most significant 


- < 


{ 


1 
} 


of pure metals by climb are those that can be formed during 


straining and creep 


Only three types of barriers can be operative in the clit 


(a) sessile Lomer-Cottrell dislocations, (b) barriers arising fro1 


fields about dislocation arrays, and (c) subgrain and grain bout 


Mott, who originally identified climb as a possible creep 1 
recently suggested that the significant barriers to slip it 


might be sessile [omer-Cottrell dislocations in face-centere 


metals (6). More recently Weertman (7) elaborated on the 
Mott’s suggestion, introducing specific assumptions which | 
correlation of the theory with some of the experimental 
tails of Weertman’s analysis will not be repeated her 
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necessary to give a slightly modified qualitative description of his climb 
mechanism. 

In face-centered cubic metals pure climb can occur for two orienta- 
tions of the dislocation in its slip plane: For example, a pure edge, 
having a Burgers vector a/2 [101] and lying in the [121] direction of 


the (111) plane, can climb along the (121) plane, which is normal to 
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Fig. 10—Effect of Positive and Negative Stress Pulses on 
the Creep Curve. 


the (111) plane in the [101] direction. In addition, as revealed by 
simple geometrical inspection, the same dislocation having a Burgers 
vector a/2 [101] now lying in a part edge and part screw orientation it 
the [110] direction of the (111) plane can experience climb along the 
(111) plane, which makes an angle of 108°28’ with the (111) plane, in 
the [112] direction. The first or (121) climb is ordinarily implied. The 
second or (111) climb, however, is more interesting, first because climb 
can occur when the dislocation is in part screw orientation, and secondly 
because the orientation coincides with that for a Lomer-Cottrell sessile 
dislocation formed by the reaction 

a/2 [101] (111) + a/2 [011] (111) — a/2 [110] (001) > 

a/6 [112] (111) +a/6 [112] (111) +a/6 [110] (001) 

The situation shown for simplicity in a symmetrical arrangement 1s 
illustrated in Fig. 12. The repulsion of the Lomer-Cottrell and the 
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Fig. 12—Climb Past Lomer-Cottrell Barriers. 
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repulsions of the remaining dislocations in the same array cause the 
dislocations a and a’ to climb away from each other as shown by the 
broken arrows. When lengths equal to the required size of a Frank 

Read source under the localized stress of the dislocation arrays climb to 
a height h they escape the first Lomer-Cottrell dislocation, slip, and pos 

sibly produce additional Lomer-Cottrell dislocations. The height h, to 
which the dislocations must climb is smaller under higher stresses be 

cause of the effect of denser dislocation arrays on the localized stress in 
the vicinity of the climbing dislocations. The details of the climb paths 
of the various dislocations are complex and can not be given in detail 
here. Several deductions based on this model, however, are significant 
During constant stress creep, additional Lomer-Cottrell barriers are 
produced which result in a decrease in the creep rate over the primary 
stage of creep. Higher stresses cause the formation of more barriers b 

f climb. A steady state 


cause higher stresses reduce the height « 
secondary creep rate finally results. An abrupt decrease in the stress 
would result in only a minor amount of creep recovery since the jogs 
on the climbing dislocations would prohibit extensive backward glide 
of the dislocation arrays. The creep rate immediately following an 
abrupt decrease in stress should decrease with time during the period 
when dislocation arrays thin out to that density appropriate for the new 
stress. New Lomer-Cottrell dislocations now formed at the lower stress 
will be spaced a greater distance apart. Simultaneously, the forme: 
Lomer-Cottrell dislocations recover. As shown in Fig. 6B, the times at 
two temperatures to the end of the constant strain rate é2 region where 
the creep rate starts to rise, agree on a @ basis, indicating a recover 

activation energy of 34,200 cal/mole for the process. Furthermore, the 
strains to the end of the és region are an almost constant 0.75%, as is 
shown in Table I, independent of the magnitude of the stress drop, indi 
cating that the recovery process is strain dependent. During this re 
covery the creep rate will increase and it should finally achieve the 
steady state creep rate for the new stress. 

Any increase in stress during the course of creep should cause an im 
mediate plastic deformation because some dislocations will always be 
near the top of their required climb height. And the strain obtained for 
given increase in stress should decrease with increasing amounts 
primary creep due to the greater number of Lomer-Cottrell barriet 
present. 

The above trends are in qualitative agreement with the facts for creep 
of aluminum given in the section on Experimental Results. Contrary t 
the deductions based on strain-hardening and recovery theories for 
creep (8,9) the creep rate does not vanish upon reduction of the stress 
Rather, in conjunction with a minor amount of creep recovery, a sub 
stantial creep rate is obtained having an initial value é;. During con 
tinued climb of the dislocation arrays, the creep rate decreases, as theory 


th 
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suggests, to a constant minimum value é2. Undoubtedly, some recovery 
of the Lomer-Cottrell dislocations occurs over this period, but recovery 
first becomes detectable over the range where the creep rate increases 
to the value of é, of the secondary creep rate appropriate for the new 
stress. The remaining details are also consistent with the theory. 

The question now arises as to whether the stress dependency of the 
creep rate in the climb region can be separated analytically and experi- 
mentally from the effect of structure. As shown in Fig. 7 the In é/é 
gives two linear curves with o-o, which join at the point where the 
initial creep rate at the reduced stress is equal to the secondary creep 
rate for that stress. Obviously a single stress law for creep does not 
apply, the functional dependence of creep rate on the stress depending 
on the structure as well as the stress. Two types of structures are 
significant, the piled-up arrays of climbing dislocations and the arrays 
of barriers. Since the barriers recover more slowly than the dislocation 
arrays, when the stress is reduced, the creep rate é2 is believed to approx- 
imate that for the barrier spacing appropriate for the precreep at the 
higher stress under the dislocation arrays appropriate to the lower 
stress. It is significant to note that In é2/é, versus o-o, extrapolates to 
the origin along a straight line. The slope of this line is dictated es- 
sentially by the dislocation arrays under the various stresses, the barrier 
spacings being almost the same as when the stress was decreased. When 
the reduced stress gives an initial creep rate é, greater than é, for that 
stress additional barriers are produced as the test continues. Whereas 
when the stress is reduced to such a value that é2, following adjustments 
of the array spacing, is less than é, for the new stress, the original bar- 
riers recover as the rate increases to é,. 

If this same test series were repeated at some larger precreep strain 
in the secondary stage of creep, it is anticipated that a curve paralleling 
the lower portion of the ¢,/é, curve of Fig. 7, but passing through the 
origin would be obtained. For, by the argument outlined above, the 
structure developed during secondary creep at the original stress cannot 
be sustained at any lower stress. Therefore, on a stress decrease of any 
amount, the ¢; and é2 recovery stages must occur before the final é, 
for the lower stress is obtained. Although a single stress law is not gen- 
erally valid, it should be possible to write a stress law for the secondary 
creep rate that incorporates the effect of the steady state substructure 
produced by each stress. It should also be possible to write a single 
stress law for the creep rate shortly after a drop in stress that pertains 
to the structure during the secondary stage of creep at the original 
stress. 

The climb model involving sessile dislocation barriers described 
above cannot be valid for creep by climb of dislocations in hexagonal 
close-packed metals, since they cannot form Lomer-Cottrell barriers. 
In fact, no type of sessile dislocation for the hexagonal close-packed 
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system has yet been announced. As was suggested in an earlier publica- 
tion (10), the barriers to slip in this system might arise from the 
stress-interactions of dislocations on nearly parallel slip planes. Such 
barriers are undoubtedly operative in all types of lattices and must 
therefore also be considered in the face-centered cubic system. In this 
case positive and negative dislocations of the two arrays climb together 
and annihilate each other as Weertman (11) has shown in detail. Upon 
a decrease in stress, however, the behavior of this model does not 
exactly parallel the experimental results. A small amount of creep 
recovery and a decreasing creep rate should be observed as the piled-up 
arrays thin out as a result of climb. But no minimum creep rate cor 
responding to é2 should be obtained. Rather for this model the cree; 
rate should decrease from the high initial rate, é,, to a slower sec ndary 
rate é, without evidence of removal of barriers. This is so because all 
of the barriers at the higher stress remain at the reduced stress; i: 
addition dislocations which could pass each other at the higher stress 
will be required to climb at the lower stress. Unfortunately no definitive 
results are currently available on behavior of hexagonal close-packed 
metals under decreases in stress in the climb region of creep. Obviously 
this mechanism alone is incapable of describing the recovery of barriers 
in face-centered cubic aluminum ; but undoubtedly it is a contributing 
mechanism to resistance to creep. 

Although subgrain boundaries may act as barriers to creep, their 
exact role has not yet been satisfactorily resolved. Current evidence 
suggests that they are the end product of the climb mechanism and not 
the rate controlling factor (12). This has been emphasized by the fact 
that extensive changes in subgrain structure have been observed under 
conditions of constant rate of creep. It is well-recognized, however 
that finer subgrains, and subgrains having higher angle boundaries, ar 
more effective barriers for plastic deformation at low temperatu 


es 


CONCLUSIONS 

1. High temperature creep of aluminum has an activation energy 
of 34,500 cal/mole as required by the dislocation climb mech 
anism for creep. 

2. Barriers introduced during the course of primary creep cause 
the creep rate to decrease continuously until a steady state pat 
tern of barriers is obtained under secondary creep. 

3. Barriers may be of two kinds, recoverable Lomer-Cottrell 
dislocations and stress interaction barriers between dislocation 
arrays on parallel planes. 

4. The creep rate is not a simple function of the stress ; it depends 

also on the creep structure, the dislocation pile-up in arrays 

and the distribution of barriers. 

Upon a large decrease in stress the creep rate has initially a 
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high value é; which subsequently reduces to a first constant 
rate é2 as the arrays thin out by climb, and then increases to é,, 
the secondary creep rate for the reduced stress, as the original 
barriers recover and are replaced by new more widely spaced 
barriers. 
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DISCUSSION 


Written Discussion: By T. Trozera, General Atomic, San Diego, Calif 

The authors are to be commended for their excellent work. It appears to be 
well done experimentally and represents a worthwhile contribution. However the 
assumptions relative to Cottrell-Lomer dislocations are subject to question. The 
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details of the interaction have not been confirmed and these barriers may 
easy to eliminate thermally. Would the authors care to comment on the « 


these barriers in the case where elimination is slow or very difficult 


Authors’ Reply 


The authors wish to thank Dr. Trozera for his comments on their 


answer to his question, though we have made certain assumptions regar 
Cottrell-Lomer dislocations and though there can be other suitable mec 
we feel that the proposed one does fit closely to the experimental facts 
barriers had not been eliminated, one could not easily have explained the 
rences noted in the experimental results. For example, with the propose 
anism, the phenomena of the comparatively high creep rate immediat 
ing a large decrease in stress, and of the ensuing lower rate, and of the f 
crease to the secondary rate, have been qualitatively explained 
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EXPERIMENTAL SURVEY OF THE 
DEFORMATION OF THE HARD-DUCTILE 
TWO-PHASE ALLOY SYSTEM WC-Co 


By C. NisHIMATsU AND J. GURLAND 


Abstract 

The deformation at room temperature of two-phase alloys 
of tungsten carbide and cobalt was studied by mechanical 
and metallographic methods. The deformation character 
istics under tension, bending, and impact were related to the 
order of appearance and extent of plastic flow of the matrix 
and fracture of the carbide particles. (ASM-SLA Classifi- 
cation O24; W, Co, 6 69 ) 


INTRODUCTION 


HIS STUDY of the strength and deformation at room tempera- 

ture of alloys of tungsten carbide and cobalt is intended to con 
tribute to the understanding of the mechanical behavior of two-phase 
structures of ductile and hard constituents. The sintered compositions 
of tungsten carbide and cobalt have a simple microstructure consisting 
of particles of WC more or less dispersed in a matrix of a Co—rich 
solid solution. The solid solubility of WC in Co is less than 1% (1)! 
and there is no measurable solubility of Co in WC at room tempera- 
ture (2). The constituents differ greatly in properties (Table I), so 
that in effect the alloys represent aggregates of brittle and almost rigid 
particles embedded in a plastic matrix. 

The properties of particle strengthened alloys have been summarized 
by Dorn and Starr (3), and Grant and Preston (4). Various theo- 
retical approaches have been discussed by Hart (5). Systematic studies 
in the past have been carried out on two-phase alloys of limited com- 
position intervals. This experimental survey is concerned with the 
overall effects of increasing amounts of the hard phase over the entire 
range of a specific two-phase alloy system, with particular emphasis 
on the characteristics of deformation and fracture 


ALLOY PREPARATION 


Specimens were prepared from powders of tungsten carbide (Fan- 
steel WC, type 425, nominal average particle size: 5 microns) and 
cobalt (99+-% Co, minus 200 mesh). The powder mixtures were ball 

'The figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 

Of the authors, C. Nishimatsu is Research Assistant and J. Gurland is Associate 
Professor, Division of Engineering, Brown University. Manuscript received 
April 13, 1959 
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Table! _ 
Properties of Constituents 
wc ( 

MeltingPoint: decomposes 2600°C 1495 % 
Crystal Structure at 20°¢ simple hexagonal close-packed hexagona 
Density: 15.7 gr/cm? 8.9 gr/cm? 
Coefficient of Linear Thermal 

Expansion (20—800°C 5.4-10-* 12.3-10-* 
Modulus of Elasticity: 102-10 psi 30-108 ps 
Poisson's Ratio:* 0.22 03 
Hardness: * 94Ra 40Ra 
Elongation at Fracture:* Brittle 7.5% 


* Approximate values 


1 


milled in acetone for 72 hours, compacted to shape and sintered in 
hydrogen as indicated in Table II. All compositions are given as 
volume percent. The measured densities are expressed as percentages 
of theoretical densities based on mixtures of the components. Also 
listed in Table II are the average diameters of the WC grains, the mean 


free paths of the matrix, and the degrees of contact between WC grains 
determined on metallographically prepared samples by methods of 
linear and planar analysis (6). The contact between carbide grains is 


reported as the contiguity, i.e., the average fraction of surface area 
shared by a grain of WC with all neighboring grains of the same phase 
The contiguity varies from 0 to 1 as the distribution of the hard phase 
changes from a completely dispersed to a fully agglomerated structure 
(7). An average cobalt grain size of 8 microns was measured on 
sample with 50% WC etched with 3% Nital. 


MECHANICAL TESTS 


The results of the mechanical tests are summarized in Table II] 
Tension test samples were pressed to the shape of standard specimens 
for powdered metals (ASTM tentative Method E8-54T). The one 
inch gage length had a cross section, after sintering, of approximately 


Fable Il j 
Sintering Conditions and Structural Characteristics 
of WC-Co Compacts 


Sintering Density ( itiguity 

Composition Temperature Time % Grain Size Matrix Mea: Fracti 
Volume %  * F Hours Theoretical WC, Microns Free Path of Grair 
Cobalt Microns Surtace 

100 1285 2345 3* 97 

90 1285 2345 2 98.6 2.4 16.8 0.16 

65 1285 2345 1.5 99.6 1.9 3.39 0.29 

$0 1300 2370 1 99.4 24 1.73 0.42 

37 1350 2460 1 99.8 2.3 1.03 0.47 

22 1400 2550 1 99.4 2.0 0.44 0.54 

1 99.2 1.9 0.17 0.66 


10 1425 2595 


* Hot-coined, annealed 1200°C (2190°F) 
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Fig. 1—Tensile Deformation of WC-Co Alloys 


0.2 & 0.15 inch. All stressed surfaces were ground longitudinally wit! 
a 220 grit diamond wheel. The tests were performed on a Dillon tester 
Model L, equipped with a self-aligning coupling for axial loading. The 
hone shaped specimen was supported at each end by two steel cylinders 
Two SR-4 type A-7-4 wire strain gages were mounted on opposit 
sides and the position of the sample was adjusted under an initial small 
load until the strain difference between the two sides was neglig 
The consistency of some of the measurements is indicated by the test 
data from duplicate samples. Stress-strain curves ot each compositiot 
are shown in Fig. 1. The following properties were determined : elasti 
modulus, proportional limit as estimated graphically, yield strength at 
0.01% permanent strain, strain hardening exponent, and elongation at 
fracture. The measured values of the elastic moduli a 

with literature values for tool compositions (8). 


yree ftairly we 


Fracture strengths were obtained in tension and bending. The tensile 
fracture stresses show considerable scatter, in spite of the precaution 


Mm 
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Fig. 2—Fracture Strength in Tension and Bend 
ing. 





+ ' nck ¥ 


big tending Load Versus Deflection of 
WC-Co Alloys 


taken to eliminate eccentricity of loading and to minimize stress con 
centrations. The highest tensile strengths were selected as representa 
tive of each composition and are plotted in Fig. 2. The results agree 
with those of Johnson (9) for 10 and 24% cobalt alloys, but are low 
in comparison with the value of 190000 psi. reported for a 20% cobalt 
composition by Felgar and Lubahn (10). Transverse rupture strengths 
were determined on rectangular specimens (3/16 *& 3/8 & 3/4 inch) 
by loading at the center of a 5/8 inch span. Although the modulus of 
rupture calculated by the beam formula is correct only in the elastic 
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range, the nominal stresses so calculated in the plastic range make 
possible a comparison of samples of different compositions. Each point 
of the bending strength curve of Fig. 2 represents the average of five 
tests, the average difference between duplicates was of the order 
15000 psi. 

The hardness was measured on the Rockwell A scale and the av erage 
of five readings on each of three samples is reported for all compo 
sitions. The impact strength of each alloy was established on three to 
five unnotched Charpy specimens. 


METALLOGRAPHIC STUDY 

The deformation of a number of WC-Co alloys of large WC partick 
size (5-10 microns), was examined metallographically. Compacts 
(0.8 < 0.41 « 0.100 inch) were subjected to transverse bending in 
fixture which allowed microscopic observation of the specimen surfac 
under tension. The load was applied in steps through a single point at 
the center of a 5¢-inch span. The loads may be related to deflections of 
three of the compositions by means of the curves of Fig. 3 


a) 10% WC—90% Co 


The photomicrographs of Fig. 4 illustrate the appearance of the 
microstructure after fracture of the sample. The matrix is deformed 
and ruptured, but the carbide grains have suffered relatively litt! 
damage. In particular, very few of the carbide grains are broken 


b) 35% WC—65% Co 


A typical area of the microstructure at moderate loads is shown ir 
Fig. 5a. Two deformation phenomena are noticeable : slip bands in the 
matrix first observed at 460-pound load, and cracks in the WC grains 
formed at 810 pounds. Increasing the load caused the cracks to join i1 
an almost continuous fracture through both phases. The specimer 
broke at 980 pounds. The area of Fig. 5a is shown again in Fig. 51 
after fracture. The break occurred in the area of the previously note: 
slip bands and is accompanied by distortion of matrix and _ broke: 
carbide grains in a wide region on both sides of the fracture 


c) 50% WC—50% Co. 
The deformation of this alloy is illustrated by the following sequen 
tial study. The field selected is shown in Fig. 6a at 500-pound load 


black line through the center is a scratch roughly parallel to the direction 
of the tensile stress resulting from the bending deformation. The 


1 


rounded grain at lower center is partially traversed by a crack whicl 
was already present in the unloaded state. Slip lines in the matrix ap 
peared in this field of observation at 500-pound load. At 650 pounds, 
cracks developed in the carbide grains (Fig. 6b) and the crack orig 
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Fig. 5 . wi 65% ¢ o Alloy. * 1500. (upper) Load: 825 pound 
Slip in matrix, cracks in WC grains; (lower) Load: 980 pounds. Same 
field as above, after rupture 
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Fig. 6—50% WC—50% Co Alloy. * 1500. (a) Load: 500 pounds. Slip bands in 
matrix; (b) Load: 650 pounds. Cracks in WC grains 
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Pie” 
a 


Fig. 6 (continued) —50% WC—50% Co Alloy. X 1500. (c) Load: 1100 pounds 
Microstructure after fracture, composite photomicrograph. 





inally present in the rounded grain has propagated to the grain inter 
face. The sample broke at 1100-pound load and the two sides of the 
original field are shown in the composite photograph of Fig. 6c. The 
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Fig. 7—63% WC—37% Co Alloy. X 1500. (a) Load: 930 pounds. Slip in matrix, also 
polishing damage in carbide phase; (b) Load: 1350 pounds. Microstructure at fracture 
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fracture path again runs through the area of the matrix which had 
been plastically deformed. The first slip markings in this sample were 
observed in another area at a relatively small load of 380 pounds 


d) 63% WC—37% Co. 


Slip lines appeared in the matrix at 250-pound bending load. No 
cracks were observed in the carbide grains before failure of the sample, 
although traces of polishing scratches sometimes took on a dendriti: 
appearance (Fig. 7a). After failure, the matrix was deformed and 
broken carbide grains were found only within a narrow zone near the 
fracture (Fig. 7b) 


e) 90%o WC—10% Co. 


The fracture behavior of low cobalt compositions has been previously 
described (11). No slip has been observed in the matrix and it was 
found that the fracture originates in and proceeds through the carbide 
phase, mainly. 

Samples of various compositions were broken by impact and ex 
amined after fracture. There is a marked difference in the mode of 
deformation of high and low cobalt compositions. As illustrated by 
Fig. 8, the degree of deformation of the matrix diminishes and the 
cracking of carbide grains becomes more pronounced with increasing 
carbide contents. The high cobalt alloy deforms and fractures primaril 
outside of the carbide particles, whereas the deformation of the | 
cobalt sample is localized mainly in the carbide phase 


Discussion 
The modulus of elasticity of the composite alloys does not vary 
linearly with composition. The measured values are intermediate be 
tween those calculated for simple models of unrestrained elements 
subject either to equal stress: 


Far = (Eco * Ewe) /Ewe * f + Eco (1 f) 
or to equal stram 
le. Keo ® f+ Ewell f) 


where Ey, Ky.. Ewe are the moduli of the alloy, cobalt and tungstes 
carbide respectively, and f is the volume fraction of cobalt. For instance 
for the 50% cobalt composition, the measured modulus is 54*10° psi 
whereas E,4, 16° 108 psi and E,2 = 65°10 psi. 

The plastic characteristics also vary with composition. The flow 
stress at a given strain increases greatly with the volume fraction of 
the carbide phase, while the strain hardening exponent 1s much less 
affected. The data is inconclusive as to whether the strength is a lineat 
or exponential function of the particle spacing. The first evidence of 
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Table IV 
Bending Load at First Slip 
———— Composition Load 
% WC Ib 
35 460 
50 380 
63 250 








Fig. 8—Microstructures After Impact. X 1500. (a) 35% WC—65% ‘| \lloy; (b) 


50% We 0% Co Alloy; (c) 63% WC—37% Co Alloy 


plastic flow in the matrix was observed microscopically at loads which 
were well within the apparent elastic portion of the load-deformation 
curve. The greater the percentage of WC in the alloy, the lower the 
load at which this localized deformation occurred (Table IV). This 
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first slip is probably associated with stress concentrations at the inter- 
face of matrix and inclusions which are relieved by local yielding (12), 
The early slip bands did not increase in size as the load was raised, but 
more deformation markings appeared in other areas followed by 
cleavage of a number of carbide grains. There seemed to be little con 
nection, if any, between the initial flow lines in the matrix and the 
fracture of individual carbide grains. The discontinuous carbide cracks 
were noticed only after some plastic deformation of the sample as a 
whole and on continued loading, the cracked particles were joined by 
regions of severe local deformation in the matrix into which the cracks 
eventually spread. The influence of the hard particles on the plastic 
behavior of the matrix seems to produce, in succession, local stress 
concentrations, local plastic flow, embrittlement, and fracture. 

The fracture strengths reached their highest values near 37% cobalt, 
a maximum having been previously observed for tool compositions 
(11). The ratio of tensile to bend strength varied from 0.56 to 0.46 in 
the range from 65 to 10% cobalt. Near the two ends of the composition 
diagram, the failures of the alloys take place by deformation or cleavage 
of the phases present in major amounts, that is the matrix in high cobalt 
alloys and the carbide phase in low cobalt compositions. This was noted 
both in static bending and impact. The higher the carbide content the 
less plastic deformation extends into the matrix. It may be of interest 
to note that impact strength, elongation and hardness are most strongly 
affected by composition near the cobalt-rich end of the diagram. Al 
though the impact resistance of carbide-rich alloys is very low com 
pared to that of ductile metals, it is nevertheless significant as far as 
usefulness is concerned. For instance, the slight change in toughness 
accompanying a cobalt enrichment from 10 to 22¢ 
difference between a lathe tool and a rock drilling bit. 

In conclusion, the following observations may be helpful in under 
standing the behavior of this class of alloys : 


© accounts for the 


\. The deformation characteristics change with composition as 
follows: 
1) Cobalt-rich alloys: The alloys fail by deformation of the 
matrix without requisite fracture of the carbide particles 
The load is carried primarily by the matrix and the function 
of the dispersed hard particles is to raise the flow stress of 
the ductile metal by mechanical interaction. This effect is 
discussed in the literature (1,2,3,12) as dispersion harden 
ing, particle strengthening, or plastic constraint. Also, the 
deformation characteristics of the matrix are altered by 
stress concentrations, coherency stresses and tesselated 
stresses associated with the particles. 


2) Intermediate compositions: Failure takes place by plastic 
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flow of matrix and fracture of the carbide particles. The 
dispersion hardening effect causes considerable restraint of 
the matrix, allowing a high stress in the WC which thereby 
contributes directly to the load carrying ability of the alloy. 
The stress in the matrix increases disproportionally during 
deformation, since the load is shifted to that phase as the 
included particles fracture. 
3) Carbide-rich alloys: The load is carried largely by the car- 
bide phase and the alloys fail in a brittle manner by fracture 
through that constituent. Little plastic deformation takes 
place in the matrix. 


B. The shapes of the fracture strength curves result from two 
competitive factors: As the alloy composition is changed by the 
addition of WC to Co, the ultimate strength is at first increased 
by the matrix strengthening effects enumerated above ; but even- 
tually the fracture strength is reduced because the amount of 
brittle constituent becomes larger and the increasing contact of 
the carbide grains results in a more continuous fracture path. 
Whereas the matrix mean free path may be a parameter of the 
strengthening mechanism, the contiguity may be regarded as a 
measure of the strength reduction. The embrittlement of the alloy 
is due both to the presence of a brittle phase and to the restraint 
of plastic deformation of the ductile phase in contact with the 
almost rigid particles. 
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DIRECTIONAL GRAIN STRUCTURES FOR 
HIGH TEMPERATURE STRENGTH 


By F. L. VERSNYDER AND R. W. GuARD 


Abstract 

The present work describes observations on the effect of 
directional grain structures on the high temperature creep 
rupture properties of a cast alloy. The results of tests on an 
alloy whose rupture ductility is very low in the equiaxed 
condition shows that a grain structure, where the boundaries 
are mainly parallel to the direction of stress, gives both 
higher ductility (20-40% compared to 0.3-1.5%) and 
longer rupture life (equivalent to 15% higher rupture 
strength) than for an equiaxed structure. On the basis of 
additional evidence obtained on specimens having oblique 
boundaries, it ts concluded that the effect is related to the 
orientation of the grain boundaries and not to the preferred 
crystalline orientation. (ASM-SLA Classification: Q3m, 
2-59; Ni-b, 5) 


INTRODUCTION 


HE DEFORMATION and fracture characteristics of metals and 

alloys at elevated temperatures are known to be influenced by the 
nature and behavior of their grain boundaries (1,2).' It is usually ob- 
served that fracture at high temperatures propagates along the grain 
houndary. The present paper describes the results of a program di- 
rected toward reducing the tendency toward intergranular fracture by 
using a directional structure whose grain boundaries are oriented 
parallel to the stress axis. The creep and rupture characteristics were 
determined for a columnar grain cast structure in an alloy whose 
strength is limited by intergranular fracture when the grain structure is 
equiaxed. 

Columnar structures can be produced in a casting providing two 
conditions are met. First, the heat flow must be unidirectional causing 
the solid-liquid interface at the growing grains to move in one direction. 
Second, there must be no nucleation in the melt ahead of the advancing 
interface. In practice neither of these requirements can be met fully but 
grain structures having grains with a width to length ratio of 1:5 to 
1:25 can be produced readily. The results of producing such a columnar 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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structure in a casting are (a) a grain boundary structure oriented with 
respect to the cast shape and (b) a preferred orientation of the crystal 
structure of the grains. In this study it is necessary to consider both 
aspects of the columnar structure. 


EXPERIMENTAL TECHNIQUES 
The alloy chosen for the study was a Ni-Cr-Al alloy of nominal com 
position (wt%) 75.5% nickel—21% chromium—3.5% aluminum, 
which in previous work had shown low tensile and rupture ductility 
(<2%) and large tendency toward intercrystalline cracking (3). In 
the as-cast condition this alloy exhibits a microstructure of a very fine 
precipitate of y’( NigAl) in a nickel matrix. There is a variability in the 
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Fig. 1—-Design of the Mold for Directional 


Solidification of an Ingot. 


size and density of the precipitate which follows the coring pattern. Ni 
continuous grain boundary phases were observed in the as-cast struc 
ture. 

The directionally solidified ingots were cast into a 4-inch square 
mold ( Fig. 1) consisting of a shell of molding sand with an inner liner 
of “Exomold”, a commercial exothermic material. The inner liner i 
thicker at the top than at the bottom so as to provide a temperatur¢ 
gradient along the height of the casting. The entire mold assembl 
rests on a water-cooled copper plate so that directional cooling is ob 
tained. The top of the ingot is covered with exothermic material im 
mediately after pouring to prevent freezing over. The macrostructure 

) 


ot the ingot produced in this mold is shown in Fig. 2. An increase it 
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Fig. 2—Macrostructure of a Directionally 
Solidified Ingot X ™%. Grain size of this ingot 
is much larger than normally used (see Fig 
4b). This picture was chosen to emphasize the 
columnar nature of the structure. 


the diameter of the columnar grains is observed to occur varying di- 
rectly with distance from the copper base plate. The upper 14 of the 
ingot is usually equiaxed. The variation of chemical composition from 
top to bottom is within the range of heterogeneity in conventional 
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Fig. 3—Schematic Diagram Showing 

the Location of Oblique, Transverse and 

Longitudinal Specimens Cut From Slab 
of a Columnar Ingot 





Fig. 4—-The Relation of the Directional Ingot Structure 
to the Stress Axes for All Specimens. x 10 


castings. The equiaxed structures produced for comparison were ob 
tained by casting an ingot into a similar mold design made entirely of 
molding sand. The average grain size of the equiaxed structure was 
approximately the same as the transverse diameter of the columnar 
grains produced in the directional casting. 

The specimens for mechanical tests were machined from slabs cut 
from the ingots (at a and b Fig. 2). For a study of the properties as a 
function of boundary direction longitudinal, transverse and oblique 
specimens were cut from the ingots as shown in Figs. 3 and 4. (The 
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Table I 
Creep Rupture Results 
Comparison of Longitudinal, Transverse and Equiaxed Grain Specimens 


Test Rupture Second Stage % Elong Time to 
Temp Stress Life Creep Life* in 1° % Creep 
Specimen Orientation Ksi * (hrs) *; (hrs) %E to: (hrs) 
v241 Tr 1472 15.0 543.8 265 2.3 206 
V242 1472 15.0 1661.0 820 40.0 380 
rit EQ 1472 15.0 637.5 340 1.2 622 
L-11 EQ 1472 15.0 407.4 260 0.3 
V247 Ir 1472 20.0 136.3 43 4.9 67 
V248 ong 1472 20.0 265.1 82 0.7 58 
V340 Ir 1472 25.0 21.8 8 6.2 10 
V339 ong 1472 25.0 23.0 11 20.4 19 
V333 Ir 1382 15.0 Did not break in 1053 hrs 
V334 ong 1382 15.0 Did not break in 1055 hrs 
V338 Tr 1382 25.0 514.5 410 2.6 455 
V337 Long 1382 25.0 2065.4 780 24.6 425 
V336 Tr 1562 15.0 16.8 1.8 21.0 5.7 
V335 Long 1562 15.0 17.8 4.7 22.2 49 
V245 Ir 1652 10.0 1.4 5 38.0 14 
V246 Long 1652 10.0 2.6 5 1.2 20 
v249 Ir 1652 5.0 190.6 74 87 6 
V250 Long 1652 5.0 453.2 74 42.1 94 
V281 I g(0 1472 0 365.8 kO 18.2 129 
V283 30 1472 20 242.8 &2 14.7 155 
V284 45 1472 20 222.4 92 7 188 
V285 60 1472 20 267.4 91 3.8 212 
V282 rrans(90 1472 20 254.3 74 4.1 190 
V320 Long(0) 1652 7.5 26.6 1.8 60.0 8.4 
V321 0 1652 7.5 18.1 2.0 33.3 4.6 
V322 45 1652 7a Bad Test—Controller Failure 
V323 60 1652 7.5 32.8 1.8 24.6 45 
V324 Trans(90) 1652 7.5 14.9 1.2 33.3 1.3 
*t, = This term is defined as the time at which the creep rate has increased to 10% larger than the 


minimum rate 


angle @ represents the angle between the specimen or stress axis and 
the longitudinal direction of the ingot ). Although there was a variation 
in grain width along the length of the ingot the size was reasonably 
uniform along the 2” slabs, shown in Fig. 2, from which the specimens 
were cut. The mechanical behavior at elevated temperatures was ex- 
amined by carrying out constant load creep-rupture tests. The speci- 
mens had 0.160 inch gage diameter and 1.1 inch gage length. 


RESULTS AND DISCUSSION 
Properties of Directional Grain Structures 
The results of the creep rupture tests are summarized in Table I and 
Fig. 5 and a typical set of curves are shown for longitudinal, transverse 
and equiaxed specimens in Fig. 6. We can conclude from these data: 
1. The fracture resistance as indicated by rupture ductility and 
time to the end of the second stage of creep is greatest for the 
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Fig. 5—Stress-Rupture Plot for Tests at 1472 °F Showing Superiority of Longitudina 
Grain Structure 


longitudinal structure and less for the transverse and equiaxed 
structures 

2. The creep resistance of longitudinal and transverse grain stru 
tures, as shown by the early part of the creep curves, are 
similar 

3. The equiaxed grain structure has higher resistance to creep 
deformation but lower resistance to fracture than either 
columnar structure. 


We can further conclude from these observations that the difference 
between the longitudinal and transverse structures is related to the 
fracture behavior and is not caused by an enhanced resistance to defor 
mation. 

These results also indicate that the creep-rupture properties of 
directional grain structures are primarily related to the grain boundary 
direction relative to the stress and not to any preferred crystal orienta 
tion or any particular boundary misorientation. If either of the latter 
effects were important the resistance to creep deformation should be 
markedly different for the transverse and longitudinal structures which 
have different crystal orientation relative to the stress axis. The 
superior creep resistance of the equiaxed structure is probably related 
to the constraints imposed by three-grain junctions. 

To obtain further information on the role of the grain structure, 
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Fig. 6—Typical Creep Curves for Directional Grain and Equi 
axed Materials. (1472 °F and 15,000 psi) 


Fig. 7—Variation in Rupture Life and % Elon 
gation as a Function of Orientation of Grain 
Boundaries Relative to the Tensile Axis 


specimens were tested having grain boundaries which lay at oblique 
angles to the stress axis (See Fig. 4). If the preferred orientation of 
the crystal structure is important, one would expect a gradual change 
in strength and ductility for grain orientations between those of the 
transverse and longitudinal structures. On the other hand, if the di- 
rection of the boundaries themselves is important, one would expect all 
specimens except the longitudinal structure to be inferior since the 
only orientation in which there is a very low normal stress on most 
boundaries is the longitudinal orientation. That the second hypothesis 
is confirmed is shown by the data in Fig. 7. Both the ductility and 
rupture life show a maximum at 0° (Longitudinal). 

Observations of the fracture mode also confirm the importance of 
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Fig. 8—Nature of the Macroscopic Fracture Path in Specimens Having D 
Orientations of the Columnar Structure. Longitudinal boundaries in right | 
men. Increasing angle of boundary to stress axis from right to left 





Trans 45 


the grain boundary fracture path. The nature of the fracture for the 
different orientations is shown in Fig. 8. The longitudinal and 30 
specimen fracture normal to the stress axis, primarily in a transgranu 
lar manner. The fracture pattern of the 45—, 60— transverse speci 
mens follows the grain boundary direction and is principally inter 
granular. 

The data also show that the beneficial effect of the longitudinal 
structure is less marked at high stress levels where intergranular fra 
ture is less predominant. Compare the tests at 25,000 psi and th 
15,000 psi at 1472 °F 


SUMMARY 


It has been demonstrated that it 1s possible to obtain superior el 
vated temperature strength and ductility in a Ni-Cr-Al alloy by pr 
ducing a structure having columnar grains extending parallel to the 
applied stress. The rupture ductility was increased by a factor of 4 t 
10 and the rupture strength by 15-20%. The structure inhibits the 
normal intergranular fracture mode ; and as a result, the fracture must 
become predominantly transgranular. This basic principle could be 
applied to any material whose strength is limited by the incidence of 
intergranular fracture 

Experiments have been carried out on specimens with t 
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orientations of the columnar grain axis with respect to the stress axis. 
The results indicate that the effect is primarily related to the di- 
rectionality of the grain boundary itself and not to the preferred orienta- 
tion of the grains or the preference for certain boundary orientations. 
This is further confirmed by the observation that the primary effect is 
on the fracture behavior and ductility with practically no effect on the 
creep behavior at small strains. A more detailed study of the role of 
the grain boundary in elevated temperature creep and fracture is re- 
quired to give a complete understanding of the phenomenon. 
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ACTIVATION ENERGIES FOR CREEP 
OF AN 
ALPHA SOLID SOLUTION OF 
MAGNESIUM IN ALUMINUM 


By N. R. Boxcnu, L. A. SHEPARD, AND J. E. Dorn 


Abstract 


The activation energies for creep of an Al-3.2% Mg alloy 
were Studied over a temperature range from 78°K to the 
melting point. With the exception of a temperature region 
from 200° to 380°K where locking effects and periodic 
yielding were observed, the activation energies for the alloy 
are the same as those previously reported for pure alumt- 
num. However, an activation energy peak greater than 
80,000 cal./mole was obtained at 325 °K, and creep became 
immeasurably slow. 

The activation energy peak is analyzed in terms of Cot 
trell’s mechanism for strain aging and solute atom locking 
with the further postulate that locking occurs while the dis 
location is arrested at a barrier. Strong evidence is pre 
sented to suggest that at the temperature of the peak, dis 
location motion must be largely athermally produced. Both 
the Portevin-Le Chatilier effect and delayed yielding are 
discussed in terms of athermal unlocking of dislocation 
(ASM-SLA Classification: Q3, P13a; Al-b, Mg, 14-67 


INTRODUCTION 
VER THE past five years substantial progress has been made in 
developing a unified concept of the various phenomena arising 
trom interactions between dislocations and solute atoms in an alloy. It 
is convenient to group these phenomena into two major classes: One 
concerns the athermal effects of clusters of solute atoms (1)', and 
short and long range ordering (2,3) on the stresses necessary to force 
dislocations to move in solute alloys. Another concerns thermally acti 
vated processes associated with Suzuki (4) and Cottrell (5) locking 
of dislocations. The experiments and analyses to be discussed in this 
report are primarily directed toward clarification of the latter type of 
phenomena. 
The dislocation locking processes were evolved to explain yielding 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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processes in dilute alloys. The results of both Cottrell and Suzuki 
locking are the same. A cloud of solute atoms gathers about a dislo- 
cation, lowering its free energy. Additional work by the increased stress 
associated with yielding must be supplied to move the dislocation away 
from its locked position and into a region of average solute concentra- 
tion in the crystal. The two processes differ, however, in details of the 
locking mechanism. 

Suzuki locking arises from the chemical potential difference of solute 
atoms in the matrix of the crystal and in the stacking fault between the 
partial dislocations in a close-packed lattice. Under this potential dif- 
ference, solute atoms will migrate to (or from) the stacking fault 
region of the dislocation, decreasing the free energy of the system, 
until equilibrium is achieved. In the noble metals, the stacking fault 
width, of the order of ten Burgers’ vectors (6), is so great as to make 
unlocking by thermal activation improbable. In aluminum the stacking 
fault is estimated to be only one or two Burgers’ vectors wide (6), and 
thermal activation of Suzuki locked partials is feasible. Nevertheless, it 
will be shown in the discussion of this report that Suzuki locking does 
not materially influence the activation energies for creep of a 3.2 atomic 
% alloy of magnesium in aluminum. 

Cottrell locking arises from the reduction of the elastic strain energy 
fields about dislocations resulting from the diffusion of larger or 
smaller solute atoms to appropriate sites near the dislocation. A larger 
solute atom, such as magnesium in aluminum, will migrate to the 
region of the expanded half cylinder, to decrease the free energy of the 
dislocation and the system. As the major reduction in strain energy 
results from solute atoms gathered at sites immediately adjacent to 
the dislocation, Cottrell locked dislocations can be released upon move- 
ment of only a few atom distances, and thermal activation is possible. 

Cottrell and Bilby (7) and subsequently Fisher (8) have presented 
models for the release of Cottrell locked dislocations by thermal activa- 
tion during the yielding process. Substantial evidence contesting the 
concept of thermal activation of locked dislocations will be presented in 
this report. 

When the interaction of moving dislocations with solute atoms is 
considered, the complexity of the problem begins to mount. Cottrell (5) 
developed a theory that visualizes the interaction between solute atoms 
and moving dislocations as one of a viscous-like drag of the diffusing 
solute atmosphere on the moving dislocation. In an amplification of this 
idea, Cottrell and Jaswon (9) developed the concept that the atmos- 
phere, in lagging behind the moving dislocation, introduces a perturba- 
tion force on the dislocation which acts in the opposite direction to its 
motion. The perturbation force was calculated to be directly pro- 
portional to the velocity of the dislocation. Under these conditions the 
creep rate should be directly proportional to the diffusivity, the activa- 
tion energy for creep being that for diffusion of the solute atoms. This 








nm 
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theoretical conclusion will be shown to be inconsistent with the experi 
mental facts in this report and an alternate explanation of the observed 
phenomena will be offered. 

The Portevin-Le Chatilier effect of serrated stress-strain curves has 
been ascribed by Cottrell to interactions between solute atoms and 
moving dislocations (2). In the range of temperatures where solute 
atmospheres can migrate with dislocations, the atmosphere will “catch 
up” with a slowly moving dislocation and cause it to decelerate, finally 
locking it completely. In contrast a “fast” dislocation will leave its 
atmosphere and continue to accelerate. In this way it might be possibk 
to account for the serrated steps observed at appropriate temperatures 
in the stress-strain curves of solid solution alloys. An alternate explana 
tion of the Portevin-Le Chatilier effect which is consistent with other 
observations will be developed in this report. 

Two factors are thought to be responsible for the absence of inter 
actions between solute atoms and moving dislocations ai high tempera 
tures. When the temperature reaches an appropriately high value the 
solute atmosphere can migrate with the dislocation. Under these con 
ditions the Cottrell-Jaswon perturbation force vanishes and no inter 
action is noted. Furthermore, at high temperatures the solute atom 
“atmosphere” might evaporate from the dislocation (10). A third 
ite 


possible explanation for the absence of interactions between sol 
atoms and dislocations at high temperatures that is consistent with the 
thesis being developed in this report will be made. 

Up to the present all of the phenomena associated with delayed 
yielding in strain-aged alloys have not been incorporated into a com 
pletely satisfactory unified theory of this phenomenon. Fisher (8) has 
developed an analytical model of the mechanism for delayed yielding 
The basic cause for the failure of this theory to account for the ob 
served facts will be described and a simple alternate explanation of 
delayed yielding that is consistent with the main thesis of this report 
will be developed. 

The new experimental evidence to be presented in this report which 
has facilitated the various deductions outlined above is the activation 
energies for creep of a 3.2 atomic % magnesium alloy of aluminum 
The observed activation energies for creep reveal that in the strain 
aging range of temperatures the activation energies become the sum of 
that required to activate a dislocation for cross-slip plus that arising 
from Cottrell locking. In the center of the strain-aging region the creep 
activation energy becomes so high that the deformation becomes essen 
tially athermal. 


EXPERIMENTAL TECHNIQUES AND RESULTS 


The 3.2 atomic % magnesium alloy of aluminum used in this in 


vestigation was selected in order to permit direct correlations of the 
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observed creep behavior with previously obtained tensile data. The 
chemical composition of the alloy is given in Table I. 


Table I 
Chemical Composition 
Weight % 


Meg Cu Fe Si Mr Al 
2.82 0.001 0.002 0.001 0.001 Bal 


A detailed description of the equipment, experimental techniques 
and method for data reduction used in this investigation has appeared 
in previously published work (11,12). Specimens were crept under 
constant stress, and strains were determined to a sensitivity of 10-°. 
Specimen temperatures were determined to the nearest 0.1 °K. 

Two grain sizes were studied, 0.95 millimeters in initial tests, and 
0.0425 millimeters in the remaining niajority. No differences could be 
detected in activation energy as a result of this difference in grain size. 

\ctivation energies were calculated from the instantaneous change 
in strain rate resulting in an abrupt change from one constant tempera- 
ture to another. If at a strain «, a temperature change from T, to Ts 
results in a change in instantaneous strain rate from €,, to €2 then 


(é:/é2) = (e~2/ RT /e-Q/RT2) Equation 1 


where R is the gas constant, and Q the activation energy for creep at 
that strain. The mean temperature T for the measurement was de- 
termined as 

(2/T) =(1/T,) +(1/T?) Equation 2 


Temperature changes of about ten degrees were used below 450 °K, 
and about thirty degrees above this temperature. In one series of results 
in which the temperature was changed only three degrees K, calculated 
activation energies agreed identically with those determined from the 
larger temperature intervals. 

The strain rates €; and ¢2 were obtained by graphical differentiation 
of the plotted creep curve. A period of from two to three minutes is 
required for the specimen to attain the new constant temperature after 
the change. The instantaneous strain rate ¢ at temperature T. and 
strain « was obtained by extrapolating a strain rate versus strain plot 
of rates determined after the transient temperature interval back to the 
strain e. 

A significant portion of the tests was conducted by cycling the tem- 
perature up and down between two fixed temperatures. It was demon- 
strated that there is no effect of strain upon the activation energy, in 
agreement with previous investigations on pure polycrystalline metals 
(11,12). Therefore, a series of activation energy determinations was 
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made over a range of temperatures on single specimens by successive 
incremental increases in temperature. The two methods yielded identi- 
cal results. 

Over the range where only one thermal activation process controls 
the creep rate, QO should be independent of the mean test temperature. 
When, however, several independent creep processes operate simul- 
taneously, ©, obtained by Equation 1, will be the weighted average 
activation energy of all operative processes. In this event the observed 
activation energy will be dependent on the test temperature. 

The observed activation energies for creep of a 3.2 atomic % mag- 
nesium alloy of aluminum are shown by the solid curve and the various 
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Fig. 1—Activation Energies for Creep of Pure Aluminum and an AI-3.2% Mg All 


data points of Fig. 1. The broken curve represents the previously ob 
tained activation energies for high purity polycrystalline aluminum 
(12). In the range from about 200 to 380 °K, where the apparent acti 
vation energy for the alloy reveals a steep peak, the creep rate de 
creased extremely rapidly with strain. This caused difficulty in extra 
polating the creep rate versus creep-strain curve through the transient 
temperature interval. In these cases, however, it was always possible 
to estimate whether the true observed activation energy was higher or 
lower than the estimated value obtained by extrapolation. Such data 
have been incorporated into the figure and are appropriately docu 
mented with arrows to indicate the correct trends. As will be dis 
cussed more fully later, the peak activation energy for the alloy at 
about 325 °K could not be obtained because of negligible creep rates 
that resulted even at stresses that approached the tensile strength of 
the alloy. 
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DISCUSSION 


A. General Trends Common to Aluminum and the Magnesium 
Alloy of Aluminum 


The activation energies for creep of a 3.2 atomic % magnesium alloy 
of aluminum agree with those for high purity aluminum over all ranges 
of temperature excepting that extending from about 200 to 380 °K 
where the activation energy for creep of the alloy is superior to that for 
pure aluminum. Consequently, the interpretation of the activation 
energies for the alloy must be based primarily on the previously an- 
nounced analyses of the effect of temperature on the activation energies 
for creep of high purity aluminum (12,13). 

1. High temperature creep. Above 500°K high purity aluminum 
exhibits an activation energy of about 35,500 cal./mole, which is the 
estimated value for self-diffusion in aluminum. Analyses of data on a 
series of pure metals have shown that at temperatures above about 0.55 
of the melting temperature, the activation energy for creep equals that 
for self-diffusion (14). This fact, coupled with the observation that 
creep is accompanied by extensive polygonization in this range, de- 
mands that high temperature creep be controlled by a dislocation climb 
mechanism as first suggested by Mott (15) and recently amplified by 
Weertman (16,17). 

The fact that the 3.2 atomic % alloy of magnesium in aluminum also 
exhibits an activation energy of about 35,500 cal./mole over the same 
high temperature range as pure aluminum can be rationalized in terms 
of the climb mechanism for high temperature creep. Climb occurs by 
the migration of vacancies to (or from) jogs on dislocations. In the 
case of a dilute alloy most of the migrating atoms are those of the host 
element. The activation energy for vacancy diffusion, consequently, 
cannot differ appreciably from that for self-diffusion. Therefore, on 
the basis of the dislocation climb mechanism for high temperature 
creep, the activation energy for creep of dilute alloys should be ap- 
proximately equal to that for the pure element. 

2. Intermediate Temperature Creep. Over an intermediate range of 
temperatures (Fig. 1) from about 240 to 400°K, the creep of high 
purity polycrystalline aluminum is controlled by a single process that 
has an activation energy of 28,000 cal./mole. A mechanism of recovery 
of cold-worked Al, having the same activation energy, has also been 
isolated by Astrom (18). As shown in Fig. 2, the activation energies 
for single aluminum crystals favorably oriented for (111) [101] slip 
also undergo creep by the 28,000 cal./mole process over a range of 
temperatures (13). Schoeck and Seeger (19) have suggested that 
creep at intermediate temperatures could be controlled by the recovery 
process of cross-slip. Their theoretically determined value of 24,000 
cal./mole is in good agreement with the experimentally determined 
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energy. Furthermore, extensive wavy slip lines were observed on the 
surface of single crystals that were crept in the range where the activa 
tion energy was 28,000 cal./mole. Consequently, the weight of the evi 
dence favors the assumption that the 28,000 cal./mole process arises 
from cross-slip. 

Alloying elements could affect the activation energy for cross-slip 
at temperatures where the diffusivity of solute atoms is sufficiently great 
to permit a difference in concentration between the stacking fault 
region and the surrounding lattice. Under these conditions the width of 








Fig. 2—Activation Energies for Single Aluminum Crystals Oriented for 
[101] Slip 


the stacking fault in the alloy could differ from that in pure aluminun 
giving rise to a change in the activation energy for cross-slip. But in 
asmuch as the 3.2 atomic % magnesium alloy of aluminum also exhibits 
the 28,000 cal./mole process over the range from about 380 to 400 °K, 
it appears that this factor is not significant for the conditions quoted 
In the absence of any change in the stacking fault width and in the ab 
sence of auxiliary factors to be reviewed later, the activation energy ft 
cross-slip should be about the same in the alloy and the pure n | 
harmony with the observations made here over the range from 380 t 
100 °K. 

3. Low Temperature Creep. Over the range from 80 to 240 °k, th 
apparent activation energy for creep of polycrystalline aluminun 
creases from about 4000 cal./mole to 28,000 cal./mole, suggesting that 
a series of unresolved processes contribute to creep in this range ( Fig 
1). The single crystal data show, however, that for the condition of 
single slip, only the 3400 cal./mole process operates in this temperature 
region (lig. 2). However, when the single crystals were strained sui 
ficiently to produce multiple slip, the activation energies were found t 
increase to the value obtained for the polycrystalline metal at the sam¢ 
temperature. Apparently, multiple slip results in fixed contributior 
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the 3400 cal./mole and 28,000 cal./mole processes at each temperature 
in this range, producing the monatonically increasing activation energy 
versus temperature curve in polycrystalline metals. 

The 3400 cal. mole activation process in aluminum has been demon 
strated to be independent of applied stress and temperature from 78 
to 400 °K. It has been identified with the Peierls process, the energy re- 
quired to loop a dislocation forward an atom plane at a time against the 
Peierls force resistance of the lattice. The Peierls energy has been cal 
culated by Seeger (20) from damping capacity measurement to be 
3600 cal./mole in agreement with the experimental observations on 
creep. 

Assuming that low temperature creep arises from activation of the 
Peieris process, it is possible to rationalize the identity of the activation 
energies for creep of polycrystalline Al and the 3.2 atomic % mag 
nesium alloy of aluminum over the range from 80 to 240°K. Two 
processes appear to be operative in polycrystalline aluminum and the 
alloy in this range, the cross-slip and the Peierls processes. Since it has 
been demonstrated that the cross-slip process is not influenced by the 
solute atoms of magnesium in aluminum, it merely remains to demon- 
strate that the Peierls process is also insensitive to alloying in order to 
account for the coincidence of activation energies. The Peierls process, 
however, depends on the lattice parameters and the elastic constants. 
Since minor alloying additions do not materially affect these quantities, 
the activation energy for the Peierls process should be about the same 
ina dilute Mg alloy of Alas in pure Al. 


B. The Activation Energy Peak 

The region yet to be rationalized covers the range from about 200 °K 
to about 380 °K over which the activation energy for the magnesium 
alloy of aluminum exceeds that for pure aluminum and reaches a peak 
value of over 80,000 cal. /mole at about 325 °K. This region might be ex- 
plained by either Suzuki or Cottrell solute atom interactions with dis- 
locations. 

The fact that the magnesium alloy of aluminum has an activation 
energy of about 28,000 calories per mole in the region of 380°K to 
about 400 °K suggests that the width of the stacking fault ribbon re- 
mains only one or two Burgers vectors wide in the alloy as it is in pure 
aluminum. Such an extremely narrow stacking fault should permit 
thermal activation of Suzuki locked dislocations. But it will be demon 
strated that the locked dislocations under consideration here are not 
thermally activated in the vicinity of 325 °K near the activation energy 
peak of the alloy. Consequently, it appears highly unlikely that the ob- 
served activation energy peak can arise from Suzuki locked disloca 
tions. Instead, the data recorded here can be qualitatively rationalized 
in terms of Cottrell locking. 
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Cottrell locking will occur with the diffusion of magnesium atoms 
to the expanded half cylinder of an edge dislocation. The interaction 
energy between the solute atom and the dislocation produces a force 
which enhances the rate of this process. The average magnesium atom 
in the 3.2 atomic % alloy lies just a bit over one Burgers vector distance 
from a dislocation line. Thus, as shown by Cottrell (5), the velocity, v, 
with which the solute atom migrates toward the dislocation, can be 
calculated from the Einstein equation 


V =(b/t,) = (DF /kt) Equation 3 


where B =the Burgers vector 


ty — the time it takes for the solute atom to move one Burgers vect 

D = the diffusivity of the solute 

F = the force acting on the solute atom due to the strain energy gradient 
k = Boltzmann’s constant 


Dislocations do not move at a constant velocity, as shown by the 
interesting experiments by Hirsch, Horne and Whelan (21). As dis 
locations approach a barrier, they stop and remain at the barrier over 
period of time necessary for a local fluctuation in energy to cause their 
activation past the barrier. Consequently, solute atoms preferenti 
form atmospheres about dislocations over the period of time, t,, during 
which the dislocations are arrested at barriers. The average time, t 
dislocation remains at rest preliminary to thermal activation might be 
given by 


(1/t.) =const. e QR /T kq lat } 
The constant term is believed to be only modestly affected by stress and 
temperature (12,13). 
Above 200 °K, where the effects of locking are first observed, t, must 


be greater than t,; above about 380°K, where locking appears t 
vanish, t, must be greater than t,. Although these predictions cannot be 
quantitatively validated at this time, they can be shown to be 
tatively possible. 

Consider first estimating t, of Equation 3 for conditions where F is 
a maximum and t,, therefore, has its minimum value. The value of F 
can be calculated from 


F = (1/R)(8V/da) Equation 5 
where V is the interaction energy (5) 
V =4/3 (14+4)/(1 —z)(Ger?/R)b sina Equation 6 


Poissons ratio (0.33) 

Shear modulus of elasticity (2.65 x 10" dynes/cm*) 

Radius of the solvent atom (1.43 x 107-* cm) 

Local lattice strain (estimated to be 0.09) 

Distance of solute atom from the dislocation core 

a=Angle between the vector from the dislocation core to the lute 
atom and the Burgers vector 


and 


“~~a 4 et 
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Calculating Fina. for the very extreme conditions of R= b and a=o 
F max = 6.7 X 10-* dynes Equation 7 


The calculated value of t, is very sensitive to the value taken for 
the diffusivity D of magnesium in aluminum. In general, D is given 
approximately by 

D = (b*v/6) e~ AHex/RT(n, /n) Equation 8 
where v = Debye frequency 
AH,x =Activation energy for exchange of a solute atom with a 
vacancy 
ny/N»=Fraction of vacancies present 


If the vacancies are in thermal equilibrium with the lattice 
(ny/n,) =e~ SHv/RT Equation 9 


where AH, is the energy to make a vacancy. From experiments on dif- 
fusion of magnesium in aluminum under conditions where the vacancies 
are in thermal equilibrium (22) 


D =0.12 e- 2860 /RT Equation 10 


and, therefore, (6’v/6=0.12 


and AH,, + AH, = 28600 cal./mole. This value of AH., + AH, is in 
very good agreement with the activation energy for strain aging of 
annealed Al-3% Mg alloy specimens obtained by Phillips, Swain and 
Eborall (23), i.e., 27,000 cal./mole. However, using the diffusivity 
given by Equation 11, which assumes thermal equilibrium of vacancies, 
to calculate t,, the minimum time required to first initiate solute atom 
locking at 200 °K, t; equals 10'® seconds. Obviously on the basis of 
these assumptions an atmosphere would not form at 200°K in the 
period of a creep experiment. 

As pointed out by Cottrell (2), the fallacy in the above calculation 
arises from the assumption that vacancies are in thermal equilibrium in 
a highly strained specimen. Seitz (24) has suggested that the motion of 
jogged screw dislocations and other dislocation effects can introduce 
excess vacancies. The number of vacancies that are generated for a 
strain « are estimated to be given by 

(ny/no) =2X10-e Equation 11 
Assuming that none of these vacancies disappears at sinks and taking an 
average strain of 0.10 
D =2.4X10-%e~ SHex/RT Equation 12 

The value for AH,, in aluminum was determined by Bradshaw and 

Pearson (25) to be 10,000 cal./mole from resistivity measurement on 


quenched samples. However, a more accurate value for AH,x for this 
case may be obtained from the actual strain aging data for cold worked 
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slay Time for Cross Slip and Mg Alloy Diffu 
tween 200 and 380 °K 


\l-3% Mg alloys by 


wood and Broom (27 ) 


4 


Sherby, Anderson and Dorn (26), and West 
. 1.e. about 8000 cal./mole. When this val 


value fe 


AH,, is introduced into Equation 3, and t, is calculated over a range 
temperatures, the data shown by the solid curve of Fig. 3 are obtained 
In order to estimate the time, t,, a dislocation is delayed at a barriet 


preliminary to activation for cross-slip, t, can be placed equal to 1 
380 °K. Accordingly, 


Equation 13 
as shown by tl 


e¢ broken curve in Fig. 3. 


lor all temperatures aly 
380 °K, t, is less than t,, and dislocations are not delayed long enoug! 
at barriers to permit diffusion of solute atoms to form Cottrell at 
pheres. For all temperatures below 380 °K t, is larger than t, and a 
pheres can theoretically form. But below 200 °K, the 3400 cal le 
process apparently contributes sufficiently to the deformation so that 
locking effects are not observed. At 325 °K, the temperature of the 
activation energy peak, t, is much larger than t),, allowing sufficient de 


lay of the dislocation to permit a rather extended solute atom 
phere to form around arrested dislocations. 


The activation energy for creep of the magnesium alloy of alur 
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in the range from about 240 to 400 °K, over which region pure alumi- 
num exhibits the unique activation energy of 28,000 cal./mole for 
cross-slip, is composed of the sum of two energies, namely that for 
cross-slip plus that for activation of dislocations from their atmos- 
pheres. Between 200 and 240 °K, where the activation energy for high 
purity aluminum increases to 28,000 cal./mole, the activation energy 
for creep of the magnesium alloy of aluminum is some weighted aver- 
age of that for the Peierls process and that due to cross-slip plus that 
for activation of dislocations from their atmosphere. In the vicinities 
of 200 and 380°K the activation energy for creep of the magnesium 
alloy of aluminum is not much greater than that for pure aluminum, 
since only mild locking is obtained. But at 325 °K the delay time for 
activation and the diffusion velocity of magnesium are appropriate to 
give extensive locking. In fact, the creep rates at 325°K are much 
lower than those at lower as well as higher temperatures for the same 
stress. After a preliminary deformation necessary to produce vacancies 
to facilitate locking of dislocations by diffusion, the observed creep 
rate at 325 °K was less than the sensitivity of the strain gage, i.e., less 
than 10° per hour. For this reason it was not possible to obtain the 
peak activation energy for creep of the magnesium alloy of aluminum. 

Although the decline in the activation energy for creep of the mag- 
nesium alloy of aluminum from the peak value of 325°K to 28,000 
cal./mole value for cross-slip at 380°K can be rationalized in terms 
of the relative values of the delay time for activation and the time for 
diffusion of the solute atom as shown in Fig. 3, two additional factors 
could also contribute to this trend. The first concerns the possibility 
that the atmosphere will “evaporate” at sufficiently high temperatures. 
This possibility can be ruled out, however, for the study of Phillips, 
Swain and Eborall (23) has shown that locking effects are obtained in 
an Al-3% Mg alloy to about 723 °K. The second is a slight modifica- 
tion of the suggestion made by Cottrell; at high temperatures where 
the diffusivity of the solute atoms becomes sufficiently great, the solute 
atmosphere might diffuse with the dislocation as it is being activated 
for cross-slip. 

This rationalization of the process of solute atom locking of dis 
locations during creep is distinctly different from Cottrell and Jaswon’s 
(9) suggestions based on moving dislocations. According to Cottrell 
and Jaswon, the perturbation force acting on a moving dislocation by 
the lagging solute atmosphere results in a creep rate that is proportional 
to the diffusivity of the solute atom. Consequently, the activation energy 
for creep under these conditions should be that for the activation energy 
for diffusion. In the presence of excess vacancies that are generated 
during the course of creep, the activation energy for diffusion of mag- 
nesium in aluminum is only about 8000 cal./mole. At most, the acti- 
vation energy for diffusion of magnesium in aluminum might be that 
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which is observed when vacancies are in thermal equilibrium with the 
lattice, i.e., about 28,600 cal./mole. The observed activation energy is 
much greater than these values over the major range of temperatures 
where solute atom locking is observed. Obviously, the Cottrell-Jaswon 
theory of creep based on slow moving dislocations does not apply to 
the creep of a magnesium alloy of aluminum being reviewed here 


C. Athermal Unlocking of Dislocations 


Near 200 and 380 °K only the solute atoms near the core of the dis 
location have the opportunity to migrate, to form a weak locking effect 
As the temperature approaches 325 °K from either side more com 
plete locking can be obtained as previously described. The actual 
activation energy for creep of the magnesium alloy of aluminum in 
creases precipitously as the temperature approaches that for the acti 
vation energy peak. Over this range the delay time preceding activation 
increases because of the added effects of solute atom locking. The true 
average delay time might be estimated to be given by 


te.’ =3 X10-2%e0/RT Equation 14 


where Q is now the observed value of the activation energy in the lock 
ing region of temperatures. The dotted curve of Fig. 3 illustrates th 
effect of superposition of the activation energies for solute atom 
locking and cross-slip on the delay time. At 325 °K the value of t, be 
comes so large that creep should practically cease. As described pre 
viously, it does. Consequently, near the peak activation energy, defor 
mation should occur primarily by athermal processes. 

The requirements for athermal separation of dislocations from com 
plete solute-atom atmospheres has a simple theoretical justification 
\s shown by Equation 6 the interaction energy between solute atoms 
and dislocations has long range effects. The first effects of locking 
arise from solute atoms near the core of dislocation. Under those con 
ditions of short range forces, thermal activation is yet possible. But 
atoms many Burgers vectors away from the core do participate in 
the final stages of diffusion leading to completely saturated atmos 
pheres. In view of the long range forces involved, the unlocking ot 
dislocations surrounded by strong saturated diffuse atmospheres can 
not be achieved by thermal activation. 

The athermal nature of deformation of a series of Mg-Al alloys in 
constant strain rate tensile testing in the vicinity of the peak activation 
energy is shown by the previously published data on the effect of 
temperature on the flow stress (Fig. 4). Over the range of tempera 
tures from about 200 to 400°K, the flow stress is essentially inde 
pendent of temperature, as would be demanded by athermal processes 

It is within this same temperature range that the Portevin-Le 
Chatilier effect, the serrated stress strain curve resulting from re 
peated yielding and the spreading of Liiders’ bands is observed in 
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aluminum alloys (2). Cottrell’s explanation for the effect, sketched 
briefly in the introduction, involving the interaction of solute atoms 
with slow and fast moving dislocations seems less than satisfactory. 

In view of the previous discussion, it is only logical to assume that 
fully locked dislocations can only be moved athermally. During the 
course of tension testing an alloy in the strain aging region, the local 
stress becomes sufficiently high to unlock a few dislocations. As the 
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Fig. 4—Flow Stress at « 0.05 VS Temperature for a Seric 


of Aluminum—-Magnesium Alloys 


stress is increased, dislocation arrays pile up against other locked dis- 
locations. When the pile-up becomes sufficiently great, the barrier 
composed of the locked dislocation is broken athermally and an entire 
avalanche of dislocations of the array burst through. This initiates a 
chain reaction which causes the formation of a Liiders’ band. This 
sequence of events can repeat itself periodically. 

The Portevin-Le Chatilier effect is commonly obtained in pure metals 
during tensile testing at 4°K (28). Since the essential assumption of 
the mechanism outlined above concerns the athermal motion of dis- 
locations, this same mechanism can operate to produce serrated stress 
strain curves in pure metals at temperatures approaching the absolute 
zero. 

D. Delayed Yielding. 

Cottrell and Bilby (7) and Fisher (8) have suggested that the de 
pendence of the yield point of a strain aged alloy on temperature might 
be deduced by assuming that thermal fluctuations aid the stress in un- 
locking small dislocation loops from their atmospheres. Fisher showed 
that the delay time t,, to free a sufficient number of dislocations to 
nucleate a Luders’ band, can be represented by 

t, =AeB/¢ Equation 15 


where o is the applied stress, and T the absolute temperature. 
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Investigations on Mg locked dislocations in Al, however, have failed 
to confirm Equation 15 (29). Invariably logarithmic creep preceded 
the nucleation of the first Liders’ band. The dependence of the delay 
time for nucleation of the first band on the applied stress and tempera 
ture is shown in Fig. 5. Whereas the Fisher theory predicted that thy 





Fig. 5—Delay Time for Formation of the 

First Liiders’ Band as a Function of 

Stress and Temperature. Al —2.1 at 
Mg alloy 


same delay time should have been obtained at the same values 
the results shown in Fig. 5 reveal that 


t, =21 X 10~%e6800/R Te4.38 x 108 /¢ Equation 16 


The failure of the Fisher theory for delayed yielding is consistent 
with the previously suggested thesis that the solute atom locking effects 
arise from long-range forces. Such long-range forces, however, should 
require athermal initiation of the delayed yielding phenomenon. It is 
therefore necessary to illustrate how the athermal unlocking mechanism 
can possibly be associated with the activation energy of about 6800 
cal./mole as demanded by the evidence contained in Fig. 5. 

Undoubtedly the local stresses upon loading the specimen following 
strain aging were sufficiently high to unlock athermally a few disl« 
cations. These unlocked dislocations account for the period of loga 
rithmic creep preceding the formation of the first Ltiders’ band. As 
creep continues, the unlocked dislocations form piled-up arrays behind 
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locked dislocations. Finally, the localized stress, acting on the locked 
dislocation, reaches a sufficiently high value to unlock this dislocation 
athermally. When this happens, the entire piled-up array of disloca 
tions sweeps through the crystals as an avalanche, nucleating in this 
way a Liiders’ band. According to this proposal, the apparent activation 
energy for delayed yielding should be that for the precreep process 
necessary to pile up sufficient dislocations in an array to athermally 
nucleate a Liiders’ band. Reference to Fig. 1 reveals that the activation 
energy for creep in the vicinity of 78 to 114°K agrees well with that 
for delayed yielding, confirming in this way the proposed mechanism. 
Undoubtedly, the yield point phenomenon in strain aged alloys is also 
nucleated athermally in somewhat the same manner. 


CONCLUSIONS 

1. The activation energies for creep of a polycrystalline specimen 
of 3.2 atomic % magnesium alloy of aluminum agree with 
those for pure aluminum over all temperatures excepting in 
the range of 200 to 380 °K. 

2. The agreement of the activation energies of the magnesium 
alloy of aluminum with those for pure aluminum can be ra- 
tionalized in terms of the Peierls process, cross-slip mechanism 
and dislocation climb mechanisms for creep. 

3. Over the range of 200 to 380 °K the activation energies for 
creep of a 3.2 atomic % magnesium alloy of aluminum are 
greater than those for pure aluminum. A peak activation 
energy of above 80,000 calories per mole was obtained at 
deo *R. 

+. The high activation energies for the magnesium alloy of 
aluminum in the range from 200 to 380 °K were ascribed to 
Cottrell locking, the activation energy in this range being the 


c 


sum of that for cross-slip and unlocking of dislocations. 

5. Evidence on creep, the effect of temperature on the flow stress, 
and delayed yielding was presented to emphasize the fact 
that dislocations containing complete atmospheres can only be 
unlocked athermally. 
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DISCUSSION 


Written Discussion: By Victor A. Phillips, General Electric Company, Re- 
search Laboratory, Schenectady, New York. 

In this interesting paper, the authors show that the activation energies for creep 
of aluminum—2.8% magnesium alloy are higher than those for pure aluminum in 
the range 200-380 °K, with a peak at 325 °K. The authors propose an athermal 
dislocation unlocking mechanism to explain this peak. I find this mechanism un- 
convincing and would like to propose instead that the apparent activation energy 
peak is due mainly to precipitation during creep of second phase particles, probably 
at sites along dislocations. I hope to demonstrate that this is a very reasonable 
hypothesis 

First of all, looking at the solubility data (1) the best available figure for the 
solubility of magnesium in aluminum at 100°C (373°K) is 1.9%. It may be ar- 
gued that the 3% magnesium alloy would be normally single phase even in the an 
nealed furnace-cooled condition. This is probably because the rate of diffusion is so 
slow at low temperatures that precipitates do not form during cooling. It is well 
known however, that large numbers of vacancies can be generated by straining and 
that these greatly facilitate diffusion of magnesium atoms at temperatures where 
diffusion would not otherwise occur. Thus, Phillips, Swain and Eborall (2) ob 
served rapid strain-aging at 213 °K in a 3.4% magnesium alloy stretched about 3% 
In the strained condition therefore, if the available solubility data are correct, the 
alloy used by the authors would be likely to undergo precipitation at 325 °K. 

Further evidence in support of the precipitation hypothesis is afforded by 
Westwood and Broom’s results (3) on the strain-aging behavior of high purity 
aluminum—2.9 and 3.1% magnesium alloys. They strained test pieces 5 and 10% 
in liquid air, almost unloaded, then aged at temperatures up to 369 °K, and retested 
at liquid air temperature to determine the magnitude of the strain-aging yield 
point. One of the quantities measured was 4c—the incremental increase in flow 
stress. On aging at 283 °K after 5 or 10% strain, 4¢ reached nearly its maximum 
value after 1 minute aging and progressively decreased for times of 20 minutes 
and over (Fig. 6). This overaging is typical of a precipitation process and is not 
typical of strain-aging since once hardening has occurred by formation of Cottrell 
atmospheres there is no reason for the hardening to decrease on further aging 
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Fig. 6—Development of Increase in Flow Stress, Ac, in a 3% Magnesium Alloy 


Prestrained 5% (Solid Lines) and Prestrained 10% (Broken Line 


It would seem to me that the initial increase in activation energy over that of 
pure aluminum at temperatures of about 240-300 °K (author’s Fig. 1) can be e 


plained in terms of some type of Cottrell locking hypothesis. Secondly, the virtua 
cessation of creep near 325 °K can be attributed to Cottrell locking plus precipita 
tion, the dislocations (a) attracting solute atoms, (b) acting as “pipe-lines” du 
to enhanced diffusion along them, (c) acting as preferred sites for nucleation of 
second phase particles. Thirdly, at temperatures over about 360 °K solutes ceas« 
to provide an effective drag since atmospheres can now diffuse more rapidly and 
precipitates cease to be effective barriers since dislocations can climb round then 
The activation energy values obtained in the vicinity of 325 °K are on the present 


view meaningless since more than one process is involved and precipitation 
be complex 


In conclusion, | would like to correct two mis-quotations from Philliy Su 
and Eborall (2). Firstly, the authors say that we obtained a value of 27,000 
cal./mole for “the strain-aging of annealed Al-3% Meg alloy specimen 
should read “for the quench aging of annealed Al-3% Meg ” Secor the 
authors in referring to atmospheres at dislocations quote us as showing that 
ing effects are obtained in an Al-3% Mg alloy to about 723 °K.” I would just 
to point out that these were “grain boundary locking effects” only 
fine-grained material. We obtained no evidence that would indicate whet r not 
atmospheres at dislocations within the grains would evaporate at sufficiently hig! 
temperatures. However, | think it very probable that atmospheres would pe 


to at least 380 °K 
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Authors’ Reply 

The authors thank Dr. Phillips for this discussion to the paper 

The possibility of precipitation effects was not overlooked by the authors. We 
do not know whether or not precipitation occurred during our investigation, but 
we feel that the arguments presented in the paper satisfactorily explain the be 
havior of the 2.8% Mg alloy. It can be seen in Fig. 4 that locking effects during 
constant strain rate tests are found when there is no question as to solid solubility, 
namely 0.554 at. % Mg at 400 °K. 

The more recent work of Drs. D. Walton, L. Shepard and J. E. Dorn confirm 


1 


the athermal nature of unlocking of dislocations in aluminum alloys at concentra- 


tions of copper as low as 0.01% 








A STUDY ON THE RELATIONSHIP BETWEEN 
STATE OF AGING AND NOTCH-FATIGUE 
PERFORMANCE OF A HIGH STRENGTH 

ALUMINUM ALLOY 


By G. W. Form 


Abstract 


The fatigue performance of notched specimens of a dura 
umin alloy (2014 Alloy) was studied in relationship to stat 
of aging. The tests were carried out in an axial loading type 
vibrator under a nominal stress of 28500 psi at room ten 
perature and —110°F. The results obtained suggest that 
the poor fatigue to tensile strength ratio of high stren 
aluminum alloys is not invariably associated with overagin 
taking place during alternating loading. (ASM-S1 
sification: O7b, NZa; Al-b) 


INTRODUCTION 
IGH STRENGTH aluminum alloys owe their excellent stati 
strength properties to a controlled precipitation from a super 
saturated solid solution. Unfortunately, these high static strengt} 


properties are 10t of much benefit in structures subjected primarily to 
cyclic stresses, since the ratio of fatigue to static strength of these alloys 
is comparatively low. 

In recent years, the fatigue performance of high strength aluminum 
alloys has attracted the serious attention of several researchers, notab! 


in England. They all arrive at the conclusion that the relatively poor 
response of high strength aluminum alloys to alternating loading must 
be attributed to overaging promoted by cyclic stresses (1—4)', based 


on the following major evidence: 

a) Thin slip bands are extruded at the surface of precipitatior 
hardened aluminum alloys when subjected to cyclic stresses 
at room temperature. Below about —25°C (—13°F) the 
formation of these extrusion bands is suppressed 

b) At the temperature of liquid air the fatigue performance is 
greatly improved over that at room temperature. 

c) The change in damping capacity attending cyclic stressing at 


The figures appearing in parentheses pertain to the references appended to this 


A paper presented before the Forty-first Annual Convention of the S ty 
held in Chicago, November 2-6, 1959 

The author, G. W. Form, is assistant professor, Department of Metallurgical 
Engineering, Case Institute of Technology, Cleveland, Ohio. Manuscript received 
October 1, 1958 
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room temperature is similar to that occurring during thermal 
aging 

Although the above evidence lends support to the “overaging 
theory,” * it is not necessarily conclusive. For example, slip band ex- 
trusions, strikingly similar to those observed on heat treatable alumi- 
num alloys, are also observed on pure copper (5). Also, the fatigue 
strength (after 10° cycles) of non-age-hardenable aluminum alloys at 
liquid air temperature is improved, relative to room temperature values 
(percentagewise ), by the same amount as in the case of age-hardenable 
alloys (4). Finally, in view of the localized nature of fatigue damage, 
particularly near the endurance limit, it is difficult to understand why 
physical properties of the bulk material should correlate with fatigue 
damage. 

Obviously, the concept of the “overaging theory” is based on the 
thermodynamic instability of high strength aluminum alloys and im 
plies that precipitation is accelerated under the action of alternating 
stressing. Gaylor’s work on the effect of plastic deformation on aging 
(6) appears to support such a view. On the other hand, it has been 
shown that natural aging may even be retarded if preceded by cold 
work (7). 

The fact that cold work may, under one given set of conditions, 
accelerate an aging process while having a decelerating effect under 
another set of conditions, is not surprising. Plastic deformation, on 
one hand, increases the number of lattice vacancies (8), and thus 
tends to promote diffusion-controlled processes. On the other hand, 
plastic deformation leads to lattice distortions which tend to slow down 
an aging process (9). Which tendency predominates depends on the 
thermodynamic and mechanical stability of the alloy which, in turn, 
is governed by the time and temperature at which prior aging has been 
carried out and by the temperature of cold working. 


OBJECTIVES AND SCOPE OF PRESENT WoRK 

It is fair to assume that results relating a series of consecutive aging 
states to fatigue performance could throw further light on the problem 
regarding the fatigue behavior of high strength aluminum alloys. From 
the “overaging theory” one may deduce that under a suitably low 
cyclic stress the response to alternating loading would virtually be 
independent upon state of aging: Slightly aged specimens decompose 
more readily than fully hardened ones because of their higher degree 
of supersaturation, so that initial differences in state of aging are 
rapidly canceled out during the early stages of cyclic stressing. On the 
other hand, fatigue performance at sub-zero temperatures would de- 
pend on the state of aging, provided the test temperature is low enough 


* The term “overaging theory” pertains to the proposal that poor response to alternating 
loading is the result of overaging induced by cyclic stresses. 








516 TRANSACTIONS OF THE ASM I. 52 


to prohibit precipitation. In this case, one would—again in agreement 
with the “overaging theory’—expect the fully hardened specimens 
with their superior strength properties to perform best 

The purpose of this investigation was therefore to establish a re 
lationship between state of aging and fatigue performance in order 
to determine whether or not the relatively poor room temperature 
fatigue performance of high strength aluminum alloys is invariably 
the result of overaging induced by cyclic stresses. 

It was decided to compare only aging states reached at one and 
the same temperature over various aging periods with one another in 
order to avoid complications arising from variations in critical nucleus 
size and in type of precipitate with aging temperature (10). 

All specimens were subjected to the same nominal cyclic stress and 
the number of cycles to failure taken as a measure of the quality of the 
fatigue performance. The test conditions had to be selected such that 
specimens of widely differing yield stresses could readily be compared 
with one another. This required the choice of a stress level lying below 
the primitive yield stress of the softest state investigated in order to 
avoid that in some specimens (soft) the bulk is heavily plastically de 
formed, while in others (hard) the bulk is subjected to elastic stresses 
only. Specimens having a mild notch provided the necessary basis for 
comparison 

Common high strength Al-alloys such as 2024-T or 7075-T are not 
particularly suitable for studying the problem posed here, since they 
age naturally and also reach their maximum strength properties at 
room temperature. Thus, when testing these alloys in various a; 
states reached at room temperature, it is difficult to separate the effec 
of natural aging from that of aging induced by cyclic stresses on the 
fatigue behavior 

Extruded 2014 Alloy was found adequate for this investigation be 
cause it requires artificial aging to reach maximum hardness and 
readily be stabilized against precipitation at ambient temperature (as 


Call 


shown below ). 
The chemical composition of the as-cast material is given below 


Cu Fe Mg Mn Si li Zn Co 
4.23 0.39 0.38 0.79 0.89 0.03 0.07 0.02 


The material was specially prepared by the Aluminum Company of 
Canada and supplied in the form of extruded rods, 0.5 inch in diameter 
The specimens used in this investigation are depicted in Fig. 1. They 
were all machined to size before solution heat treatment at 940 ° I’, fol 
lowed by aging at 340 °F for various periods of time. 

The fatigue tests were carried out in a push-pull fatigue machine 
operating at 1560 cpm. A static tensile preload, slightly higher than 
the amplitude of the loading cycle, placed the entire fatigue cycle int 
the tensile region 
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Fig. 1—Specimens Used in this Investigation 


The low temperature atmosphere surrounding the specimens during 
the tests at —110°F was produced by a flow of nitrogen evaporated 
through heating of liquid nitrogen in a Hoffman-Dewar flask (11). 


RESULTS 
\. Course of Aging as Determined by Microhardness 


Alloy 2014 reaches maximum strength through aging at 340 °F. 
The corresponding aging curve, which formed the basis for the major 
experimental work, is shown in Fig. 2. After about 7 hours the hard- 
ness peak is reached. Fig. 3 depicts the effect of room temperature 
aging upon samples previously aged at 340 °F. It is evident that very 
short aging at 340 °I* is sufficient to stabilize the material toward sub- 
sequent precipitation at room temperature; this is true even for those 
samples which through artificial aging attained a hardness considerably 
below the room temperature maximum. This behavior assures that 
no natural aging takes place during the fatigue test of the series of 
specimens investigated (aged at 340 °F), which makes the 2014 Alloy 
particularly suitable for the present study. 
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B. Tensile Properties 
Yield strength,* tensile strength and yield-tensile ratio are plotted 


against aging time at 340 °F in Fig. 4.** The trend of the yield stress 

follows closely that of the hardness, while the tensile strength is less 

affected by the state of aging. This behavior leads to rapid increases 
* Yield stress load at 0.1% permanent radial strain divided by the correspor g 


stantaneous minimum rosssection 





** Data for the solution-heat treated and quenched specimens are included ir 


comparison purposes 
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in yield-tensile ratio during the first 8 hours of aging. Thereafter this 
ratio drops only slightly over an extended aging period. It is apparent 
from these graphs that a long period of overaging at 340 °F does not 
reduce the tensile properties appreciably: After 120 hours, the value 
for the yield stress is still as high as 60,000 psi., that for the tensile 
strength 70,000 psi. The trend of the curves also suggests that doubling 
this aging period would not further reduce the tensile properties to 
any marked degree. 
C. Fatigue Properties 

Preliminary fatigue tests brought out that a solution heat treated 
and quenched specimen (softest state studied here) failed after ap- 
proximately 10° cycles when subjected to a maximum nominal stress 
of 28,500 psi. This stress lies below the static yield stress of the above 
specimen, and was selected for the present investigation 


i. Room Temperature Tests 

The numbers of cycles to failure sustained by specimens aged for 
various lengths of time at 340 °F are assembled in Table I. 

In Fig. 5, the average life of a given aging state is plotted against 
aging time. The numbers of cycles to failure lie on two distinct levels, 
separated from one another by a rather sharp transition. Up to an 
aging time of one hour, the fatigue life is of the order of 100,000 cycles ; 
it drops to about 40,000 cycles after two hours and remains virtually 
unchanged during further prolonged aging. Fully hardened specimens 
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Table I 
Fatigue Tests at Room Temperature 
Aging time Number of cycles Average number 
340 °F (hrs to failure cycles to failure 
0 103530 97300 
0 96850 
0 79120 
0 109725 
728345 
101500 97470 
117780 
1 107280 
! 116000 99640 
1 754340 
2 49920 
$2420 40670 
40660 
5 29600 
5 47700 
$2995 
$4150 49690 
§2925 
1 27380 
| $2240 9940) 
1 40240 
4% 35500 
+x 41925 $7110 
4% 295600 
4% 41370 
120 31250 
. PF 


Soe ok @ = opiate 
\ 
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Fig. 5—Number of Cycles to Failure at Room Ten perature as a 
Function of Aging Time at 340 *F. Nominal cycling stress 8,51 
psi. 


do not perform best under the testing conditions imposed here despite 
the fact that their ratio of static yield to applied cyclic stress is largest 
as shown in Table IT. 

In order to determine whether the superior fatigue performance of 
the soft specimens was due to a higher resistance to crack initiation ot 
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28,500 psi for the num f cycles specified. The specimens 


were subsec along a plane through the axis, polished and d with Kellers 
Aged for ! 








reagent ng 10 se " ged for hr. at 340 °F, Fatigue test interrupted after 

30,000 cycles. (b) Aged for hrs. at 340 °F. Fatigue test inter ted after 60,000 

veles. (c) Aged for 2 hrs. at 340 °F. Fatigue test interrupted after 30,000 cycles. (d) 
Aged for 7 hrs. at 340 °F. Fatigue test interrupted after 30,000 cycles. x 200 


to crack propagation, a few specimens were subjected to 30,000 fatigue 
cycles (slightly below the lower fatigue life level of Fig. 5), and in 
spected for cracks. From the micrographs of Fig. 6 it can be seen that 
in the two hard specimens (Figs. 6c and d) cracks have progressed 
deeply into the core while no cracks can be detected in the soft speci- 
mens (Fig. 6a). Also, in neither of the two hard specimens is crack 
formation accompanied by visible plastic deformation at the notch 
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Table Il 
Ratio, R, of Static Yield Strength to Applied Gustte Nominal Stress, 28,500 Psi., of 
Specimens aged at 340°P. 
Aging Time Y ield Strength R Average Life 
(hrs.) (psi.) 
% 45100 1.59 97370 
1 52000 1.83 99640 
2 63400 2.22 40670 
7 75000 2.64 39690 
48 64000 2.24 37110 


root. An additional soft specimen, subjected to 60,000 cycles, showed 
various cracks, originating from different locations at the notch root, 
Fig. 6b. Heavy plastic deformation accompanying the formation of 
these cracks indicates that the soft specimen can more readily attenuate 
stress peaks through flow, i.e., it is less notch sensitive than fully 
hardened specimens. From the observations made on these interrupted 
fatigue test specimens it is concluded that the superior life of lightly 
aged specimens is the result of a higher resistance to both crack for 
mation and crack propagation. 
Fatigue Properties at —110°F 

The specimens used for this part of the investigation were also 
subjected to a nominal cyclic stress of 28500 psi. Four representative 
aging states were studied: soft, intermediate, fully hardened, and over 
aged. The results obtained are assembled in Table III. 


Table Ill 
Fatigue Tests at —110°F 
Aging Time Numbers of cycles 
at 340°F (hrs to failure 
Le nalts >245,000* 
lg . > 245,000* 
2 165,200 
2 Intermediate »245,000* 
2) 186,230 
7 105,090 
7} fully hardened 83,120 
7 108,150 
48 65,060 
45 overaged 79,160 
4x 82,440 
* The test was interrupted for reasons of exhaustion of continuous nitrogen supply; the spe 
was not fractured at this stage 


The life for all aging states is markedly longer at —110°F than at 
room temperature. It 1s interesting to observe that the aging state per- 
forming best at room temperature also has the longest life at —110 °F. 

Furthermore, a comparison with Table I brings out that the ratio 
between the life of the soft specimen (4 hour at 340 °F) and the fully 
hardened specimen is at least as large at —110°F as it is at room 
temperature, i.e., the fatigue performance of fully hardened specimens 
is not improved relative to that of lightly aged specimens if the test 
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temperature is lowered from room temperature to —110°F, despite 
the fact that at the latter temperature activated precipitation is pre- 
sumably suppressed. 


D. Impact Results 


In Fig. 7 the Charpy impact energy absorbed at room temperature 
is plotted against aging time at 340 °F. These results show clearly that 
the capacity of the material to absorb impact energy is strongly affected 
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Fig. 7—-Impact Energy as a Function of Aging Time 
at 340 °F 


by the state of aging. If the aging time exceeds one hour, the energy 
drops sharply to less than 50 percent of the value characteristic for 
the unaged specimen. The transition from a high to a low impact value 
occurs at the same aging time at which the fatigue life drops to the 
lower level in Fig. 5. 

Charpy results obtained at —110°F, Fig. 7, indicate that lowering 
the test temperature does not exert any marked influence on the trend 
of impact energy versus aging time. 

The analogous course of impact energy and fatigue life when plotted 
against aging time suggests that the relatively poor fatigue performance 
of fully hardened specimens is, at least in part, connected with the 
appreciable loss in capacity for energy absorption incurred during 
aging.* 

DiIscUSSION 


At the outset two deductions were made from the “overaging 
theory”: (a) fatigue life at room temperature is independent of state 


* Anders and Troiano (12) have shown that Charpy impact energy can be correlated to re 
sistance toward crack propagation during cyclic stressing. 
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of aging, and (b) at —110°F the fully hardened specimens exhibit 
the longest fatigue life. These two predictions have not been confirmed 
by the results presented herein. The fatigue life is clearly dependent 
upon the state of aging in a manner which cannot be reconciled wit} 
progressive dece MMposition of the matrix by cveli stresses \t 

110 °F, fully hardened specimens perform at least equally poorly in 
fatigue, relative to soft specimens, as they do at room temperature 
These findings suggest that the fatigue performance of the hig} 
strength state at ambient temperature is not connected with over 
aging induced by cyclic stress.* 

The comparison made between Figs. 5 and 7 indicates that the short 
life of the fully hardened state must, in part, be attributed to its 
sharply reduced resistance to crack propagation. Interrupted fatigue 
tests revealed that fully hardened specimens also possess a lower re 
sistance to crack formation than lightly aged specimens. At the ap 
plied stress level, the stress peak arising from the presence of th 
circumferential notch (theoretical stress 2.8 X applied nominal 
stress) surpasses the unnotched yield of the bulk of all aging states 
studied (see Fig. 4). The lower resistance to crack formation of fu 





hardened specimens must therefore be attributed to their low capacity 
of smoothing out stress peaks through plastic deformation. This is 
consequence of their high yield to tensile strength ratio as well as their 
low rate of strain hardening ** (13). The softer specimens, having 
yield to tensile strength ratio, can more readily attenuate the stres 
peaks at the notch root despite the fact that the stress peak surpasses 
the yield strength appreciably more than is the case for the full 
hardened specimens 

It is well known that fatigue damage starts in weak regions 
are either present at the outset of the fatigue test or are created during 
the test (such as through overaging ). 

In view of the fact that precipitation is a nonhomogeneous proc: 


(localized and general precipitation) and since this nonhomogeneity 
is amplified in a commercial alloy by impurities and agglomerations o 
secondary precipitates, one may reasonably expect variations tt 
tural homogeneity before the material 1s subjected to alternating 
ing. In order to verify this point microhardness readings were taket 
over small surface areas, and the standard deviation as wel the 
* A similar series of room temperature fatigue tests was also perf “ 
nominal cyclic stress (16,500 psi.). The scatter in the data obtained was " - s¢ 
the closeness of this stress level to the technical endurance limit. The tret \ 
it this stress level is characterized by an initial marked increase in number 
with progressive aging at 40 °F, reaching a maximum after about t I 
total number of es at fracture drops sharply and subsequently vel i 
rease in life can be ex uined on the basis that at a low enough lic stress 
strength during the earl uses of aging exerts a beneficial effect on the fatig 
us long as the bulk material is capable to smooth out effectively the str 
root through plastic deformation, reducing at the same time the adverse 
regions 
** True stress-true strain curves show that beyond ar wit time 


the rate of strain hardening decreases steadily 
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maximum deviation from the algebraic mean calculated. The results 
obtained on two fully hardened specimens are given in Table IV. 








Table IV 
Microhardness Readings Taken Over An Area of 64 x 10 in? on Two Fully 
Hardened Specimens. Test Load =50 g. 


Specimen A Specimen B 
Vicker hardness Vicker hardness 
Algebraic mean (25 readings) 
x=1/n =x 160 169.4 
Standard deviation: 
Pa i 
= \ pe—s 25.1 12.9 
n-1l 
Maximum deviation 
xX — Xr 80.3 45.4 


Although the data scatter appreciably (not only from one cross-section 
to another but also within one cross-section ), the above results demon- 
strate clearly that very soft regions are present in fully hardened speci- 
mens before they are subjected to cyclic stresses, the deviation from 
the mean hardness value being as high as 50%. 

It follows then that the question whether or not cyclic stresses can 
produce soft regions through activated overaging of the mother phase 
is of little importance in the problem posed here. The fully hardened 
alloy in the unstressed condition already contains soft regions of a 
magnitude and intensity greater than can conceivably be induced 
through cyclic stresses. 

The appreciable structural inhomogeneity must be considered a 
vital factor for the lack of correlation between static strength and 
fatigue behavior of high strength aluminum alloys. High static yield 
or tensile strength of the bulk alloy is of little significance in cyclic 
stressing if the structure contains weak spots which have a resistance 
to plastic deformation of the order of one half that typical for the bulk 
material, and if the latter is embrittled to such an extent that its ca- 
pacity for plastic deformation in the presence of a stress raiser is 
seriously impaired. 

It must be remembered, of course, that the results obtained in this 
investigation, particularly the trend of fatigue life as a function of 
aging time, is typical for specimens possessing a mild stress raiser. 
However, the two principal factors determining the fatigue behavior 
of high strength aluminum alloys, namely the presence of regions which 
are considerably softer than the bulk and low resistance to crack 
propagation, are inherent properties of the alloy in the fully hardened 
state. These factors therefore exert their influence on fatigue life irre- 
spective whether or not the specimens are notched, 

While the increased notch-sensitivity of the material in the fully 
hardened state is a direct consequence of the hardening process attend 
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ing precipitation, the presence of soft regions is not connected with the 
attainment of high static strength properties. It should therefore be 
possible to reduce the adverse effect of these weak areas and thus im 
prove the fatigue performance of fully hardened specimens through 
suitable mechanical and thermal processing and/or close control of the 
chemical composition. The “overaging theory” excludes the possibility 
of such an improvement, since according to the concept on which it is 
based, the relatively poor fatigue performance of high strength alumi 
num alloys is a consequence of progressive overaging which is proposed 
to occur in all aluminum alloys that derive their high static strength 
from the precipitation of a second phase (3). 

A study of the nature of the soft regions dispersed throughout the 
matrix would make it possible to determine which steps are to be taken 
to reduce or even eliminate their adverse effect on the fatigue perforn 
ance of high strength aluminum alloys at ambient temperature 


SUMMARY 

Results were presented relating state of aging to fatigue performance 
of a high strength aluminum alloy. The 2014 Alloy chosen required 
artificial aging to attain its maximum static strength properties. Aging 
at an elevated temperature, prior to fatigue testing at ambient or a 
lower temperature, brought the alloy in a more stable state than is th 
case for the more common 2024-T or 7075-T high strength 
alloys. 

Despite this thermodynamic stability it was found that specimens 
aged into the fully hardened region performed worse, both at room 
temperature and at —110°F (where activated aging is suppressed 
than lightly aged specimens. 

From the trend of static strength versus aging time, from inter 
rupted fatigue tests, and from impact results it was concluded that t! 
fatigue behavior of the alloy in the high strength state is determined 
by inherent properties of the material before it is subjected to cycl 





stresses 
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DISCUSSION 


Written Discussion: By William G. Fricke, Jr., research metallurgist, Alu 
minum Company of America, Alcoa Research Laboratories, New Kensington, 
Pennsylvania. 

Mr. Form is to be congratulated on a most interesting paper. The concept that 
metals are inherently sufficiently inhomogeneous as to outweigh any fatigue 
induced “deterioration” of the structure is worthy of further consideration 
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Fig. 8—First Crack and Failure Curves for a single lot of 2014 alloy 


in both the -T4 and -T6 tempers 


Several places in the paper the author comments on the lower resistance of 
the fully hardened material to crack initiation and crack propagation as com 
pared to lightly aged material. These conclusions were based on the results of 
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Fig. 9—Rates of Fatigue Crack Propagation of the Two Tempe 
Given in Terms of the Doubling Time, the Number of Cycles Need 
for a Crack to Double in Length. For comparison, the solid line i 
cates rates of propagation in 6061-T6 alloy (Ref. 2 
metallographic sectioning experiments and impact tests. Perhaps complementary 
studies done at the Alcoa Research Laboratories would be of interest 

Direct observation of the formation and propagation of fatigue cracks 
made on very mildly notched (K;, 1.13) rotating beam specimens of a single 
lot of 2014 alloy in both the artificially aged (-T6 temper) and room temperature 
aged (-T4 temper) conditions. Tensile properties of both tempers are giver 
Table V. 

Fig. 8 shows the normal S-N curves for the materials as well as the times 
which fatigue cracks were first observed by microscopic examinatic f tl 
surface. It is readily apparent that fatigue cracks appeared sooner in the ful 
age-hardened material. Fig. 9 shows the rates at which the fatigue cracks propa 
gated in terms of doubling time, the number of cycles needed for the ick t 
double in length (2). The cracks propagated more quickly in the fully hardene 
(-T6) material 

These observations account for the better fatigue performance gene: I 
served in 2014-T4 alloy as compared to 2014-T6 

Reference 
2. M. S. Hunter and Wm. G. Fricke, Jr., “Fatigue Crack Propagation in Alu 
Proceedings, American Society for Testing Materials, Vol. 56, 1956, 
Table V 
Tensile Properties of 2014 Alloy Tested 
Temper Tensile Strength 0.2% Yield Strength Elong kk Area 
T4 65,000 psi 38,500 psi 25.0° 42 


—16 71,800 psi 66,000 psi 14.0° 33 
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Author’s Reply 

The author wishes to thank Dr. Fricke for presenting his very interesting re- 
sults relating to crack initiation and crack propagation in age-hardenable alu- 
minum alloys under cyclic stressing 

His data lend additional support to the general conclusion of the paper that 
the relatively low fatigue resistance of high strength aluminum alloys is primarily 
attributable to inherent properties of the material before it is subjected to cyclic 
stresses and not to stress-induced weaknesses of the structure. On the basis of 
this concept it can be understood why the alloy 2014 in the T 6-temper performs 
worse under cyclic stresses at room temperature despite its higher thermody- 
namic stability than is the case for the T 4-temper. 








PRECIPITATION PROCESS IN COPPER. 
CHROMIUM ALLOYS 


By Rosin O. WILLIAMS 


Abstract 

A study has been made of the precipitation process o| 
chromium from supersaturated copper alloys at 400 and 
500 °C (750 and 930 °F) using primarily x-ray diffraction 
dimensional changes and mechanical properties. The first 
Stage o} the process ¢ onsists of the precipitation of very thin 
plates coherent on the (111) planes: The second stage con 
sists of the competitive growth of these particles to awe 
maximum strength and to eventually lose coherency. This 
system appears to be unique in that the observed diffus. 
effects arise not from the precipitate but from the matrix duc 
to displacements produced by the precipitate. (ASM-SLA 
Classification: N7; Cu, Cr) 


INTRODUCTION 

LLOYS OF COPPER containing more than a 0.10% chromiun 
can be made to precipitation harden. Such alloys are of interest 
because of their high strength while retaining high electrical conduc 
tivity. The principle work has been done by Corson (1),’ Hibbard, et 
al (2), Bungle, et al (3), Koster and Knorr (4), Gruhl and Fischer 
(5), Petri and Vosskuhler (6) and Lenhart (7). The present study 
was initiated to further elucidate this precipitation process, particularly 
with respect to a recent theory of precipitation strengthening whic! 

was believed this system fit. 


EXPERIMENTAL PROCEDURE AND RESULTS 


The alloys of Hibbard, et al (2) were used in this study, their com 
position being given in Table I. Grain size of the tensile specimens are 
also given. The required heat treatment was done either in vacuum or 
purified helium to prevent oxidation and quenching was done in water 
Solution treatment was accomplished at 1050 °C (1920 °F ) except f 


the dilatometry specimens which were quenched from 1035 ° 


(1895 °F). 


Suitable samples were run in silica dilatometers at 400 and 500 °C 
(750 and 930 °F ) to give the data in Figs. 1 and 2. Heating was done 





1 The figures appearing in parentheses pertain to the references appended to this paper 





A paper presented before the Forty-first Annual Convention of the S 
held in Chicago, November 2-6, 1959 
The author, Robin O. Williams, is senior research supervisor, The Cincint 


Milling Machine Co., Cincinnati, Ohio. Manuscript received February 12, 1959 
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Tabie I 





Alloy Composition in Weight % 
Alloy No Chromiun Silicor Iro1 Grain Size, n 
1 0.00 0.01 0.01 0.15 
2 0.19 0.01 0.02 0.2 
J 0.34 0.01 0.02 0.5 
4 0.48 0.01 0.02 0.02 
5 0.61 0.01 0.03 0.? 
6 0.75 0.01 0.02 0.1 
7 0.95 0.01 0.02 0.03 
& 1.15 0.01 0.038 
9 1.33 0.01 0.04 
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in lead pots such that only 0.8 minutes was required to reach within 
one degree of the final temperature so that valid data were obtained 
under a minute. It is believed that the strains of 10~* observed in the 
pure copper were the result of relaxation in the silica tubes and are 
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Fig. 3—Flow Curves of a Copper Base 0.75 Per Cent Cr Alloy Aged at 
400 °C (750 °F). 








Fig. 4—Flow Curves of a Copper Base 0.95 Per Cent Cr Alloy Aged 
400 °C (750 ° 


F) 


not real dimensional changes. Also the relatively rapid decré 
length for the longest times for three of the alloys at 400 °C (750 
apparently resulted from slippage and is not real. 

The tensile properties were measured on 0.020 inch sheet specimens 
0.200 inches wide by 2 inch gage length. After ageing at 400 ° 
(750 °F) the samples were pulled in an “Instron” tensile machine at 
0.04 inches per inch per minute. The load-elongation were recorded 


automatically and transformed into true stress-strain curves, Figs. 3 


and 4 being typical. A few samples were started at a lower strain rate 
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Fig. 5—Yield Strength of Copper-Chromium Alloys Versus Aging Time at 
400 °C (750 °F) 


Fig. 6—Rate of Strain Hardening of Copper-Chromium Alloys Aged at 
400 °C (750 °F). 

but this caused no perceptible difference. The yield strength (0.2% 
strain) is plotted in Fig. 5 for all samples while the rate of strain 
hardening at 0.04 strain is plotted in Fig. 6 versus aging time. 

The x-ray samples were small wires electropolished down to sharp 
needles, the part being examined was always under 0.005 inch diameter. 
Lattice parameters accurate to approximately one part in 30,000 were 
measured but this accuracy was not sufficient for the intended purpose. 
It was demonstrated, however, that the magnitude of the lattice param- 
eter change agreed closely with the dilatometric results. The accuracy 
of the parameters was not sufficient to demonstrate an exact parallel. 
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Very careful examination was made of the x-ray patterns obtained 
by rotating or oscillating the sample. Exceptional resolution was ob 
tained because of the smallness of the samples and the high angles fo: 
certain reflections and additionally very heavy exposures were some 
times used. Yet, in no case was any evidence found of any change in 
character of the primary diffraction pattern. Broadening or splitting of 
one or two parts in 30,000 could have been found, but none was ob 
served. 

X-ray patterns from stationary aged samples showed diffuse spot 
or streaks around those Laue spots which were very near or intersect 


OOol 


Fig. 7—Diffuse Effect Surrounding the Reciprocal Lattice P 
for Copper-Chromium Alloys After Aging 

ing the sphere of reflection for the characteristic radiation. A large 
number of exposures were made to try to define these diffuse effects but 
this was difficult because of the closeness of the regular reciprocal lat 
tice point (r.l.p.), the weakness of the diffuse effects and the lack of 
orientation data. Of the reflections the (400) was the easiest to handle 
and Fig. 7 represents the eight diffuse streaks pointing in the <111 
directions which surround the regular r.l.p. The diffuse effects asso 
ciated with the other reflections were less distinct but were, insofar as 
could be established, very similar in size, density and geometry to the 
(400). It is estimated that the total diffraction power associated with 
the diffuse streaks did not exceed 1% of the normal r.l.p. The distance 
from the r.l.p. and the midpoint of the streaks were measured and con 
verted to the reciprocal lattice, Table II. These values represent 
average of several different reflections and are probably accurate to 
20%. 


The samples were examined carefully for new lines or spots but none 
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Table Il 
Distance from Reciprocal Lattice Point to Midpoint of Streak 
Aging Time, Minutes at 400°C (750°F) Fraction of Reciprocal Lattice Cell 

30 0.027 
100 0.029 

315 0.03 (single value) 
890 0.018 
3,000 0.022 
10,000 0.025 
30,000 0.017 
98,000 0.013 


could be found even when oscillation patterns of very high specific ex- 
posure were made. The reason why no chromium was found which was 
oriented with respect to the copper matrix lies in the fact that the 
samples were aged at most only slightly past the peak strength and 
hence it is expected that most of the chromium is still coherent and too 
small of size to give sharp reflections. 

The 0.75% alloy aged for 30,000 minutes at 400°C (750°F) was 
examined with electron microscopy and spots which were presumably 
partly resolved particles were seen. These particles were estimated to 
be 100 to 200 A apart and not more than 100 A long. Aging for three 
times as long produced no apparent change. 


\ NALYSIS AND DISCUSSION 


In order to know the supersaturation prior to precipitation it is 
necessary to know the solubility at low temperatures. Examination of 
the data by Alexander (8) and Hibbard, et al (2) suggests that they 
have overestimated the solubility at low temperatures. Their data are 
replotted in Fig. 8 in the usual log X vs 1/T form and the straight line 
best representing the data is drawn in. It is evident that their data agree 
with each other and with this line down to 600°C (1110°F). It is not 
unexpected that the microstructural data would become unreliable at 
the lower temperatures in that one obtains a smaller amount of finer 
particles which are hard to detect. For example, 70 days at 400°C 
(750 °l*) did not produce particles clearly resolvable with an electron 
microscope in this study. Thus, it is concluded that the indicated line 
adequately represents the data and is expressible as 1745 exp —15, 
150/RT. This provides appreciably lower solubilities at low tempera 
tures than previously indicated, for example, at 400°C (750°F), 
0.0013 compared to 0.03 given previously. 

Data of Koster and Knorr (4) demonstrate that the precipitation 
process is essentially the same regardless of the temperature at which 
aging is carried out. This is demonstrated by Fig. 9 which was con- 
structed from their data. This relatively simple behavior is to be con- 
trasted with many systems where two or more modes of precipitation 
are found. 

Data from Koster and Knorr (4) and this study for aging at 400 °C 
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Fig. 8—Re-analysis of the Solubility Data of Chromiun 
in Copper. 
have been combined into Fig. 10. It is immediately apparent that the 
aging can be considered as two more or less distinct processes, a con 
clusion already reached by Lenhart (7). In the first process those 
properties most sensitive to the chromium in solid solution chang 
primarily while in the second only the mechanical properties which ar 
sensitive to particle size change greatly. 
This first process, considered to be the actual precipitation of 

mium, can be approximated by the usual kinetic expression 


X = 1 -exp(-bt®) 


where n has a value between 1 and 2. No exact value of n is expected 
since the physical properties are not necessarily directly proportional 
to the degree of precipitation and presumably the earlier part of th 
precipitation is accelerated by the excess vacancies resulting from 
quenching. Rather direct evidence of the presence and effect of excess 
vacancies is given in Fig. 9 where it is shown the effect becomes greatet 
with decreasing temperatures. This result is as expected since ther 
are relatively more excess vacancies present at lower temperatures 
Elementary consideration of the process would suggest that the aj 

parent activation energy should be that for vacancy diffusion, about 
half that at higher temperatures and longer times and this is also ob 
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ness. 


served. It is deduced from Figs. 9 and 10 that approximately 2 minutes 
are required for the excess vacancies to disappear at 400 °C (750°! 
in which time 10 percent of the first process is complete. 

Having assigned the first stage as the precipitation of the chromium 
one is left with only certain choices for the second ; namely, competitive 
particle growth, loss of coherency and phase change. The measurements 
are in agreement with competitive particle growth in that the mechani 
cal properties increase and then decrease, the diffuse x-ray effects car 
result from increased particle size and the smaller changes in the other 
properties could result from the decreased solubility with increased size 
It is clear, however, that loss of coherency and/or a phase change can 
also be taking place and certainly the former is expected eventually 
not within these experimental times. 

The form of the chromium which is precipitated poses a real chal 
lenge in that the answer is by no means obvious. The basic difficulty 
arises from the fact that most (perhaps all) good age hardening systen 
precipitate very fine particles which are coherent with the parent 
matrix on one or more lattice planes, conditions which are established 
by this study for the copper-chromium system ; but the stable form of 
chromium, body-centered cubic, is not particularly compatible with a 
face-centered cubic lattice in that the coherency strains (and presum 
ably also the stresses ) would have to be rather large thus implying large 
coherency energies. One cannot establish that such a structure is not 
possible but a metastable form of chromium as either face centered cubic 
or close-packed hexagonal could be expected to have much better com 
patability with the matrix and might result in a lower energy of the 
coherent state than body centered cubic chromium. The more important 
sequences are indicated in Table III: 


wn 
Mm 
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A nucleus of f.c.c. chromium is particularly attractive in that nucleation 
is accomplished simply by rearrangements of the atoms without sig- 
nificantly different positions having to be assumed. 

Examination of the experimental data does not provide any clue as 
to which path is correct. Normally, x-ray diffraction can provide a 
definitive answer but such is not the case here. When one examines 
the observed x-ray diffuse effects in terms of possible origins it is de- 
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cided that they result from displacements introduced into the copper 
matrix due to the intervention of the particles, not from the particles 
themselves. The smallness of volume of chromium and the similarity 
of scattering power of copper and chromium further support this. 

These diffuse effects, rods in the <111> directions around each 
reciprocal lattice point, are normally ample evidence of precipitate 
plates (or platlets) on the (111) planes. This plane can be expected 
to be coherent with the (111), (110) and the (00.1) planes for the 
f.c.c., b.c.c., and h.c.p. precipitate respectively. Any of these three would 
be expected to cause displacements of the copper matrix normal to 
the plate due to different interatomic distances while the last two can 
also introduce displacements of the matrix in a [112] direction parallel 
to the plate. The hexagonal form produces essentially stacking faults. 

The diffuse effects expected from similar displacements have been 
calculated, the first by Hargraves (9) and the second by Wilson (10). 
It turns out that both give more or less the same kind of diffuse effects, 
both being in agreement with these observations and thus no choice of 
precipitate structure is possible. 

Koster and Knorr (4) failed to find any diffuse effects and concluded 
that the particles were of random orientation but such a conclusion is 
not consistent with these diffuse effects. 

The elastic strain energies for coherent particles of the three different 
structures have been calculated using the bulk elastic properties of 
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chromium and these are tabulated in Table IV. Three possible values 
have been obtained for f.c.c. chromium: from the hydrostatic strain 
model (to be discussed later), from extrapolation of the data of Floyd 
and Taylor (11) for Ni-Cr and the usual empirical method. The thre 
agree remarkably well. Data for a h.c.p. form has been tabulated by 
Barrett (12). The strains are too large for the b.c.c. and the h.c.p. struc 

tures for the results to be reliable but it is clear that the f.c.c. { 
be expected to have a lower strain energy than the other two by a factor 
of at least 10. 


orm Can 


Table IV 
Calculation of Strain Energies of Coherent Chromium Precipitate in Copper 


structure e e 
Face-Centered Cubi 
Hydrostatic model 0.0085 0.0051 0.24x10* ps 45 
Extrapolation of data of 
Floyd and Taylor 0.0148 0.0089 0.42x10* ps 


Change from bec with 3°% 
increase in nearest 


neighbors 0.0064 0.00384 0.18x10* psi 
Body-Centered Cubi 0.085{ 110} 0.0126 2x10 psi 
114{,00) 3.5x10* ps $5( 


Hexagonal Close-Packed 058 034 1.65x10* ps 100 


o9rmal to habit plane is zero. 


*Assumed that ¢ n 


The number of precipitate particles is estimated to lie between 
and 10*° per mole on the basis of x-ray diffraction and electron micros 
copy and such concentrations and close spacing far exceed the numbe 
of singularities expected from dislocations, dirt and boundaries 
only singularities which might approach such concentrations would be 
vacancies or small groups of vacancies. Thus, it is concluded that 
nucleation was homogeneous assisted possibly by vacancies 

Calculations have been made on the supersaturation ratio required 
to give homogeneous nucleation following the method of Turnbull 
(13). A ratio of 35 is obtained for an interfacial energy of 490 ergs 
per cm? which was obtained from the indicated solubility following the 


ae 
; 


method of Becker (see Ref. 13). If the interfacial energy were half 
this then the ratio would be only 3.5. The strains for f.c.c. chromium 
are so small that the above ratios would be increased no more than 10° 

while the strain energy for the b.c.c. chromium would increase the 
ratio by a factor of 13. Additionally, if the free energy of the f.c. 

chromium were 900 cal/mol greater than the b.c.c. form the ratio is 
just doubled. For the present experiments the ratio was as large as 470 
but the data of Koster and Knorr (4) suggest that the same form of 
precipitate exists to 600°C (1110°F) where the ratio will not exceed 
35. At face value these calculations would indicate that the precipitate 
was f.c.c. but the uncertainties of the calculations prevent a definitive 


conclusion 
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The thickness of the particle during the first stage can be calculated 
by the method of Zener (14) using extrapolated data for the self- 
diffusion of copper (15). A value of 1.5 A is obtained after 50 minutes 
at 400 °C (750 °F) ; i.e., a single atom layer thick. The data of Table 
[I can also be used to calculate a thickness assuming the origin of the 
diffuse effect to be due to strains normal to the plate, and essentially 
the same value is obtained. Some estimate of the rate of competitive 
growth during the second phase stage is obtained by applying the idea 
of Fullman (16) supplemented by Equation 2 of Greenwood (17). 
Making reasonable geometric approximations it is estimated that the 
particles will increase in thickness from 2 to 4 times during the ad- 
ditional 100,000 minutes of aging. A doubling in size is in agreement 
with the x-ray results consistent with the above assumption. While 
the actual sizes calculated are not taken too seriously because of the 
approximations it is nevertheless clear that very small particles are 
expected. 

On the basis of the data of Koster and Knorr (4) it appeared that 
this system satisfied the requirements of a recent theory of the precipi- 
tation hardening (18) where the matrix and particles are hydro- 
statically stressed to a common lattice parameter. The primary evi- 
dence of this was the reported lack of x-ray diffuse effects, a condition 
generally sufficient to indicate this state of coherency. While this study 
has shown that hydrostatic straining is not achieved it is nevertheless 
necessary to apply this theory to the system in that no other detailed 
theory has been worked out on the basis of mechanical interactions be- 
tween dislocations and coherency strains. On the basis of the calcula- 
tions in support of this theory it is clear that one would expect similar 
magnitude of interaction when the straining is not isometric but rather 
two dimensional as for plates. However, no detailed calculations have 
been made for this more complicated case which would provide the 
more exact magnitude required. 

It was observed that the lattice parameters of the aged alloys ex- 
ceeded that of pure copper by 0.0004 A which, combined with bulk 
elastic data, can be used to calculate the expected hydrostatic harden- 
ing as well as the unstrained f.c.c. chromium lattice parameter as used 
earlier. The results of the calculated strengths along with the measured 
yield strengths have been combined in Fig. 11. It is evident that 
measured strength increases are roughly six times the calculated values 
which is fair considering the approximation required in the application 
of this theory. It is further observed that the dependence on compo- 
sition agrees fairly well. Although not exactly pertinent to this study it 
is interesting to note that even for the very small strains in the copper 
matrix and the small volume of precipitate the hydrostatic theory pre- 
dicts significantly strength levels. In fact, the fairly large factor which 
exists between theory and experiment may arise from the fact that 
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Fig. 11—Maximum Yield Strength of Copper-Chromium 
Alloys Versus Composition 


the particles are plates, not spheres, but such a conclusion must await 
detailed calculations of the more complicated structures. It is interest 
ing to note that the application of other theories (see review by Hart 
(19)) which assign the source of the strengthening to the perfection 
(and hence high strength) of the particles on the slip plane would re 
quire these particles to exhibit shear strengths of 3.5 & 10° psi which 
would cause elastic shear strains of 0.25. This value is significantly 
larger than considered theoretically possible. 

It is not surprising that the hardness should reach a peak prior to the 
yield strength in that it is shown that the rate of work hardening 
reaches a peak even sooner and hardness represents a kind of average 
of yield strength and strain hardening. A simple explanation of why 
the strain hardening reaches a maximum much earlier than the yield 
strength is as follows. If one supposes that strain hardening to be 
represented as the entangling of dislocations then anything, such as 
particles, which interacted with these dislocations could increase this 
rate just as observed. However, as the particles become larger the 
presence of dislocations nearby could cause loss of coherency and hence 
a weaking tendency, prior to the time that the particles reached a size 
to give maximum yield strength. 
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SUMMARY AND CONCLUSIONS 


1. The aging of copper chromium alloys is shown to occur in two 
stages. The first stage appears to be the precipitation of very 
fine, coherent plates of chromium while the second stage con- 
sists of the competitive growth of these plates. 

2. The major changes in sample length and lattice parameter oc- 
curs during the first stage and have the same kinetics as pre- 
viously shown for electrical conductivity, thermal e.m.f. and 

susceptibility. All usese properties change only slightly during 
the second stage. 

3. The rate of strain hardening reaches a maximum at approxi- 
mately the end of the first stage while the yield strength 
reaches a maximum late in the second stage. Yield strengths 
of 50,000 psi were recorded and the elongation decreases with 


increased strength levels. 

1. The nucleation is considered to be homogeneous based on the 

very large number of extremely small particles. Classical nu- 

cleation theory fails to prove or disprove this. The application 
of current kinetic ideas can account reasonably well for the 
kinetics of both stages. 

The diffuse x-ray effects which occur during the first stage 

and persist through the second consists of diffuse rods in the 

<111> directions around each reciprocal lattice point. This 
is taken to mean that the precipitate consists of coherent plates 
on the {111} planes of the copper. 

6. This system is a case where the diffuse effects arise not from 
the diffraction power of the precipitate but rather from the 
displacements introduced into the matrix because of the par- 
ticles. It is believed that the greatest effect occurs from dis- 
placements parallel rather than normal to the plates. If this 
is so the precipitate is not face centered cubic but probably 





wan 





body-centered cubic. 

The solubility data of others has been reanalyzed and is repre 
sented by X = 1745 exp-15, 450 RT which gives lower solu 
bilities at lower temperatures than previously indicated. 
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de, Abstract 

of The effects of small quantities of magnesium, aluminum, 
D manganese, silicon, boron, carbon, zirconium, cobalt, tungs- 


ten, and titanium on the electrical resistance, tensile and 
r- recrystallization properties of high purity nickel have been 
determined. Measurements were made on 0.025-inch di- 
ameter wire prepared from controlled atmosphere melted 
and cast ingots. This study ts part of a comprehensive in- 
- vestigation of the influence of these mimor constituents on 
" the emission characteristics and life of oxide coated nickel 
cathode structure used in vacuum tubes. 

of On an atomic % basis, additions of tungsten, titanium, 
and silicon had the greatest effect on the resistivity of nickel, 
| while zirconium and carbon had the greatest influence on 
d tensile strength. 

The most pronounced influence on recrystallization was 
f found to be associated with additions of elements which had 
a much larger atom size than that of nickel. The greatest re- 
tardation of recrystallization resulted from the addition of 
0.11% by weight of sircontum (7 atoms per 10,000). This 
addition produced an approximate 400°C (750°F) in- 
crease in recrystallization temperature over that of pure 
nickel. (ASM-SLA Classification: P15q, Q27a, N5h, 3-69; 
Ni-a, Mg, Al, Mn, Si. C, Zr, Co, W, Ti) 


D> 


HE INFLUENCE of trace elements on the properties of nickel 

is of considerable interest to producers and users of nickel and 
nickel alloys. The limited information available on this subject is un- 
doubtedly due to the difficulty of preparing high purity nickel con- 
taining controlled additions without incurring crucible contamination 
and without using normal deoxidizers. Recently, controlled atmos- 
| phere melting and casting techniques (1)' have been developed for the 
preparation of nickel materials which are ideally suited for such an 





1 The figures appearing in parentheses pertain to the references appended to this paper. 
A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 

The author, K. M. Olsen, is associated with Bell Telephone Laboratories, Inc., 
Murray Hill, New Jersey. Manuscript received October 8, 1958 
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investigation. This paper describes the effects of small quantities of 
magnesium, aluminum, manganese, silicon, boron, carbon, zirconium 
cobalt, tungsten, and titanium on the electrical resistance, tensile and 
recrystallization properties of nickel. This study is part of a compre 
hensive investigation, now being conducted at the Bell Telephone 
Laboratories, of the influence of these minor constituents on the 
emission characteristics and life of oxide coated nickel cathode struc 
tures used in vacuum tubes such as are employed as repeaters jj 
transoceanic cables. 


PREVIOUS INVESTIGATIONS 


One of the earliest determinations of the effects of iron, manganes¢ 
and magnesium on the properties of nickel wire was made by Ransk 
and Smithells (2) in 1932, who used electrolytic nickel as a base ma 
terial. The impurity content of this nickel was high as judged 
present day standards. 

The results of a rather extensive survey of hardness and recrystal 
lization characteristics of nickel were reported by Fetz (3) in 1937 
1938 and 1941. This work was done on strip pre cessed from bars ol 
tained by sintering mixtures of carbonyl nickel and desired additiy 
element powders. The effects of silicon, copper, and tin in the 0.25 t 
0.75% range were determined. 

A more complete investigation of the influence of various elements 
on the recrystallization, resistivity and hardness of nickel was con 
ducted by Wise and Schaefer (4), and reported in 1942. The re 
electrolytic nickel (containing cobalt) used as a base material for this 
study was induction melted together with the desired additive. Silicor 
and magnesium were added to all melts as deoxidizers prior to casting 
in order to produce sound, forgeable ingots. 

Data on the properties of high purity nickel (6) have been confined 
largely to materials processed directly from special electrolytic striy 
or from sintered nickel powder 

The information presented in this paper differs from that of previou 
investigations in that it has been obtained on controlled atmospher 
melted and cast nickel of such a purity that the few hundredths of a % 
of purposely added elements represent the “major” constituents in the 
nickel. No deoxidizers were used. The data also include effects of 
elements not heretofore reported. Finally, information on the prop 
erties of nickel has been extended to include measurements made on 
high purity nickel prepared by melting and casting. 

EXPERIMENTAL PROCEDURE 
Resistivity and tensile properties of the various materials in this 


study were determined on 0.025-inch diameter wire which had been 
cold drawn 70% reduction in area and heat treated at various tempera 
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tures. The wire was prepared from 7/16 & 7/16 inch bars cut from 
hot-rolled slabs. These were prepared by hot rolling ingots obtained 
by melting sintered carbonyl nickel powder slugs under a controlled 
program of hydrogen, vacuum, and helium atmospheres as described in 
a previous publication (1). These bars were cold-swaged to 1/8 inch 
diameter, annealed at 800°C (1470°F), swaged to 0.067 inch di- 
ameter, and annealed again. The swaged rod was then wire drawn to 
0.045 inch diameter, strand annealed at 800°C (1470°F) at 6-1/2 
feet per minute through a 3-foot heating zone and cold drawn to the 
finished 0.025 inch diameter wire (70% reduction). All annealing was 
done in hydrogen except for materials containing carbon ; these were 
annealed in helium. Processing lubricants were removed prior to each 
anneal. 

Heat treatment of test wires was done in an inclined quartz tube 
inserted in a 36 inch long nichrome wound furnace. The quartz tube 
was long enough to provide an adequate cooling zone outside the 
furnace. This facilitated insertion of the wire samples and also per- 
mitted cooling after heat treatment under the desired atmosphere. Dry 
hydrogen or helium was passed through the tube to provide the at- 
mosphere control. Five wires approximately 12 inches long, isolated 
from each other in individual open ended quartz tubes attached to a 
central quartz tube containing a thermocouple, were inserted in the 
cooling zone for 10 minutes, then pushed into the heating zone where 
they were heat treated for 1/2 hour at temperature and finally pulled 
into the cooling zone. After cooling to about 100°C (210°F) in ap- 
proximately 20 minutes the wires were carefully removed from the 
quartz tubes and stored in individual glass tubes for subsequent testing. 

Weight resistivity measurements at 20 °C were made on three wire 
samples from each treatment using the potentiometer-standard resist- 
ance method. After the resistivity measurements, the same wires were 
subjected to tensile tests on an Instron testing machine, using a two 
inch gage length of wire between jaws and a free crosshead speed of 
0.20 inch per minute. 


DISCUSSION OF RESULTS 


Chemical composition given in Table I shows that no single impurity 
was found in the nickel in amounts exceeding 0.005% by weight (50 
parts per million) and that this degree of purity was maintained for 
all the materials containing the additive elements. Data for oxygen, 
nitrogen, and hydrogen content are not complete at the time of writing 
this paper. It is of interest to note the marked deoxidizing effect of 
magnesium and aluminum. 

The tensile properties and the electrical resistance of the high purity 
nickel wires after heat treating at various temperatures are shown in 
Fig. 1. The plotted points represent the average of three test results. 
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Fig. 1—Recrystallization of High Purity Nickel. 


The resultant “recrystallization curves” show the recovery, recrystal- 
lization, and grain growth stages associated with the release of internal 
strain by heat treating the cold drawn wires, as illustrated schematically. 

The slight decline in resistivity which occurs before any change can 
be detected in tensile properties has been attributed to minor atomic 
rearrangements, such as elimination of vacancies (5). As expected, 
marked decreases in tensile strength and resistivity along with in- 
creased ductility occur in the recrystallization region as a result of 
extensive atomic rearrangement and changes in grain structure. The 
observed decrease in ductility in the grain growth region is associated 
with the presence of large grains which occupy a considerable cross- 
section of the wire. Deformation of the wire by tensile testing results 
in preferential slip and movement of favorably oriented grains. This 
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produces a granular surface on the wire and an irregular fracture as 
contrasted with the smooth necked-down fracture obtained for an 
nealed fine-grain wire. 

As pointed out by Mehl (7) and others, the recovery, recrystalliza 
tion, and grain growth regions undoubtedly overlap somewhat, making 
it difficult to arrive at a definite recrystallization temperature. Further 
more, since these three processes are dependent upon time of treatment 
degree of cold deformation, and other factors in processing history, it 
is evident that a recrystallization temperature should not be regarded 
as a physical constant of the material. However, in this study, where 
the time of heat treatment and processing conditions have been kept 
constant, it is possible to qualitatively evaluate the effect of additives 
on recrystallization and grain growth by comparing the “‘recrystalliza 
tion curves” of the single additive materials with that of pure nickel. 
The degree of retardation of recrystallization and grain growth may 
be determined by the amount of displacement of the tensile, duc tility, 
and resistivity curves to the right of the corresponding “recrystalliza 
tion curves” for pure nickel. 

For comparative purposes a qualitative grouping of the “recrystal- 
lization curves” has been made based on the apparent solid solubility 
(8) of the low concentrations of the additive elements in nickel. The 
curves for nickel containing cobalt, manganese and tungsten are 
grouped as representing data for solid solution type materials since 
these additives exhibit solid solubility at room temperature up to at 
least 10% by weight. Similarly, the curves for nickel containing silicon 
titanium, and aluminum are classified in a “limited solubility” group, 
since less than 6% is soluble at 500°C (930°F). The grouping clas 
sified as “very limited solubility’ represents curves for the nickels 
containing carbon, magnesium, boron, and zirconium, since less thar 
0.1% by weight of each appears to be soluble at 500 °C (930 °F 

The effect of elements with extensive solid solubility on recrystal 
lization and grain growth is shown in Fig. 2. Figs. 3, 4 and 5 show 
the effects of the elements having limited and very limited solubilit 
While some retardation of recrystallization and grain growth is ob 
servable for all the additives except cobalt, by far the most pronounced 
effects are those produced by zirconium and magnesium, which are in 
the very limited solubility group. 

The increase in recrystallization temperature (AT) caused by th 
addition of various elements to nickel was determined from the tensile 
strength curves using two methods, one involving determination of the 
“half hard temperature point,” as used by Smart, Smith, and Phillips 
(12); and the other the “temperature of complete recrystallization,” 
as employed by Wise and Schaefer (4). The data given in Table II 
show good agreement in results from both methods, except for the 
nickel containing zirconium where the discrepancy is due to the very 















































. 1960 HIGH PURITY NICKEL 551 
* as . ~ O% 
. c t . 
an- “ } LI T\ Ww 
»*= | 1 KY 
Za- = ¥ } mM 
; -— < H na 
ing 2 2 b -+— i TY 
ao ~—o 
er- & +t 
nt, ° 
. tJ ee ; + 
It 4 
ed - = 
re 1 
20 
pt = re) 
eS -o 
ats 
A- a+ 
Ee? 
=§ 
y =a 
‘ 0.70F—F4 1.0% Co| 
.69+-—+ i m1 6 Pe 
a ; | Y0.2% WwW 
e 2 0.68} + gpa | ae \ t t 
= = > | } | 
>= o.7| sz ae ae 
y > o 
; = 20.66} 1 | 
. " €E a | 
; +2 ae {—+— —— 
; ro he 0.1% Co L——.,_ 0.095% Mn 
| E 0.64 <r ' | Pes} Pate} b-=3, 
e. ‘ \ 29° \ 
© 0.63} Pure \ So.o32%mp mY 
; 8 el a ee es 
400 80C 400 800 O 400 800 
Heot Trect ng Ter perature 7<¢ ( 7 hrin He 
Fig. 2—Effect on Recrystallization of High Purity Nickel Produced by 
Additions of Elements with Extensive Solid Solubility at Room Tem 
perature (Compositions in Weight %). 
gradual decline in strength over an extended temperature range. For 
this exception, the average value was taken as representative of the 
effect of zirconium additions. The “half hard temperature point” and 
the “temperature of complete recrystallization” of high purity nickel 
used in this study were found to be approximately 335 and 365 °C 


(635 and 690 °F) respectively. 
The effectiveness of the various additives in increasing the re- 
| crystallization temperature is summarized in Fig. 6. On an atomic basis 
it can be seen that the presence of about 7 atoms of zirconium in 100,000 
atoms of nickel (0.007 atom % ) has a far greater effect than that ob- 
served for any other additive. Retardation of recrystallization and grain 
growth by zirconium additions to less pure nickel has been reported by 
Richard, Yeaton and Hunsberger (9) and by Wise (10). 
The differences observed in the recrystallization characteristics of 
the solid solution alloys (i.e., those containing cobalt, manganese 
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Fig. 3—Effect on Recrystallization of High Purity Nickel Produ 
Additions of Elements with Limited Solid Solubility at Room Tempera 
(Compositions in Weight %) 


and tungsten) are probably associated with degree of lattice distortion 
The differences observed for the limited solubility class are also prob- 
ably mainly influenced by the same factor. However, with the very 
limited solubility group it is possible that a second phase may be pres 
ent, and therefore differences in recrystallization and grain growth un 
doubtedly would be related not only to solid solution conditions but 
also to the nature and the degree of dispersion of the second phase 
Previous information (7) disclosed that for certain metals such as 
iron, nickel, and palladium, the recovery region, as indicated by de 
crease in resistivity, could be clearly distinguished from the recrystal 
lization region as indicated by a decrease in hardness and tensile 
strength, since the changes in properties produced by heat treatment 
are not parallel. In other metals such as silver, gold and copper, the 
resistivity and strength properties change more nearly simultaneously 
with heat treatment, and recovery cannot be readily distinguished from 
recrystallization. In this study a more nearly simultaneous change in 
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Table il 
Increase in Recrystallization Temperature of Nickel Produced by Addition 
of Various Elements 








STs in °C ATs in °C * ATs in °C 
Composition (Half Hard) Complete 0.1 Atomic %) 

Melt # (% by Wt.) Point ) Recry. Temp of Additive ) 

CA450 Pure Ni 0 0 0 

CA451 024 Mg 245 240 260 
465 10 Mg 260 265 

CA458 028 Al 140 155 175 
466 083 Al 220 235 

CA454 0.2W 60 60 85 
460 20W 180 175 

CA475 034 Si 100 100 110 
476 104 Si 115 110 

CA477 029 Ti 150 145 190 
478 088 Ti 195 190 

CA479 032 Ma 80 70 125 
480 095 Mn 125 125 

CA482 O11 Zr 280 340 415 
483 0.11 Zr 365 435 

CA484 024 B 145 150 140 
485 092 B 130 150 

CA486 03 ¢ 80 90 80 
487 0.11 ¢ 100 105 

CA489 0.13 Co 0 0 0 
490 1.0 Co 0 0 
*Derived from curves in Fig. 6 


properties was found for pure nickel and also for pure nickels contain- 
ing cobalt, manganese and tungsten, which all form extensive solid 
solutions with nickel (Figs. la and 2). With pure nickel containing 
small amounts of carbon, magnesium, or zirconium (which are very 
slightly soluble at room temperature), a much more rapid decline in 
resistivity was found to occur at heat treating temperatures consider- 
ably below those required to produce significant changes in tensile 
strength and ductility (Figs. 4 and 5). However, it should be noted 
that much less deviation from simultaneous behavior was observed for 
nickel containing boron, even though boron also has very limited solid 
solubility in nickel. From these qualitative observations, it is apparent 
that the importance of trace quantities of elements must be considered 
in the many studies now being conducted which are aimed at the de- 
velopment of an adequate theory for the recovery and recrystallization 
processes. 

A relationship between the atom size of the various additive elements 
and the increase in recrystallization temperature of nickel produced by 
the addition of 0.1 atomic % of the element is shown in Fig. 7. The 
atomic diameters used in this figure should only be considered as ap- 
proximate in that they are the distance of closest approach between 
centers of atoms in the pure element. A 15% deviation from the atomic 
diameter of the nickel atom is shown to indicate the area within which 
the size factor of the additive ele:nent is favorable toward the forma- 
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Additions of Elements with Very Limited Solid Solubility at Room Tem 
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tion of solid solution type structures (11). Beyond this area restricted 


solid solubility is probable. For very large differences in atom size 
there is strong possibility of the existence of very limited solid solu 
bility. On this basis, very limited solid solubility of carbon, boron, mag 
nesium and zirconium in nickel would be expected. This is verified by 
available equilibrium phase diagram data which were used for making 
qualitative solubility classifications mentioned earlier in this paper. 
Cobalt, which has practically the same atom size as nickel, has es 
sentially no effect on the recrystallization temperature. A moderate in 
crease in recrystallization temperature of 80 to 140 °C (175 to 285 °f 
is associated with additives whose atomic size is smaller than that of 
nickel. For additive elements having atom sizes larger than nickel, the 
recrystallization temperature is increased steadily with increasing 
atomic diameter. The greatest increase in recrystallization tempera 
ture was produced by the additive elements with largest atomic size, 
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Fig. 8—Effect of Added Elements on the Electrical Resistivity of Hig 
Purity Nickel Wire (Annealed % Hour at 800 °C in He) 


, magnesium and zirconium. However, even though magnesiu 
zirconium are equivalent with respect to atomic size, there is 
siderable difference in their effect on recrystallization temperature. Th 
reason for this difference cannot be adequately explained because many 
factors are involved. Consideration of a few factors such as the naturé 
and distribution of a possible second phase and the degree of lattice 
distortion of the associated solid solution, would require more precis 
knowledge than is currently available regarding the solid solubility of 
trace concentrations of elements in nickel. A similar effect of ator 
size of additive elements on recrystallization temperature has beer 
ported by Lticke and Detert in their work on aluminum. 

The effect of the various added elements on the resisti 
tensile strength of high purity nickel is shown in Figs. 8 and 9. Or 
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atomic % basis, tungsten, titanium and silicon have the greatest effe: 
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Fig. 9—Effect of Added Elements on the Tensile Strength of High Purity 
Nickel Wire 


on resistivity, while zirconium and carbon exert the greatest influence 
on tensile strength. ; 
SUMMARY 

The effect of elements in trace concentrations on the tensile, re- 
sistivity, and recrystallization properties has been determined. Dif- 
ferences observed for nickel containing elements likely to form solid 
solutions are probably related mainly to degree of lattice distortion. In 
the case of elements having very limited solubility, an additional con- 
tributing factor is undoubtedly the nature and degree of dispersion of 
the second phase. 

Within the limitations of this study, the data have indicated that the 
greater the increase in atomic diameter of the added element with re- 
spect to that of nickel, the higher the recrystallization temperature. The 
greatest increase in recrystallization temperature resulted from the 
addition of the largest atoms, magnesium and zirconium. 

The most pronounced retardation of recrystallization resulted from 
the addition of 0.11% by weight zirconium (7 atoms per 10,000) as evi- 
denced by the approximate 400 °C (750 °F) increase in recrystalliza- 
tion temperature over that of pure nickel. On an atomic % basis, ad- 
ditions of tungsten, titanium and silicon to nickel had the greatest effect 
on resistivity, while zirconium and carbon exerted the greatest in- 
fluence on tensile strength 
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DISCUSSION 


Written Discussion: By E. M. Wise, The International Nickel Company, In 
New York, N. Y 

This excellent study makes full use of special furnace atmospheres and good 
refractories in melting very pure carbonyl nickel powder without introducing 
appreciable contamination and achieving extremely low carbon and oxyget 
contents. The resistivity of the resulting pure nickel is very close to that obtair 
able by electrodepositing nickel from a highly purified electrolyte using an it 


=— 7 ° P . P on 8 niall 
soluble iridium-platinum anode, followed by annealing the electrodeposited nicke 
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in hydrogen and then in vacuo. This procedure was employed by W. A. Wesley, 
at our Bayonne Research Laboratory, in the preparation of the highest purity 
nickel tested by Wise and Schaefer (2) in their study of nickel alloys in 1939. 
Samples of nickel made in this manner, measured at 20°C, had a resistivity of 
6.844 microhm-centimeters. This value may be compared with the 6.99 for Mr. 
Olsen’s base nickel (this value is obtained by multiplying Olsen’s 0.623 ohm-gram/ 
meter (2) by the conversion factor of 11.2) and with the 7.83 for the base nickel 
employed by Wise and Schaefer in their several alloy series. The difference of 0.84 
microhm-centimeter between the last two figures is principally due to the presence 
of 0.75% cobalt in the nickel employed in the alloy series measurements. This 
amount of cobalt would increase the resistivity by about 0.6 microhm-centimeter. 
The remaining difference of 0.24 microhm-centimeter is due largely to the pres 
ence of minimal amounts of silicon and magnesium required to produce good 
sound material when melted in a magnesia lined high frequency furnace, operated 
in air. If this correction is applied to the Wise-Schaefer data, 1 atomic % of the 
following elements would yield the resistivities tabulated (in microhm-centi 
meters ). 

W Cr Ti ( Sn y Zn Cu Vn Fe Co 
15.52 14.76 11.76 10.96 1066 10.26 9%26 871 856 7.96 7.66 


These line up in essentially the same order as observed by Olsen at a somewhat 
lower alloy level. Presumably, strictly CP alloys might have resistivities about 
0.15 microhm cm below these values. In the case of carbon, the solubility is low 
and varies sharply with the temperature so that measurement of the resistivity of 
quenched carbon nickels provides a convenient method for determining the solid 
solubility, which is of the order of 0.1% at 800°C (1470°F). This change in 
resistivity with the amount of carbon in solution is mentioned because, at times, it 
has led to considerable confusion in values reported for the resistivities of some 
commercial alloys containing considerable carbon 

With regard to the annealing behavior of the various low alloy nickels, Mr. 
Olsen’s experiments cannot be precisely compared with those of Wise and 
Schaefer because of differences in the initial treatment and test conditions. Olsen 
employed a 70% reduction, produced by cold drawing, and Wise-Schaefer em- 
ployed a 50% reduction, produced by cold rolling. Furthermore, the Olsen data are 
based on tensile tests whereas the Wise-Schaefer data were based on Vickers 
hardness measurements. They reported the temperature at which recrystallization 
was substantially complete, whereas Olsen indicated both this temperature and 
also the half hard point. However, the effects of these differences are not great. 
The 99.99% nickel, cold-rolled 50%, which Schaefer and I studied, completely 
recrystallized in one hour at 370 °C (700 °F), which is very close to that observed 
by Olsen for his nickel after 70% cold reduction. Recent work at The Mond Nickel 
Company Ltd., in England, and at our Laboratory in Bayonne, has shown that 
nickel produced by sintering high purity carbonyl nickel powder, followed by hot 
rolling and cold rolling, recrystallizes at the same temperature as the 99.99% 
nickel. Furthermore, this nickel shows a very high ductility and a gently curving 
stress strain curve, typical of normal commercial nickel. Annealing curves for 
these two materials, and those of a commercial low carbon wrought nickel and a 
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nickel containing 0.3% of zirconium (which will be discussed later) ar 


Fig. 10 

The production of this type of material (called H.P.M.) is only possible by 
the use of practically zero sulphur carbonyl nickel powder. It was found that billets 
containing 0.0005% sulphur and 0.0007% sulphur rolled well, but those containing 


| n ¢ 


0.001% sulphur or above cracked, on rolling. Particular care must be tak« 
really sulphur-free atmospheres in annealing these magnesium free materials. This 
H.P.M. material is commercially available in certain forms which find application 
in cathodes and other parts in special radar tubes and also as a base for precious 


metal clad materials, where a very low annealing temperature is desir 


usé 
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It will be seen that the 0.3% zirconium alloy has a recrystallizing tempe: 
of about 730 °C (1345 °F) despite the fact that it contains only this slight amount 
of zirconium and is very low in carbon and other elements normal to commer 
nickel. The spectacular effect of fractional percentages of zirconium in raising 
recrystallizing temperature of nickel was observed in work which we did 
(unpublished) and the characteristics of this class of material were subs« 
studied in considerable detail, largely by E. N. Skinner, primarily with the thoug 
that this alloy, which combines superior high temperature properti 
thermal conductivity practically identical with that of the commercially pure 
nickel, would be useful in high duty heat transfer devices in the nuclear 
tensive high temperature creep and rupture data were obtained whic! 
that the 10,000 hour rupture strength at 950°F was 33,800 psi as compare 
14,000 psi for the commercial low carbon nickel. The stress to cause a i 
creep rate of 0.01% in a thousand hours was 12,000 psi for the 0.27% 
nickel as compared to 3700 psi for a low carbon nickel. Additional creep 


1 


shown in Table III and the high temperature tensile properties of the low 
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nickel and the zirconium nickel are compared in Table IV. Further work indi 
cated, however, that this allow was somewhat subject to cracking during certain 
types of welding and, therefore, it was not utilized for these extremely critical 
applications, despite its excellent strength properties and thermal conductivity. 

I hope that these comments will offer a tie-in between the special alloys that 
Mr. Olsen has prepared and studied and earlier data on experimental and com- 
mercial alloys and, in particular, may focus attention on the possibility of produc- 
ing extremely high purity wrought nickel and nickel alloys by the direct sinter- 
ing of the high purity, extremely low sulphur, carbonyl nickel. The latter pro- 
cedure avoids the need for special melting facilities and may be convenient to 
many who do not have such equipment. This procedure is particularly useful in 
producing complicated alloys where the simultaneous control of many elements is 
essential, as is the case with the high permeability nickel-iron-molybdenum- 
copper magnetic alloys and certain of the low expansion nickel-cobalt-irons and 
various magnetic temperature compensating alloys. In all of these materials the 
nickel, as well as the other powder components, must be sulphur-free 


Table Ill 


Comparison of Creep Properties 
Condition: Cold Drawn—Annealed 





Stress, 10* psi, at 510°C (950°F) 
to Produce a Secondary Creep Rate, %/1000 Hours 








Alloy 0.005 0.01 0.05 0.10 0.20 
Low Carbon Ni 3.1 3.7 5.4 6.3 7.3 
Ni + .27% Zr 
(Y-4839) 10.5 12.0 16.0 18.2 20.6 
Table IV 
Comparison of Short Time—High Temperature Tensile Properties 
Condition: Cold Drawn—Annealed 
0.1% Offset 0.2% Offset 
Vield Vield Tensile Reduction 
Test Strength Strength Strength i of Area 
Temp. Alloy 10? psi 10? psi 10% psi % in 2 inches % 
Low Carbon Ni 14.0 15.5 55.4 56 82 
Room Ni + 0.27% Zr 35.6 36.6 71.6 46 82 
600°F Low Carbon Ni 12.1 13.6 41.8 53 84 
315°C Ni + 0.27% Zr 27.1 28.4 56.2 40 84 
800°F Low Carbon Ni 10.0 11.0 37.6 55 87 
427°C Ni + 0.27% Zr 28.8 29.8 53.9 38 84 
950°F Low Carbon Ni 11.3 12.2 33.9 56 80 
26.5 28.1 52.6 39 8&3 


(510°C) Ni + 0.27% Zr 


Written Discussion: By C. Dean Starr, Wilbur B. Driver Co., Newark, N. J. 

The author is to be congratulated for continuing this basic work on the effect 
of minor elements on the properties of high purity nickel. With the continuing 
emphasis on more reliability and tighter specifications on alloys for mechanical, 
electrical, and magnetic applications, the need for an understanding of the effect 
of alloying and tramp elements continues to increase. 

In reading this paper in considerable detail, certain points arise which should 
be discussed. Some of these points may be beyond the scope of the present paper, 
but perhaps the author can shed some light on these problems. In classifying the 
alloying elements under investigation here, the author, for convenience, has divided 
the elements into three categories—extensive solubility, limited solubility, and very 
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limited solubility. Since the first two groups have solubility limits far in excess 
of the compositions investigated and reported here, the classification between 
limited and extensive does not seem to serve any useful purpose. In the last cate 
gory, however, of very limited solubility, there is a possibility in som 


ases oT 
two phases existing rather than a homogeneous solid solution. 

The resistivity data shown in Fig. 8 would be anticipated to show that the effect 
of alloying elements on the resistivity of pure nickel would be a linear functio 
of composition because of the low concentrations investigated. While this is true 
for most of the data shown in Fig. 8, the curves for silicon, magnesium, and boro 
definitely depart from linearity. Since magnesium and boron are believed to have 
limited solubility in nickel, this may be indicative of that postulate. Silicon, on the 
other hand, shows extensive solubility and one would anticipate it to be linear. Is it 
possible that the base alloy for the different melts recor ‘Jed here loes Vary 
slightly 

The resistivity data presented in Fig. 8 is presented on the basis that 
have the same density. This is undoubtedly approximated very closely for st of 
the alloys except the nickel-tungsten series. For example, interpolating the data of 
Davis, Densen, and Rendall, (2) suggest a density of the 2% tungsten alloy as be 
ing 9.01 grams per cc instead of the density of 8.9 which is applicable for pure 


nickel. Making this correction, however, still introduces a very minor change in 
the effect of tungsten on the resistivity of nickel, the value dropping from approxi 
mately 0.705 2 grams per meter squared to 0.69 for the 2% tungsten alloy. This 
still leaves tungsten as the most effective alloying addition to nickel Che re 
sistivity data of Davis et al on nickel-tungsten alloys prepared by powder metal 


lurgical means, show that tungsten is much more effective in increasing the re 
sistivity of pure nickel than recorded in this investigation. It may be argued that 
part of the difference is due to the different methods of fabrication but the point ir 
interest here is why is tungsten so effective in increasing the resistivity of pure 
nickel? To my knowledge, no heat treating effects as a result of solid state re 
actions have been reported for nickel-tungsten alloys in the range of 2 : 

tungsten. Therefore, the effect on resistivity must be intrinsic. From a theoretical 
point of view, however, based on electron theory, the resistivity would depend 


primarily on the number of free electrons per unit volume and the mean free pat! 





of an electron. In transition metals, the number of free electrons or their effe 
charge cannot be specified since they do depend on their environment. Neverthe 
less, it is possible to make a rough classification, and on this basis, those element 
in Group 4 on the periodic table would be anticipated to be the most effecti 
increasing the resistivity of pure nickel and their order would be silicon, titaniun 
zirconium, and carbon. Excluding tungsten, this data showed that Group 4 is the 


most effective but in the order titanium, silicon, zirconium, and carbon. | 





Group 4, Groups 3 and 5 would be anticipated to be next most effective whicl 


should include aluminum and boron. The data shows that aluminum in Grou 

follows Group 4 but boron does not. Because of the limited solubility, however 
one can assume that all data reported here for boron are beyond the solubility 
limits and one could account for the anomalous behavior of boron. Following 


Groups 3 and 5, Group 2 and 8 would be anticipated to be the next most effective 
and these elements would include magnesium, molybdenum, chromium and 
tungsten amongst others. While no molybdenum and chromium alloys were in 


cluded in this investigation, previous investigations on the effect of molybdenu 
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and chromium on the resistivity of nickel does categorize them in this area. And 
this is the general area that one would anticipate tungsten to be in. Following 
these elements, Groups 1 and 7 which contain copper, silver, manganese among 
others would be anticipated. This is in accord with the data shown for the element 
manganese tested. Finally, the Group 8 elements would be expected to have the 
least effect. On this basis, tungsten is the outstanding exception as regards re- 
sistivity in the alloys studied and I wonder if the authors have any explanation 
for it, and second, whether any measurements and correlations were attempted 
between the electrical resistivity and temperature coefficient of resistance of these 
alloys? As shown by Hansen, Johnson and Parks, (3) the product of the resistiv- 
ity and temperature coefficient is a constant for any given solvent metal. It would 
be interesting to note if the tungsten alloys did fit into the homologous series of 
nickel base alloys on the basis of this relationship. 

In the mechanical properties of these alloys, it is noticed that the ambient ulti- 
mate tensile strength of the binary alloys of tungsten, aluminum, and carbon in- 
crease with aging temperatures up to 400°C (750°F). In testing high purity 
Ni-C alloys, we have noticed serrated strain curves arising from strain aging dur- 
ing testing, and I wonder if the author has observed the same in his nickel-carbon 
alloys as well as perhaps the nickel-tungsten and nickel-aluminum alloys? 

The mechanical properties and particularly the strength values shown in Figs. 1, 
2. 3, 4, 5 and 9 show that zirconium and carbon are the most effective additions 
for increasing strength but both achieve their maximum effect at very low concen- 
trations in the annealed condition. Part of this strengthening may be due to the 
dispersion strengthening or may be attributable to grain size alone. Have the 
authors made any evaluation of the grain size of the alloys after annealing at 
800 and 1000 °C (1470 and 1830 °F)? 


Written Discussion: By R. H. Trapp, senior engineer, Westinghouse Electric 
Corporation, Blairsville, Pa 

I have read this paper with great interest. It is a very well done piece of work. 
I have not had experience with pure nickel and the nickel-iron alloys but have 
worked with orders of magnitude differences as compared to the high purity levels 
obtained by Mr. Olsen in his experimental work 

There was only one question that came to mind while reading this paper. What 
influence do these minor impurities have on grain size and texture? In other ma- 
terials, trace quantities of aluminum, zirconium, and boron are known to influence 
grain size, which in turn can have an effect on tensile properties and resistivity. 
Trace impurities are also known to influence texture through changes in deforma 
tion characteristics and grain growth. If the author has investigated these two 
material characteristics, it would probably be worthwhile mentioning them 


Written Discussion: By A. M. Bounds, chief metallurgist, Superior Tube Com- 
pany, Norristown, Pa. 

Mr. Olsen’s contribution, one of a continuing series in this field, is most welcome 
and as a matter of fact overdue. So much published information concerning so- 
called “pure nickel” in reality has to do with nickel containing up to 34% cobalt 
and varying small percentages of magnesium, carbon, titanium and other ele- 
ments, that it has been heretofore difficult to discover what the true properties of 
really pure nickel may be. It may be hoped that this fundamental study will be 
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continued and expanded and may ultimately result in a more accuraté ture of 
the effects of all of the useful alloying elements for nickel both sing 
combination 


ae 

Since we at Superior have worked extensively and over a period of years wit} 
the highly specialized cathode nickel alloys containing traces and in some cases 
respectable percentages of additive elements, we quite naturally have some ques 
tions and suggestions concerning this work. 

Considering the known effects of melting and annealing atmospheres on a 
number of the additive elements used in Mr. Olsen’s study, it may be suggested 
that vacuum annealing of the wires both during processing and at finish size might 
be expected to better retain some of these elements in the finished nickel wires 
Further with respect to annealing of the finished wire, a half-hour annealing cycl 
at the temperature indicated is so different from commercial practice and produces 





such a large grain size that the data might be expected to be altered somewhat by 
the application of annealing practices calculated to produce an equal grain siz 
in all of the wires, a grain size certainly not to exceed 0.035 millimeters. Under 


such circumstances, it might be expected that the curves depicting ductility of th 
various alloys might be materially altered. For instance, the apparently highet 
ductility after annealing of the 2% tungsten nickel alloy may be attributed almost 
entirely to the fact that the annealing temperature and time did not produce 
nearly such an extreme grain growth in this material as was produced in most 
of the other alloys. A similar comment may be made with respect to the zirconiun 
and titanium alloys and the tensile strengths attributed to these materials after 
annealing 

As Mr. Olsen has noted, many of the elements with limited solubility in nickel 
form useful precipitation hardening alloys and these include aluminum, titaniun 
and zirconium. It would appear then that the alloy nickel wires containing these 


elements should be quench annealed and immediately subjected to tensile testing 
if the effects of precipitation hardening because of slow cooling or long aging ar 
to be excluded. It would be most helpful in assessing the data if exact informatior 
on the cooling rates of the various wires could be supplied 

Since Mr. Olsen’s primary interest in studying these binary alloys of kel 
directed toward useful cathode nickel alloys, his selection of added elements 
quite in accord with alloys presently used for this purpose. 

It is unfortunate from the overall standpoint that the elements chromium, 


manganese, molybdenum and columbium, as well as possibly the element tantalu 
were not included in the study. While not of current interest in commercial cathod: 
nickel alloys, nevertheless these elements have been successfully used in su 
alloys and are of great interest in nickel alloys for other engineering work 

It may be worth noting that the solubility of many of the single additive elements 
reported here may be considerably influenced by the presence of impurities or 
purposely added alloying elements present in commercial alloys, particular! 
where relatively large amounts are present such as in the tungsten nickel alloys 
and the chromium-nickel alloys. Therefore, the effects of additions to these con 
mercial alloys of the elements of limited solubility may be expected to be I 
many cases than the extremes indicated in this study. In this connection, it would 


be most helpful if comparisons were presented with commercial nickel alloys and 


commercially pure nickel (Grade “A” nickel) as to tensile strength, recrysta 


lization temperature and resistivity. 
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li is not entirely clear from Table I (Compositions), whether these analyses 
were obtained on the initial ingot or on the finished wire. With respect to most of 
the elements studied, this question would be expected to be of little consequence, 
however, with respect to magnesium, carbon and boron, the question does assume 
importance. The high vapor pressure and high mobility of magnesium causes it to 
disappear to some extent during hot working and annealing operations, while both 
carbon and boron in nickel alloys are reduced by hydrogen annealing, even dry 
hydrogen annealing. It is suggested, therefore, that particularly with respect to 
boron, the analysis for the additive elements should be conducted on the .025 inch 
diameter wire rather than on the ingot. 

All of these questions and suggestions have been raised by no means in criticism 
but rather in encouragement to Mr. Olsen to continue and expand his work in this 
field. This and his previous papers constitute significant additions to our knowl 
edge of nickel and its alloys and will be most useful both in the fields of funda 
mental research and commercial applications. 
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Author’s Reply 

I would like to thank Dr. Starr, Dr. Wise, Mr. Trapp and Mr. Bounds for 
their written discussions of this paper and for their contribution of additional in- 
formation. 

In reference to Dr. Starr’s question regarding the possibility that nonlinearity 
of resistivity with silicon content may be associated with differences in the base 
nickel, I did find that one lot of carbonyl nickel was used for melting and pro- 
cessing the nickels containing magnesium, while another lot was used for the 
nickel-boron and nickel-silicon series. However, our data for pure nickels made 
from these lots and other lots as well have shown the annealed nickel to have 
practically the same resistivity, i.e., 0.623 ohm grams/meter®. In no case was the 
resistivity high enough to produce linearity for the silicon addition curve. 

I appreciate Dr. Starr’s pointing out the rough classification which can be 
made of the influence of various additives on resistivity of nickel as related to 
periodic table grouping. I have no explanation as to why tungsten additions 
affect the resistivity in a manner contrary to what might be anticipated. We have 
not made temperature coefficient of resistance measurements for the numerous 
materials used in our study. Therefore, we have no information as to whether 
the product of the resistivity and temperature coefficient is a constant for the 
nickel-tungsten series. 

With regard to strain aging during testing, we did not observe serrations in 
the stress-strain curves for nickels containing carbon, tungsten or aluminum. 

As to Dr. Starr’s final question and a similar question by Mr. Trapp, we have 
not conducted a comprehensive study of the grain size and texture resulting 
from cold deformation and heat treatment of the various materials used in this 
study. An exploratory examination of the grain size of the nickels containing 
carbon and zirconium after annealing at 800 and 1000°C (1470 and 1830 °F) 
showed that these additives markedly inhibit grain growth. However, we have 
no data which indicate that the strengthening of nickel by carbon or zirconium is 


attributable to finer grain size alone 
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I have no comment to make on Dr. Wise’s discussion, which is prima 
cerned with presentation of additional information 

In reply to Mr. Bounds’ discussion, I certainly agree that different processing 
histories and final annealing treatments would alter the nature of the ductility 
curves 

With regard to cooling rate of the wires after heat treatment, I mentioned 
that the wires were withdrawn to a cooling chamber and cooled to room tem 
perature in about 25 minutes. This cooling, of course, is not nearly as rapid as 
would be obtained by water quenching. I might add that in other exploratory 
hardness studies, we were not able to find any significant evidence of age harden 
ing in the nickels containing low concentrations of zirconium 

As a result of this initial survey, we too became interested in possible effects of 
other added elements. We have prepared a number of new materials for anothet 
study which is now under way. | hope to be able to report on this study at 
later date. However, the data I have presented do include the effects attributabk 
to additions of manganese. 

I do not think meaningful comparisons can be made of the results of 
purity nickel study with those obtained for commercial nickel alloys because of 
their entirely different processing history and metallurgical nature. Comparisons 
with grade “A” nickel are subject to the same criticism 

For what it may be worth, the following is a comparison of our dat 
formation given in the Metals Handbook for Grade A nickel 

In the as annealed condition: 


Our nickel has a resistivity of 6.99 microhm-cm, Grade \ is 95 
microhm-cm 

Our nickel has a tensile strength of 45,000 to 50,000 psi., compared with 
50,000 to 80,000 psi. for Grade A nickel. 

The temperature of complete recrystallization point estimated for ou 
nickel was 365°C 690°F, the recrystallization temperature quoted for 
Grade A nickel is 600 °C (1110 °F) 


I would like to suggest that a fruitful approach to the evaluation of the effect 
of impurities on properties of specific alloys would be to start with a high purity 
alloy and then systematically determine the influence of added elements. We have 
demonstrated that suitable high purity alloys can be made by controlled atmos 
phere melting procedures. In a previous publication we disclosed that we were 
able to prepare an alloy consisting of seven major components, Alni VII, 
whose purity was such that no single impurity element was present in amounts 
exceeding 0.005% by weight or 50 parts per million 

The chemical analysis data were not obtained on the initial ingot but on 0.025- 
inch diameter wire and 0.005-inch thick strip processed similarly with respect to 
annealing time, temperature and atmosphere. The process annealin f the 
nickel-carbon materials was done in a helium atmosphere to minimize 
carbon 
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THE THERMAL AND ELECTRICAL 
CONDUCTIVITIES OF DUCTILE CAST IRON 
AND SEVERAL GRAY CAST IRONS 


By J. H. Bropuy anp M. J. SINNoT1 


Abstract 


In investigation was made of the effect of graphite size 
and distribution on thermal and electrical conductivities of 
several cast trons. The specimens included annealed ductile 
cast iron, pearlitic ductile cast iron, pearlitic ‘Sphere-a- 
steel,” and two pearlitic gray cast irons. In the series of 
pearlitic gray cast irons, thermal conductivity increased and 
electrical conductivity decreased as the effective length of 
the graphite particles increased. The lowest thermal conduc- 
tivity and highest electrical conductivity were found when 
the graphite was spheroidal. In the series of ferritic ductile 
cast irons, the therinal conductivity was found to be higher 
and the electrical conductivity lower than those of the 
graphite-free iron matrix. The magnitude of this difference 
was independent of the maximum graphite sphere size, but 
was dependent upon the volume percent of the graphite 
present and the orientation of the atomic structure in the 
graphite phase. In view of these observations, it was shown 
that a Lorents Number correlation between thermal and 
electrical conductivitics was not ap pli able to an aggregate of 
a nonmetallic phase and a metallic matrix. It was also shown 
that in ductile cast iron, maxtmum thermal conductivity is 
obtained when the tron is in the fully annealed condition and 
when carbon content is high and silicon content low. 
(ASM-SLA Classification: P11h, P15g; Cl-n, ClI-r) 


_— THERMAL conductivity of a metal is in many respects sim 
ilar to its electrical conductivity, and a knowledge of both is essen 
tial, particularly for engineering applications. Since thermal conduc 
tivity is far more difficult to determine experimentally, the possibility 
of relating thermal conductivity analytically to comparatively simple 
electrical measurements is particularly attractive. Since 1853 the em 
pirical relationship between conductivities has been known (1)’ and 


1 The figures appearing in parentheses pertain to the references appended to this paper. 

This paper is based on a thesis by J. H. Brophy submitted as partial fulfillment of the 
requirements for the degree of Doctor of Philosophy to the Rackham School of Graduate 
Studies, University of Michigan 

A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959 

Of the authors, J. H. Brophy is assistant professor of Metallurgy, Massachu 
setts Institute of Technology, Cambridge, Massachusetts, and M. J. Sinnott is 
professor of Metallurgical Engineering, University of Michigan, Ann Arbor, 
Michigan. Manuscript received April 13, 1959 
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since the development and refinement of the electron theory of metals, 
this relationship has been confirmed theoretically. The theoretical re 
lationship, known as the Wiedemann-Franz Ratio or the Lorentz Num 
ber, is written: 


L = K/oT = x*k?/3e? = 0.586 cal ohm/sec °C Equation 1 


in which K is the thermal conductivity, o is the electrical conductivity 
T is the absolute temperature, k is the Boltzman constant and e is the 
electronic charge. However, many investigators have found empiricall 
that thermal conductivity is related more closely to electrical cor 
ductivity by an equation of the form: 

K = AcT +B Equat 2 


in which A is analogous to the Lorentz Number while B arises from the 
appreciable lattice component of thermal conductivity not found i1 
electrical conductivity. 

Previously published data of this sort apply to single phase alloys o1 
two phase alloys in which there is little difference in conductivity be 
tween phases. In the present investigation a series of as cast pearliti 
cast irons and a series of annealed ferritic ductile cast irons were cot 
sidered. These alloys represent cases in which there is considerable 
difference between the conductivities of the dispersed phase (graphite 
and the matrix (pearlite or ferrite). The conductivities of these cast 
irons were determined and were related to the amount, size, shape, and 
structure of the phases present. Several methods for calculating the 
conductivity of a two phase aggregate and a technique for quantitative 
metallography were applied. 


EXPERIMENTAL PROCEDURE 


A summary of the materials used in this investigation and their 
chemical compositions appear in Table I. Microstructures of the alloys 
appear in Figs. 1 through 7. The first four specimens, Figs. 1 throug! 
+, are in the as-cast condition with entirely pearlitic matrix structures 
In the ductile iron the graphite is present as spheroids and in the 
“Sphere-a-steel” * it appears as nodular temper carbon aggregates. The 
graphite in the gray iron, KC, Fig. 3, is classified size 3 type A, while 
that of gray iron, G, Fig. 4, is the long slender size 2 type A, shape. The 
ductile cast iron first heat, Fig. 5, was cast in a three inch keel block 
and heat treated at 1400 °F for six hours. The second heat, Fig. 6, was 
cast in one inch, half inch, and quarter inch keel blocks, and annealed 
at 1675 °F for three hours, furnace cooled to 1300°F and held five 
hours. The third heat, Fig. 7, was cast in the same three section sizes 
and the 1675 °F heat treatment was extended to twelve hours 


\ product of the Albion Malleable Iron Company, Albion, Michigan 
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Table I 
Chemical Compositions 








Casting —_—————_Chemical Analysis————_——_, 


Specimen Section Total Combined 
Designation Material Size Cc Cc Si Mn Ss 
D Ductile Cast Iron - 3.15 — 2.27 0.32 0.013 
Ss Sphere-a-steel - 2.48 — 1.63 0.44 0.400 
KC Gray Cast Iron 2.92 — 1.75 0.73 0.126 
G Gray Cast Iron 3.58 _ 1.90 0.35 0.058 
SI Silicon Iron Alloy 3 in. 0.015 _— 2.01 0.27 0.024 
1-3 First Ductile Iron 3 in 3.60 0.36 2.35 0.16 -- 
2-1 Second Ductile Iron 1 in. 3.61 0.09 2.15 0.20 0.019 
2-4 Second Ductile Iron ¥% in. 3.61 0.09 2.15 0.20 0.019 
2-\% Second Ductile Iron \% in 3.61 0.09 2.15 0.20 0.019 
3-1 Third Ductile Iron 1 in. 3.62 0.02 2.25 0.16 0.014 
3-14 Third Ductile Iron \% in. 3.62 0.02 2.25 0.16 0.014 
3-\% Third Ductile Iron \% in. 3.62 0.02 2.25 0.16 0.014 














The apparatus for the determination of thermal conductivity em- 
ployed the radial heat flow technique developed by Powell and Hickman 
(2). A drawing of the test cell appears in Fig. 8. This design employed 
a disk shaped specimen 2.75 inches in diameter which proved to be a 
convenient shape to prepare from the keel blocks of varying section 
sizes. A single thermocouple probe was used to measure the steady 
state temperature drop radially in the specimen, while the heat input 
was measured over the center section of the electric heater. The thermal 
conductivity in this geometry can be calculated by the equation: 


K = (q/2zl) In(Ro/Ri)/Ti — To Equation 3 


in which q is the power input, | is the length of the test section, and 
Ro, Ri, To, and T;, are the radii and temperature in the outer and inner 
thermocouple wells. The entire test cell was evacuated to minimize 
specimen oxidation. 

Electrical conductivity was measured by a Kelvin Bridge Ohmmeter 
with current and potential leads attached to a disk of the specimen 
material approximately 0.045 inches thick. These disks were repro- 
ducibly slotted to increase the current path, and when measurements 
were made the disks were included in the thermal conductivity appa- 
ratus. 

EXPERIMENTAL RESULTS 

The thermal conductivity values for the four as-cast irons appear on 
the left of Fig. 9. Curves on the right represent comparable results of 
other investigators (3,4). The lower line represents conductivity of 
304 stainless steel (5) ; the points represent calibration determinations 
with this material in the apparatus of this investigation. Table II repre- 
sents the electrical conductivity vaiues for these alloys at room temper- 
ature. 

Figs. 10 and 11 represent the experimental electrical resistivities and 
thermal conductivities, respectively, for three heats of annealed ductile 
cast irons. An analysis of the maximum probable errors, duplicate de- 
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Fig. 1—Ductile Iron D. As-cast, 2% nital etch. x 100 
Fig. 2—Sphere-a-steel S. As-cast, 2% nital etch. x 100 


terminations, and deviations of data points from fitted curves indicated 
an accuracy of +0.002 cal/cm sec °C for the thermal conductivity data 
Similarly, the accuracy of the ohmmeter and the reproducibility of 


resistance readings justified reporting these data to three significant 
figures. 


~~ 
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Fig. 3—Gray Cast Iron KC. As-cast, 2% nital etch. (a) x 100; (b) x 500. 
Fig. 4—Gray Cast Iron G. As-cast, 2% nital etch. (a) K 100; (b) x 500. 


DISCUSSION 
As-Cast (Pearlitic) Irons 
\ comparison of the thermal conductivities within the group of four 
as-cast pearlitic irons shows an apparent dependence upon the shape of 
the graphite phase. When arranged according to increasing mean length 
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Fig. 5—First Ductile Iron Heat. Annealed, unetched, three inch section size 





Table Il 
Selected Experimental and Calculated Values of Electrical Conductivity 
Experimental Calculated Cond 
Graphite Conductivity fitted to Equat 4 
Specimen Volume Temperature x10-¢ 4 ‘ 
Designation Fractior °F ohm! cm 
D 0.107 75 1.55 
Ss 0.096 75 1.94 
KC 0.111 75 1.65 
G 0.115 75 1.06 
SI 0 300 2.105 
500 1.820 
800 1.430 
1100 1.081 
1-3 0.128 300 1.539 1.635 
500 1.351 1.425 
800 1.099 1.130 
1100 0.866 0.870 
2=!4 0.123 300 1.710 1.715 
500 1.492 1.490 
800 : 220 1.178 
1100 947 0 893 
3-!2 0.134 300 1.668 1.650 
500 1.439 1.440 
800 1.161 1.142 


1100 0.918 0.870 








oo 





1960 THERMAL CONDUCTIVITY OF CAST IRON 573 


F see sa 
a J = . ° 4 
®. 2 ¢ e, e e. 7 ® 
a @ * ee o Ps 
®eo oa ° * , 
& 
& > 
Se oa of . 
a a eo” ‘ ¢ 
oe “en.3 ae, See 
*«. e - 
® ee a? ‘ ees 
y ® ad ba ° e ¢6 “¢@ ee 
4 & ro 2 
c y 4 ” 2 ; > 7 = > 7 - 
Fig. 6—Second Ductile Iron Heat. Annealed, unetched. 


x 100. (a) One inch; (b) One-half inch; (c) One-fourth inch 
section sizes 


of the graphite phase as in Fig. 1 through 4, these alloys are also ar- 
ranged in order of increasing thermal conductivity. Thermal conductiv- 
ity is lowest for the ductile iron and highest for the gray iron with long 
flakes. Previous investigators have shown that various grades of com- 
mercial poly-crystalline graphite exhibit average thermal conductivities 
from three to four times that of iron in these temperature ranges (6). 
Apparently the addition of a longer mean path of the higher thermal 
conductivity graphite phase increases the thermal conductivity of the 
aggregate of graphite and iron. 

The electrical conductivity of these irons, Table II, is a minimum in 
the gray cast iron G, which shows the longest flake form. The other 
irons in this series (of similar chemical compositions) can be arranged 
in ord~. of increasing electrical conductivity as follows: gray cast iron 
KC, and Sphere-a-steel S. The ductile iron D has been omitted from 
these comparisons because of its high silicon content which would be 
expected to lower its electrical conductivity relative to the others in 
this series (7). 
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Morrogh (8) in his summary of existing theories and experimental 
evidence concerning the structure of graphite in gray and ductile cast 
irons, shows that there is evidence that the graphite flakes in size 2 
type A graphite cast irons such as specimen G are inter-connected in 
cells of eutectic crystallization in the iron. On the other hand, cast irons 
with shorter more rounded flakes, do not show this interconnection of 
graphite. Morrogh also indicates that the layers of the graphite lattice 
are oriented parallel to the length of the graphite flake. Due to anisot- 
ropy in the graphite lattice, the transverse electrical conductivity in the 
graphite flake would be less than that in the longitudinal direction 
Therefore, in the case of interconnected flakes, electrical conductivity 
is restricted because the current, traveling through the iron matrix 
must cross the major section of the cell of flakes transversely (in the 
direction of low conductivity). In the case of the gray iron KC, the 
flakes are not interconnected and do not offer such an effective barrier 
to current flow ; conductivity is therefore higher. In the limit, maximum 
conductivity occurs in the Sphere-a-steel in which the graphite is as 
sembled in a more or less equiaxed form. 
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Fig. 10—Electrical Resistivities of All Sections of Three Ductile Iron Heats ar 
Silicon Iron Alloy 


Thermal conductivity is influenced by the graphite structure in a 
manner opposite to its effect on electrical conductivity. Heat flow 
more isotropic in the graphite lattice than is electrical flow, and the 
thermal conductivity of the graphite is somewhat higher than that of 
the matrix iron. Consequently, interconnection of long graphite flakes 
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leads to the longest mean path of the higher thermally conducting phase, 
and therefore, maximum thermal conductivity. 


Annealed (Ferritic) Ductile Irons 

Electrical resistivities for the various annealed ductile irons appear 
in Fig. 10. Representative values converted to conductivities appear in 
Table II ; also shown in Table II are the volume percent of graphite in 
each alloy. These values show that graphite present in the ductile iron 
lowers the electrical conductivity of the aggregate compared to that of 
the silicon iron matrix. In the annealed second and third ductile iron 
heats, the amount of this decrease apparently depends upon the volume 
percent of the graphite in the structure. Graphite content is nearly 
constant within a heat but varies from heat to heat; and heats with 
higher graphite content show lower electrical conductivity. This effect 
is independent of the section size of the original casting, in spite of the 
fact that the apparent maximum graphite sphere size increased with 
increasing section size.* 

In view of the observed dependence of electrical conductivity on the 
volume percent of spherical graphite, various techniques for the calcu- 
lation of the conductivity of composite media were applied to the data 
(9,10,11,12). After a corollary investigation of the applicability of these 
methods, the Maxwell method was found to be more suitable for an 
empirical analysis of the effect of the structure and properties of the 
spherical graphite phase on the aggregate conductivity. This expression 
is: 

a o) so tat a Boe 2aVslor — #2) Equation 4 
© 2a, + 62+ aV2(o1 — a2) 
where ao, a1, and o2 are the conductivities of the aggregate, matrix, and 
second phase respectively, V2 is the volume fraction of the second phase, 
and a is a coefficient which is theoretically unity, but is empirically 
slightly less than unity. 

The electrical conductivity of polycrystalline graphite has been shown 
to be less than that of metals by about an order of magnitude (6). How- 
ever, the structure of the graphite sphere in ductile cast iron suggests 
that its net electrical conductivity would be even lower than that of 
polycrystalline graphite. Morrogh showed that the graphite sphere is 
actually a polycrystal made up of many conical segments radiating from 
the center of the sphere such that the layers of the graphite lattice are 
perpendicular to the radius of the sphere (8). Asa result, each graphite 
sphere can be viewed roughly as spherical metallic shells of atoms 
bonded radially with nonmetallic bonds. Recent investigations of the 
electrical conductivity of graphite single crystals show a value of 
1.8 < 10* ohm"! cm”! along the layers of the lattice, the same order of 


* See Appendix A 
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magnitude as in metals ; conductivity is only 0.3 to 0.5 ohm~? cm™ per 
pendicular to the layers, similar in magnitude to that of semi-conductors, 
From this evidence, it is apparent that the conductivity in the tangential 
direction in the graphite sphere would be very nearly that of a metal, 
while in the radial direction it would be that of a semi-conductor (and 
less than that of the matrix by several orders of magnitude at room 
temperature). As a result, radial conductivity of the sphere would be 
the limiting conductivity of the second phase ; in calculation of condu 

tivity of the aggregate this would be so small as to appear to be zer: 
relative to that of the matrix at room temperature. 

At higher temperatures, the radial conductivity (perpendicular to the 
layers of the graphite lattice) would be expected to increase. This con 
clusion is supported by the small positive temperature coefficient of 
the polycrystalline graphite conductivity (12). Since the metallic com 
ponent of conductivity in the graphite (parallel to the layers of the 
lattice) would be expected to decrease within the same magnitude with 
increasing temperature, and net positive coefficient of the average con 
ductivity of polycrystalline graphite must be due to increasing condu 


tivity between layers. Also, conductivity and bonding between layers 
are similar to those of semi-conductors which are known to exhibit 
positive temperature coefficients of conductivity (13). As a result of 
the foregoing, the conductivity of the graphite sphere may be expected 
to become more significant relative to the matrix as the temperature 
increases. 

To show this behavior from the experimental data, [-quation 4 was 
fitted empirically at the low temperature indicated in Table IT using ar 
effective graphite phase conductivity of zero. The effect that the varia 
tion in silicon content would have on the matrix conductivity was 
considered by applying a correction appearing elsewhere (7). At higher 
temperatures it is apparent from Table IT that the calculated values of 
aggregate conductivity for the fully annealed heats are lower than ob 
served conductivities, indicating that the electrical conductivity of the 
graphite phase does indeed become more significant relative to that 
the matrix phase as the temperature increases 

While polycrystalline graphite is a poorer electrical conductor that 
is polycrystalline iron, it is a better thermal conductor (6). Fig. 11 
shows that the addition of graphite to the silicon-iron matrix increases 
the thermal conductivity of the aggregate, with the magnitude depend 
ent upon the volume percent of the graphite phase present in the an 
nealed iron. This effect is not so sensitive to the structure of the graphite 
phase as is the electrical conductivity. While thermal conductivity data 
for single crystal graphite are lacking, experimental measurements or 
strongly oriented extruded graphite indicate a directional anisotropy of 
1.2 to 1.4 instead of the 10,000 found for electrical conductiy ity (14,15 
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Even the lowest thermal conductivity in graphite is greater than that 
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a — 
Table Ill 
Selected Experimental and Calculated Values of Thermal Conductivity 
£9 Graphite Experimental Calculated Conductivity 
Specimen Volume Temperature Conductivity (Equation 4 with assumed 
| Designation Fraction F Cal/cm sec °C graphite values) 
| SI 0 300 0.072 
500 0.075 
| 800 0.075 
1100 0.072 
1-3 0.128 300 0.095 0.081 
500 0.085 0.083 
800 0.078 0.083 
1100 0.075 0.080 
2-14 0.123 300 0.098 0.076 
500 0.089 0.080 
800 0.082 0.080 
1100 0.079 0.077 
3-1 O144 100 0.105 0.083 
500 0.094 0.086 
800 0.086 0.085 
1100 0.080 0.081 
Average Polycrystalline 300 0.33 
Graphite Conductivities 500 0.29 
(reference 6) 800 0.23 
1100 0.19 
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Fig. 11 Thermal Conductivities of All Sections of Three Ductile Iron Heats and a 
Silicon Iron Alloy 


of the silicon iron matrix, and the presence of the graphite phase in- 
creases the thermal conductivity of the aggregate. Attempts to apply the 
aggregate calculations to the case of thermal conductivity were not 
satisfactory. However, Table III shows that the direction of the graph- 
ite influence is indicated ; the discrepancy between observed and calcu- 
lated results may be due to differences in chemical composition which 
at this time cannot be included in the calculations. 

A comparison between the results for the annealed ductile irons and 
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the as-cast ductile iron indicates that the presence of iron carbide as 
pearlite in the matrix reduces both thermal and electrical conductivities, 

The nonmetallic relationship between thermal and electrical conduc- 
tivities in the graphite phase mades the correlation of these properties 
by a Lorentz Number relationship useless in gray and ductile cast irons 
However, the addition of the graphite phase causes the expected change 
in the conductivity of the aggregate, so long as the conductivity and the 
structure of the phase are considered. A commercially important con- 
clusion of this work is that maximum thermal conductivity in ductile 
cast iron is obtained when the material is in the fully annealed condi 
tion with maximum carbon content and minimum silicon content (5) - 
casting section size or cooling rate have no significant effect on thermal 
conductivity. 

CONCLUSIONS 


1. The presence of graphite spheroids in iron raises the thermal 
conductivity and lowers the electrical conductivity of the aggre 
gate (ductile iron). This results from the higher thermal con 
ductivity, the anisotropy of the electrical conductivity, and the 
structure of the graphite phase itself. The magnitude of this 
effect is a function of the volume fraction of graphite, but is 
independent of the casting section size. 

2. Thermal conductivity of the graphite-iron aggregate increases 
with the longer mean graphite path, and the electrical conduc 
tivity decreases with the larger assembly of graphite in size 2 
type A graphite gray cast iron. These effects may also be ex 
plained by the conductivity and structure of the graphite phase. 

3. Thermal and electrical conductivities of the graphite-iron ag- 
gregate decrease in the presence of undecomposed iron carbide. 

4. Due to the nonmetallic behavior of graphite, a correlation of 
the therm=i 2ad electrical conductivities with temperature in 
the form of che Wiedeman-Franz Ratio or Lorentz Number 
for ductil* or gray cast irons has no theoretical significance and 
limited en.virical usefulness. 
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Appendix A 


A complete quantitative metallographic analysis was performed on 
the annealed ductile cast irons to determine the size of the graphite 
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spheres present. The technique was similar to that employed by Cahn 
and Fullman (16) and Lord and Willis (17). This analysis applied to 
the present investigation showed that there is a distribution of graphite 
sphere sizes present in the annealed ductile cast iron. Therefore, a dis- 
tinction has been made between apparent maximum graphite sphere 
size, which is the size most likely to be recognized by the observer of a 
micrograph, and the arithmetic average of the distribution of sphere 
sizes actually present. 

Originally it was intended to investigate the effect of the variation 
of sphere sizes on the conductivities by varying the casting section size. 
Experimentally, the obvious variation in the apparent sphere size had 
no effect on the conductivities. This may possibly be attributable to the 
fact that there was also no significant variation in the average sphere 
size, but the data only suggest this and do not prove it. Since the ob- 
servation concerning the sphere size distribution was not essential to 
the remainder of the argument involving thermal and electrical con- 
ductivities, it has merely been mentioned here. The authors anticipate a 
future publication of the technique and data of this particular phase 
of the investigation. 
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DISCUSSION 
Written Discussion: By Roger P. King, metallurgist, Lib“ey-Owens-Ford Glass 
Company, Technical Center, Toledo, O 
The authors have shown that maximum thermal conductivity in ductile cast 


iron is obtained when the material is in the fully annealed condition with maximun 
carbon content and minimum silicon content. Fig. 9 shows that Gray Iron G witl 
3.58% carbon has better conductivity than Gray Iron KC which contains 2.92 


carbon 


The above findings indicate that a high graphite content results in higt 


ductivity. This is in variance with a statement on Page 192 of the 1958 edition of 
“Gray Iron Castings Handbook” which reads as follows 
“Increasing amounts of graphite and coarser graphitic flakes reduce 
conductivity.’ 
Page 137 of the 4th edition of “Cast Metals Handbook” also states that increa 
ing the carbon content of cast iron decreases the conductivity 
I would like to present some data which supports Brophy’s and Sinnott’s stat 
ment that maximum thermal conductivity is obtained with a high graphite conte 
The following table shows that a cast iron containing 3.5% total cart 


better conductivity than a cast iron with 2.89% carbon content 


Cast Iron A with the higher carbon content has much better conductivity even 
though it contains more silicon and manganese. Increasing silicon and manganese 
will lower the conductivity of iron as can be seen by the graph taken from pag 
137 of the 4th edition of “Cast Metals Handhook.” See Fig. 12 


Donaldson *** has made some conductivity measurements which show that " 
heart malleable iron with a 2.49% carbon content has better thermal condu t 
than a 0.26% carbon steel. The tabulation on the opposite page compares the 


composition and thermal conductivity of black heart malleable iron with a 0.2 
carbon steel. The composition of the two materials appears on page 258 of 
Donaldson’s article while the conductivity values are given in Table III 


Page 262 


* A.F.S. Preprint 56-26 entitled “Service Life of Iron Castings Can be Affected 
Thermal Conductivity 
** Pages 259 and 26 Donaldson's report entitled “‘The Thermal Conductivity of W ht 
Iron, Steel, Malleable Cast Iron and Cast Iron’ 
***® Donaldson's report entitled “The Thermal Conductivity Of Wrought I 
Malleable Cast Iron and Cast Iron Journal, Iron and Steel Institute, Vol + ) 
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Total Carbor 
Combined Carbon 
Graphite Carbor 
Silicor 
Manganese 
Sulphur 
Phosphorus 


CONDUCTIVITY 


Calories/cm*/sec./ *¢ 








Fig. 1 frend Curve. Decrease of thermal conductivity of pure tron (ferrite) 


with alloy additions (Sohnchen) 


Black Heart 


tee Malleable lron 
$2 BM 
¢ 36 
0.13 
2.23 
0.14 1.03 
0.61 125 
053 0.08 
0 0.135 
4 at 93 °¢ 0.151 at 100 °C 


If graphite is a low conductivity constituent, it is hard to understand how mal 


leable iron with an appreciable amount of its volume occupied by graphite could 


have better conductivity than a 0.26 carbon steel 


Table IV 


Comparing Conductivity of a 36%, Nickel Steel 


Element 
Manganese 
Fotal Carbor 
Silicon 
Nickel 
Iron 


Conductivity 


BTU/Hr/ft?/in/F° 


with That of a 36% Nickel Cast Iron 


Minovar 
Invar Steel ast lron 
0.50 0.60 
4 * 
0.5¢ 1.75 
6 36 
Balance Balance 
79 273 
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Note that the Minovar Cast Iron has almost four times greater conductivity than 
Invar which contains the same amount of nickel. The greater conductivity of the 
cast iron must come from the greater graphite content as the iron contains greate 
amounts of manganese and silicon both of which reduce thermal conductivity 


Reference Page 8 of Section 8 of “Nickel Alloy Steels” published by Inter: 


a 
tional Nickel Co., Page 20 of 4th edition of Inco’s Ni Resist booklet 
Authors’ Reply 

The authors wish to express their thanks to Mr. King for his inte: g 
ten discussion 

The handbook statements, cited by Mr. King, probably reflect an eat analog 
made between thermal and electrical conductivities for cast irons as they are 
affected by increasing amounts of graphite. This would be a reasonable analogy 


if truly metallic behavior were assumed. It is hoped that our observations an 
the additional evidence Mr. King has supplied will indicate that in cast irons the 
normal metallic relation between conductivities does not prevail. This behavior 
is due to the presence of graphite in the microstructure 
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AN INVESTIGATION OF ALUMINUM-COPPER 
COMPOSITES PREPARED BY SOLID.- 
STATE BONDING 


By J. M. WILLIAMS AND M. B. BEVER 


Abstract 

Composites of aluminum and copper were made by a two- 
step process in which thoroughly cleaned bars were rolled 
together under heavy reductions and the resulting “green 
bond” was strengthened by sintering. The processing var- 
iables were time and temperature of sintering; two surface 
conditions were used. Tensile tests with specially designed 
specimens showed that the bond strength went through a 
maximum with sintering time. Microhardness measure- 
ments across the diffusion zone indicated the formation of 
intermediate phases and the effects of diffusion through 
these phases. Observations of the fracture surfaces demon- 
strated the importance of the rolling operation in the bonding 
process. (ASM-SLA Classification: K5k; Al, Cu) 


INTRODUCTION 


N SOLID-STATE bonding two metals are joined into a composite 

below the temperature at which a liquid phase forms. Various indus- 
trial processes for doing this have been developed and are used for the 
cladding of metals and the production of metal laminates. Solid-state 
bonding thus has both practical and theoretical interest. 

This paper reports on an investigation of aluminum-copper com- 
posites made by a two-stage process in industrial use. The component 
metals, after thorough cleaning, were rolled together in a rolling mill 
with a heavy reduction to produce a “green bond.” The composites were 
then sintered to increase the strength of the bond. The green bond was 
produced under two sets of conditions; the composites were sintered 
at two temperatures for different times. The resulting bond strength 
was determined by tensile tests of specimens of special design and the 
fracture surfaces of these specimens were examined. The diffusional 
zone was investigated by metallography and microhardness tests. The 
information obtained throws light on the nature of the bonding process 
used and solid-state bonding in general. 


This gages is based on a thesis submitted by J. M. Williams to the Massachusetts Institute 
of Technology in partial fulfillment of the requirements for the degree of Master of Science. 





A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 

Of the authors, J. M. Williams is Supervisor, Moderator Materials Develop- 
ment, Aircraft Nuclear Propulsion Department, General Electric Company, and 
M. B. Bever is Professor of Metallurgy, Massachusetts Institute of Technology, 
Cambridge. Manuscript received April 13, 1959. 
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While the literature on bonding metal powders is extensive, only a 
few publications deal with the bonding of compact metals. The process 
used in this investigation was described by Durst in 1956 (1).* Storch- 
heim, Zambrow and Hausner (2) in 1954 reported an investigation of 
solid-state bonding of aluminum to nickel, in which composites were 
produced by heating under pressure in an evacuated die, and pressure, 
temperature and time of heating were the variables. These authors 
evaluated the composites by their tensile strength and investigated the 
kinetics of bond formation by metallographic observations. Storchheim 
(1955) extended these studies to aluminum-copper and aluminum 
zirconium composites (3) and published a comprehensive account of 
his investigations (4). The effect of pressure on phase equilibria and 
in particular on the formation of intermetallic compounds has been the 
subject of continuing research by Castleman and Seigle (5). A survey 
of the literature on solid-state bonding theory and practice, including 
the patent literature up to 1956, has been presented elsewhere (6) 


PREPARATION OF BONDED MATERIAL 

Annealed bars, 3—4 feet long having a cross section of 1 inch & 6 
inches, were prepared from aluminum and copper containing none of 
the usual metallic impurities in excess of 0.003%. The bars of aluminum 
were cut 5% shorter than those of copper to allow for their greater 
extension during rolling. Packs were prepared by placing one bar of 
aluminum on a bar of copper. One end of each pack was tapered to pro 
vide an entrance angle into the mill of approximately 14 degrees. 

The mating surfaces of the bars had been cleaned thoroughly with 
abrasives and rotary steel wire brushes. One pack was rolled to a 
reduction of 64% immediately after cleaning ; specimens made from this 
composite will be referred to as Material A. The second pack was held 
for 30 minutes and then rolled to a reduction of 69% (Material B) 
These reductions were achieved in single passes at a speed of 2.5 feet 
min. Once the material was inserted, friction was sufficient to extrude 
the composite. During the cleaning and rolling the average temperature 
of the material rose to approximately 200 °F. 

Cylindrical specimens approximately 1 inch in diameter with the 
bonded interface perpendicular to the cylinder axis were cut from the 
rolled material. They were sintered at a temperature of 350 + 10°F 
or 400 + 10°F in a laboratory furnace for times ranging from 4 to 96 
hours. No protective atmosphere was required because only the central 
section of each specimen was used in subsequent tests. 

Several differences should be noted between this method of preparing 
composites and that used by Storchheim et al. (2) and Storchheim 
(3,4). The bonding force was known only approximately while it was 
an explicit variable in Storchheim’s work. Secondly, in the present in- 





1 The figures appearing in parentheses pertain to the references appended to this paper 
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vestigation the force acted only for a brief, approximately constant 
period and the sintering time was varied independently ; in Storchheim’s 
investigations the force was applied for an extended and known period, 
which was identical with the heating period. Thirdly, in the rolling 
operation, extrusion and the resulting “stretch off” exerted a severe 
action on the surfaces forming the interface, while in static compression 
the surfaces did not move extensively with respect to each other. 

Incidental to the investigation of aluminum-copper composites, the 
bonding of aluminum to aluminum and of copper to nickel was briefly 
investigated. The two-step process described above was used; the 
conditions of sintering will be mentioned in connection with the dis- 
cussion of the results. 

TENSILE TESTS 

Specimens—The strength of the bond is the most important property 
of composites produced by any solid-state bonding process. It is diffi- 
cult, however, to measure this strength in thin composites. The diffi- 
culties increase whenever the bond is stronger than one or both of the 
components. In preliminary attempts to measure the resistance of the 
bond to peeling, splitting or shearing, tests applied to material of a 
thickness of 0.20 inch or less did not give dependable results. Conven- 
tional tensile tests on thin specimens mounted in special fixtures or 
joined to grips by soldering also failed (6). 

The use of thin composites was abandoned and material approxi- 
mately 0.7 inch thick (Material A and B) was prepared, as described 
above. Three precisely positioned holes were drilled in the cylindrical 
specimens. The specimens were held in a three-pronged holder and 
turned on a lathe to 0.745 + 0.005 inch. They were threaded in a jig 
and slotted in a lathe to a diameter of approximately 0.250 inch. The 
slot was positioned inside the copper with one edge at the bonded inter- 
face. This assured that fracture occurred at the interface and not in 
the aluminum portion of the threaded section. The finished specimen is 
shown diagrammatically in the insert of Fig. 1. 

Other types of specimens were prepared and tested (6). In one type 
the interface was located at the center of the stem which had a constant 
diameter as did the standard specimens described. These specimens 
broke in the aluminum. In another type, the interface was also at the 
center of the stem, but a cut was made giving a fillet on each side having 
a radius of 0.300 inches. The results obtained with these two types of 
specimen agreed satisfactorily with those obtained with the standard 
specimens. This showed that stress concentration did not seriously 
affect the results. 

Test Procedure—The ultimate tensile strength of control specimens 
machined from a plate of 2SH-14 aluminum was 20,800 + 400 psi. 
While this was larger than the published value, the testing procedure 
was judged to be satisfactory. 











——————— 


588 TRANSACTIONS OF THE ASM Vol 


mn 
mM 


The number of specimens tested for each condition of bonding ranged 
from six to eighteen. In general the results agreed, but some excessively 
low strength values were found. Most of these were probably due to 
abnormally large fractions of unbonded area in the interface. In particu 
lar, when unbonded areas were present at or near the external surface 
of a specimen, they lowered its tensile strength disproportionately be 
cause of their notch action. In the selection of the tensile strengths for 
the evaluation of the conditions of bonding, obviously low values were 
discarded and the remainder was averaged. 

Results—Fig. 1 shows ultimate tensile strengths of specimens mad 
from Material A (freshly cleaned), sintered at 350°F and 400°F for 
various periods, and from Material B (allowed to stand after cleaning), 
sintered at 400 °F. The variables thus were the temperature and time 
of sintering and the time elapsed between cleaning and bonding. The 
difference in bonding pressure associated with 64 and 69% reductions 
(Material A and B) was only of minor significance. 

The strength of the “green bond” of Material A was about 22,500 psi 
A comparison with the tensile strength of pure aluminum, approxi 
mately 64% cold-worked, suggests that the conditions of bonding 
Material A produced a satisfactory bond. The strength of the “green 
bond” of Material B was only 13,200 psi, in spite of the heavier reduc 
tion. The difference between the green bonds of the two materials 
demonstrates the adverse effect which surface contamination and par 
ticularly oxide formation have on solid-state bonding. 

At both sintering temperatures used the strength went through 
maximum with respect to time, as shown in Fig. 1. Sintering of Mate 
rial A produced a higher maximum at 350°F than at 400 °F, but a 
longer time was required to reach the maximum. The decrease ir 
strength with further sintering at both temperatures is attributed t 
the formation of intermetallic compounds. The effects of sintering Mat: 
rial B at 400 °F were similar to those for Material A, but prolonged 
sintering produced strength values lower than the strength of th 
green bond. 

Storchheim’s (3) experiments with aluminum-copper composites 
were conducted at higher temperatures and for shorter times than those 
used in this investigation. His process differed also in other respects 
already mentioned. The level of tensile strength found by him was sub 
stantially lower than the values reported here 


THE STRUCTURE OF THE DIFFUSIONAL ZON! 


Metallographic Investigation—Samples for metallographic investi 
gation were prepared in a fixture which produced a section at an angle 
of 4 degrees 30 minutes to the original interface. The resulting section 
through the bonded zone permitted a more detailed microscopic exam 
ination of the phases present. 





2 


1960 SOLID-STATE BONDING OF AL-CU COMPOSITES 589 


30 O00} 
NM; 













X00} 
Ww 
a 
x 
a 
c 
2 | 0) 
Ww 
@ 
w 
c 
@ 
" 

OO} 

Specimen Used 
3) ' 
Aluminum Copper 
Bonded interface 
} 
L 1 } J. L 
C ; 2) 40 5 6 70. «8 ¥ 
yintering Time hours) 
Fig. 1—Tensile Strength of Aluminum-Copper ( posites as a 
I unction of Sintering lime at 350 and 400 F \ ind * B’ 
lesignate ifferent surfac nditions before g 


The microstructure of a specimen of Material B sintered at 400 °F 
for 96 hours is shown in Fig. 2. The progressive growth of the diffu- 
sional zone was followed by metallographic examination of a series of 
specimens sintered for periods ranging from 4 to 96 hours. Up to four 
intermediate phases were observed. 

The behavior of oxide at the interface was investigated in aluminum- 
aluminum composites bonded with 65% reduction immediately after 
cleaning. The aluminum used was the same as in the aluminum-copper 
composites. The specimens were sintered at 400 and 800 °F for periods 
from 2 to 96 hours. Microsections of these specimens showed that as 
a result of sintering, the thin oxide layer at the interface first agglomer- 
ated and then tended to decrease in amount. Fig. 3 shows an inter- 
mediate stage of agglomeration of aluminum oxide. 
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Fig. 2—Photomicrograph of Diffusion Zone of Aluminum-Copper Composite of Material B 

Sintered 96 Hours at 400 °F. Section lies at angle of 4 degrees 30 minutes to plane ¢ 
interface. Etched. x 1000 

Fig. 3—Photomicrograph of Interfacial Region of Aluminum-Aluminum 

Sintered 16 Hours at 800 °F. Note aluminum oxide. Unetched. » ) 
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Microhardness Investigation—Microhardness tests provided in- 
formation on the structure of the diffusional zone and the progress of 
bonding. The tests were made with a Bergsman tester; the load used 
was 2.5 grams. The specimens were cut at right angles to the interface 
and metallographically polished. Reproducible results were obtained 
only if special efforts were made to control conditions rigorously. To 
do this, the specimens were held for 24 hours in a desiccator. In this 
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way a uniform oxide layer formed. This layer was not objectionabk 
since relative hardness values were adequate. 

Readings were taken 0.00085 inch apart at an angle of 20 degrees 
with the trace of the interface. This produced an advance across the 
diffusional zone in steps of 0.0003 inch. On each side of the interface 
40-45 readings were taken. After several traverses the sample was 
polished again and checked. 

Typical microhardness profiles across aluminum-copper composites 
of Material B after sintering at 400 °F for 24 hours and for 96 hours 
are shown in Fig. 4 and Fig. 5. In a narrow zone of the profile of the 
composite sintered 24 hours ( Fig. 4) the hardness exceeds the values 
of pure copper and aluminum. This can be explained by the formatior 
of intermediate phases of aluminum and copper. On the copper-rich 
side there is a region in which the hardness is substantially lower than 
in pure copper; there may also be a slight dip in hardness on the 
aluminum-rich side 

The microhardness profile of a composite sintered 96 hours (Fig. 5 
shows a layer of high hardness in the region of the original interface 
Its peak is much higher than the corresponding peak in the composite 
sintered only 24 hours. Also, the zone of hardness in excess of that of 
pure copper is thicker after 96 hours than after 24 hours. These differ 


ences are attributed to the more extensive formation of intermediate 
phases during the longer sintering period. The dip in hardness on th 
copper-rich side was less pronounced, while the slight dip on the 


aluminum-rich side appeared more definite than in the sample sintered 
for 24 hours. 

The dips in the hardness curves adjacent to the interface should b 
considered in relation to the Kirkendall effect. Marker movement in 
the couple Cu/93Cu, 7Al has been investigated by da Silva and Mehl 
(7) and others, but little is known about this effect in a couple consisting 
originally of pure aluminum and pure copper in which intermediate 
phases form gradually. The dip in hardness on the copper-rich side 
served in the current investigation may be explained, if transport of 
aluminum through the layers of intermediate phases is too slow to keep 
pace with the loss of copper from the copper-rich terminal solution 
Thus in the early stages of diffusion, at the least, there tends to be 
deficiency of copper atoms in the copper-rich solid solution, which could 
explain a dip in hardness, especially if it leads to the formation of pores 
At longer times, further diffusion of aluminum into this zone causes 
some solid solution hardening and the dip in hardness should become 
less pronounced, as is observed. Corresponding arguments apply to the 
aluminum-rich side, but the effects appear to be less marked. 

The nucleation of pores originating in the Kirkendall effect has been 
analyzed in the literature (8,9). In this connection it is important that 
a composite produced by rolling and sintering undoubtedly contains 
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Fig. 6—Microhardness Versus Distance from Interface of Copper-Nickel Composite, 
Sintered 8 Hours at 1300 °F. 


many imperfections at and near the interface which can serve as nuclei 
for voids. 

In aluminum-copper composites low tensile values were associated 
with high hardness values in the diffusion zone, as shown in Fig. 1, 
Fig. 4 and Fig. 5. This association can be attributed to the effect of 
intermediate phases, which increase in thickness with sintering time 
and increasing temperature. 

In considering the role of diffusion in the bonding of the aluminum- 
copper composites, the imperfections introduced by rolling may be ex- 
pected to promote diffusion in the interfacial layer. 

Investigation of Copper-Nickel Composites—lIn order to compare the 
results for the copper-aluminum composites with those for a system 
having only a single series of solid solutions, composites of copper and 
nickel were made. Two pieces of these metals were rolled together and 
sintered for 8 hours at 1300 °F. A microhardness traverse is shown in 
Fig. 6. It has a shallow dip on the copper-rich side, which may be 
attributed to unequal diffusion flow. da Silva and Mehl (7) have shown 
that the diffusion coefficient of copper in copper-nickel solid solutions is 
larger than that of nickel in these solutions. 


OBSERVATIONS ON FRACTURE SURFACES 

Immediately after the tensile tests, the fracture surfaces were exam- 
ined under a microscope. This examination revealed: (a) All fractures 
occurred at or adjacent to the bond; (b) in most instances, the frac- 
ture took place in such a way that in many places copper-rich material 
adhered to the aluminum-rich side; (c) in specimens which had high 
tensile strengths, aluminum-rich material adhering to the copper-rich 
side and copper-rich material adhering to the aluminum-rich side were 
fairly evenly distributed over the fracture surfaces; and (d) in speci- 
mens which had low tensile strength, the “transferred” metal was in 
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most instances unevenly distributed over the fracture surface and there 
were sizeable patches comprising 5—10% of the total area in which no 
transfer had occurred. 

Observations of the fracture surfaces confirmed that a deficient bond 
had been formed in most instances of abnormally low values of the 
tensile strength. This provided a basis for rejecting the tensile values. 

Particularly interesting observations were made on specimens which 
had high tensile values and which had been sintered close to the opti- 
mum time. Their fracture surfaces exhibited high peaks and extended 
ridges of aluminum as shown in Fig. 7. Between ridges of aluminum 
elongated regions of copper were arranged in valleys. In specimens 
sintered for longer than the optimum time, the peaks became progres- 
sively less high until, in specimens sintered for 96 hours, the fracture 
surfaces were relatively smooth and flat, as shown in Fig. 8. This re- 
flected the presence of increasing amounts of intermetallic compounds, 
which led to brittle fracture. 

The ridges and valleys were lined up at right angles to the rolling 
direction. This orientation can be explained by the action of the rolling 
process during the cold reduction of the pack. The extensive extrusion 
which occurred during rolling considerably increased the contact area. 
In contrast to the ductile behavior of aluminum and copper, brittle 
oxides, especially of aluminum, existing at the interface were broken up. 
In this manner, fresh metallic surfaces free of adhering films were 
created. Protected from contamination these surfaces were well suited 
for solid-state bonding. 

In addition to the major gaps in the oxide films formed at right angles 
to the rolling direction, some interconnecting ridges, more nearly paral- 
lel to the rolling direction, were also observed. Usually they were not as 
high as the transverse ridges. They probably also originated in cracks 
in the brittle oxide film. 

The study of the fracture surfaces thus not only confirmed the role 
of compound formation, but also suggested the mechanism associated 
with the break-up of the surface oxides during bonding. 


SUMMARY AND CONCLUSIONS 

The results of the tensile tests, the microhardness measurements, the 
examination of the microstructures and the observations of the fracture 
surfaces can be combined to support a consistent picture of the solid- 
state bonding process by rolling and subsequent sintering. 

Under the conditions used, rolling produces a “green bond” with 
approximately the strength of massive metal, if the mating surfaces are 
cleaned adequately immediately before rolling. This illustrates that 
bonding takes place over a large fraction of the contacting surface. The 
decrease in the strength of the green bond of material that has been 
allowed to stand in air before rolling demonstrates the adverse effect 
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of surface contamination and, in particular, the formation of oxides 

The initial increase in tensile strength with time of sintering repre 
sents an improvement in the quality of the bond. Small voids at the 
interface tend to disappear and patches of oxides tend to spheroidize 
Both processes result in an increase in the total bonded area. It also 
appears that oxides may be reduced in amount by gradual absorption 
into the body of the composite during sintering with possible late: 
re-precipitation on cooling away from the interface 

Metallographic observations confirm the formation of compounds in 
aluminum-copper composites, which is expected. The effect of com 
pound formation is also seen in the microhardness values. With increas 
ing time of sintering beyond the optimum the microhardness in the 
fusional zone continues to increase, but the tensile strength decreases 
because of increased effects of compound formation. The microhard 
ness values show dips on the copper-rich side which are consistent with 
the theory of the Kirkendall effect and are due to a faster rate of loss of 
copper than gain of aluminum on this side. Smaller dips on the 
aluminum-rich side can be explained correspondingly. 

The observations of the fracture surfaces demonstrate the importance 
of surface attenuation by rolling. There is good evidence that conta 
inating surface layers are torn apart normal to the rolling directior 
that shorter cracks form in the rolling direction. The resulting clea: 
surfaces are mainly the areas in which bonding takes place. 
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DISCUSSION 


irch Laboratories, 


Written Discussion: By Louis S. Castleman, Sylvania Res 
A Division of Sylvania Electric Products Inc., Bayside, N. \ 

Although the importance of meticulous surface cleanliness to the successful ap 
plication of the solid state bonding process has been stressed by Durst * and others, 
the degree of cleanliness required has often not been fully appreciated in practise. 
The authors are to be commended for their clear demonstration of the deleterious 
effects of minute amounts of surface contamination and of the desirability, where 
possible, of producing fresh clean surface during the bonding process by plastic 
deformation 

In their discussion 
(Fig. 4), the authors attribute the drop in hardness of the copper-rich solid 


of the microhardness variations across the interdiffusion 
zone 
solution adjacent to the interface to the formation of pores by the condensation of 
excess vacancies in the copper; presumably, copper ions leave the terminal solu 


tion at a faster rate than they can be replaced by aluminum ions arriving from the 
idjacent intermetallic phase. In Fig. 6, they show that a similar microhardness dip 


occurs on the copper side of the diffusion zone in a copper-nickel couple, where it 


has been shown by daSilva and Mehl ** that the intrinsic diffusivity of copper is 
that the evidence presented by the 


higher than that of nickel. It seems to m« 
authors, while suggestive, is not completely convincing. In the first place, daSilva 
and Mehl concluded from their study of the copper-rich copper-aluminum termina! 


solid solution that the intrinsic diffusivity of aluminum was greater than that 


of copper; in general, their results indicated that the lower melting component 


diffused faster in binary terminal solid solutions. Second, there appears to be no 


the copper-rich solution adjacent to the 


sign of solid solution strengthening 1 
ilts must mean that 


pensates for the 


interface; if the authors’ explanation is accepted, their res 
the weakening of the structure by pore formation more that 
solid solution strengthening occurring concomitantly. Perhaps the question raised 
could be resolved by a more direct experimental approach. One way would be to 
cent to the interface for pores or 


would require 


examine the copper rich solid solution adj 
etching pits; it is recognized that this would be difficult to do ar 
of polishing and etching techniques. Another and perhaps easier 
nsisting of a thin 


careful contr 
way would be to prepare a sandwich-type diffusion couple 





s’ explanation 


copper foil roll bonded on both its sides to aluminum; if the autl 


is correct, one would expect to see large voids de veloping vithin the copper foil 


when sufficient interdiffusion had taken place 


Authors’ Reply 


The authors thank Dr. Castleman for his thoughtful discussion of their paper 


] importance of cleanliness in 


They are ple ised to note that he also stresses the 


** See Authors’ Reference 7. 
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solid-state bonding processes and the desirability of producing a fresh surface 
by plastic deformation. 
The authors agree that the dips in hardness near the interface have not been ex 


plained in an absolutely conclusive manner. Certainly, pore formation presupposes 
that the major constituent on one side of an interface diffuses faster into the 
interfacial zone than it is replaced by the other constituent. In the aluminum 


copper composites investigated intermetallic phases were present; their fort 


rmatior 
may be assumed to affect the intrinsic diffusivities in such a manner that porous 
layers form on both sides of the interfacial zone. To explain a dip in hardness 
the effects of porosity must outweigh solid solution strengthening. The experi 


ments suggested by Dr. Castleman would indeed throw light on these matters 
particularly the sandwich-type experiment would be of real interest 


" 
l 
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SUBSTRUCTURE CHARACTERISTICS OF FINE- 

GRAINED METALS AND ALLOYS DISCLOSED 

BY X-RAY REFLECTION MICROSCOPY AND 
DIFFRACTION ANALYSIS 


By SIGMUND WEISSMANN 


Abstract 

A method is described which permits a direct correlation 
between a quantitative x-ray analysis of the substructure of 
a fine-grained specimen and a metallographic analysis of the 
same grains. An x-ray reflection microscopy method is also 
presented which can be used to provide a topographical anal- 
ysis of the lattice distortions within the grains and can be 
correlated to the quantitative analysis of the substructure 
characteristics. (ASM-SLA Classification: M21f, M21g) 


INTRODUCTION 
Ree THE SOLUTION of various problems in physical metal- 
lurgy, it is frequently desirable to investigate a metal or alloy speci- 
men for lattice inhomogeneities and substructure. Various physical 
methods are used for this purpose, but the most commonly employed 
are the metallographic and x-ray methods. 

If single crystal specimens are studied no particular difficulty is 
usually encountered in correlating the observations made by either type 
of method, although the correlation of fine structural details, as re- 
vealed by both methods, may sometimes pose a serious problem. 

The problem becomes considerably more complex, however, if one 
wishes to investigate the substructure characteristics of a fine-grained 
polycrystalline material. In this case the observations made by the x-ray 
and metallographic methods cannot usually be directly correlated to 
the individual grains, and one has to be satisfied with a general correla- 
tion of observations based on statistical sampling. 

Yet a correlation of observations pertaining to the individual grains 
made by the above-cited methods seems to be highly desirable, particu- 
larly if problems are involved that deal with modifications of sub- 
structure characteristics resulting from physical or chemical processes. 
Problems of this sort arose in a recent investigation dealing with the 
mechanism of recrystallization of aluminum. The solution of these prob- 
lems necessitated the application of a method that combined light micros- 

A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959 

The author, Sigmund Weissmann, is Research Specialist in Crystallography, 
College of Engineering, Rutgers University, New Brunswick, N. J. Manuscript 
received April 14, 1959. 
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copy with x-ray microscopy and diffraction analysis. This paper deals 
with a description of the method, but since certain aspects have been 
previously discussed by this author and his coworkers (1,2,3,4,5,.6) ! 
only the most recent developments introduced in reflection x-ray 
microscopy will be here discussed in detail. 


DESCRIPTION OF THE X-Ray METHOD 


The description of the method will be greatly aided by reference to 





Fig. 1. A divergent, unfiltered x-ray beam P emerging from an x-ra 
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r Taking Reflection X-Ray Micro 
graphs. Solid lines with crystal A r 
acted indicate arrangement for us¢« 
heterogeneous and continuous radia 
n. Dashed lines with crystal A ir 
reflecting position indicate arrange 


I 
ment tor use of cry stal mon chr yma 


1 radiation 


tube passes through a collimator C. With the monochromatizing crystal 
A retracted from the path of the beam, the primary beam P passes un 
impeded through a spectroscopic slit system B, which controls the 
section of the x-ray beam, and impinges at a small grazing angle on 
the specimen surface of the polycrystalline test specimen S located at 
the center of a Debye-Scherrer camera E. A fine-grained photographic 
plate D is placed close to the specimen surface and a reflection x-ray 
micrograph of the grains on the specimen surface is obtained in the 
manner described by Berg and Barrett (7,8). This experimental ar 


1 The figures appearing in parentheses pertain to the references appended to this pa 
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Fig. 2—Reflection X-Ray Micrograph of 99.998% Aluminum, Cold Worked 
S Annealed at 4 C for 1 Hour. Unfiltered Cu radiation KV. X 6.2 


rangement is schematically indicated by solid lines in Fig. 1, and an 
x-ray micrograph obtained by this arrangement is shown in Fig. 2. The 
specimen which was investigated happened to be a 99.998% aluminum 
specimen, cold-worked 81% and annealed at 400°C (750°F) for 
1 hour. Since a divergent, unfiltered x-ray beam was employed a great 
many grains satisfied the Bragg condition of reflection and were, 
therefore, recorded. The topographical relationship of the grains is 
clearly outlined on the x-ray micrograph and consequently the images 
can be directly correlated to those obtained by light microscopy, as 


shown in Fig. 3. 
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Although the Berg-Barrett micrographs of polycrystalline materials 
may supply a great deal of information concerning the topography of 
the grains, misorientation and reflecting power of lattice domains, they 
have serious limitations. Due to the fact that the incident beam is diver- 
gent and unfiltered, fine structural details of the individual grains cannot 
be disclosed. Furthermore, from the viewpoint of diffraction analysis 
the x-ray micrographs are quite useless, since the individual reflections 
cannot be traced to the respective Debye-Scherrer lines without losing 
their identity and cannot, therefore, be subjected to an analysis based on 
the powder method. Quite frequently it is impossible to determine 
whether the images viewed represent a cluster of grains or individual 
grains containing a cluster of subgrains, a problem that would be solved 
easily if the reflections could be traced to the respective Debye-Scherrer 
lines (5). It is, therefore, evident that the x-ray images registered by 
the experimental arrangement stated above are not yet amenable to 
x-ray analysis and further steps presently described have to be taken. 

Referring to Fig. 1, a single crystal A is interposed in the path of the 
primary beam P and adjusted to reflect the incident beam. The reflected, 
monochromatized beam M will thus subtend an angle of 2 6 with the 
primary beam P, where @ is the Bragg angle of the reflecting (hkl) 
planes of the monochromatizer. In order to obtain a beam M which is 
nearly parallel and possesses a high degree of intensity, the (111) re- 
flection of a germanium crystal was used. The total width of its rocking 
curve measured at half maximum was 20 inches of arc. 

If the entire assembly, consisting of specimen S, photographic plate D, 
cylindrical camera E, radiation detector R and spectroscopic slit system 
B, is rotated by the exact angle of 2 6 around an axis coincident with the 
axis of rotation of the monochromatizing crystal, then the identical area 
of the specimen S is irradiated with crystal-monochromatized radiation 
M. This new experimental arrangement is indicated in Fig. 1 by dashed 
lines. 

Fig. 4 depicts the reflection x-ray micrograph obtained by this ex- 
perimental arrangement and should be compared with Fig. 2. It will be 
noted that the x-ray micrograph of Fig. 4 registers fewer grain reflec- 
tions, due to the stringent reflecting conditions imposed by the parallel, 
crystal-monochromatized radiation. The resolution of the fine structural 
details is now greatly enhanced and because only a few grain reflections 
are recorded the outward tracing of the reflected images for the subse- 
quent structural analysis is made possible (5). 

Inspection of Fig. 4 makes it evident that the topographical relation- 
ship of the grain reflection has been greatly diminished. It will be shown 
shortly, however, that by using alternatingly a divergent, unfiltered 
beam and a crystal-monochromatized beam, knowledge of both the 
topography and fine structural details of the grains can be obtained. 

In order to establish a correlation between the images recorded by 
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Fig. 4—Reflection X-Ray Micrograph of Specimen Area 
Showr ‘ig. 2. Crystal-monochromatized CuKe radia 


in Fig 


tion 35 KV. X 6.2 


the unfiltered and those by monochromatized radiation the x-ra 
is artificially decomposed in steps. First it is decomposed into a be 
consisting of continuous (heterogeneous) radiation only and 


| 


quengly into a beam of crystal-monochromatized radiation. To achie\ 


this end an x-ray micrograph of the specimen surface is taken 
direct beam, using the experimental arrangement depicted in Fig 
solid lines and employing a voltage which is slightly below that of 


excitation potential of the characteristic radiation (slightly below 9 K\ 


for CuK, radiation). 

Fig. 5b is an x-ray reflection micrograph of an aluminum specim 
annealed at 350°C (660°F) for 2 hours, obtained by employing 
tinuous radiation only. This micrograph is essentially the same as 
of Fig. 5a, obtained with the divergent, unfiltered radiation, except 


due to the low operating voltage the contributions of the characteristi 


radiation and also that of the very short wavelength portion of the spe 


( 


32 
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trum are missing. Actually two x-ray micrographs are taken with this 
arrangement. One x-ray micrograph is kept for the purpose of reference 
and comparison, while the second exposed but undeveloped micrograph 
is rigidly retained in close contact with the specimen surface. 

After the interposition of the monochromatizing crystal and subse- 
quent rotation of the camera previously described and depicted in Fig. 1 
by dashed lines, the images of the grains, now reflecting the mono- 
chromatized radiation at higher vo'tage (35 KV for Cuk, radiation), 
are being superimposed on the exposed images obtained with continuous 
radiation. The exposure time using crystal-monochromatized radiation 
is purposely prolonged so that the contribution of the monochromatized 
radiation to the image formation of the x-ray micrograph is clearly 
tagged. Fig. 5c depicts the micrograph obtained by this superposition 
technique. An x-ray micrograph is finally obtained employing only 
crystal-monochromatized radiation (Fig. 5d) and the topographical 
relationship of the reflecting crystallites or portion of the crystallites 
with reference to the adjacent crystallites is established by comparative 
inspection of the obtained sequence of x-ray micrographs. 

After the topographical relationship of the reflecting grains has been 
established, the few individual images are traced outward by recording 
them photographically at increasing distances from the specimen sur- 
face. Thus a direct correlation is established between the spot reflections 
on the Debye-Scherrer lines and the grains on the specimen surface 
giving rise to these reflections (5). A quantitative analysis of the spot 
reflections is subsequently undertaken. This analysis is based on the 
principle of the double-crystal diffractometer, according to which re- 
flection or rocking curves are obtained for each reflecting grain by 
appropriate angular specimen rotation and film shift. From the analysis 
of the rocking curves one may compute the angular lattice misalign- 
ment of the grains and the tilt angle of the subgrains as well as the 
angular misalignment within the subgrains (1-5). 

If the grain reflections are not too closely clustered and are intense 
enough to be picked up by an electronic radiation detector as in the case 
of grain coarsening, it is possible to record directly the rocking curves 
of the individual grains on a chart. In this case the electronic radiation 
detector is placed in position to register a grain reflection and the speci- 
men is rotated continuously through the reflecting range of the grain. 
This process is then repeated for other grain reflections. The exact posi- 
tioning of the radiation detector is greatly facilitated by using an op- 
tically transparent Debye-Scherrer camera. When the exposed Debye- 
Scherrer film has been developed and inserted back in the camera the 
location of the spot reflections is visually aided. After positioning of the 
radiation detector and removal of camera and film, the intensity values 
can be directly registered. If any doubt should arise that more than one 
reflection is simultaneously recorded by the radiation detector for any 
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Fig. 5—Reflection X-Ray Micrographs of 99.998% Aluminum, Cold Worked 8 ; 
nealed at 350 °C for 2 Hours. X 9. (a) Unfiltered Cu radiation, 35 KV, 15 M. A., ex 


posure time 40 min; (b) Unfiltered Cu radiation, 8.5 KV (continuous radiati 


Exposure time 16 hours; (c) Unfiltered Cu radiation at 8.5 KV, exposure time 

and superimposed crystal-monochromatized CuKe radiation at 35 KV, exposure time 

hours; (d) Crystal-monochromatized CuKe radiation, 35 KV, 15 M. A., exposure t 
9 hours 


one angular specimen position, a film strip is placed in a slot behind the 
receiving slit of the detector and exposed to the radiation entering the 
receiving slit. Inspection of this film strip after development permits 
exact adjustment of the receiving slit and the elimination of the record 
ing of simultaneous reflections. 


uw 
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CORRELATION OF X-Ray MetTuHop To Licut Microscopy 


Since the quantitative x-ray analysis is directly related to the grains 
reflecting from the specimen surface and since the same grains can also 
be identified by light microscopy, it is possible to use suitable etching 
solutions which will not only outline the grain boundaries but will dis- 
close the substructure which is analyzed by the x-ray method. Thus two 
different kinds of etching solutions were used for the aluminum speci- 
men shown in Fig. 3. One etching solution attacked predominantly the 
grain boundaries and served to establish the outline of the equivalent 
grains studied by the x-ray method. This solution consisted of 20 cc 
nitric acid, 20 cc hydrofluoric acid and 60 cc glycerol. The second etch- 
ing solution was particularly suited to reveal subgrain boundaries and 
substructural details and represented a modification of Lacombe’s solu- 
tion (8). Its composition was as follows : 25-50 cc methyl alcohol, 32 cc 
hydrochloric acid, 50 ce nitric acid and 2 cc hydrofluoric acid. When 
the specimen was etched with this solution the substructural details 
disclosed by x-ray and light microscopy could be compared. 

The correlation between the x-ray and the metallographic studies 
was facilitated by placing a fine-grained, one-emulsion x-ray film over 
the specimen surface and matching the shape of the film with that of 
the specimen surface. When the film was exposed to the incident x-ray 
beam and was subsequently developed, the image obtained served to 
locate the area irradiated by the x-ray beam and consequently it was 
possible to identify with ease the corresponding grains on the x-ray 
and light micrographs. 

It should be understood that not all grains which are analyzed metal- 
lographically can be correlated to the quantitative x-ray analysis, since 
many of these grains will not be in reflecting position. The reverse, 
however, is true. All grains which are quantitatively analyzed with 
crystal-monochromatized radiation can be correlated to the metallo- 
graphic analysis. The correlation between the metallographic and x-ray 
analysis proved to be particuiarly useful in the investigation of recrystal- 
lization of aluminum. 


TOPOGRAPHY OF THE SUBSTRUCTURE OF A POLYCRYSTALLINE 
MATERIAL 

sesides correlating the x-ray microscopy phase to the analysis phase 
of the method, the successive irradiation of the specimen with different 
portions of the x-ray spectrum is quite useful for mapping out the 
topography of lattice misorientation within the individual grains. Bar- 
rett has discussed the origin of intensified reflections in terms of strained 
regions and reflecting power of the crystal (8). Consider the x-rays of 
the continuous spectrum striking a concavely misoriented lattice region 
of a grain. Many of the convergent rays will be reflected because differ- 
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ent portions of the misoriented region will satisfy the reflecting condi 
tion, owing to the convergence and spread of wavelengths of the 
continuum. Consequently, the reflection image on the film correspond 
ing to this misoriented region wiil be intensified. On the other hand, an 
undistorted lattice region of the grain will select a single ray from the 
impinging bundle for reflection and since a less efficient use of the 
incident x-ray energy is made the corresponding image on the film will 
be light or even white if the exposure time is short. Fig. 6a is interpreted 
as an example of such reflecting conditions. 

Exactly the opposite case is encountered if crystal-monochromatized 
radiation is employed. All the lattice domains of the same orientatior 
that satisfy the stringent reflecting condition imposed by the monochro 
matizing crystal will give rise to dark areas on the film, whereas the 
misoriented lattice domains will not reflect. The x-ray micrograph of 
Fig. 6c taken with crystal-monochromatized radiation may serve 
illustrate the point. The complementary function of the two types of 
radiation used is exemplified by the superposition of the radiatior 
shown in Fig. 6b. 

The lower limit A min of the continuous radiation employed is ob 
tained from the well-known relation A min 12,400/V, where A 
measured in angstroms and the applied voltage V in practical units. For 
an x-ray tube operating at 8.9 KV, that ts, slightly below the excitatior 
potential of the CuK, radiation, A min is 1.38 A. It will be seen, there 
fore, that the spread of the wavelengths of the continuous radiation is 
such that it includes the wavelength corresponding to the characterist* 
CuK, radiation (A = 1.54 A). Consequently, the white areas in Fig 
which appear dark in Fig. 6c cannot be ascribed to the limited rang 
of available wavelengths in the continuum, and the intensified refle 
tions of Fig. 6a must therefore be ascribed to a special focussing cond 
tion arising from the existing lattice misorientation. Such reflecting 
conditions are sometimes encountered when crystals are mechanically 
distorted or distorted by impingement during growth 

Conversely, if the x-rays of the continuous spectrum strike a convexl) 
misoriented lattice domain the reflected rays will diverge. The x-ray 
micrograph obtained with crystal-monochromatized radiation will 
therefore not be complementary to that obtained with continuous radia 
tion, but will exhibit structural details of a special angular orientatior 
covered by the range of the available wavelengths of the continuum 
This condition is usually encountered in well-annealed crystals and is 
visually depicted in the series Figs. 5a—5d. 

The complementary application of continuous and crystal-mono 
chromatized radiation can be fully exploited if an x-ray tube with a 
tungsten target is used. Tungsten radiation is usually not employed it 
x-ray diffraction work because of the weak contrast in intensity be 
tween the characteristic and continuous spectrum. In the case of 
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Fig. ¢ Reflection X-Ray Micrographs of a Grain Illustrating Disclosure of Fine 
Structure of Surface Texture. 99.998% aluminum, cold worked 8 and annealed 
at 400 °C for 1 hour. (a) Unfiltered CuK radiation, 8.5 KV. (b) Unfiltered CuK 
radiation at 8.5 KV and superimposed crystal-monochromatized CuKa: radiation 
Crystal-monochromatized CuKar radiation, 35 K\ 


reflection microscopy, however, the use of tungsten radiation with its 
intense, broad, continuous spectrum is highly advantageous, since a 
great number of grains of various orientation will be recorded on an 
x-ray micrograph. Furthermore, because of the presence of very short 
wavelengths the specimen can be explored in depth. The fine structural 
details are again elucidated by the application of crystal-monochro- 
matized radiation. In contrast to copper radiation, however, where only 
the characteristic K, line was used for the probing crystal-monochro- 
matized beam, the tungsten radiation offers various characteristic L 
lines. Thus, referring to Fig. 1, the monochromatizing crystal may be 
first set to reflect the wavelength of the L,; line (A 1.47635 A), and 
the identity of the grain reflections on the micrograph obtained with 
this radiation and those obtained by continuous radiation may be again 
established by the superposition technique outlined above. Subse- 
quently, the monochromatizing crystal may be set to reflect Lg; (A= 
1.28176A), and after that to reflect Lge (A= 1.26285 A). In this 
manner various portions of the x-ray spectrum can be used successively 
to elucidate the topography of the grains and their fine-structural 
details. 
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CONCLUSIONS 


1) The x-ray method is capable of disclosing the topographical 
relationship of the grains in a fine-grained specimen and re- 
vealing fine structural details of the grains. 

It has been shown that the metallographic analysis of the 

grains can be directly correlated to the quantitative x-ray anal 

ysis of the substructure characteristics of the same grains 

This x-ray analysis includes the total lattice misalignment of 

the grain, the size of the subgrains, disorientation angle be 

tween subgrains, lattice misalignment within the subgrains, 
and structure of the low-angle boundaries. 

3) It has been demonstrated that the topography of lattice mis 
alignment within the individual grains can be mapped out by 
successive irradiation of the specimen with different portions 
of the x-ray spectrum which include heterogeneous, continuous 
and characteristic (crystal-monochromatized ) radiation. 
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DISCUSSION 


Written Discussion: By A. R. Lang, Division of Engineering and Ap; 
Physics, Harvard University, Cambridge, Massachusetts 

The technique described appears well developed for studying polycrystalli 
specimens. It is possible with this method to present diffraction behavior in a 
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way that makes clear its significance in the metallurgical problem. Most informa- 
tive are the Berg-Barrett photographs: for greatest value these should be taken 
using the highest obtainable resolution. 

Written Discussion: By Irwin I. Bessen, research supervisor, Graham Research 
Laboratory, Jones & Laughlin Steel Corporation, Pittsburgh. 

Dr. Weissmann has achieved marvelous results in combining the Berg-Barrett 
techniques with precision single crystal methods. Relating the deformation and 
defect structures to specific areas in the topography certainly introduces new 
quantitative significance to micrographic analysis. 

However, I think there is a fallacy in Dr. Weissmann’s proof of the comple- 
mentary nature in diffraction images made with continuous and monochromated 
spectra. In Fig. 6a the spectral intensities are maximum at about 34 the applied 
KV but are very low in the region of the copper K emission line. Therefore, this 
image conceivably could be caused by an undistorted lattice reflecting some wave- 
length of the continuous spectrum which in this case is stronger than the in- 
tensity at \ = 1.54 A (wavelength of CuKa). In the 35 KV spectrum the CuKa 
intensity may be some hundreds of times more intense than any of the continuum 
below 8.9 KV. 

A better case for the complementary nature may be built on the basis of the 
images themselves. The morphology protrayed in Fig. 6a assuming it was due to 
an undistorted grain or grains does not fit the image of an undistorted adjacent 
grain of different orientation (Fig. 6c) in any recognizable way. In other words 
there does not seem to be a single boundary or twin relation between images of 
Fig. 6a and 6c. Thus, the assumption of an undistorted region in Fig. 6a does not 
seem to be true. The only remaining conclusion is that of the author, namely, that 
complementary undistorted and distorted regions are obtained by monochro- 
mated and continuous spectra respectively. 

Lattice distortion in fine grained recrystallized metals was also shown to exist 
in work done at Columbia University (2) where a similar diffraction method was 
employed. Although it did not have as high precision in the measurement of 
angular disorientation and boundary tilt, the method had certain advantages in 
measuring nucleation frequency, grain growth and lattice distortion. In particu- 
lar, it permitted rapid measurements (of about 30 seconds) during the recrystal- 
lizing heat treatment that were not confined to surface layers but used somewhat 
more of the sample volume. Kinetic rates were thus representative of volume 
diffusion. 

Samples up to 0.005 inch thick could be analyzed from transmission diffraction 
effects obtained by divergent beam photography (3). Characteristic radiation from 
a target consisting of the same material as the sample suffers little absorption 
through such thicknesses. In addition, a relatively large fraction, up to 80%, of 
the total intensity can be put into the characteristic by using a transmission x-ray 
target (4) so that rough monochromatization is achieved. Using the arrangement 
of Fig. 7 and a focal spot 2-4 microns in diameter, two types of grain “images” 
are obtained from grains that happen to be oriented properly. The diffraction arc 
images which have a higher intensity than the undiffracted transmitted radiation 
are complementary to the deficiency arc images. The latter, however, are the only 
images that have morphological significance since they occur in the projection 
of the x-rays through the grain. Indexing of diffraction images is not possible 
with this method 
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Fig. 8—Diffraction Images from 50% Reduced OFH( 
Minutes at 275 °¢ 
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For recrystallization studies the number of nuclei is simply proportional t 
the number of deficiency images, and the nucleus size is related to the deficier 


arc length through the magnification factor a/b. The minimum detectable gra 
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size is 5 microns. Deformation is revealed through the increased breadth of the 
images. During recrystallization the image breadths decrease and substructured 
images appear. Fig. 8 shows a typical diffraction arc image. Measurements of the 
rate at which image breadths decrease during recrystallization are fundamentally 
significant and will be reported in the near future 
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Author’s Reply 

I should like to thank Dr. Lang and Dr. Bessen for their kind comments on 
my paper. With regard to Dr. Lang’s comment, I should like to point out that 
we are able to achieve the greatest resolution in taking Berg-Barrett photo 


graphs if we employ 


a) crystal-monochromatized radiation in conjunction with a _ microfo- 
cussing tube, and 

b) fine-grained emulsion plates such as the Kodak high resolution plates 
or the Ilford nuclear plates which Dr. Lang has used for his excellent 
x-ray diffraction topographs. 


The increased resolution which the microfocussing tube affords is due to the 
decrease in vertical convergence of the beam. The vertical convergence is un 
altered by the reflection from the monochromatizing crystal, since this crystal 





Fis ) Reflection X-ray Micrograph Exhibiting Grain Reflecti 
A Shown in Fig. 6. Unfiltered CuK radiation at 35 KV 


governs only the horizontal convergence but is controlled, however, by the size 
of the focal spot. The effect of the vertical convergence on the broadening of the 
rocking curve has been analytically treated in great detail in Reference 2 of the 
paper. 

The criticism that Dr. Bessen raised with regard to the proof of the comple- 
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mentary nature in diffraction images as shown in Fig. 6 may perhaps be best 
answered by showing the x-ray reflection micrograph of the identical grain em 
ploying unfiltered CuK radiation at 35 KV (Fig. 9). It will be noted in Fig. 9 
that by using the unfiltered radiation which contains both the characteristic and 
continuous portions of the spectrum the entire shape of the grain reflection A is 
disclosed (dark image due to long exposure time). The spread in orientation ; 
lattice misalignment which was analyzed in Fig. 6 by using successively un 
filtered and crystal-monochromatized radiation is now covered in Fig. 9 by the 
spread of wavelengths of the unfiltered beam. Thus the misoriented lattice do 
mains of the grain A disclosed separately in Fig. 6 are simultaneously recorded 


in Fig. 9 





THE EFFECT OF ROLLING VARIABLES ON THE 
HOT ROLLING OF TITANIUM AND 
TITANIUM ALLOYS 


By FRANK R. LARSON AND JOHN NUNES 


Abstract 


The hot rolling characteristics of four titanium base ma- 
terials and, for comparison, a mild steel were studied. The 
titanium alloys, Ti-75A, Rce-130A, Ti6Al-4V, and Re- 
130B, were rolled at two speeds of 30 and 195 surface feet 
per minute, at rolling temperatures of 1000 to 2000 °F, and 
reductions ranging from approximately 10 to 50%. Meas- 
urements were made of the rolling load, lateral spread, and 
forward slip. A limited study was also conducted on the 
width effects of T1-75A. 

It was found that the rolling load, specific pressure, lateral 
spread, and forward slip increase with increasing reductions. 
The increases in rolling load with reduction were most pro- 
nounced in the low temperature range (below the beta 
transus). Finally, the rolling load for a given reduction 
showed a very strong temperature dependence decreasing 
very sharply with wmcreasing temperature. (ASM-SLA 
Classification: F23 ; Tt) 


INTRODUCTION 

HE FORCES that develop during the plastic working of metals 

are primarily composed of two independent factors, namely, the 
flow strength of the material being worked and the frictional conditions 
that exist in the tool-metal interface. A knowledge of these forces is im- 
portant in both designing of new equipment and in deciding what ca- 
pacity of existing equipment is needed to do a given operation. Further- 
more, it is important to know how these stresses vary with rolling 
temperature for it may be possible to obtain significantly lower forces 
by working at higher temperatures. The theory is not sufficiently ad- 
vanced to permit calculations of these forces in hot working because of 
the complicated influences of strain rate, temperature, and friction. It 
is, therefore, necessary to make measurements during actual working 
operations. Rolling is a very convenient way to develop such needed 
information. One of the most recent investigations of this type was done 
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on a variety of iron alloys by Wallquist (1).1 It was the purpose of 


this investigation to measure experimentally the forces and various 
parameters that are characteristic of titanium in hot rolling. 


MATERIALS AND PROCEDURE 

The materials used in this investigation are listed in Table | 
with identifying information and chemical analysis. All of the materials 
were used in 'g-inch nominal supplied thickness, and were in the mil] 
annealed and pickled condition. The materials were chosen as repre 
sentative of commercial alloys so as to present the widest range of work 
ing stresses that would currently be encountered in the rolling of 
titanium-base materials. One steel is included to serve as a base line 
of comparison. The room temperature tensile properties of the 
terials are listed in Table IT. 


Table |! 
Chemical Analysis 
Stock Heat Composition Weight 

Grade Mark Thickness No N ( Fe 4 M 
Ti-75A THI-Al 0.129 L616 0.091 0.083 0.12 0.10 
RC-130A RX-E4 0.131 A3200A2 0.13 | 
Ti-6Al1-4\ TAI-CR4 0.135 M2803 0.014 0.01 0.15 6.2 0.04 
RC-130B RMI-L3 0.126 3267-2 0.10 4.2 5.4 
Ti-75A TXK-17 0.134 M258 0.040 0.058 0.080 
SAE 1010 0.130 0.13 0.68 

Table Il 
Mechanical Properties (Longitudinal 
Heat 0.2% rs 

Grade Mark No Y.S. (psi ps 
Ti-75A THI-A L616 79,840 93,530 35 
RC-130A RX-E4 A3260A2 135,000 152,000 11.0 
Ti-6Al-4\V TAI-CR4 M2803 121,800 143,900 95 
RC-130B RMI-L3 3267-2 155.600 157,000 iS<¢ 
Ti-75A rXK-17 M258 69,630 82,270 

* Percent in a 2-inch gage lengt! 


All of the test specimens were cold sheared to 1/16-inch oversize 
from large sheets in the longitudinal direction and then ground to the 
final width. The main portion of the program was conducted on speci 
mens of 4 inch x 1 inch x 6 inches. For studies of effect of specimen 
width, widths of ™%, 1, 114, and 2 inches were used. The « omplete pri 
gram conducted is summarized in Table III. 

Specimens were charged into a resistance box furnace at temper 
ture with no attempt made to control the furnace atmosphere. [acl 
specimen was then allowed to soak for 1 hour at the prescribed roll 
temperature. At the end of 1 hour, the specimen was then transferred 


1 The figures appearing in parentheses pertain to the references appends 
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Table Ill 
Chart of Experiments Conducted 

- Material and Heat Numbers —_——,, 
Rolling Ti-75A SAE 1010 RC-130A 6A1-4V RC-130B Ti-75A 
Temp Heat Heat Heat Heat Heat 
(°F) L616 A3260A2 TAICR4 3267-2 M258 
1000 ABCD ABCD ABCD 
1100 ABCD ABCD ABCD ABCD 
1200 ABCD ABCD ABCD 
1300 ABCD ABCD ABCD ABCD 
1400 ABCD ABCD ABCD ABCD ABCDE 
1500 ABCD ABCD ABCD ABCD ABCD ae 
1600 ABCD ABCD ABCD ABCD ABCD 
1700 ABCD ABCD ABCD ABCD ABCD 
1800 ABCD ABCD ABCD ABCD ABCD ABCDE 
1900 ABCD ABC A BC A BC ABCD 
2000 ABD AB A BC ABCD 


Symbol Identificat 
Rolling Load (Pt) 


Specific Pressure (P,) B 
Lateral Spread (AW) ( 

Forward Slip (Ss) D 
Specimen Width Studies = E 


to the rolling mill with pre-heated tongs. The time lapse from the 
furnace to rolling mill was not more than 3 seconds. 

The rolling mill used was a 2-high, 5-inch diameter by 8-inch face 
width, which was driven by a 15-horsepower motor and equipped with 
dynamometers for measuring the rolling load. From the two dynamom- 
eters, one for each bearing, the signal was fed into a Brush Analyzer 
and then to a Brush Multichannel Oscillographic recorder. The dyna- 
mometers were calibrated before and after the completion of the pro- 
grams in a standard tensile testing machine, and showed less than 1% 
drift in calibration. 

Specimen thickness and width were measured before and after rolling 
with a micrometer. For forward slip determinations, the distance be- 
tween punch marks engraved on the specimens by the top roll was 
measured to the nearest 0.01 inch with a machinist scale. 

To ascertain the effect of rate-of-deformation and roll quenching 
on the rolling properties of these materials, all tests were run at both 
the lowest and highest rolling speed obtainable on this mill 


RESULTS AND DIscusSsIONS 
Illustrated in Figs. 1 and 2 are two representative data collections 
for Ti-6AI-4V at 1200 and 1800 °F, respectively. The scatter portrayed 
in these two curves was typical for this program and is common with 
rolling research, particularly hot rolling. 


Ic FFECT OF REDUCTION ON: 
1. Total Rolling Load 
It can be seen, for example, Figs. 3 to 7, that there is a fairly well 
defined relationship between total rolling load and reduction, with the 
total rolling load increasing with increasing reduction. At the lower 
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Fig. 1—Effect of Reduction on Rolling Load, Specific Pressure 
Lateral Spread, and Forward Slip in Ti-6A]-4V (heat M2803) at 
00 °F. 


1200 


rolling temperatures, this relationship is nearly linear ; however, at the 
higher rol!ing temperatures it appears that the rolling load versus re 
duction plots have a general tendency to curve upward at the higher 
reductions. This behavior could be a manifestation of several phe 

nomena, for example, friction and/or roll quenching. The high tem 
peratures and large reductions produce greater lateral spreading and 
thus a much larger contact area between the rolls and work piece. Be 
cause of larger contact area, a greater portion of the total rolling load 
is caused by friction. On the other hand, at the higher reductions this 
greater area of contact between the rolls and the work piece produces 
a greater tendency for the rolls to draw heat from the specimen. Fur 

thermore, the higher the rolling temperature, the greater the tempera 
ture difference between the specimen and the rolls. If the rolls cool 
the specimen, the total rolling load will increase, for it is evident that 
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Fig. 2—Effect of Reduction on Rolling Load, Specific Pressure, 


Lateral Spread, and Forward Slip in Ti-6Al-4V (heat M2803) at 
1800 °F 


decreasing temperature gives rise to higher rolling forces. Therefore, 
it seems that the upward swing in the total rolling load versus reduction 
curves may be caused by roll quenching and/or frictional effects. 
Referring back to the examples shown in Figs. 1 and 2, a comparison 
of the results between the slow and the fast-speed rolling tests gives 
additional indications relative to the roll quenching effect. Except for 
the very highest temperatures, the slopes of the total rolling load versus 
reduction curves are greater for the slow speed than the high speed. 
The more rapid increase of total rolling load with increasing reduction 
for the slow speed is probably due to greater roll quenching effects at 
the higher reductions. At the highest temperatures the rolling load 
curves are about the same for both speeds. This was perhaps due to a 
reduction of roll quenching effects by surface scale. It was of special 
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Rolling Load Versus Reduction for Ti-75A at 195 S 
Feet Per Minute 
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Fig. 7—Rolling Load Versus Reduction for SAE 1010 at 195 
Surface Feet Per Minute 
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interest to note the general differences between titanium and steel 
Although the total rolling load versus reduction curves were similar, it 
was observed that effects of changing rolling speed on steel were it 
significant as compared to that of titanium. 


2. Lateral Spread and Forward Slip 
Knowledge of the lateral spreading of a specimen being rolled 
vides, at least qualitatively, information about the frictional situation 
in the roll-gap. It is, in a sense, much like the forward slip in relation 
to the frictional state of affairs in the roll-gap. In general, the frictional 
influence on lateral spreading is the opposite of its effect on forward 
slip. That is to say, if in a given set of experiments the forward slip is 
high, then the lateral spreading will be low and vice versa. Of course 
both lateral spread and forward slip increase with increasing reduction 


EFFECT OF TEMPERATURE ON: 
1. Total Rolling Load 


In a discussion of the effects of temperature on the properties of a 
material a consideration of phase changes is important. This is true 
primarily because of the difference in the deformation characteristics 


+ 


of different phases of the same element. It is well known that be 
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Fig. 8—Effect of Temperature on the Rolling Load at 15% Re- 
duction and at a Roll Speed of 195 Surface Feet Per Minute. 


titanium has different deformation properties than alpha titanium. The 
temperature range of this rolling program was such that specimens 
from each composition were rolled in both the alpha or alpha plus beta 
and the all-beta structure. 

Referring to Fig. 8, it is quite evident that the rapid decrease in 
rolling load with increasing temperature is probably the cause of many 
of the difficulties in production associated with trying to finish titanium 
materials at a low temperature. In the low temperature range (alpha 
or alpha plus beta structure) the rolling load decreases rapidly with 
increasing temperature. At or about the tran$formation temperature, 
there is a break in the rolling load versus temperature curve, and above 
the transformation temperature (beta structure) the decrease in rolling 
load with temperature is much less severe. In contrast to the sharp 
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Fig. 9—Effect of Temperature on the Specific Pressure at 

Reduction and at a Roll Speed of 195 Surface Feet Per Minute 
temperature dependence in the low temperature range (alpha titanium 
notice the results for the steel. The relative level of the rolling load 
curves are also dependent upon the composition, with the order being 
different above and below the transition temperature. 


2. Specific Pressure 

The influence of roll flattening was neglected in all the calculations 
of specific pressure because it tended to complicate matters. Actually, 
the correction would be very small and only at the very high rolling 
loads. The correction at these high stresses would amount to about 15‘ 
(2,3). Furthermore, since this is a standard correction, it may be ap 
plied at any time by those who would have need for more accurate data 

The specific pressure versus temperature curves, Fig. 9, have the 
same general characteristics that the rolling load curves have 
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Fig. 10—Effect of Temperature on the Lateral Spread 
and Forward Slip at 40% Reduction and a Roll Spee 


195 Surface Feet Per Minute 


3. Lateral Spread and Forward Slip 


In order to illustrate the magnitude of the variations of lateral spread 
and forward slip, the cross plot that depicts the effect of temperature 
was made from data at a reduction of 40%, as illustrated in Fig. 10. 
oth the lateral spread and forward slip versus temperature curves 
and those for all of the material studied changed little, if any, in the 
alpha or alpha plus beta structure. In the transformation range, changes 
occur very rapidly, and in general the behavior in the all beta field is 
different 


EFFECT OF SPECIMEN WIDTH 


To study the influence of specimen width, two temperatures were 
chosen and tests were run on one material, Ti-75A. The two tempera 
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tures were selected so that results would illustrate the 
all-beta structures. Tests were run at both speeds use 
this program 


alph i 


all 
1 throug! 
l. Specifi Pressure 

A plot which portrays the effect of specimen width on the specific 
pressure is illustrated in Fig. 11. In the all-alpha condition (1400 °F 
the 0.5-inch specimens produce a lower specific pressure than the 
larger ones, probably because of less lateral constraint. The specifi 
pressure was independent of specimen size in the 1 inch size and 
larger indicating the choice of 1 inch wide specimens for the entire 
program was a satisfactory one. In the beta structure (1800 °I*) the 
specific pressure was independent of specimen size. 





m 
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2. Lateral Spread and Forward Slip 


To study the effect of specimen width on the lateral spread and for- 
ward slip, another cross plot was constructed. In order to magnify the 
results a high reduction of 40% was used. Fig. 12 is a plot so con- 
structed. Examination of this plot will show that the lateral spreading 
decreases and the forward slip increases with increasing specimen 
width. Both testing temperatures gave similar results with the effects 
being more pronounced at the higher temperature. 


CONCLUSIONS 


Based on the test data on titanium obtained in this program, it is 
possible to draw the following conclusions : 


1. Effect of Increasing Reduction 
a. Rolling load increases approximately linearly and more 
sharply in the lower temperature ranges. 
b. Specific pressure behaves in a manner similar to roll pressure. 
c. Lateral spread increases. 
d. Forward slip increases. 


2. Effect of Increasing Temperature 

a. Rolling load and specific pressure decrease sharply below the 
beta transus. Very little change occurs once the structure is all 
beta. 

b. Forward slip and lateral spreading values remain approxi 
mately unchanged in the alpha or alpha plus beta temperature 
range, and then very unpredictable behavior occurs during the 
crossing and in the beta transus temperature range. 

3. Effect of Composition 

a. In the low temperature rolling range, materials are arranged 
in order of decreasing roll pressure, first RC-130B, Ti-6A1-4V, 
RC130A, and, finally, Ti-75A. 

b. In the all beta and in decreasing order of roll pressure—first, 
RC-130A, RC-130B, Ti-6AI-4V, and, finally, Ti-75A. 


4. Effect of Increasing Specimen |idth 
a. Rolling load increases linearly for one-inch specimen and 
larger. 
Specific pressure remains virtually unchanged 
Lateral spreading decreases. 
d. Forward slip increases. 
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THE EFFECT OF INITIAL INCREMENTS OF HOT 
WORKING ON THE MECHANICAL PROPERTIES 
OF CERTAIN FERROUS MATERIALS 


By H. J. WAGNER AND J. W. SPRETNAK 


Abstract 


WV ork was done to determine the relationship between me- 
chanical properties and relatively low degrees of hot forging 
in certain ferrous materials. Factors which influence this 
relationship, such as chemical heterogeneity, inclusion con- 


tent, and direction of testing, were also studied. All hot 
working was done by slow upset forging in a hydraulic 
press. 


A method for determining the degree of deformation at 
specific locations in an upset forging was developed. This 
permitted amore exact determination of the relationship be- 
tween degree of deformation and mechanical properties 
than by conventional methods. 

It was found that forging of iron and AISI 4340 steel to 
an initial-to-final height ratio as great as 2.1 had no sig- 
nificant effect on the tensile strength. On the other hand, 
ductility, as measured by reduction of area in the tensile test, 
was influenced by the degree of forging. The maximum 
ductility of specimens in the axial direction was reached at 
a height ratio of 1.4. Forging reductions ranging up to a 
height ratio of 2.1 improved the ductility (as measured in 
the radial direction) of AISI 4340, but not of iron. Increased 
amounts of forging between height ratios of 1.4 and 2.1 re 
sulted in greater directionality of the ductility, and in in- 
creased limits of expected values in either direction. The 
presence of sulphide inclusions increased the degree of d1- 
rectionality of the ductility in both iron and 4340, and in- 
creased the coefficient of variation of ductility in both iron 
and 4340. (ASM-SLA Classification: F22, Q-general; 
AY) 


INTRODUCTION 


N HOT FORGING of complex shapes, many intermediate opera- 
tions are often required to complete a given part. One of the methods 
suggested for increasing productivity is to reduce the number of such 
This paper is based on a portion of a thesis presented in partial fulfillment of the require 
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intermediate steps. Since the main reason for forging is to shape metal 
to the desired geometry and to improve its mechanical properties, the 
suggestion has been made that the final geometry could be obtained with 
fewer operations by using a precast blank which approximates the final 
shape, and then lightly forging to obtain the required mechanical prop 
erties. The success of lightly forging a precast blank will depend, there 
fore, on whether the desired mechanical properties can be achieved by 
relatively small hot reductions. 

Consequently, the work described in this paper was undertaken to 
determine the influence of small forging reductions on the resultant 
mechanical properties, and to study other factors which may influence 
this relationship. 


REVIEW OF LITERATUR! 

Sachs (1)! has indicated that as early as 1862 investigators found 
that the tensile and yield strengths of forgings were independent of the 
“fiber” direction, but that ductility properties were lower across the 
fiber than along the fiber. Since 1918, many investigations have been 
conducted to determine the influence of the degree of forging on the 
mechanical properties of forgings. Almost all investigators found that 
the longitudinal ductility increased to a maximum, then leveled off 
Transverse ductility or toughness, on the other hand, showed a variable 
behavior. For instance, Charpy (2) observed a continuous decrease in 
transverse toughness with increasing degree of forging, while Voss 
(3) observed a continuous increase. Both of these investigators found 
that after a certain amount of forging, the transverse toughness leveled 
off. Most other workers (4-9) observed that the transverse ductility 
increased to a maximum and then decreased, sometimes increasing 
slightly after further forging. The maximum was generally reached at 
a forging ratio (initial-to-final cross section area) between 2 and 10 
although in several instances the peak had been reached at the first 
forging ratio studied. This suggests that the maximum may have been 
reached at forging ratios lower than 2. 

An explanation of the behavior of the ductility and toughness may be 
formulated by considering the principal actions that take place during 
hot working a metal, namely, (a) closing of cavities or internal voids 
by welding, (b) breaking up of segregates, (c) altering the cast struc 
ture, and (d) shaping to the desired geometry. 

Let us consider the effects which each of these actions may have on 
the ductility of the metal. One would expect that closing of voids t 
form sound metal would raise ductility in both the longitudinal an: 
transverse directions. However, incomplete closure of large spherically 
shaped voids might result in sharp internal notches, and thus lower th 
ductility in the transverse direction of a notch-sensitive material. It 


y 


' The figures appearing in parentheses pertain to the references appended to this paper 
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is likely in a cast ingot containing normal amounts of porosity that the 
beneficial effects of closing voids will be more important than the 
deleterious effects, except at very low degrees of forging. 

Breaking up the segregates and altering the cast structure may be 
considered from the standpoint of both chemical segregation and non- 
metallic inclusions. Soft nonmetallic inclusions, such as sulphides in 
steel, will tend to be deformed similarly to the external deformation of 
the forging. Thus, in forged bar stock, the inclusions have been 
changed in shape from spheres to stringers. Similarly, in an upset 
forging the inclusions have become disk-shaped. Perhaps the most im- 
portant effect expected from soft inclusions is a lowering of the ductility 
in the transverse direction due to the formation of sharp notches at the 
edges of the inclusions as their original spherical shape is distorted. The 
actual geometry of the forging, or the manner in which it is produced, 
would affect the shape of soft inclusions. Hence, both the nature of 
the inclusions and the forging method would be expected to influence 
the relationship between forging ratio and ductility. Hard inclusions 
and regions of chemical heterogeneity, in addition to their effect on 
ductility through their development of stress raisers, are relatively non- 
ductile in themselves and may hinder plastic flow. The familiar fiber 
structure developed in a forging has been attributed to stringing out 
of segregated areas and nonmetallic inclusions. 

The shape of the various curves of transverse ductility versus forging 
ratio reported in the literature may be explained on the basis of the 
effects of porosity and heterogeneity (chemical segregation and non- 
metallic inclusions ). An ingot with neither porosity nor heterogeneity 
would not be expected to show any great effects of forging on the 
ductility, unless crystallographic anisotropy were produced. However, 
an ingot containing porosity would show improvement in ductility as 
the voids are welded shut. If heterogeneities are present, on the other 
hand, flattening would result in stress concentrating effects within the 
metal, causing a diminution in transverse ductility with increasing 
forging ratio. The behavior of the metal when both heterogeneities 
and porosity are present would probably be influenced by factors pro 
ducing the least ductility; that is, porosity would exert a greater in 
fluence at low degrees of forging, but flattened inclusions would have 
the predominating effect as the degree of forging increased. The dif- 
ferences between hard inclusions and soft inclusions might become ap- 
parent after higher degrees of forging which would fragment addi- 
tionally hard inclusions but have only a slight effect on soft inclusions. 
The fragmentation of hard inclusions or segregated areas would be ex- 
pected to raise the transverse ductility. 

The suggested interrelation of porosity, heterogeneity, and forging 
ratio is shown graphically in Fig. 1. 
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IX PERIMENTAL PROCEDURE 
Preparation of Forging Billets 
It was considered desirable, in studying the relationship between 
forging ratio and mechanical properties, to separate the effects of in 
clusions and chemical heterogeneity. It was reasoned that a high level 
of sulphide inclusions would exaggerate directional effects produced | 
forging, particularly in the direction of compression. Comparison 
results obtained for billets obtained from electrolytic iron stock and 
from AISI 4340, each with two levels of sulphide inclusions, would 
show the interrelation of forging ratio, inclusions, and chemical hetero 
geneity. Consequently, four heats were melted, each heat representing 
a different condition of inclusion content and chemical heterogeneity 
The alloys were melted in air in a 200-pound induction furnace, deoxi 
dized with aluminum (2 pound/ton), and poured into two cast-irot 
molds measuring approximately 4 & 4X 16 inches each. The comp 
sition of these heats determined by wet chemical and spectrographi 
methods is shown in Table I. Cylinders 3.5 inches in diameter by 4 
inches high were machined from the ingots. 
Preliminary upset forging tests conducted on hot-rolled bars sh 
that 
deformation varied from point to point in the forging. Consequently, 
in order to obtain valid correlations between amount of forging and 
mechanical properties, it was necessary to describe precisely the degree 
of deformation throughout the forged billet. This could be done, a 


is, the degree 


that flow within the bar was heterogeneous ; 


cording to the method to be described, by studying the flow patter: 
within the billet. To determine the flow pattern, two pieces of hot 
rolled AISI 1010 steel were machined to the same dimensions as the 





experimental cast billets. Along a median longitudinal plane of e: 
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billet, vertical 44-inch holes were drilled %4-inch apart. High carbon 
steel rods were inserted in these holes. These billets were then upset 
forged with the cast test billets, and then sectioned through the rods to 


determine the metal flow pattern produced by the forging operation 


Upset Forging of Billets and Determination 
of the Degree of Forging 

All billets, including those with inserted rods, were heated to 2200 °F, 
and held for one hour prior to forging. Forging was performed or 
a 700-ton hydraulic press. The ram speed was about 16 to 20 inches per 
minute, and the ram was brought slowly into contact with the billet, so 
that the operation may be described as “press forging.” 

Compression of the billets was accomplished by flat dies which were 
not heated or lubricated. The height of each forging was controlled by 
rectangular blocks (stops) inserted between the dies. The 4-inch-high 
cylinders were separated into two groups designated B and A and re 
duced in height to 3.250 and 2.375 inches, respectively. 

The method used to determine the degree of forging represented 
by the tensile specimens removed from each group of forged billets is 
described in detail in the Appendix. The degree of forging may be 
described by either a “height ratio” or by the “maximum principal 
deformation.” Height ratio is the ratio of the initial-to-final height of 
a uniformly upset cylinder, while maximum principal deformation 
(dmax) is the negative logarithm of the height ratio. 


Position of Tensile Test Coupons in Forged Billets 

It had been determined by the method described in the Appendix 
that the deformation was generally more uniform at the outer portion 
of the billet than in its interior. Because of this condition, the location 
from which the tensile bars were removed was chosen as far from the 
central axis as possible. Also, since there was a considerable degre 
of nonuniformity of deformation, it was considered desirable to have a 
small tensile bar, within which the deformation could be considered to 
be essentially uniform. The final choice was a threaded end, 1'4-incl 
long tensile bar, % inch in gage length, '@ inch in gage diameter. This 
size was thought to be the minimum from which consistent measure 
ments of reduction in area could be obtained, and in which the effect 
of grain-size variation would not be excessive. 

The tensile specimens were removed from the forged billets in both 
the radial and axial directions. The midpoints of the specimens in each 
direction fell on a common circle, the center of which was the center of 
the forging. For the specimens of Group A the circle was 3 inches in 
diameter, while for Group B it was 2.25 inches. Eight specimens in 
each direction were removed from each forged billet. Fig. 2 illustrates 
the positions of the specimens removed from the forged billet. 
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It was found that the specimens trom each group of forged billets 
represented the following degrees of deformation : 


Height 
Group Ratio Pmax 
A 2.1 —0.74 
B 1.4 —0.34 


Since the billets appeared to consist entirely of equiaxed crystals, it 
was assumed that no directionality existed in the properties of the 
original cast ingot. Specimens were removed in an axial direction only 
(with respect to the original ingot) and at random locations within 
the cast ingot after it had been machined to the same diameter as the 
billets used for forging. Approximately 22 specimens were removed 
from each ingot. yo 

Heat Treatment 

Heat treatment of the forged billets consisted of air cooling from the 
forging temperature, with no additional heat treatment on specimens 
removed from these billets. Specimens removed from the as-cast billets 
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Fig Effect of Degree of Deformation on Average Reductior 
Area. Tensile specimens removed from hot upset forg : 
iron and AISI 4340 steel containing two levels of sulphur 
were divided into two groups, one of which was tested in the as-cast 


condition and the other in a heat treated condition. For the heat treate 
condition, the finished specimens were sealed in a quartz tube with 
argon atmosphere under a pressure of 0.4 atmosphere. The tubes were 
heated to 2200 °F for 1 hour, and air-cooled. This treatment was de 
signed to simulate the thermal conditions experienced in forging. The 
billets so treated would correspond to forgings with zero deformation 


RESULTS 
The results of the tensile tests were analyzed on the basis of both 
the average values of the various mechanical properties, and the limits 


of expected values. The averages and limits were computed from the 


data obtained from 7 to 13 specimens representing each condition of 
forging reduction, inclusion content, chemical composition, and dire: 
tion of flow. Table II summarizes the results obtained. 

The relationship between the average reduction of area and « 
of deformation for both the iron and the AISI 4340 steel is shown in 
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n from hot-upset forgings of iron and AISI 4340 steel containing tw ev 
f 1ide inclusior mits were calculated as meat 2 standard deviation 
expected to contain 95 per cent of all observed values 
Fig. 3. For the iron, the value plotted as zero deformation (forging 


ratio = 1) was obtained from the heat treated specimens. Because of 
undesirable brittle martensitic structure in the heat treated low-sulphur 
4340, however, the value obtained for the material as-cast was used 
instead, in the plots for 4340. The degree of deformation is represented 
in Fig. 3 by both the height ratio and the maximum principal deforma 
tion, dmax- 

The graphs of Fig. 3 indicate that increasing the degree of forging 
of either the iron, representing a commercially pure metal, or AISI 
4340, a complex alloy steel, results in increased anisotropy with respect 
to reduction of area ; that is, the reduction of area in the radial direction 
becomes increasingly different from the value in the axial direction, as 
the amount of forging is increased. In the iron, this difference is a result 
of lowering of the reduction of area in the axial direction. On the other 
hand, in the complex alloy, 4340, the difference results from a continued 
increase in values in the radial direction, with the values in the axial 
direction tending to become essentially constant. In both the iron and 
the 4340, the effect of sulphide inclusions was to lower the general 
level of ductility, as well as to emphasize the directionality associated 
with degree of forging. 

Limits 

In addition to the effects of forging on the average values of the re 
duction of area, the limits of expected values is influenced by the degree 
of deformation, sulphide inclusion content, and homogeneity of the 
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alloy. These influences are shown graphically in Fig. 4. It is to be noted 
that the sulphide inclusion content has a greater effect on the spread 
of ductility in the iron, than in the 4340. Also, in the 4340 steel, which 
has significant degrees of microsegregation, it is seen that the magnitude 
of the limits is generally much greater than in the relatively pure iron 


s ~ 


DISCUSSION OF RESULTS 
Effect of Sulphide Inclusions and Chemical I1eterogeneity 

Averages. In explaining the results of various other investigations of 
the effect of forging on the mechanical properties of metals, it was stated 
earlier in this paper that the presence of nonmetallic inclusions might be 
detrimental to the transverse cuctility. The presence of sulphide inclu- 
sions within the metal produces internal notches at the periphery of the 
inclusions. These notches would increase in sharpness as the degree of 
forging is increased. Fig. 5 (a, b and c) illustrates the effect of forging 
on inclusions. 
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Fig. 3 shows that, for relatively pure iron, forging had no significant 
effect on either the radial or axial reduction of area. Hence, the degree 
of directionality was negligible. With a great number of sulphide in 
clusions present in the iron, however, the ductility in the axial direction 
showed a marked decrease as the height ratio of the forging was in 
creased from 1.4 to 2.1. It would appear, therefore, that the presence 
of these inclusions in an otherwise homogeneous metal causes the duc- 
tility transverse to the flow direction to be adversely affected by forging 
as the degree of forging is increased. It is reasoned that this effect is 
due to the increasing sharpness of the notches associated with the 
inclusions. 

In a complex alloy steel, such as 4340, the effect of forging is less 
straightforward. It is seen from Fig. 3 that, as the amount of forging 
was increased, the axial ductility was raised, but reached a plateau in 
the region from 1.4 to 2.1 height ratio. Although the initial values may 
be somewhat arbitrary, it becomes apparent that further forging did 
not improve the axial ductility. The effect of sulphide inclusions alone 
is not as clear as in the case of the iron; nonetheless, at the higher de 
grees of forging there was a greater difference between ductility in the 
radial and in the axial direction for the forgings with higher sulphur 
than for the forgings with lower sulphur. 

Summarizing the effects of forging on the average value of ductility 
in a given direction, it appears that light forging is more satisfactory 
than heavy forging where the minimum value (that is, the value in the 
direction transverse to the fiber) and the lack of directionality deter 
mine the quality of the forging. If, on the other hand, the ductility in 
the direction parallel to the fiber is most important in a particular 
forging, increased amounts of forging may be beneficial to 4340 

Limits. For the purposes of discussing the range of a set of observa 
tions, the statistical quantity, V, “coefficient of variation” is defined as 


V = (standard deviation) /mean « 100; 


this attribute expresses the variation as a percentage of the mean value 
In Fig. 6 are plotted the coefficients of variation of the various mate 
rials as a function of degree of forging. Several generalizations may be 
drawn from these curves: 
1) Sulphide inclusions increase the coefficient of variation in 
both iron and AISI 4340. 
2) Regardless of inclusion content, AISI 4340 has a higher co 
efficient of variation than does iron. 


3) Coefficient of variation in the axial direction is generally higher 
than in the radial direction. 
4) Increased amounts of forging generally increase the 


cient of variation in either direction. 
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From the viewpoint of uniformity in a particular direction, therefore, 
it appears that light forging would be more advantageous than heavy 
forging. It is important to point out, however, that the estimated limits 
of ductility represent the scatter at a particular degree of forging. The 
degree of forging varied only slightly in the region from which the 
specimen was removed, in comparison with the variation of degree of 
forging throughout the forged billet. The variation of degree of de- 
formation throughout the forged billet is shown in the Appendix in 
Fig. 7a and 7b. In an actual forged piece, therefore, the limits of ex- 
pected values would vary also with the degree of homogeneity of the 
deformation. Judging from the appearance of the “isoforging” lines in 
Group A and Group B, Fig. 7a and 7b, light forging results in a lower 
degree of heterogeneity than does heavy forging, indicating that light 
forging is to be preferred to heavy forging. 
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In the section on Experimental Procedure it was stated that the 
specimens from the cast ingots were removed from random locations i 
an axial direction only. Variation of the ductility of the specimens 
representing zero deformation was, in some cases, higher than for the 
lightly forged billets. It is thought that this high degree of variation is 
a result of removing the specimens from portions throughout the billet 
thereby increasing the likelihood of encountering defects. The relation 
ship of the points on the curves of Fig. 3 indicate, however, that the 
average value is correct ; from the lack of directionality in the forging of 
height ratio 1.4, it appears justifiable to assume that no directionality 
existed in the original casting. 


CONCLUSIONS 


The results of this study suggest that it might be feasible to increase 
the productivity of the forging industry by rough casting blanks to shape 
and thus reducing the number of press operations on castings of nor 
soundness. The bases of this conclusion are summarized as follows 

1) Tensile strengths of iron and AISI 4340 type steel were not 
affected by upset forging to height ratios up to 2.1, implying 
that chemical heterogeneity does not influence the independ 
ence of tensile strength and degree of forging 

2) The tensile strength was independent of the degree of 

forging to height ratios up to 2.1 for both high and low sulp! 

contents, in both iron and AISI 4340. 

The minimum ductility at a particular degree of forging was 

usually in the axial direction. For both iron and AIST 4340 

steel, forging to a height ratio greater than 1.4 either lowered 

or had little effect on the ductility in the axial direction 

4) Forging to a height ratio of 2.1 resulted in a greater difference 
between ductility in the axial and in the radial directions tl 
forging to a height ratio of only 1.4. The presence of sulphide 
inclusions increased the degree of directionality 


3 


5) Increased amounts of forging showed a tendency toward i 
creasing the limits of expected values of ductility. A minimu 
in the limits seemed to occur at a height ratio of 1.4 
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Appendix 


METHOD FOR DETERMINING THE LOCAL DEGREE OF 
DEFORMATION, dmax 


The two wrought billets that contained the high carbon rod inserts 
were sectioned to reveal the configuration of the rods, which would in 
turn indicate the flow of metal within the billets. 

In order to calculate the magnitude of the maximum principal de- 
formation, dmax, represented by the tensile specimens from each group 
of forged billets, it was necessary to determine the deformation which 
had occurred in each point in the billet. The method used for determin- 
ing the degree of deformation at various locations in a nonuniformly 
upset cylinder is discussed in the following paragraphs. 

The original cylindrical billet was visualized as consisting of a group 
of elemental cubes. The cross section of the inserted rods then repre- 
sents a particular set of cubes, the deformation of which may be deter- 
mined by observations on their change of thickness and position. Thus, 
the deformations in various directions may be determined by the follow- 
ing formulas : 

Pratia In Wi/W.e 


Pcircumterentiat = In Ri/Ro 
Pnhetgnt In Hi/Ho = — (@raa + Peirce) 
where W = thickness of a portion of the rod 
R = distance of a portion of the rod from the central axis 


H = height of a particular volume examined. 


The subscripts ‘‘o” and “1!” refer to initial and final states, respectively. 

The photographs of the sectioned billets were enlarged in order that 
more accurate measurements could be made. Arbitrary points were 
then laid out on the curved rods. At each point the final and original 
location and thickness were measured, and the deformation occurring 
in the circumferential and radial directions were computed. The sum 
of these values, dmax OT height, Was used to determine the local height 
ratio. Each point on the photograph was then labeled with the value of 
the height ratio at that point, and lines representing approximately equal 
height ratios were drawn. The lines may be termed “isoforging lines.” 
The results are shown in Figs. 7a and 7b for a quadrant of each section 
shown. From these photographs it was possible to describe the degree 
of deformation represented by the tensile specimens removed from a 
particular location in each forging. 
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DISCUSSION 


Written Discussion: By J. V. Russell, assistant chief metallurgist, Republic 
Steel Corporation, Chicago. 

This paper, as an evaluation of the possibility of press forging rough cast 
blanks, affords an opportunity for comparison of mechanical properties in the 
as-cast condition with those resulting after small amounts of upset forging. The 
authors suggest that the ductility may be improved by closing of porosity re 
maining in the cast structure. Certain effects of forging on nonmetallic inclusions 
are postulated along with what is termed “breaking up” segregate areas. It is 
suggested that the latt¢r would also improve ductility. 

Losses in axial ductility are shown to result from forging the ingot iron ma 
terial containing high sulphur. The photomicrographs shown in Fig. 5 do not, 
in our opinion, reflect any very large change in shape of the sulphides them 
selves. Instead, it appears that small cavities have formed around the sulphides 
as a result of upset forging. In this case, we feel that the sulphides should be con- 
sidered as hard inclusions. Van Vlack (2) has shown that sulphur in steel contain- 
ing very low silicon forms a relatively nonplastic type of sulphide. The effects of 
small amounts of upsetting could easily be interpreted as opening voids around 
sulphides and reorienting as-cast porosity in planes unfavorable for axial ductility. 
The work of Tomlinson and Stringer (3) shows the effect of upsetting on internal 
voids. They showed, for instance, that small holes first flattened, with little change 
in width, then welded by pressure on the top and bottom faces. For complete 
closure of voids, these authors found height ratios as much as 4:1 to be required. 

Since the sulphur added by the authors to A-4340 should have formed a more 


plastic sulphide due to the silicon present, it would be of interest to know if any 
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different behaviour of the sulphides resulted in this case. The fact that A-4340 
was tested in the as-forged condition makes it extremely difficult to separate 
effects of inclusions from the known embrittling effects of mixed microstructures 
It would have been desirable to have heat treated all specimens to consistent 
hardness and microstructure by quenching and tempering. We would lik 
know if the authors observed any preferred orientation of the microstructure { 
result from forging. If so, this should be given due consideration in explaining th 
losses in axial ductility for this material. It has been shown that such reorienta 
tions do occur in rolled blooms, generally to the detriment of transverse ductility 
(4). Also, this same work illustrates, after small reduction by rolling, the presencs 
of porosity with its damaging effects. 

If we cannot promise that castings of commercial size will be free from por 
then it appears reductions in height of 2:1 or even as much as 4:1 would 
required to eliminate porosity completely. This would appear to make tl 
process impractical since height ratios usually are not much greater « 
forging blooms and billets by conventional practice. 


Written Discussion: By A. O. Schaefer, president, Pencoyd Steel & Fors 
Corporation, Philadelphia 

The authors have chosen a subject of great importance in a really practical 
sense. While the bibliography on this subject does not contain a great number of 
references, it is significant that those in existence are important both from the 
standpoint of those who wrote them, as well as the variety of approaches that | 
been made to the problem 

I must confess a certain reluctance to abandon old ideas built on experience 
aims and objectives which might not hold in present-day conditions. The 
ingot, cast to be used to make steel forgings, has always seemed to me t 
designed to be an ideal casting. No considerations of proportions, or secti 
terfere with its symmetry, and mold walls, contours, tapers, etc. al mtr 
to making castings (ingots) as nearly perfect as they can be made 

Any effort, therefore, to make shaped or contoured ingots to reduce the 
of forging necessary to make the final object may very weil sacrifice t 
principle: the casting of the best possible mass of metal from whic! 
forge a useful object 

Forging does form objects for use. It is of greater importance that 
changes the properties of the metal in the ingot, or billet, in a unique 
useful manner. 

The authors have developed a simple technique to demonstrate the 
forging, and this technique can well be tried under a variety of conditio1 
many materials so that it can be truly evaluated as a method, along 
results it obtains for us. 

The factor that disturbs me most, however, is related to size. Forgir ure 


sometimes small, but they also are used in sizes almost equal to the largest 
ings that have been made. Problems multiply with size, and the indicat 
tained with small objects may be found misleading when we are deali 
large ones. 

The “ingots” used in the subject Paper are 4- inch squares, weighing 20 
pounds each, and they are cast from metal produced in an induction-type furnace 


\s we consider the variety of sizes, grades of steel and types of forgings ul 
made, the number of important variables, that may very well have an importa 
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bearing on such a simple matter as the optimum forging reduction, becomes 
formidable. 
Let us list a few: 

1. The grade of steel (alloy content, etc.). The austenitic stainless steel 
grades, for example, have quite different forging characteristics, and 
the ingot structures of these grades are not comparable to those of the 
ferritic grades 


2. Melting technique, de-oxidation practice 

3. Temperature and speed of pouring 

4. Gas content of metal. 

5. Mold size and design, hot top size and design 

6. Temperature and soaking time for forgings 

7. Type of forging work, rounding up, slabbing, upsetting, et 
8. The forging tool—size, speed, etc. 


9. Type of dies used. 
10. The shape and size of the forging produced 


I am sure this list could be extended. 

The authors have wisely developed a simple direct technique, which is a sen- 
sible way to work out of a situation that starts with too many variables. It will 
require a lot more work, however, to provide a basis for evaluating this tech- 
nique, in its application to our work. It is hard for me to believe that a simple 
height ratio of forging will be able to be correlated with all of the complexities 
of steel ingots and forgings, a few of which are mentioned above 

The matter of size is a most important one. 

It is interesting to note that the authors have evaluated their materials on 
the basis of the percentage reduction of area in a tension test bar. This was the 
classic criterion of gun barrels during the war period. Even there, however, 
another test value was soon given equal importance, and this was the notched bar 
impact value at — 40 °F. 

Present-day testing techniques are groping for a figure that will be of more 
value than what we usually refer to as ductility. Resistance to brittle failure 
could well be a good base on which to evaluate materials in the future. This 
value may be related to chemistry, heat treatment, or forging work. Wlen these 
factors are at their best, other things can become dominant. Segregation in sev- 
eral forms in any one ingot, nonmetallic inclusions, can introduce irregularities 
that may act as stress-raisers, and failures may result, regardless of ductility or 
transition temperature. Nonhomogeneities must be regarded as of prime im 
portance in the serviceability of any forging. They may be totally unrelated to 
forging reduction. 

In the meantime, we need a tool to appraise these various tests. Suggested 
techniques such as that disclosed by the authors of this paper must be tried and 
evaluated until we find the one we need to ensure the quality of our forgings. 


Written Discussion: By A. V. Osterberg, director of Research, Walker Forge, 
Inc., Racine, Wisconsin. 

We have had no opportunity to verify or challenge by experimentation the 
arguments advanced in this paper. Nor have we been able by comparative tests 
to verify that our own beliefs are true. We therefore must base our opinions on 
experience gained over the years in the forging of ferrous metals 
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We believe that the physical properties demanded in forgings by metallurgical] 
engineers are so exacting as to be unobtainable by the method proposed in yoy 


paper. 

Density of material is a very important requisite, and hammering a casting 
that already has fairly close geometrical dimensions will not move enough mass 
to close possible voids, or blow holes. Nor will it give the density and solidit 
that is obtained when a geometrical shape has been formed by reduction of a bes 
or billet in preliminary and finishing impressions in a forging die 

A casting will have such close geometrical resemblance to the finished product 
that while one or two hammer blows will finish shaping it, those blows will not 


move enough mass to give the desired density and tensile strength 
Metallurgical engineers will always stress the importance of directional graij 





flow in parts where sectional strength is imperative: Universal joint ts 
crankshafts, connecting rods, gears to mention a few. How can this grain flow 
be obtained in a hammered precast geometrical shape? We doubt that it can 

The matter of cost is important. The method proposed in your paper consists 
of making patterns, forming the mold, melting the steel and casting the piec« 
\fter the casting is cold it must be thoroughly cleaned of all molding sand t 
eliminate excessive wear on the forging die impressions. It must then be re 
heated to 2200 to 2300 °F, causing the forming of scale (oxidation This scale 
is very injurious to the forging die impressions. Forging dies are e 
tooling. 


When we consider all the operations required in the proposed 


against production from a bar or billet in a conventional forging die, we 
vinced that the present forging technique is the most practical and econ 
These comments on the Wagner-Spretnak paper are, as we state 
set, based on opinion and on long experience in the forging industry. Our ow: 
research has not included testing that would permit us to support or challenge 
conclusively the Wagner-Spretnak presentation. However, we appreciate the 


opportunity to present our opinion. 


Written Discussion: By Eugene C. Clarke, Jr., Chambersburg Engineering 
Company, Chambersburg, Pennsylvania 

The opportunity to review Messrs. Wagner's and Spretnak’s papet he 
Effect of Initial Increments of Hot Working on the Mechanical Properties 


Certain Ferrous Materials” is appreciated. It is an interesting cot 
forging literature 

From the data presented, it is apparent that the actual forging operat 
were accomplished in time cycles ranging from about two to six secor leper 


ing on the amount of the reduction and the speed with which the pre 
operated. It is also surmised that the speed of metal movement (or the 


reduction) was maintained relatively constant which, in the case of this series of 
experiments, was at an unusually low value. No doubt the assertion that the 

eration was typical of “press forging” will be disputed by those familiar witl 
today’s modern mechanical forging press. Most certainly, it was far remove 


from the conditions typical of an impact forging process whereby these redu 
could be accomplished in minute fractions of a second. Until these other a 
of the problem are explored, it is hardly fair to regard the work as conclu 

In the introduction it was stated that the underlying purpose of the test 


to explore the feasibility of transforming pre-cast blanks (approximating 
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desired final shape of a part) into the desired shape by forging and that the 
results of the experiment would be evaluated in terms of the mechanical prop- 
erties achieved by relatively small hot reductions. Unfortunately the scope of the 
‘open-die” practices in which the metal was uncon- 


experiment was limited to 
fined save for the flat die surfaces of the press. This too represents an unusual 
rather than a conventional situation. Forging to final shape most often occurs 
in closed dies which confine the metal and subject it to high compacting pressures. 
Very often the design of a forging preform (or in this case a pre-cast blank) is 
such that full advantage is taken of the ability to restrict and control metal flow 
during the transformation into final shape to achieve beneficial mechanical prop- 
erties. This being so, there is good possibility that had additional experiments 
been carried on utilizing confining dies, even greater improvement of metal 
properties would have been observed. 


Written Discussion: By Macdonald S. Reed, vice president, Erie Foundry 
Company, Erie, Pa. 

The work described in this paper is intended to develop information as to 
whether satisfactory physical properties can be obtained by relatively low forging 
deformation of a cast blank, compared to the results that can be obtained by 
making a forging in the usual manner, from a blank cut from a forged or rolled 
billet or bar. Presumably the final forging is to be a drop forging made in a 
closed impression die. If it were a flat die forging operation, it would be no 
different from the usual forging down of a cast ingot in a press or a hammer, to 
make a billet. Since this is an impression die forging, it is not a simple geometri- 
cal form but more or less complex, and the nature of the piece would determine 
the flow of the metal and the extent of the forging or the “height ratio” in the 
different sections. Consider, for example, a comparatively simple piece such as 
a gear blank with a hub, a web, and a rim. Supposedly the cast blank would have 
to conform generally to the finishing impression in about the same manner that, 
in a conventional drop forging operation, a blank that has been forged in a 
blocking impression conforms to the finishing impression. No doubt there will 
be considerable difference in the length of the hub, the thickness of the web, and 
the width of the rim, and in the forging operation, it will be very difficult to 
have the same “height ratio” in the different parts. Presumably, there will have 
to be an excess of metal in the center section, which will have to flow outward, 
into or through the next section and eventually into the flash. The resulting 
forging ratios in the various sections might vary so much that the variation in 
physical properties resulting from minor differences in the forging ratio would 
be of little consequence. 

Since the piece in question must be an impression die forging, it would seem 
that it might be desirable to extend the investigation to some blanks which 
would be upset in an impression die and which therefore would not be free to 
fiow laterally. The resulting pieces would be cylindrical, instead of barrel shaped. 
No doubt it would still be necessary to employ the method that was developed, to 
determine the forging ratio at particular points, since friction on the die faces 
would still hold the metal close to them from spreading, and the top and bottom 
corners of the forging would still have to be filled out with metal that comes 
from nearer the middle plane and flows first radially outward and then toward 
the corners 

Of course this filling the corners of an impression, requires a much higher 
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fluid pressure on the material than is needed for a simple upsetting operation, 
and this higher pressure might readily cause changes in the physical properties 
[ recall that some years ago one of the automotive manufacturers discovered that 
much stronger gears could be produced from small drop forged blanks if excess 
material was provided in the stock from which the forging was made, so that 
the excess was squeezed out between the dies to form a flash. I believe the in 
vestigation showed that if just enough material was provided so that the corners 
of the forging filled out when the dies came together, some of the physical proy 

erties of the gear were definitely inferior to those of forgings that had been sub 
jected to very high pressure on the finishing blow. 

Mention has been made of die friction, and it is believed that it would have 
been interesting to upset some blanks on a hammer, in addition to those upset 
on the press. The blank must have been in contact and under pressure betwee: 
the press dies for five seconds or more, and the surfaces of the work in contact 


with the dies, and the adjacent material would cool considerably, with the result 
that there would be much greater radial flow at the mid-section. The impact 
velocity of the hammer probably would have been more in feet per second than 
the press speed was, measured in inches per minute, and therefore the time of 
contact with the dies under pressure, in the hammer, would be only a very smal] 


fraction of a second. 

I must confess that in my first reading of the paper, I was puzzled by the 
fact that radial properties improved with increased forging, whereas axial proy 
erties did not, as shown in Fig. 3, for example. Perhaps, to others, it would be 
immediately obvious that this is to be expected, since the working is being done 
as an upsetting operation, so that “radial” corresponds to “longitudinal,” and 
“axial” to “transverse.” In the usual hot working of a cast material—in forging 
down an ingot, for example—the material is squeezed from one side, and is then 
turned and squeezed in a direction at right angles to the first, with the process 
being repeated, and the length of the piece increased while its cross-sectional 
area is decreased. In such circumstances, axial refers to the length of the work 
at right angles to the plane of the squeezes. Is there any possibility that a similar 
confusion of terms could account for the contradictory findings of Charpy and 
Voss? Of course, from the nature of the investigation being made in the present 
case, the change of properties with upset forging, rather than in drawing out 
is the important consideration. 

While it has no apparent important relation to the subject, I am curious as t 


why the heat treated, but unforged, specimens were heated in an argon atmos 
phere, and why they could not be heated as the other specimens were for forging 
and then cooled in the air. 

My mathematics are too rusty for me to understand the method by which the 
height ratio at a particular point inside the forging is derived from the diameter 
ratios of the inserted rod and of its movement away from the center, on page 15 
I note however that the ratios in the first two lines, those for the radial and 
circumferential values, are more than one, whereas the height ratio in the i 
line is less than one, and I wonder if that is correct. On page 634, the height rati 
is defined as the ratio of the initial to the final height, whereas on page 643 it is 
used as the ratio of the final to the initial height. I am bothered, too, by the fact 
that the height ratio should seem to vary inversely as the cross-sectional area 


ratio, the volume being constant. However the increased diameter of the inserted 


} t} 


rod is used, instead of its area. Possibly the area factor is introduced by the use 
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of the distance from the center of the blank to the center of the inserted rod, but 
that is not immediately clear to me. 

Assuming that this method that has been developed provides a means for 
determining the extent of the forging at any given point inside a piece, this 
method, or a modification of it, should make it possible to provide a definite 
answer to a question that has been discussed among forgers for many years. That 
question is whether the squeeze of a hydraulic press or the impact blow of a ham- 
mer is more effective in working a forging. The question usually relates to a 
drawing out operation, such as the drawing out of an ingot to a billet or the 
drawing out of a billet to another billet of smaller cross-section. In the present 
case, the operation was upsetting and of course some change would be necessary 
in the pattern of the inserted rods. Reference was made above to the desirability 
of having made some of the upsets in a hammer, in order to obtain the pattern 
of the “iso-forging” lines. In the piece shown in Fig. 7a, there was apparently four 
times as much forging at the center as at the surface, and it would be very in- 
teresting to see what the corresponding variation might be, using hammers of 
various sizes. Is this four to one variation in forging ratio undesirable? Is it 
possible that the grain structure or the physical properties of the material near the 
surface have been improved by the pressure on it, even though there has not 
been the same flow of metal near the surfaces that there has been toward the 
middle? Would the use of a hammer of the proper size result in a forging ratio 
almost uniform throughout the forging ? 

When a piece is drawn out on a hammer, it is generally believed that if the 
hammer is too small for the work, the end of the piece will become concave. 
If the hammer is adequate, the end may remain flat, or a very large hammer 
may make the end of the piece convex. The increase in length near the center, 
forming the convex end, is similar to the increase in diameter of the inserted 
rods at the middle, where they are farthest away from die friction and the rapid 
cooling that results from contact with the cool dies. 

The report refers to “relatively low degrees of hot forging” and “lightly 
forging.” The picture that I get is of a casting that is made almost to the required 
size, and then struck in impression dies to improve the surface finish and bring 
the piece accurately to dimension, much as a forging is sometimes restruck after 
trimming, or is coined in a hammer or press. I question whether that is going 
to be enough working to change from a cast to a forged structure in the interior 
It seems to me that there must be enough working to produce some flash on the 
forging which will have to be trimmed off, and in a complicated forging, there 
will be a great variation in the amount of working between light and heavy 
sections, and the flow of excess metal from points near the center, through varying 
sections, into the flash, might create some difficulties. Even the maximum degree 
of working implied by the above seems to me to be inadequate when one considers 
that the drop forging process is generally assumed to improve the properties 
of the material, and that the forging is ordinarily made from a forged or rolled 
billet or bar, and that the reduction in area from the ingot to the billet is specified, 
in order that the billet shall have properties superior to those of the cast ingot. 

The objective is said to be “to increase the productivity of the forging in- 
dustry.” I would have judged that currently the productive capacity of the 
forging industry is ample for all requirements. The reference can not be to 
the size of equipment necessary to make a given forging, as it will require as 
large a hammer for the finishing blows to make a forging from a casting as to 
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make a forging from a rolled blank. “Productivity” may be used in some other 
sense, but I would judge that the overall labor and equipment requirements would 
generally be as great or greater by first producing the casting and then forging 
it, except perhaps in some very special cases. 

The report also speaks of “reducing the number of press operations on cast 
ings of normal soundness.” I think it must be conceded that the reliability of a 
blank of rolled or forged steel is likely to be very much higher than that of steel 
castings. Porosity and inclusions are certainly much more likely in the casting, 
and 100% inspection of the cast blanks would be required in order to avoid the 
loss of productivity due to the production of scrap forgings. I believe that this 
would be illustrated by the experience some years ago with the relative reliability 
of cast and forged turbine blades. That experience may be not at all germane t 
the present proposal, but information as to the field involved could have clarific 
the situation 

Also noted in the phrase quoted above, is the reference to press opera 


As was mentioned at the outset, the field that is involved can hardly be it die 
forging, since there is nothing new about forging a cast ingot. Assuming that 
this is impression die forging, the reference might be to mechanical forging 
presses, although those machines are thought to show the greatest advantages 
with large production quantities and long production runs, which are not likely 


to be related to the present proposal. The other presses referred to 
hydraulic presses, but very few steel forgings are made on hydraulic presses 
I believe that a few steel forgings have been made by presses developed 

Heavy Press Program, but I can think of only one plant that is a major produ 


of impression die forgings of steel on hydraulic presses, and their product t 
be limited compared to the probably millions of drop forgings that are produ 
every day. 
Written Discussion: By Dwight M. Allgood, executive president, Drop Forging 
Association, Cleveland 
_ 


The economic worth of the ideas developed by Messrs. Wagner a1 
can be evaluated only by continued experimentation. The underlying e 
question is this: Which would cost less, to pre-form from the metal 
state, or to pre-form from the bar? 


11 
ty 


We are not aware of forging designs which have technologica 
that the necessary pre-form contours be achieved by casting. In the 
riod, such process, in other words, apparently could be warrante 
economic grounds 
The underlying technical question is this: Are the properties 
forged component achieved equally under all of the following circumstan 
A. Open-die forging 
(1) Pre-forming occurring in the bar 
(2) Cast blanks subjected to one or more press forging strokes 
(3) Cast blanks subjected to one or more hammer blows 
B. Closed-die forging 
(1) Pre-forming occurring in the bar 
(2) Cast blanks subjected to one or more press forging strokes 
(3) Cast blanks subjected to one or more hammer blows 
Dixon and Foley (5) develop evidence that the closed-die forging 
parts special properties to the material 
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‘A marked improvement in transverse ductility may be noted due to im 
pact pressure alone. 

“A successive series of experiments on steel treated to varying ranges 
of strength show superior transverse ductility and notched-bar toughness 
developed by the extremely high pressures used in closed-die forging. 

“That pressure alone in closed-die forging effects an improvement in 
transverse ductility has been demonstrated by tests in which amount of 
plastic deformation was negligible.” 


Other recent comments relating to the two underlying questions as stated 
above, should also be examined. 
Mr. Harry McQuaid (6) recently commented as follows 
“It is quite possible, in my opinion, to greatly improve the physical prop- 
erties of the properly made and treated ductile iron casting by doing just 
enough hot working on it to develop a forged structure. In other words, an 
apparently logical product for the forging industry to consider, especially 
for small orders, would be a forging which started out as a nodular iron 
blank cast to a well designed shape which require not more than one or 
two blows or pressings in a closed die to make the most accurate finished 
part possible. The air cooling of these forgings would produce a structure 
suitable for machining with properties which represented a definite im- 
provement over any nodular iron casting 
“T would like to submit for your careful consideration in the forging 
field. wherever a common, medium or low carbon steel would be satis- 
factory with no special requirements for a quenched and drawn structure, 
the possibility of using cast ductile iron blanks which need the very mini 
mum of hot working to convert them into real forgings. These forgings 
vould be, if properly cooled, of excellent machinability and physically satis- 
factory. The economics would depend on the number of pieces required, 
the blank design and its casting procedure and the cost of the product as 
supplied to the forge shop 
“The nodular or ductile iron is only in its infancy and its economic po 
sition will be, without doubt, greatly improved as times go on. Its con- 
version from a cast to a forged product is not difficult to visualize and 
vith enough incentive from the large consumer of forgings and castings 
this conversion will follow without fail. The first application for such a 
product will be where steel forgings are now used because of the in 
creased factor of safety which a forging gives over a casting. This change 
will be after the basic economics are worked out and the overall financial 


advantages of such a practice warrant its adoption.” 


\dditionally, J. Harry Jackson (7), has commented on this matter 

“The principal actions that take place during hot working of metals 
are: (a) closing of cavities or internal voids by welding, (b) breaking up 
segregates, and (c) altering the cast structure. If one had an absolutely 
homogeneous alloy with no porosity at all, very little change in ductility 
with forging might be expected. One would expect that in forging a ma- 
terial which was porous but otherwise homogeneous, the closing of voids 
to form sound metal would increase both longitudinal and transverse 
ductility. Hence an alloy with porosity but with no heterogeneity would 








654 TRANSACTIONS OF THE ASM Vol. 52 
show improvement in transverse ductility with forging up to th 
where all the voids had been closed, after which there would be 
change... 

“Interest is growing in the possibility that shapes can be cast almost to 
final size and form and then forged with only a few blows in finish dies 
The research of Dixon and Foley of some 10 years ago suggests that a 
powerful impact blow greatly improves the properties of a piece of metal 
even in the almost complete absence of any measurable metal flow. Dixon 
has also shown that steel from the same billets and subjected to the same 
amount of reduction and the same heat treatment has better properties 





when forged in closed dies than when forged in open dies. This < sug 
gests it is the pressure, not the amount of metal flow, which is t 
beneficial. Research at Battelle, dealt with press forging rather thar 
pact forging, but also suggested that most of the beneficial effects of forging 
on mechanical properties could be obtained with very little actual flow of 
metal. Research on this subject is continuing . . .” 

Drop Forging Industry executives responsible for technological dev t 
have contributed constructive comment on the Wagner and Spretnak paper a 
we cite examples below 

“The paper deals only with relatively slow press forging. Si most 
conventional forgings are formed by impact, this type of operation wou 
have to be thoroughly investigated. Again, the paper deals solely with a 


simple upset operation. Most forgings involve a complex combination 


such operations as rolling, drawing, fullering, edging, bending, etc. 7 
comparative effect of all of these various operations would have to be 
studied.” 
. . * 
“It is conceivable that production will be improved in the case 
erati 


forgings whose geometry is such that a number of preliminary 
are necessary to make the final shape. Another saving should be realize 
in material, since the volume of material, in the casting, shoul 


approximate that in the final forging 
“No mention was made of the effects of forging the 
hammer. It is possible that the impact of the hammer blow 


cast b 
woul 
the material.” 
. * * 
“There are obviously many snags which need to be overcome i 
to take full advantage of the savings which such an approach offe 
the least of which is obtaining fully sound and homogeneous cast 


forms. 
“Tt seems clear that the question resolves itself as to the degre« 


required to fully refine the cast structure to develop optimum propert 
for the application 
“Effects of directionality on ductility in forgings are influenced to a 


major extent by impurities and chemical segregations present in the 


materials used. There seems little doubt that this can be reduced by 
use of a more homogeneous material which the individual cast pre-forms 


should represent, as compared with the cast ingot, which is the 


starting point.” 
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In summary, it is our opinion that the economic worth of the Wagner and 
Spretnak ideas require careful evaluation before extensive technical research is 


warranted. 
+ + * * * 


{n the preparation of this discussion, the assistance of forging industry and 
Drop Forging Association executives is acknowledged with much appreciation, 
particularly the following : 


Harry Asher, Forging Engineer, Merrill Brothers 

Robert H. Masterson, Staff Representative, Drop Forging Association 
Aubrey H. Milnes, Exec. V.P., The Steel Improvement & Forge Co. 
Lawrence Rowan, Vice President, Cornell Forge Company 

Richard Waddington, Metallurgist, Dominion Forge Limited 

A. F. Christian, Chief Metallurgist, Wyman-Gordon Company, Ingalls 


Shepard Division 
+ a * 
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Authors’ Reply 

The authors wish to thank the various members of the forging industry for 
their comments. Although we did not emphasize economics in this paper, the 
purpose of the work was to evaluate a method of increasing productivity ; that is, 
amount of finished product per dollar. We might add that the suggested method 
of manufacture may find its principal application to air weapons components made 
in heavy presses where production lots are small and the cost of dies high. Never- 
theless, the ideas may be applicable to the entire closed impression die forging 
industry. We agree that further economic analysis, as well as research, is needed. 
It is obvious that a sound, high quality casting is required if this process is to 
come to fruition 

We certainly agree with Mr. Reed regarding the difficulty of obtaining the 
same degree of deformation in all parts of a complex forging. Our work, however, 
once again demonstrates that too much working can be detrimental, and that by 
making a cast blank the amount of “overworking” can be minimized 

With respect to the apparently contradictory findings of Voss and Charpy, we 
are certain that this is not due to a confusion of the terms “transverse” and 
“longitudinal” because other data in Voss’ paper agreed with the behavior ob- 
served by Charpy. Furthermore, the longitudinal toughness increased to a maxi 
mum, as expected; if there had been a confusion of terms, the longitudinal values 
would have decreased in the same manner as did the transverse 

We agree also with Mr. Reed’s statement that the type of working is an im- 
portant factor in the relationship between degree of forging and mechanical 
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properties. It would certainly be desirable to conduct further work using 
impression dic 

The heat treated but unforged specimens were heat treated in an argon atm: 
phere to prevent scaling, because they were heat treated after being machi; 
to tensile bars. 


With regard to the calculation of the height ratio, it is necessary that two of 


the ratios be less than unity because the condition of constancy of volume demand 
that in upset forging two dimensions will be increased while the third will be 
creased. Possibly the relationships derived for calculating the height ratio can be 


clarified by visualizing the segments of a rod as the cross section of a ring 
when forged becomes longer (increases in circumference ), increases in wi 
decreases in height 


The questions posed regarding hammers versus presses are very int 


g 
We believe that our method of measuring local deformation could be 
answer these questions 

Mr. Schaefer’s comments are very pertinent. There is no doubt that, since we 
have used a simplified approach to a complicated problem, more work neede 


before the method can be recommended for all operations indiscriminately. At 
present our work does suggest that light forging of a cast blank has merits whic] 
should not be overlooked but which need further appraisal 

In regard to Mr. Clarke’s comments, we wish to emphasize that our laboratory 
tests were designed to study metal deformation rather simply in order to be al 
to draw conclusions which could later be applied to more complex situations. We 
agree that the term “press forging’ as used in our work cannot be a 
mechanical presses. However, the speed used is within the industrial 
hydraulic press forging 

It is quite possible that in the applications mentioned by Mr. Osterbet 
proposed method would be unsuitable because these parts are mack 
which already has a strongly developed fiber before shaping is started. F 
made in this way take advantage of the good properties of the bar in the fiber 
direction. On the other hand, if the part is to function in a complex state of 
where properties across the fiber are important, a less strongly develope 
may be advantageous 

We wish to thank Mr. Aligood for his comments. We would like to point out 
that Mr. Jackson’s remarks concerning research at Battelle are based on the 
research as described in the present paper and should not be construed a 
firmatory evidence. The references to the work of Dixon and Foley and the t 
by Mr. McQuaid are very welcome and help further our belief that light f 
may have distinct advantages from an economic as well as technical point of 

We wish to thank Mr. Russell for bringing the work of Van Vlac! 
attention. It does appear that the sulfides in our experimental billets 


hard inclusions ; however, we believe that the effects of forging in increasing the 
sharpness of internal notches are the same effects as would have been observe 
had the sulfides filled the cavities at all times in the deformation process 

With regard to the 4340 type steel, the behavior was quite different from that 
of iron. Unfortunately, from the experiments which were performed, it was not 


possible to explain the behavior in terms of the independent behavior of 11 
and chemical heterogeneity. Preferential orientations in the microstructure were 
not observed. 

We agree that when large voids are present, as in the work of Tomlinson and 
Stringer, more forging will be required to produce sound metal 














THE THERMO-MECHANICAL METHOD FOR 
RELIEVING RESIDUAL QUENCHING 
STRESSES IN ALUMINUM 
ALLOYS 


By H.N. Hitt, R. S. BARKER AND L. A. WILLEY 


Abstract 


A summary is presented of the development of a treat- 
ment that substantially reduces residual stresses caused by 
quenching during heat treatment. This new treatment re- 
lieves residual stresses by introducing thermal gradients 
opposite to those which created the stresses during the 
quenching operation. Application of the treatment has no 
effect on mechanical properties. This “thermo-mechanical” 
treatment promises to make stress relief possible for ir- 
regularly shaped products that cannot be handled by other 
stress-relieving methods. (ASM-SLA_ Classification: 
Q25h, J1a, Al-b) 


THE PROBLEM 


ANY COMMERCIAL aluminum alloys attain their strength 

through heat treatment. While the specific treatment depends 
on the alloy, commonly the part is quenched in water from a solution 
heat treating temperature of around 900 °F’. In this quench the sur- 
faces cool faster than the center of the part, thus setting up temperature 
gradients through the thickness. As the part finally cools uniformly to 
the temperature of the bath, these temperature gradients disappear, 
but in so doing set up a system of residual stresses. Characteristically, 
these residual stresses are compression on the surface and tension in 
the interior of the part. Their magnitude varies with alloy and severity 
of quench. Solution heat treatment is generally followed by a precipi- 
tation hardening or aging treatment generally involving temperatures 
between 250 and 450 °F. This treatment further enhances the strength 
but has no significant effect on the residual quenching stresses. 

For many applications, the residual stresses resulting from the heat 
treatment are harmless. In fact, in applications involving considerations 
of fatigue or stress corrosion, the residual compressive surface stresses 
can be beneficial. When a heat treated part is machined, however, re- 
moval of metal disturbs the original balance of the residual stresses 
and a new balanced system must be set up. This generally results in 


A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 

The authors, H. N. Hill, R. S. Barker and L. A. Willey, are associated with the 
Alcoa Research Laboratories, Aluminum Company of America, New Kensington, 
Pa. Manuscript received March 11, 1959. 
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warping of the part. This warping on machining can be a serious prob- 
lem, and for such applications, it is required that material be supplied 
with a low level of residual stress. 

Residual stresses can be relieved by placing the part in a plastic 
state. In this state the differential strains that produce the high 
residual stresses in the elastic condition can be accommodated at much 
lower stress levels by yielding. The plastic condition can be attained 
by heating to a temperature high enough to greatly depress the elasti: 
range. This is not a practical procedure for heat treated alloys because 
temperatures high enough to relieve stresses seriously affect the 
strength. 

The desired plastic state can also be attained by mechanical deforma 
tion applied at room temperature. This is the basis for the commercially 
successful stress-relieving methods of stretching and compressing. In 
stretching, which is regularly applied to products of uniform cross 
section such as sheet and plate and extruded shapes, the piece is 
stretched several per cent, which is enough to stress the material into 
the plastic region and thus relieve the differential strain condition by 
yielding. Compressing is applied to products that are not suited to 
stretching, such as hand forgings and some die forgings. The com 
pression is generally applied transverse to the length of the piece 
may be applied incrementally along the length. Stretching and com 
pressing have some minor effects on mechanical properties. 

While mechanical deformation methods have been used successfully 
on some die forgings, there is need for a method for relieving residual 
quenching stresses in parts of irregular shape, preferably one that 
have no detrimental effect on mechanical properties. To develop suc! 
a procedure was the object of the investigation herein reported 


id 


1 


THE PRINCIPLE oF “UPHILL QUENCH” 

It was reasoned that since the residual quenching stresses result 
from thermal gradients introduced when the part is being cooled, it 
should be possible to develop residual stresses of opposite nature by 
subjecting a cold piece to rapid heating; i.e., by an “uphill quencl 
Residual stresses thus developed should counteract and tend to can 
the quenching stresses. To be effective, such an “uphill quench”’ would 
have to develop temperature gradients large enough to cause local 
plastic deformations. Furthermore, such a treatment should 
volve temperatures high enough to affect the properties 

These requirements suggest cooling to a subzero temperature and 
rapidly reheating. This is not a new idea. For at least fifteen years, 
such a procedure, frequently referred to as “deep-freeze,”” has be 
repeatedly proposed and investigated. Description of the procedure ha 
varied, but in the most commonly proposed form, it involved cooling 
the part in dry ice (to a temperature around —100°I*) and then im 
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mersing the part in boiling water. Several cycles of such treatment 

were generally specified. This treatment has been demonstrated to have 

little beneficial effect on residual stresses. 

The method developed from the investigation described in this paper 
involves an “uphill quench” of such severity, and applied under such 
conditions, as to result in considerable reduction in residual stresses, 
with no effect on mechanical properties. The method has been labeled 
“thermo-mechanical” to connote that while the treatment is thermal, 
the relief of residual stresses is accomplished by mechanical plastic 
deformations. 

Cur THERMO-MECHANICAL TREATMENT 

The thermo-mechanical treatment * was developed to greatly reduce 
the level of residual stresses in aluminum alloy parts that have been 
quenched from a solution heat treating temperature in such a manner 
as to introduce residual stresses of appreciable magnitude. The pro- 
cedure is as follows: 

1. After quenching, and before appreciable precipitation harden- 
ing has occurred, cool the part to a very low temperature. 
Cooling in liquid nitrogen (—320°F) has been found to be 
most effective. 

2. Remove the part from the cooling medium and immediately 
subject it to a relatively high velocity steam blast on all sur- 
faces. 

3. Age the part in the conventional manner for the specific alloy. 
This treatment has lowered the residual stress level by more than 

80%, in aluminum alloy parts quenched in cold water. There was no 


significant effect on properties. 
METi1oD OF INVESTIGATION 
In order to arrive at optimum conditions for the process, the different 
variables involved were investigated experimentally. The samples used 
in the various stuclies were pieces 6 inches wide and 12 inches long cut 
from plate of aluminum alloys 2014 and 7075. Most of the work was 
done with samples 2 inches thick. Some tests were made with % inch 
thick samples to investigate the effect of thickness 
Samples were cooled to about —100 °F by immersion in a mixture of 
dry ice and trichlorethylene. Lower temperatures were obtained by im- 
mersion in liquid nitrogen (—320°F). Samples so cooled were pre- 
cooled in the dry ice trichlorethylene mixture to conserve nitrogen. 
Temperatures intermediate between —320 °F and —100°F were ob- 
tained by allowing samples cooled in liquid nitrogen to warm up in air. 
This process was so slow that no significant temperature gradients were 


introduced. 





* Covered by pending patent application owned by the Aluminum Company of America 
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The heating chamber in which cooled samples were reheated by a 
steam blast is shown in Fig. 1. The manner in which the ports are ar- 
ranged in the lower corners of the chamber, and the narrow space be 
tween sample and chamber wall produce a sweeping action of the steam 
over the specimen surfaces. This is considered essential to remove con 
densation from the surfaces. The chamber was connected to an insulated 
steam line from a boiler operating at 175 psi pressure. Flow of steam 
was controlled by a 1-% inch globe valve located close to the chamber. 


What has been termed a high velocity steam blast was obtained by 


“ ” yu P> 


VT 





1 


Fig. 1—Steam Blast Heating Chamber and Test Specimer 


rapidly opening the valve to full open position. A condition of reheating 
called a low velocity steam blast was obtained by only partially opening 
the valve. Obviously the terms “high velocity” and “low velocity” are 
only relative. The steam heating chamber was also used to obtain reheat 
ing with hot water jets, by connecting it to a system supplying water at 
145 °F. 

Several variations of reheating with boiling water were investigated 
In addition to simple immersion in boiling water, a test was run in 
which the boiling water was agitated by an electrically driven stirrer. 
Another test was run in which the boiling water was agitated by ad 
mitting steam into the water in such a fashion as to direct the steam 
along the surfaces of the sample. 

Some thought was given to reheating cooled specimens in a salt bath 
at 350 °F. Because the surface of the specimens frosted in the cooling 
operation, this was considered inadvisable. To determine what the rate 
of heating in a molten salt bath might be, however, room temperature 
specimens were immersed in a salt bath at 535 and 610 °F 


1 
} 


To measure tiie rate of reheating and the thermal gradients developed 
in the various reheating procedures, one sample was equipped with 
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Fig. 3—Effect of Cooling Temperature on Residual Stresses 


three thermocouples located at mid-width and mid-length of the sample 
and at different distances from the surface. These thermocouples are 
shown in Fig. 1. Continuous temperature records during cooling and 
reheating were obtained. 











662 TRANSACTIONS OF THE ASM Vol. 52 


A direct measure of the effectiveness of a stress relieval treatment 
is obtained from residual stress measurements. Such measurements 
were made on | inch wide specimens taken from the mid-width of the 


6-inch X 12-inch samples. The method of sectioning the 2-inch thick 


samples for residual stress measurements is shown in Fig. 2. Th 
change in length of the 1-inch wide strip was measured as it was cut 
from the sample. Variation of stress through the thickness of this 1-inch 
wide specimen was determined by making measurements on 14-inch 
thick strips isolated from the surfaces and mid-thickness by sawing 
Measurements included change in length of the middle strip and change 
in length and change in curvature of the surface strips. With this data 
and the knowledge that the tensile and compressive stresses must 
balance through the thickness of the 1-inch wide strip, reliable residual 
stress diagrams can be constructed. Residual stresses in the 14-inch 
thick samples were determined by conventional layer removal methods 
Samples from a die forging were evaluated for residual stresses by 
combination of the saw cut and layer removal methods. 

Description of the state of residual stress involves both magnitude 
and distribution. It cannot be expressed completely by a single number 
To simplify comparisons, however, it is desirable to have such a nu 


t 


merical expression, and for this purpose the range of residual stress is 
defined as that between the stress value at mid-thickness and the maxi 
mum stress of opposite sign at or near the surface. This range of stress 
is illustrated in Fig. 3 

Tensile properties for the various samples were determined on 
standard specimens taken from standard prescribed locations 


RESULTS OF INVESTIGATION 


The variables in the process that were studied in the investigation 
are: 1) the temperature to which the part is cooled ; 2) the method of 
reheating ; 3) the yield strength of the material at the time of the treat 
ment (related to time after quenching) ; and 4) the state of residual 
stress before treatment. In general, the effect of any variable will be 
presented with the other variables constant and at optimum conditions 


Cooling Temperature 

Fig. 3 shows the effect of cooling temperature on the response t 
stress relieval of 2-inch thick samples cooled within 1-% hours after 
being cold water-quenched and then reheated in a high velocity steam 
blast. Cooling to —100 °F resulted in a stress level reduction of about 
50%. Greater reductions were obtained with lower temperatures, the 
lowest level of stress being obtained when samples were cooled to 
—320 °F. 

The increasing beneficial effect of cooling to lower temperatures 1s 
reflected in the temperature distribution curves shown in Fig. 4. The 
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Fig. 5—Relation Between Maximum 
Temperature Difference and Redu 
| tion in Residual Stress 


maximum temperature difference between surface and center increases 


as the cooling temperature decreases. The close relationship between 
the maximum temperature difference and the reduction in residual 
stress level is shown in Fig. 5. 
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Table I 
Effect of Method of Reheating 


(2 x 6 x 12 inch 2014 specimens cooled to —320 °F within 14% hours after being quenched 
in cold water, then reheated as indicated. Specimens subsequently aged to T6 temper 


Maximum Temperature Reduction in Residual 


Method of Reheating Difference*, F° Stress Range** 
High velocity steam 371 82 
Boiling water 110 19 
Boiling water 

(mechanically agitated) 106 
Boiling water 

(steam agitated) 110 
Hot water jets 86 
Low velocity steam 253 44 


*Between surface and midplane 
**Related to material not given the thermo-mechanical treatment 


Method of Reheating 

The relative effectiveness of various methods of reheating samples 
that have been cooled to —320 °F is shown in Table I. Although resid 
ual stresses were not measured on some of the samples, the relationship 
demonstrated in Fig. 5 between temperature difference and reduction 
in residual stress indicates the ineffectiveness of boiling water im 
mersion or hot water jets. Only the high velocity steam blast resulted 
in residual stress reductions of a desirable magnitude. Two features of 
the steam blast are important in attaining the required high heating 
rate—the heat of condensation of the steam, and the blast to keep the 
condensate removed from the surface 

It might be expected that the effectiveness of the method of reheating 
would be influenced by the temperature to which the part is cooled 
Table II shows that this is true when reheating with high velocity 
steam. The reduction in residual stress range was greater when the 
sample was cooled to —320°F than when cooled to —100 °F. When 
reheated by immersion in boiling water, however, the maximum tem 
perature difference between surface and center, and the reduction in 
residual stress range, were the same whether the sample was cooled 
to —320°F or to —100°F. In either case, the reduction in stress 
range was only about 20%. 


Table I! 
Effect of Method of Reheating from Different Low Temperatures 
(2 x 6 x 12-inch 2014 specimens cooled within 1% hr. after being quenched in Id 


water, then reheated as indicated. Specimens subsequently aged to T6 temper 
Cooled Maximum Temperature Reduction in Residua 
to,°F Method of Reheating Difference*, °F Stress Range** 
100 _~—sc boiling water 110 19 
320 ~=s boiling water 110 19 
—100 high velocity steam 219 48 
-320 high velocity steam 371 82 ' 


*Between surface and midplane j 
** Related to material not given the thermo-mechanical treatment. | 
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Room temperature samples, 2 inches & 6 inches & 12 inches, heated 
slowly when immersed in baths of molten salt at 535 °F and 610°F. 
The maximum difference in temperature between surface and center 
did not exceed 30°F. As shown in Table I, differences as great as 
371 °F were obtained by reheating in a high velocity steam blast. 
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Yield Strength—Time After Quenching 





For the “uphill quench” to be effective, the thermal gradient must 


be great enough to produce local plastic deformations in the part 


means that for a given thermal gradient the effectiveness will depend 
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——— 
Table Ill 
Effect of Recycling 
(2 x 6 x 12-inch 2014 specimens quenched in cold water 
Cooled to No. of Residual Stress 
Temper (°F) Method of Reheating Cycles Range, psi 
w* —100 high velocity steam blast 1 12 400 
w* —100 high velocity steam blast 5 12 400 
w* —320 high velocity steam blast 1 4 000 
w* —320 high velocity steam blast 5 4 600 
To —320 high velocity steam blast 1 23 600 


To** —320 high velocity steam blast 5 23 000 


*Cooled within 144 hours after being quenched. Specimens aged to T6 temper after thermo 
mechanical treatment 
**Thermo-mechanical treatment applied in —T6 temper 





on the yield strength of the material. It is for this reason that the 
thermo-mechanical treatment must be applied before the yield strength 
has been raised by aging. Natural aging following quenching can be 
retarded by refrigeration. The treatment is ineffective if applied to a 
part in the —T6 temper. This is illustrated in Fig. 6, which also shows 
the effect of the time between quenching and application of the treat- 
ment, on the resulting residual stresses. Relatively small differences in 
the yield strength at the time of treatment produce rather large differ- 
ences in the resulting residual stress range. 


Original Residual Stress State 

Since the principle of the thermo-mechanical treatment is to pro- 
duce, by an “up-hill quench,” a system of residual stresses that will 
counteract those already introduced by quenching, it follows that if the 
treatment were applied to a stress free part, a residual stress pattern 
would be induced which would have tensile stresses on the surface and 
compression at mid-thickness. Fig. 7 shows that this is what happened 
when an annealed sample was given the thermo-mechanical treatment. 
The annealed sample was essentially stress free before treatment. 

Since the resulting level of residual stress in a part given the thermo- 
mechanical treatment is a function of the original state of residual 
stress and the yield strength of the material, the treatment will have 
different effects on parts quenched in different manners. Fig. 8 shows 
the residual stresses in samples of 7075 plate quenched in water at 
different temperatures, and the result of applying the thermo- 
mechanical treatment. The residual stresses in the final product were 
lowest in the sample quenched in water at 150°F. Applying the 
thermo-mechanical treatment to a sample quenched in boiling water 
resulted in residual stresses higher than the original quenching stresses. 
Obviously the thermo-mechanical treatment should not be applied in- 
discriminately. It is intended for those parts having appreciable residual 
stresses introduced by quenching. 








668 TRANSACTIONS OF THI {SM Vol. 52 





STEAM HEATING FIXTURE AND COVER 





Fig. 10—Equipment for Applying Thermo-mechanical Stress Relief Process to ( 
mercial Die Forging 


Table IV 
Effect of Thermo-Mechanical Treatment* on Tensile Properties 


6 x 12-inch plate specimens) 


Tensile Yield Strength Elong 
Thickness Strength, (0.2% offset n2 
Alloy in Treated* psi psi 
2014-T6t 2 No 70 100 63 100 0 
2014-T6t 2 Yes 69 700 63 900 4.0 
7075-T6t 2 No 84 200 74 600 10.0 
7075-T6t 2 Ves 84 900 75 100 8.5 
7075-T6tt 2 Ne 78 100 67 700 8 
7075-T6tt 2 Yes 78 900 67 700 BA 
7075-T6t No 88 100 79 000 11 
7075-T6t 6 Yes 89 500 80 400 12.5 
7075-T6tt Nc 83 300 72 200 11.0 
7075-Tott 2 Yes 86 600 75 500 12.0 
*Cooled to 320 °F within 14 hours after being quenched. then reheated by g 
steam blast. Spe« ens subsequently aged to T6 temper 
tQuenched j ter (room temperature) from solution heat treating tempera 





tTQuenched in warm water (150 °F) from solution heat treating temperature 
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Quenched in Water at 150 °F 
Recycling 
Any effect of the thermo-mechanical treatment on the residual 
stresses in a part will be obtained with one application. Table III 
shows that repeating the treatment five times produced no different 
result than the first treatment. This was true whether the treatment 
was very effective, moderately effective or completely ineffective. 


Thickness of Part 

The investigational work described to this point was on samples 
from 2 inch thick plate. Some work was done with % inch thick plate 
samples. Fig. 9 shows that the response of a sample, both to the quench- 
ing operation and the thermo-mechanical treatment, was influenced by 
the thickness. Cold water quenching produced about the same residual 
stresses in the 2-inch thick and %-inch thick samples. The stress re- 
lieval treatment was more effective on the 2-inch thick part, however, 
with the result that the final stress level was lower in the 2-inch thick 
sample. In the warm water-quenched samples, residual stresses were 
much higher in the 2-inch thickness. Here again the 2-inch thick part 
was more responsive to the thermo-mechanical treatment so that the 
final level of stress was quite low. In the warm water-quenched 14-inch 
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Fig. 12—-Comparison of Thermo-mechanical and Compression Treat 
ment on 7075 Die Forging Quenched in Water at 150 °F. 
thick material the stress level was very low both with and without 
the stress relieval treatment, although the treatment did reverse the 
stress distribution pattern. 
Tensile Properties 
A comparison of tensile properties of samples that received the most 
severe thermo-mechanical treatment with properties of companion 
samples that were not so treated reveals no significant differences 
Such a comparison is given in Table IV. 
APPLICATION OF METHOD TO A DIE ForGING 
While the investigational work involving plate samples indicated 
that the stress relieval procedure developed was capable of greatly re 
ducing residual quenching stresses, it remained to be demonstrated 
that the treatment could be applied effectively to an irregularly shaped 
part. For this purpose a 7075 die forging was chosen on which some 
success had been experienced in reducing residual stresses by com 


pressing. 
The thermo-mechanical treatment was applied to the forging in the 
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laboratory, using equipment built for the purpose. Fig. 10 is a photo- 
graph of this equipment. The tanks in the foreground were for cooling 
the forging to —320 °F. One tank contained a dry ice trichlorethylene 
mixture for precooling, and the other held liquid nitrogen for final 
cooling. The fixture for reheating was shaped to accommodate the 
forging. Steam was admitted at the top of the fixture into a plenum 
chamber partially surrounding the part, and impinged on the surface 
of the forging by expanding through rows of holes along the top and 
sides of the inner wall of the chamber. Excess steam and condensate 
escaped through holes in the bottom cover. 

The effectiveness of the thermo-mechanical treatment in reducing 
the residual quenching stresses is shown in Fig. 11. Although the effec- 
tiveness varied at different sections of the forging, at all regions of high 
original residual stresses there was an appreciable reduction. 

Fig. 12 shows a comparison between the residual stresses in the 
forging that received the thermo-mechanical treatment and those in 
one, produced commercially, that had been stress relieved by cold 
compressing in a partial impression die. In general, the residual stresses 
in both forgings are of the same low level. 

On the basis of the success of this laboratory demonstration of the 
applicability of the method to a die forging, further work is being done 
in a forging plant to develop the thermo-mechanical treatment as a 
commercial procedure. 

CONCLUSION 


The thermo-mechanical treatment described in this paper provides a 
procedure for greatly reducing residual quenching stresses in heat 
treated aluminum alloys without affecting mechanical properties. It 
promises to be particularly useful on irregularly shaped parts that can- 
not be handled by established stress relieval procedures such as stretch- 
ing and compressing. 


DISCUSSION 


Written Discussion: By Guy V. Bennett, Materials Research & Development 
Engineer, Douglas Aircraft Company, Inc., Tulsa, Oklahoma 

In their statement of the problem, the authors point out that the residual surface 
compressive stresses can be beneficial from the standpoint of applications involv 
ing fatigue or stress corrosion. This point is generally agreed upon. However, in 
their residual stress patterns, it is shown that the “thermal-mechanical” stress re- 
lief treatment reverses the sign of the surface after the stress-relief treatment 
described has been performed. Following the same line of reasoning, it would 
appear plausible to suspect that this change of residual surface stresses from com- 
pression to tension as a result of the “thermal-mechanical” treatment might lower 
the resistance of the part to failure mechanisms that are influenced by surface 
stresses; e.g., fatigue and stress-corrosion 

The work reported in this paper is limited to the residual stresses thermally 
induced during quenching from the solution heat treatment temperature. The pat- 
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tern of such residual stresses is symmetrical and related to the shape of the part 
Thermally-induced residual stresses are not always the only stresses that are 
present in an aluminum product when it is received by the user. Die forgings, for 
example, are often mechanically straightened after solution heat treatment before 
shipment to the user. Mechanical straightening superimposes additional residual 
stresses on the thermally-induced stresses, resulting in a final residual-stress pat 
tern that is neither symmetrical nor predictable. The effectiveness of a thermal 
stress relief, such as that described in this paper, in reducing the 
warpage problem could be drastically altered by unsymmetrical residual stresses 
resulting from mechanical straightening subsequent to heat treatment 


nachining 


Written Discussion: By G. A. Hawkes, Department of Supply, Aeronautical 
Research Laboratories, Melbourne, Australia 
The “uphill quench” described in this paper seems to offer the opy 


producing components or structural members containing pre-determined residua 


Ortunity of 


stresses. This technique should find considerable application, not only in the prot 
lem of general stress relief in aluminum alloys, but also in beneficial stressing of 
} ' . } 


nas Ww CFI 


certain components, to prolong service life; another technique 
placed in the hands of the investigator who is examining the effects 
stress on various physical properties 

However, I was surprised that the authors stated that a precipitation hardening 
or aging treatment “has no significant effect on residual quenching stresses.” | 
have carried out many hundreds of residual stress measurements on 


i 


alloys, after various heat treatments and manipulations, using a multi ex; 
x-ray back reflection technique (2). These measurements have consistent! 
that a drop of between 25 and 40% on the as-quenched stresses is o 
artificial aging (3). It is suggested that this drop is significant, and it in fa 
made use of in the aircraft industry to produce components or structuré 
\s an example 


bt 


would otherwise have a higher residual stress pattern 
instance when the natural aging aluminum, 4% copper type of alloy is fort 


after solution treatment ; if this component is then artificially aged, lo tre 
result (together with higher properties ) 

Written Discussion: By C. W. Funk, laboratory department hea 
General Nucleonics 

This paper represents the first quantitative attempt to overcon e 
of warpage caused by residual stress without resorting to heating or strainit 
mechanisms. For a number of years practicing metallurgists have attempted t 
overcome this problem in aluminum castings by the notorious process of “‘d 
freezing.” This treatment of alternately cycling the parts between dry ice ai 


boiling water has never been able to establish data or get any met 
demonstrate his data to illustrate a significant improvement. This paper det 
strates several variables significant to the success of such a process 
The authors indicate several requirements of this process not previ 
stood which are worthy of repetition for clarity 
1. Process the parts in the as-quenched condition prior to | 
hardening 
2, Heating immediately after cooling or 


3. Attention to the effectiveness of the heat transfer by u 


“up-hill quenching.” 





steam 
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It would also be desirable to paraphrase for clarity and emphasis the principles 
that make this process possible. The rapid application of heat of live steam to 
the refrigerated sample introduces thermal expansion in the outer fibers of such 
magnitude as to strain in tension the areas previously stressed in compression 
by quenching a hot part in a cold media. 

Caution need now be applied in using the conditions outlined in the paper to 
parts of different geometry and section. The authors should now attempt to estab- 
lish parameters for general application of the process, particularly with respect to 
the significance of more complex geometry 

At the risk of speculation and as a challenge to ferrous metallurgists these 
questions may be brought up. Can the state of residual stress be reduced in other 
alloys such as austenitic stainless steels? Can the application of the “up-hill 
quench” introduce strains that can reduce the degree of residual stress in struc- 
tures such as welded pressure vessels? Can the application of the internal strains 
of the “up-hill quench” improve the microstructure of martinstitic steels by ac- 
celerating completion of transformation ? 


References 
2. G. A. Hawkes, “The Measurement of Surface Residual Stress by X-rays,” British Journal 
of Applied Physics, Vol. 8, June 1957, p. 229 
3. G. A. Hawkes, “Residual Stresses Resulting from the Forming of High Strength Aluminum 
Alloys.” Journal of the Royal Acronautical Society, Vol. 63, February 1959, p. 90 
Authors’ Reply 

Mr. Bennett points out that in our paper we state residual surface compressive 
stresses can be beneficial from the standpoint of applications involving fatigue or 
stress corrosion. On the basis of this reasoning, he raises the point as to whether 
residual surface tensile stresses resulting from the thermo-mechanical treatment 
might then lower the resistance of the part to failure mechanisms that are in- 
fluenced by surface stresses; e.g., fatigue and stress corrosion 

We have recognized that this may be a factor. However, tensile surface stresses, 
if produced, will be of fairly low magnitudes and confined to a relatively thin 
layer of material near the surface. We have a program underway to determine if 
they may be significant with regard to fatigue and stress corrosion considerations. 
In any case, we do not believe they will offset the benefits obtained from the 
standpoint of the reduction of warping on machining. 

It is of interest to note that the sharp reversal in stress distribution near the 
surface, which may result in the surface stress being tensile, is confined to a fairly 
thin layer of the material near the surface. It is thus possible that in some instances 
most of this material would be removed in machining of the part involved. 

Mr. Bennett also points out in his comments regarding our paper that the 
thermo-mechanical treatment is designed specifically to relieve residual quenching 
stresses, whereas, in the case of products such as die forgings, mechanical 
straightening is often applied after heat treatment which superimposes additional 
residual stresses. 

\ny straightening after heat treatment will affect the final residual stress con- 
dition in the part. The degree by which it will alter the relief effected by the 
thermo-mechanical treatment will naturally depend on the magnitudes and dis- 
tribution of the local stresses introduced by straightening. Limited customer 
experience with thermo-mechanically treated die forgings, straightened after heat 
treatment, has shown considerably decreased warping on machining as compared 


to a regular heat treated part 
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We would like to acknowledge here the complimentary remarks of Mr. Funk 
regarding our efforts in the development of the thermo-mechanical stress relief 
process. 

As Mr. Funk points out in his discussion : 1s Was mentioned in our paper, so- 
called “deep-freeze” procedures have been used for a number of years. Certainly. 
the idea or principle of cooling to a subzero temperature and rapidly reheating is 
not new. We feel the contribution on our part has been the development of a 
specific treatment, or conditions, by which this principle can now be applied in a 
sufficiently effective manner to result in substantial reductions in residual quench 
ing stresses 

Mr. Funk suggests in his comments that an attempt should be made to establish 
parameters for general application of this stress-relief process, particularly with 
respect to the significance of more complex geometry of the part being treated 
We are able to state that some work is being done in this direction. There is now 
an active program in effect at one of Alcoa’s fabricating plants to develop the 
thermo-mechanical treatment as a commercia! procedure. Several different parts 


| 


of irregular shape have been processed on a trial basis for customer evaluation of 
warpage during machining. We do not feel, however, we have yet had sufficient 
experience to specify process requirements for standard production practice 

In concluding his discussion, Mr. Funk brings up a number of questions, related 
to speculated use of the thermo-mechanical treatment, which he poses as a chal 
lenge to ferrous metallurgists. Since our only considered use of the thermo 
mechanical treatment has been for the reduction of residual quenching stresses in 
aluminum alloys, we will leave any comments regarding these questions to the 
ferrous metallurgists as addressed by Mr. Funk. 

Mr. Hawkes points out that we stated in our paper that precipitation hardening 
or aging treatments have no significant effect on residual quenching stresses. He 
cites x-ray surface stress measurements of his own which have shown that a drop 
of between 25 and 40% in the as-quenched residual stresses is obtained on artificial 
aging and suggests that this drop is significant. He refers particularly to a 4% 
copper type of alloy and points out that, if artificially aged, lower stresses wil 
result (together with higher properties). 


We have carried out some measurements at the Alcoa Research Laboratories 
to evaluate the effect of artificial aging on residual quenching stresses. Measur« 
ments on 2-inch thick 2014 and 7075 plate samples using mechanical dissectior 
methods indicated reductions in the range of residual stress through the thickness 
of about 20%. Comparisons based only on surface stress values would indicate 
reductions in stress, from aging, of anywhere from 15 to about 40% 

Other work has been carried out in which the rates of stress relief (relaxation) 
in aluminum alloys were determined at various temperatures and times. Measure 
ments were made of the relaxation of stress in small beams maintained under 
constant deflection. This work indicated per cent reductions in maximut 





fiber stress produced by commercial aging treatments of from 25 to 
2014 alloy specimens and about 10% for 7075 alloy samples. 

While some reductions in residual stress do result from artificial aging, they are 
not significant as compared with the reductions possible by the thermo-mechanical 
method or the common mechanical stress relief methods of stretching and com 
pressing. In any case, the object of the thermo-mechanical method is to provide 
stress relief in addition to any resulting from aging following heat treatment 
Parts given the thermo-mechanical treatment and artificially aged will naturally 
inciude any beneficial reduction in stress level resulting from the aging 











CALCULATION OF ROLLING FORCES 
USING THE OROWAN THEORY 


By Joun E. Hockett 


Abstract 

Early theories of rolling are mentioned, and objections to 
them are presented. Orowan’s “exact” theory is described 
and discussed briefly. Objections to the use of the “exact” 
theory are given and the means of overcoming these objec- 
tions, viz., modifications of the theory and use of electronic 
computation, are given. 

Results of roll pressure and force calculations for uranium 
sheet by the modified “exact” theory are reported and com- 
pared to actual measured pressures. An actual rolling prob- 
lem is given, and the recommendations of consultants are 
used as a basis for roll pressure calculations. 

It is shown that the Orowan “exact” theory, as modified, 
combined with accurate compressive true stress-strain data 
and high speed computation, is a valuable means of pro- 
viding rolling mill designers with accurate information 
thereby eliminating much of the guesswork in rolling mill 
design. (ASM-SLA Classification: F23, 10-51) 


INTRODUCTION 


HE FABRICATION of metal sheets and plates by rolling is one 

of the most common and one of the most important of metallurgical 
operations. Very large expenditures are involved in the rolling of 
metals, both in equipment and in operating expenses. Despite these 
large costs, design or selection of rolling mills and of rolling procedures 
is usually based upon experience and analogy rather than upon the 
metallurgical properties of the metal to be rolled. 

The need for a precise and efficient approach to rolling mill design 
has long been recognized. Indeed, many attempts have been made to 
calculate the rolling pressures, roll-separating forces, rolling torques, 
and power requirements for specific applications based upon the metal- 
lurgical properties of the metal to be rolled. Many theories of rolling 
have been proposed. Notable among these are those of Seibel (1),! 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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Von Karman (2), Trinks (3), Tselikov (4), Nadai (5), Cook and 
Larke (6), and Ford (7). 

In all of the above theories there are a number of assumptions. It js 
usually assumed that : 


1. Plane vertical sections of the sheet or plate remain plane during 
rolling, i.e., that deformation is homogeneous. 

2. Sheet does not spread laterally while passing through the rolls 

3. The compressive resistance to deformation remains constant 
throughout the contact length. 

+. The rolls do not deform elastically within the are of contact 

The frictional forces between the sheet and the rolls are con 

stant along the arc of contact. 


wa 


OROWAN’S THEORY 


\ theory developed by Orowan (8), in 1943, permits the calculation 
of the distributions of radial pressure, and vertical force per unit width, 
along the arc of contact between the metal and the rolls, as well as the 
total roll separating force, the rolling torque, and a number of other 
rolling variables of interest. This theory takes into account variation of 
the friction forces, and of the yield stress, within the are of contact 
which were not considered in 2arlier theories. 

At each of several points aféng the arc of contact, from entrance to 
exit, a test is used to determine whether the metal slips on or sticks to 
the rolls. Once this is determined, a suitable differential equation is 
solved to determine the horizontal force, the radial stress or pressure, 
and the vertical force at each point. 

Orowan’s theory is based upon Prandtl’s (9) investigations of the 
movements of a plastic mass between two parallel friction plates. How 
ever, because the roll gap is bounded by curved surfaces, an extension 
of Prandtl’s theory, due to Nadai (10), is used by Orowan. Criticisms 
of the theory (11,12) are: 


1. It assumes that lateral spread does not occur during rolling 

2. The use of Nadai’s work in the derivations restricts it to small 
contact angles. 

3. It is assumed that Nadai’s work applies to metal moving 
toward the apex of two planes inclined toward each other, as 
well as away from this apex. 


The first assumption, fortunately, is valid when the sheet width is 
considerably greater than the thickness, as is usually the case in the 
rolling of sheet and plate. That the second criticism is not valid, and 
that the third assumption holds true were shown by Lee (13) in a dis 
cussion of Orowan’s theory. 

There are, then, essentially no simplifying assumptions in Orowan’s 
theory as there are in earlier theories. Thus, it would appear to be a 
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theoretically sound method to calculate rolling forces from basic me- 
chanical properties, i.e., from flow stress in homogeneous compression. 
Utilization of the theory involves three major difficulties, however : 


1. The calculations are long and tedious. 
2. Much of the computation must be done graphically. 
3. There is no correction for roll flattening. 

Because of the above objections, very few calculations have been 
performed using Orowan’s method. However, these objections were 
alleviated or removed in this work by modifications to the original cal- 
culations and by utilization of electronic computers. Use of the modified 
Orowan calculations is demonstrated by a number of computations of 
the rolling forces for uranium sheets and plates. 

Orowan’s theory considers, in detail, the work hardening of the metal 
during its deformation between the rolls, which earlier theories did not 
do. For such consideration the yield, or flow stress of the metal in 
homogeneous compression must be known at each point along the arc 
of contact. Because the metal is deformed plastically, true stress vs. 
true strain data are of much more value than conventional, or engineer- 
ing stress versus strain data (14). True stress-strain data in compres- 
sion are preferable to those in tension because the main stresses in 
rolling are compressive. Contrary to the usual assumption, true stress- 
strain data in compression are not identical to true stress-strain data in 
tension (15), and the use of tensile data introduces errors in rolling 
calculations. Compressive true stress-strain data were obtained for this 
work at several constant true strain rates and at several constant 
temperatures by testing in a cam plastometer. This plastometer is 
similar to an earlier, smaller model designed by Orowan (16), and it 
it described elsewhere (17). 


CALCULATIONS 
l‘riction and Flow Stress 

The two properties needed to perform roll pressure and allied calcu 
lations by Orowan’s method, as modified herein, are the coefficient of 
friction between the metal to be rolled and the roll material, and the flow 
stress of the metal to be rolled, at the proposed temperatures and strain 
rates. The coefficient of friction between steel and uranium had previ- 
ously been determined by measurements performed by various investi- 
gators at Los Alamos Scientific Laboratory. The coefficients used in the 
calculations described herein, for rolling uranium with steel rolls, were 
0.10 for temperatures in the range 480 to 625 °F, and 0.40 for tempera- 
tures of the order of 1110 °F. 

The flow stresses used were from true stress-strain data obtained 
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by testing in the cam plastometer. The true stress-strain experimental 
points were found to fit an empirical equation of the form 


o = A(1— e"*) + Ce Equation 1 


whe.e a is the true stress, « the true strain, A, B, and C are parameters, 
and e is the base of natural logarithms. Experimental points were fitted 
to the above equation, and the resulting curves were smoothed by a 
least-squares method, and variances and standard deviations were cal- 
culated, using IBM 704 Electronic Data Processing Machines. The re- 
sults of a number of tests at various constant true strain rates and 
temperatures are given in Table I. 

It appears that a decrease in temperature resulted in an increase in 
the parameters A and C, as did a large increase in strain rate, e.g., from 
10-* to 1 sec". However, at the strain rates of interest, 10-' and 1 sec", 
there was no significant change in A or C with strain rate. The 
parameter B did not seem to be affected by temperature, nor by strain 
rate at the strain rates of interest. Hence B was taken as constant, at a 
value of —36.0, for roll pressure calculations. The values of A and C 
that were used in roll pressure calculations were given, respectively, by 


A = —117.0 x Temp. + 117,000 Equation 2 


and 
C = —121.0 x Temp. + 111,000 Equation 3 


where Temp. is the temperature in degrees Kelvin. 


Calculations 

The roll pressure equations consisted of two pairs of differential 
equations expressing the relations between horizontal force and shear 
stress for any point between the rolls. From the horizontal force the 
radial stress or roll pressure, and vertical force were subsequently 
computed. One pair of equations was valid when the metal slipped on 
the rolls, the other when the metal stuck to the rolls. One equation of 
each pair applied from the exit side of the roll opening to the neutral 
point, or zone; the other equation applied from the neutral point, or 
zone, to the entrance side. 

A test was employed, at each point along the arc of contact, to deter- 
mine whether the rolled material slipped on or stuck to the rolls. If the 
product of radial, or normal, pressure and coefficient of friction was 
equal to or greater than the yield stress in shear of the metal, the metal 
would stick to the rolls. If this product was less than the yield stress in 
shear, the metal would slip on the rolls. Once it had been determined 
whether the metal stuck or slipped at the point under consideration, 
the proper equation was solved by numerical integration to determine 
the horizontal force and, subsequently, the radial stress at that point. 
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Fig. 1—Vertical Force Versus Horizontal Projection of 
Arc of Contact, and f.adial Pressure Versus Angle of 
Contact. Uranium, pass no. 5. 625 °F 
This process was repeated at a large number of successive points from 


the exit to the entrance with one or the other of one pair of equations 
(the choice depending upon whether the metal slipped or stuck), and 
from the entrance to the exit with one or the other of the second pair of 
equations. 

The foregoing calculations resulted in two smooth curves represent 
ing radial or roll pressures along the arc of contact. One curve was 
calculated from exit to entrance, the other from entrance to exit. Where 
the curves intersected was the neutral point. Now, obviously there 
could not be two radial pressures at any one point. Therefore, the value 
of the lower of these two curves was taken as the radial pressure at 
each point. These lower values are connected by a solid smooth curve 
in Figs. 1,2,3, and 4. The larger values, connected by dashed lines 
were obtained by extending the use of the respective equations beyond 
the neutral point on the side of this point where they are not applicable 
This was done to facilitate coding only and the dashed lines have no 
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mathematical significance once the neutral point has been determined. 

The lower value of the two radial pressures was used to compute a 
vertical force for each point along the arc of contact. Integrating the 
area under a plot of vertical force versus horizontal projection of the 
arc of contact gave the total roll separating force per unit width; and, 
multiplying this by the sheet width gave the total roll separating force. 
Also calculated were the roll torques, power requirements, and roll 
efficiencies. All calculations were performed on IBM 704 Electronic 
Data Processing Machines. Use of these machines eliminated the first 
two of the objections to Orowan’s theory, viz., tedious, laborious cal- 
culations, and graphical integration 

Inhomogeneity of deformation was corrected for, as suggested—but 
not demonstrated—by Orowan, by making a complete calculation, in 
cluding roll efficiency, and then calculating the maximum flow stress, at 
the end of the pass in question, from 


K max = Kmax* X 100/Efficiency Equation 4 
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Fig. 3—Vertical Force Versus Horizontal Projection 

Are of Contact, and Radial Pressure Versus Angle of 

Contact. Uranium, pass no. 20, with front and back 
tensions. 480 °F. 


where Kyax is the maximum flow stress after the pass, corrected 
inhomogeneity of deformation and Efficiency is the work of compres 
sion divided by the pure work of rolling times 100. Ky... is the cor 
strained flow stress at the end of the pass and is equal to 1.15 times 
Kmax, the flow stress after an equivalent strain in a homogeneous 
compression test. rom the corrected flow stress, Kmax, the flow stress 
before the pass, Ko, and the flow stress in homogeneous compressiot 
after a strain equivalent to the reduction during the pass, Kmax, a Cot 
rection factor, K.or, to be applied to the true stress-strain curve, is ob 
tained by 


Keor =(Kmax —_ Ko) /( K max — Ko). Equatic 1 


This correction factor is applied to each flow stress used in the preced 
ing roll pressure calculation, and the entire calculation is then repeated 

The third objection to Orowan's method was the lack of considera 
tion of elastic flattening of the rolls. Flattening was taken into account 
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Fig. 4—Vertical Force Versus Horizontal Projection of 
Arc of Contact, and Radial Pressure Versus Angle of 
Contact. Uranium, pass no. 20, without tension. 480 °F 


in this work by using the equations proposed by Hitchcock (18). After 
the preceding calculations were performed, a flattened roll radius was 
calculated by Hitchcock’s method. Then the rolling calculations were 
repeated using the new roll radius. Following this, a new flattened 
radius was computed and compared with the earlier flattened radius. 
If the new flattened radius was larger than the earlier flattened radius, 
the entire calculation was repeated again, and this process was repeated 
until the values converged, which they did after a few repetitions. Al- 
though the above series of calculations appears long and tedious, it re- 
quired only three to six minutes on electronic computers. 


PRELIMINARY CALCULATIONS 
Five preliminary calculations of total vertical forces per unit width 
were made for five out of twenty-one actual passes required to reduce 
uranium sheet from 0.400 inch to 0.35 inch, at 625 °F, in rolling done at 
Los Alamos Scientific Laboratory. The sheet was rolled in a four-high 
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7 Table Il 
Comparison of Calculated and Measured Vertical Forces 
For Uranium at 625°F 


Pass Reduction Force Lbs./In Diff 
No. in : Meas Cak Lbs 
1 0.004 1 3,300 3,488 188 $6 
5 0.030 x 13,900 15,025 1,125 87 
12 0.012 6 13,400 14,201 801 6.0 
17 0.029 26 29,700 33,411 3,711 12.5 
21 0.009 20 27,000 29,774 2.774 10 


mill with 3.750-inch diameter by 20-inch width work rolls and 14-inct 
diameter back-up rolls. Load cells were in place between the screw 
downs and the bearing blocks of the upper back-up rolls, and loads wer 
measured and recorded during each pass. From these loads the verti 
forces per unit width were obtained. The results of vertical force calcu 
lations for these five passes, along with the measured forces, ar 
Table IT. 

The calculated vertical force distributions, i.e., the vertical forces 
vs. the horizontal projec tions of the flattened arcs of contact, for passes 
Nos. 5 and 21 are shown in Figs. 1 and 2 respectively. Also shown in 
these figures are the radial or roll pressures vs. the angles of contact 

It can be seen in Table II that the calculated forces are higher thar 
the measured forces in every instance. This is particularly noticeabl 
when the material has work hardened appreciably near the end of the 
rolling schedule, and when a relatively heavy reduction is made. The 
fact that the discrepancy between measured and calculated forces was 
greater at high roll pressures suggested that the work rolls may have 
been bending in the direction of rolling. Many four-high mills are s¢ 
arranged that the centers of the work rolls are offset, toward tl 
trance to the mill, from the centers of the back-up rolls in order to avoid 
bending of the work rolls. A check of the mill used for the measure 
ments in Table II revealed that the centers of the work rolls were in 
the same vertical plane as the centers of the back-up rolls, permitting 


1 


Sc ce 


the work rolls to bend in the direction of rolling. Such bending 
of course, be greater when heavier reductions were made. It is believed 
that bending of the work rolls accounts for the fact that the calculate 


forces are higher than the measured forces in Table I] 


A RoLLiInc PRoBLEM 


It was desired to produce 33-inch square uranium sheet 0.010-in 
thick by a combination of hot break-down rolling and finish rolling 
as low a temperature as was feasible. A consultant engineering firm was 
given the problem of recommending suitable rolling mills, rolling 
schedules, and auxiliary equipment. The schedules recommended by 
these consultants were used as a basis for a number of roll pressure 
calculations. Briefly, the recommendations were: 


wn 
rm 
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1. Hot roll, at 1110 °F, to a reduction of 96% on a four-high mill 
with 12-inch diameter by 42-inch width work rolls and 42-inch 
diameter back-up rolls. Anneal 30 minutes at 1130 °F. 


2. Warm roll, at 480 °F, to a reduction of 60%, anneal, and warm 
roll to a final overall reduction of 86%, a reduction of 66% 
after anneal. The mill to be used was of the four-high type 
with 6-inch diameter by 42-inch width work rolls and 42-inch 
diameter back-up rolls. Front and back tensions were recom- 
mended but details were not specified. 


The reductions suggested and the details of the hot rolling schedule 
are in Table III. Those for the warm rolling are in Table IV. 

The calculated roll pressure, work of compression, pure work of 
rolling, roll separating force, torque, power requirements, neutral 
angle, neutral height, flattened roll radius, and horizontal projection 
of the flattened arc of contact are given for each pass of the hot rolling 
and warm rolling schedules in Tables V and VI, respectively. 

The results in Table V need little comment. The reductions per 
pass were about 15%, and the roll pressures and roll separating forces 
remained essentially constant, indicating a fairly efficient use of the 
proposed mill. However, it is quite probable that a mill as large and as 
sturdy as that recommended could sustain much larger roll separating 
forces than those of Table V. Thus, larger reductions per pass should 
probably be used. 

The results in Table VI require some discussion : 

First, the tensions used in the calculations were approximately equal 
to one-half the flow stress of the metal before each pass. Because the 
metal was annealed before pass No. 12, the tensions applied during pass 
No. 12 were considerably less than those applied during pass No. 11, 
say. This resulted in a much larger roll separating force for pass No. 12 
than for pass No. 11, clearly showing the effect of front and/or back 
tension upon roll separating forces. 

Further, pass No. 20 was calculated both with and without front and 
back tensions. The effect of tension is again demonstrated by the con- 
siderably higher roll separating force for the metal rolled without ten- 
sion. This point is illustrated in Figs. 3 and 4, which are the vertical 
force and radial pressure distribution curves for pass No. 20, with and 
without tensions, respectively. 

Second, it appears that a roll separating force of the order of 400,000 
pounds is the maximum to be expected with the proposed warm rolling 
schedule. If this force is not excessive for the recommended mill (and 
it probably is not), then all passes except, perhaps, the last one or two 
should effect reduction great enough to exert such a force. This would 
entail larger reductions per pass. The reductions accomplished by 
passes Nos. 1 through 11 should probably be done in six or seven 
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passes. The reductions accomplished by passes Nos. 12 through 25 
should probably be done in eight or nine passes. 


CONCLUSIONS 

It can be concluded that the method of calculating rolling forces, 
demonstrated herein for rolling uranium sheet and first proposed by 
Orowan, is highly accurate and promises to be of great value. The 
modifications to Orowan’s theory used in this work, such as corrections 
for inhomogeneity of deformation and for elastic deformation of the 
rolls, enhance the value of the original theory and improve the accuracy 
of the results. These modifications greatly increase the computational 
work involved, but the extra work is scarcely noticeable when the 
calculations are properly coded for computation on high speed ele: 
tronic computers. 

The true stress-strain relations for a metal may be determined at 
the constant true strain rates and temperatures of interest with the cam 
plastometer. The coefficient of friction between the metal to be rolled 
and the roll material may be determined by any one of several experi 
ments. With this information and electronic computing facilities, th 
calculations described and demonstrated may be used to provide rolling 
mill designers with accurate information for the design of rolling mills 

Using these calculations, a number of rolling schedules may be ir 
vestigated mathematically ; the effects of temperature, roll diameter 
coefficient of friction, and tensions, on radial pressures, vertical forces 
and power requirements may be determined quickly and accurately be 
fore any efforts have been expended on design. 
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DISCUSSION 


Written Discussion: By E. Orowan. professor, Department of Mechanical 
Engineering, Massachusetts Institute of Technology, Cambridge, Massachusetts 

I have no doubt that Dr. Hockett's work will open a new chapter in rolling mill 
research. Apart from its significance for practical purposes, it will make it 
possible to take into account the elastic deformation of the rolls. Until now, rolling 
mill research has been in a tantalizing situation. Reasonably accurate calculations 
are at present possible only for the two-dimensional case (flat rolling of stock 
that is very thin compared with its width) ; however, in most cases of sheet, foil 
and cold strip rolling the elastic deformation of the rolls is a dominating effect, 
not only a minor correction. It can be calculated if the distribution of roll pres 
sure along the arc of contact is known; this, however, can be calculated only if 
the deformed shape of the roll is known. In other words, thin sheet rolling re 
quires a step-by-step approximation involving several successive calculations of 
roll pressure distribution and of the corresponding elastic deformation. Since 
each of these computations required several hours when carried out with a 
mechanical-electrical calculating machine, a thorough investigation of thin sheet 
rolling, however indispensable, for a rational comparison of 4-high mills with 


cluster mills, was too laborious to be an attractive proposition. This was the cir- 
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persuaded me, around 1944, to move from rol 


cumstance tha 
away to lusher meadows 

It might be thought that the Hitchcock method of taking into a 
flattening could simplify the computation by providing a satisfactory appr: 
tion. This, unfortunately, is not the case. The Hitchcock treatment is very satis 
factory for relatively small amounts of elastic deformation, but it represent 
approximation in extreme cases such as the rolling of sheet with working rolls ; 





10 or 20 inches diameter. The treatment is based o» e assumption that the de 
formed arc of contact is parabolic; in reality, it ma. ve a concave part aroun 
the center corresponding to a hump in the rolled stock (see Figs. 23, 24, 2 

paper in Proceedings of the Institute of Mechanical Engineers Vol. 150, 194 
pp. 164-165). In calculations concerned with thin stock rolling, therefore, su 


cessive approximations are in general indispensable, and the use of an el 
computing method such as that developed by Dr. Hockett is a practical necessity 

I should like to remark that Dr. Hockett’s complimentary epithet “exact 
with or without quotation marks—is not deserved by my method of cak 


unless it refers to the circumstance that I took no trouble to save work of comy 
tation even where considerable savings could have been obtained with littl 
sacrifice of accuracy. My main purpose was to understand why Siebel and Lueg 
measurements of roll pressure distribution contradicted so striki \ 





man’s calculation which, at that time, was the most accurate method av 
and the only one free from crude mathematical simplifications. In trying to tra 


down the source of error—which turned out to lie in a physical assumpt 
tried to keep out mathematical inaccuracies as far as possible, irrespective 
the cost in computational work 

I hope that the new surge in rolling mill research foreshadowed by Dr 





Hockett’s paper will clarify a number of outstanding problems of rolling met 
and mill design 


Written Discussion: By N. H. Polakowski, Metallurgical Engineering | art 
ment, Illinois Institute of Technology, Chicago 


This paper attempts to revive an old issue around which many batt 
fought by mouth and pen in the past and principally in Great Britain bet 
1943 and 1955. The results of this battle were quite inconclusive and the argu 
ments regarding the relative merits of various theories of flat ling et 


the 


combination of a draw and a stalemate. The discussor doubts whether 
under consideration is going to alter this situation 

The author’s confidence in the practical usability of a particular theory ir 
preference to others is based on his own belief rather than on factual evi 
Indeed, under the very nonextreme and noncritical rolling conditions 
contemplated, any known version of the Siebel-Karman concept would 
worked equally well (or poor) 

A visual examination of Figs. 1 through 4 shows frictional contributions f: 
20%. This is due to the relatively low ratios of 


| 


nearly nil to about 


kness and no rolling theories are needed to estimate the 





diameter to plate thi 
separating forces to be expected under these conditions (see also Proc 
the Institute of Mechanical Engineers, Vol. 159, 1948, pp. 153-4) 

Turning to a few details, Table V shows for a 0.013 inch pass No. 19a: ng 


work value of over 29,000 Ib-ins which is more than double the work figure é 


preceding and very similar pass No. 18. This checks out with the continu 
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of the same table on page 689. From the data contained therein the distance be- 
tween the neutral and the entry planes is about 0.22 inch whereas the lever arm 
of the roll force is one half of 477,172:814,200 = ~ 0.29 inch. Even admitting 
the simplifications on which a comparison of the two is based, the above lever 
arm value exceeds anything encountered in reality 

Likewise, the three consecutive passes 14, 15 and 16 show systematically de- 
creasing drafts and identical roll forces but the work of rolling jumps from 10 
to 13 and then again drops to 9000 Ib-ins for no apparent reason 

An even more curious feature is found in Table VI where the first eleven 
passes show rolling work figures which are by 20, 30, 50 and even 70% less than 
the work of pure compression. Since the tension powers are equal on both sides 
of the mill, the above figures must represent the total work spent to deform the 
metal and this just does not make sense 

The writer has found no consolation on these and other matters after consulting 
the Los Alamos report LA-2233 on which the paper is based 

Written Discussion: By B. L. Shakely, mechanical engineer, Crucib‘'e Steel 
Company of America, Midland, Pennsylvania 

The trial-and-error method for determining rolling schedules is becoming 
obsolete. This is particularly true for the new and unfamiliar alloys. Often there 
is barely enough metal for a full scale “trial,” and the “error” can result in 
damaged equipment, or excessive scrap. 

Rolling theory, often regarded as a curiosity, can be used by the production 
mill as well as by the laboratory 

Mr. Hockett has shown how to evaluate a proposed rolling schedule by using 
Orowan’s theory. He also has shown that modern computers eliminate the time 
consuming calculations which prevented practical use of this theory in the past. 

At the Midland Research Laboratory of the Crucible Steel Company, we 
have been studying the rolling process and are now investigating the cold rolling 
characteristics of several titanium alloys, under contract AF 33(600) -37939 
monitored by Hugh L. Black at Wright Field. We are measuring flow stress 
and friction by applying the Hill-Longman theory to rolling-parameter curves 
obtained with a scale model rolling mill 

From the data in Table V of Mr. Hockett’s paper, we computed a mean flow 
stress comparable to that given by his Equation 1. The apparent friction factor, 
however, is 0.6 instead of the value 0.4 used in Mr. Hockett’s computations. This 
could be due to our neglect of possible work-hardening during the hot rolling. 
Since the annealing temperature and hot rolling temperature are nearly the same 
(1130 and 1110°F respectively), is the sheet assumed to enter each pass in the 
annealed condition, or does it work-harden with increasing total strain as given 
by Equation 1: 


1 


Was the sheet discussed actually rolled by the computed schedule? If so, did 


the mill motor d: 


( 


ita agree with the computed torque and power figures? 
The values we compute for flattened roll radius are slightly different from 
those in Table V. What value was used for the elastic constant in Hitchcock's 


roll-flattening equation 


Author’s Reply 


The author appreciates the valuable contributions made by the discussers. With 


respect to roll flattening, it is generally agreed that Hitchcock’s method is far 
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from ideal. However, it is the only method available, and by use of successive 
approximations a reasonably accurate value for the flattened arc of contact—and 
its radius—may be obtained. The modulus used in this work for steel rolls was 
30 X 10° psi. The different radii obtained by Shakeley can probably be ascribed 
to the fact that the radii calculated in this work were achieved by repeated solu 
tions of roll pressure equations and Hitchcock’s formula—sometimes as many as 

fifteen iterations being required 
In answer to Shakeley’s questions regarding hot rolling data of Table V, the 
metal does work harden somewhat, even at 600°C (1110 °F). This is illustrated 
by the value of the parameter, C, of the equation of Table I. C is the slope of 
g occurred 


the true stress-strain curve and would be zero if no work hardenii 
The plates in Table V were not actually rolled, but were used to demonstrat 
that the method of calculation was applicable to hot rolling 

In answer to Polakowski’s initial comments regarding the author's basis for 
choosing a theory of rolling, the author would call attention to page 141 of th 
reference cited (1)* in the discussion, where it is stated that Orowan’s metho 
was taken as a criterion by which to judge other rolling theories. Also page 144 


j 


of the discusser’s reference explains why Orowan’s theory is called the “exa 
theory by many, and this is again explained on page 160 of this reference. O1 


page 154 of discusser’s reference, W. C. F. Hessenberg, of London, states tha 
Orowan’s theory is the most complete analysis of the rolling problem that ji 
available. Lastly, Orowan’s theory is analyzed in some detail and is describ 
the most accurate available both by Underwood in his book (2) and by Larke 
in his book (3) 

It is true that for some of the lighter passes for which calculations were made 
a theory such as von Karmans (4) would probably suffice, or, perhaps, no theory 
of rolling is needed. They were included to show that Orowan’s theory is aj 
plicable over a wide range of rolling conditions. For heavier passes, and for some 
recent calculations involving heavy passes, roll pressures by the Siebel-Karman 
type method, as delineated in Hoffman and Sachs (5) were found to be less a 
curate than the Orowan method 

Polakowski’s comments regarding discrepancies in the values reported for tl 
pure work of rolling are justified. As the discusser is probably aware, these values 
are approximations in Orowan’s theory and it was not intended to represent tl 
as even approaching in accuracy the values calculated for roll pressure 
separating forces, and rolling torques. The first twelve passes in Table VI showe 
a roll efficiency greater than 100% because the work done by the coilers wa 
included. Although the tensions were equal on both sides of the mill, this can 
be taken to mean the coiler and decoiler are not doing work. Since the efficienci« 
were greater than 100%—neglecting the tensions—the pure work of rolling 
naturally would be less than the work of compression. The calculations are being 
re-coded to include the work of the coilers. 

With respect to Polakowski’s reference to the rather outmoded “lever-arn 


method, it should be pointed out that the torque includes the horizontal components 


as well as the vertical. Also, the flattened arc of contact extends to the exit side 


of the mill, beyond the plane of the roll centers. Hence, the discusser’s rough cal 
culation using the lever arm simply doesn’t apply 


The author recognizes the value of the discussions submitted, and is in the 


* Numbers refer t er s appended to this rep 








*~ 
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process of “debugging” the calculations to eliminate or minimize the causes of the 
relatively minor objections presented. 


References 


1. Hugh Ford, “Researches into the Deformation of Metals by Cold Rolling,” Proceedings, 
Institute of Mechanical Engineers, Vol. 159, 1948, p. 115-143, discussion, p. 153-163. 
2, L._R. Underwood, The Rolling of Metals, 1952, p. 241-268, Chapman and Hall, Ltd., 


London 
3. E. C. Larke, The Rolling of Strip, Sheet and Plate, 1957, p. 203, 304, 305, The MacMillan 
Company, New York. 
4. Von Karman, Th., “On the Theory of Rolling,” Zeitschrift fiir Augewandte Mathematik 
und Mechanik, Vol. 5, 1925, p. 138-141 
O. Hoffman, and G. Sachs, Introduction to the Theory of Plasticity for Engineers, 1953, 
p. 206-220, McGraw-Hill Book Company, Inc., New York 








THE EFFECT OF SELENIUM ON THE MACHINA. 
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BILITY AND TENSILE PROPERTIES O”" FIV 
PER CENT CHROMIUM STEEL 


3y Francis W. BouLcGErR 


Abstract 

On a weight basis, selenium is more effective than sulphur 
in improving the machinability of hot work die steels. Thi 
presence of 0.05% selenium improved the machinability 
ratings of annealed samples by 8% in laboratory tests. Th 
improvement exceeded 50% in tests on bars heat treated to 
330 Brinell. There is little doubt that improvements of the 
order noted in these experiments would be important in 
commercial machining operations. Larger amounts o} 
selenium or sulphur produced slightly better machining 
properties. 

Variations in sulphur and selenium contents up to about 
0.22% had no significant effect on tensile properties of an 
nealed samples. This was also true of samples heat treated 
to strengths around 278,000 psi and taken parallel with the 
direction of rolling. On the other hand, such high metalloid 
contents lowered the ductility of transverse specimens heat 
treated to that strength level. This undesirable effect was 
not evidenced by steels containing up to 0.18% selenium and 
normal sulphur contents. (ASM-SLA Classification: G17} 
Q27a; 2-60; AY, Cr, Se) 


INTRODUCTION 


E 


steels heat treated to high strength levels for structural purpos« 


! 


cases the components must be made from materials resistant 


ring at reasonably high temperatures. Consequently the 


( 


acteristics of hot work steels ordinarily used for tools and dies ar 


sirable for many of the current and potential applications. Unfortu 


1 


e ae 


nately, the relatively high alloy contents of such steels makes thet 
difficult to machine. In fact, it ordinarily costs two or three times 


much 


Therefore, it appeared desirable to determine whether selenium would 
improve the machinability of 5% chromium—1.2% molybdenun 


steels 


held in 
The 


Battelle Memorial Institute, Columbus, Ohio. Manuscript received Janu 


1959. 


to machine them as it does for ordinary constructional steel 


a ft 


without impairing their tensile properties. 


Chicago, November 2-6, 1959 
author, Francis W. Boulger, is chief, Division of Ferrous Met 
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[xX PERIMENTAL WorK 
Melting Practice 

Three 200-pound heats of 5% chromium steel were made in a 
magnesia-lined induction furnace. The charge consisted of ingot iron 
and ferrosilicon. After the charge was melted, suitable amounts of 
ferromanganese, ferromolybdenum, ferrosilicon, silicomanganese, 
ferrochromium, and ferrovanadium were added to the furnace. Depend- 
ing upon the desired composition, additions of ferroselenium or iron 
sulphide were made to some of the heats. All steels were deoxidized by 
additions corresponding to 2.2 pounds of aluminum per ton of steel. 
Two ingots, with the compositions indicated in Table I, were poured 
from each heat. These 100-pound ingots were approximately 4-% 
inches square and 18 inches high. 


Table I 
Chemical Composition of Experimental Steels 
Heat and Chemical Composition (Balance Nominally Iro / 
Ingot ( Mn Si Cr Mo \ S Se 
A-1 0.40 0.44 0.89 4.95 1.25 0.89 0.13 
A-2 0.26 
B-1 0.40 0.50 1.35 5.08 1.08 1.07 0.016 
B-2 0.12 0.10 
C-4 0.44 0.51 1.24 4.80 1.23 1.06 0.017 0.05 
C2 0.017) 0.18 
(a) Number following dash is ingot number 
(b) Parentheses indicate probable content, not actual analysis; dashes indicate that selenium 


was not added. 


Rolling Practice 

The ingots were charged in a furnace at 2100 °F, heated to 2250 °F 
and held for 2 hours prior to rolling. The ingots were rolled to 234- 
inch plates in nine passes, reheated to 2250 °F, and then rerolled to 
l-inch-thick plates in seven passes. All finishing temperatures were 
above 1750 °F. 

The six ingots containing sulphur, selenium or both of these elements 
rolled without difficulty and the plates exhibited a good surface finish. 


Heat Treatment 

The experimental plates were softened by reheating to 1650°F for 
one hour, cooled 50°F per hour to 1300 °F, and then cooled to room 
temperature with the furnace. Tensile and machinability tests were 
made on the steels after this annealing treatment. Other specimens 
were heat treated to higher strength levels by air cooling from 1850 °F 
and tempering at suitable temperatures. The tensile bars were ground 
to size after heat treatment to remove the surface layers which might 
have been affected by decarburization or scaling. 
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MACHINABILITY STUDIES 


Bars taken from the plates parallel with the rolling direction were 


used for the machining studies. 


The machinability evaluations were made by a testing procedure 


which has been described in detail in the literature (1).! Briefly. tl 


using standardized conditions and a constant thrust force on the tool 
The feed or rate of tool advance per spindle revolution depends on the 
ease with which metal is removed from the test bar. Materials with 
superior machinability cut faster (heavier feeds) than poorer materials 
for equal thrust forces. The lathe is provided with instruments to 
measure the feed and the information is used to calculate machinability 
ratings. A complete test consists of cutting a standard steel and several 
experimental materials with the same tool, for a distance of 2 inches 
To compensate for unintentional variations in experimental conditions 
data were obtained with six tools. The order in which the materials 
were cut was varied for different tools. The machinability rating of the 
sample is equal to: 
average feed on sample in 6 tests 


100 x average feed on sample of B1112 steel 


Higher ratings indicate better machinability. Experience during the 


t 


past 14 years demonstrates that this procedure gives reliable rating 


which correlate with ratings obtained by tool-life tests. The equipment 


and procedures have been used successfully for machinability studies 
on steels, cast iron, copper-base alloys, and aluminum alloys. 

The machinability ratings are on a basis comparable with the system 
used by the SAE Committee on Iron and Steel, Division 11. That is, 


the ratings are percentages of the rating for B1112 free-cutting steel 


Table Il 
Machinability Ratings of Experimental Hot Work Die Steels in the Annealed 
vondition 
Machinability Rating 
Heat and Composition, % Standard 

Ingot S Se Average 
A-2 0.26 51 4.5 
B-2 0.12 0.10 46 28 
C-2 0.017) ® 0.18 45 4 
A-1 0.13 - 46 2.1 
C-1 0.017 0.05 39 3 
B-1 


0.016 36 1.9 


(a) Based on average performance in six constant-pressure lathe tests using B1112 steel wit 
a rating of 100 as the standard comparison A thrust force of 144 pounds was used to take 
inch-deep turning cut. dry, at 40 fpm, with high speed-steel tools having 12-degree side-rake 
side-relief angles and a 0-degree back-rake angle. Higher ratings indicate better mact 
These samples had hardnesses of approximately 190 Brinell 

(b) Probable content. not actual analysis; dashes indicate no addition made 


1 The figures appearing in parentheses pertain to the references appended t 


e 
procedure consists of taking a 1/8-inch-deep turning cut on a lathe 
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and proportional to the cutting speed which would give satisfactory tool 
life if all steels were subjected to the same machining operation. 

Table II gives the results of machinability studies on the six experi- 
mental die steels in the annealed condition. Steel B-1 has a low sulphur 
content typical of commercial steels of this type and provides a basis 
for comparison. The data show that the presence of either sulphur or 
selenium improved the machinability of the experimental steels. 

The difference in machinability ratings between Steels C-1 and B-1 
is statistically significant at the P = 0.98 probability level. The im- 
provement attributed to the presence of 0.05% selenium seems large 
enough to be important in some commercial operations. On a pro- 
portional basis, the difference is equivalent to that between B1111 and 
B1112 steels. The latter steel sells at a premium price because of its 
superior machining characteristics. 

Steels C-2, B-2, and A-1 have better machinability ratings than the 
two mentioned above. These three steels, with sulphur plus selenium 
contents ranging from 0.13 to 0.22%, have equivalent machinability- 
test ratings. This indicates that no benefits resulted from combining 
sulphur and selenium in the case of Steel B-2. 

Statistical tests for significance indicate that it is safe to conclude 
that Steel A-2 has the best machinability rating. This would be ex- 
pected because it has the highest metalloid content. 

Table III gives the machinability ratings of the experimental steels 
after heat treating to tensile strengths of approximately 165,000 psi. In 
this condition, the experimental steels can be divided into three groups. 


Table III 
Machinability Ratings of Experimental 5% Chromium Steels Tempered at 1200 °F‘) 
Machinability 

Heat Rating®) 
and Compositior Hardness Standard 
Ingot Ss Se S +e Rockwell ¢ Average Deviation 
A-2 0.26 0.26 35 54 1.9 
B-2 0.12 0.10 0.22 37 55 2.2 
C-2 0.017)! 0.18 0.20 36 53 0.8 
A-1 0.13 0.13 34 49 2.8 
C-1 0.017) 0.05 0.07 36 49 1.3 
B-1 0.016 0.02 37 30 45 

a) The bars had been air-cooled from 1850 °F and tempered for 2 hours at 1200 °F 


(b) Based on average performance in six constant-pressure lathe tests using B1112 steel with 
a rating of 100 as the standard of comparison. A thrust force of 144 pounds was used to take a 
\-inch-deep turning cut, dry, at 40 fpm, with high speed steel tools having 12-degree side-rake 
and side-relief angles and a 0-degree back-rake angle. Higher ratings indicate better machinability 
(c) Probable content, not actual analysis: dashes indicate no addition made 


Group A. Steels A-2, B-2, and C-2 have equivalent machinability 
ratings. Statistical analysis of the experimental data indicates that the 
ratings are significantly better than those of the other steels. 

Group B. Steels A-1, and C-1 have identical machinability ratings. 
Apparently at this hardness level (330 Brinell) selenium is much more 
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effective than sulphur, on a weight basis, in improving machinability 

Group C. The steel of conventional analysis, B-1, has a much lower 
machinability rating than any of the experimental compositions 

Comparison of the data in Tables II and III shows that all of the 
steels except the standard (B-1) were easier to machine at the higher 
strength level. Although this may be surprising to some readers, such a 
finding is not without precedent. For instance, free-cutting steels are 
ordinarily seid in the cold drawn condition even though the processing 
treatment raises the strength and hardness. 

The data show that the first small increments of selenium or sulphur 
are most effective for improving machinability. In annealed steels, 
both elements seem to have equivalent effects on a weight basis. In the 
heat treated condition, however, selenium seems to be more effective 
than sulphur. This view is supported by comparing the sulphur plus 
selenium contents and machinability ratings of A-2 with C-2 or A-l 
with C-1. These machinability studies also indicate that the benefits of 
free-machining additives are proportionally larger at the higher 
strength level. For instance, the machinability ratings indicate that 


the presence of 0.05% selenium would permit increasing the cutting 
speed, compared to the speed for the conventional material, by 8% 
at a hardness level of 190 Brinell, or 60% at a hardness level of 330 
Brinell 

The influence of hardness level on the benefits derived from free 


cutting additives has been reported previously (2). In the referenced 


study, however, the benefits of lead additions for improving tool life 
were less pronounced at hardnesses above Rockwell C-30 (290 Brinell 
The conflicting information about the effects of free-cutting additives 
at various strength levels suggests that the subject warrants serious 
attention. The point is especially important because of the interest 
machining and using materials at higher strength levels 


TENSILE PROPERTIES 


Data on the tensile properties of the annealed experimental steels 
treated are presented in Table IV. These data show that the presence of 
free-machining additives in amounts up to 0.26% had no significant 
effect on the tensile strength or ductility of the annealed experimental 
steels, nor did the sulphur and selenium contents influence the di 
rectionality (anisotropy ) exhibited by the steels. That is, the ratio of 
the mechanical properties for longitudinal specimens to those for trans 
verse properties was not affected by chemical composition. The slightly 
higher tensile strengths of bars from Heat C are attributed to their 
higher carbon contents. The cause of the slightly lower strengths ex 
hibited by samples from Heat A is not known. 

Rough-machined tensile bars of all steels were hardened by air 
cooling from 1850 °F and tempering at 1070 °F. Duplicate specimens 
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Table IV 7 
Tensile Properties of Annealed’ Experimental Hot-Work Die Steels 
Yield Ultimate 
leat = or Z 
— Composition, % Elongation Reductior Strengt Strength, 
Ingot S Se / in Area, % psi psi 
Longitudinal Specimens 
4-2 0.26 26.3 62.3 49.000 101,500 
B-2 0.12 0.10 25.3 62.3 55.000 105,750 
C-2 0.02 0.18 21.0 62.6 70,500 112,250 
A-1 0.13 27.9 64.9 44,500 92,500 
C-l 0.02 0.05 24.8 62.9 55.500 100,000 
B-1 0.02 27.2 64.5 48,500 98,000 
Transverse Specimer 
A.2 0.26 19.5 39.5 52.400 103,500 
B-2 0.12 0.10 20.0) 40.6 62,560 107,750 
C.2 0.02 0.18 16.8 39.9 88.000 122,500 
4-1 0.13 21.4 42.3 51,500 94,750 
C.1 0.02 0.05 19.7 42.7 72,700 107,750 
B-1 0.02 19.9 42.3 60,000 101,000 
(a) The samples were taken from plates which had been annealed by heating 1 nur at 1650 °F, 
cooling 50°F per hour to 1300 ind then to room temperature with the furnace. The tensile 
bars had a gage length of 1 5 in and a gage diameter of 0.375 inch The vield strengths were 
determined by the divider method 
b) Single determinations; others are averages for dup te specimer 
Table V 
Tensile Properties of Experimental Hot-Work Die Steels as Tempered at 1070 °F™ 
Heat Ultimate 
and Compositior Elongat Reduct 0.2% Offset Yield Strength 
Ingot ~ se Area Stre psi 
I idinal Spe 
4.2 0.2¢ 3 O.5 00 275.250 
B-2 0.12 0.10 7.3 12.8 33 950 278,000 
e.2 0.0? 0.18 6.0 4.3 29 SOK 78.500 
A-l 0.13 6.0 19.1 0 275.500 
C-1 0.02 0.05 5.3 34 36,000 280,500 
B-1 0.02 3 1.5 127.000 278,000 
Tra erse Spe F 
A-2 0.26 1.3 $1 18,000 274,000 
B-2 0.12 0.10 »0 15 29.000 278,750 
C9 0.02 0.18 33 10.0 30.000 280,000 
A-1 0.13 $9 g.0 24.500 271,750 
esa 0.02 0.08 t¢ 50 283,500 
B-1 0.02 40 O° 130.250 279,000 
1) These specimens were heat treated together by r ling from 1850 °F 1 tempering for 
2 hours at 1070 °F. The specimens had a gage lengt f 1.5 inche d e diameter of 0.376 
incl Data are based single erminations 
b) No data available because a piece of the test spe en broke tat racture was | 


of the lower metalloid and the higher metalloid steels were first heat 
treated in separate groups. Unfortunately, the strengths developed by 
the two groups of samples differed by approximately 30,000 psi and 
the steels with higher sulphur and selenium contents were softer than 
the others. This indicated that small, unintentional variations in heat 
treating practices must have existed and that they influenced the 
tensile strengths. Therefore, a third set of bars consisting of one speci 
men of each steel was heat treated. The data obtained on that group 
of specimens are given in Table V. The average values for all tests on 
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: , Table VI 
Average Tensile Properties of Experimental Hot Work Die Steels as Tempered at 
1070 °F'* 
Heat ‘ 
and omposition Elongation Reduction 0.2% Offset Vield , 
Ingot Ss Se ‘ in Area Strength 81 
Longitudinal Specimens 
A-2 0.26 13.7 21.5 217,000 66,000 
B-2 0.12 0.10 12.7 19.3 224,500 268,400 
C-2 0.02 0.18 13.7 31.1 220,750 3,250 
4-1 0.13 8.2 19.5 224,000 285,250 
C-l1 0.02 0.05 7.2 23.0 239,000 287,250 
B-1 0.02 6.7 «t 15.2 231,750 88.250 
Transverse Specimens 
A-2 0.26 3.6 5.0 215,750 64,250 
B-2 0.12 0.10 2.5 3.2 220,750 54,500 
C.2 0.02 0.18 6.0 8.3 222,000 0.750 
A-1 0.13 2.7 5.7 226,250 82,500 
C-1 0.02 0.05 2.7% 6.3 231,750 83,500 
B-1 0.02 4.1 10.2 227,750 83,000 
a) The data are average values for three specimens except where indicated The ns 
were heat treated, in three groups of 12 bars each, by air cooling from 1850°F and te g for 
2 hours at 1070°F nadvertent variations in heat treating practices apparently cau 3 
of +5% in tensile strength The specimen gage length was 1.5 inches and the t 
was 0.376 inch 
b) Average for two determinations, other specimen broke outside gage lengt! 
c) Single determi: ther specimens broke outside gage length 
, : Table Vil 
Influence of Sulphur and Selenium Contents o= Me-*aiucal Anisotropy of 
Experimental Plate Steels 
ans a Ratio of Longitudinal to Transverse 
and Composition = Elongation Reducti 
Ingot S Se Annealed * Hardened Anneales i ed 
4.2 0.26 1.3 5.6 1.6 0 
B-2 0.12 0.10 1.3 3.6 1.5 5 
C-2 0.02 0.18 1.3 1.8 1.6 4 
A-1 0.13 1.3 1.5 1.5 4 
C-1 0.02 0.05 1.3 1.5 
B-1 0.02 1.4 1.8 1.5 
(a) The 4%-inch square 100-pound experimental ingots were hot-rolled, without cr t g 
to 1-inch plates 
b) Data from Table IV, average tensile strength = 105,000 psi 
c) Data from Table V, average tensile strength = 276,000 psi 
heat treated specimens of the experimental steels are recorded in 


Table VI. 

Table V gives the best comparison of the properties of the steels 
as heat treated to tensile strengths of 277,750 psi. The presence of un 
usually large amounts of sulphur and selenium did not affect the 
tensile strengths nor the ductility of specimens taken parallel with the 
direction of rolling. However, the steels containing 0.26% sulphur or 
0.12% sulphur and 0.10% selenium exhibited relatively poor ductility 
when tested in the transverse direction. Obviously the effect of non 
metallic inclusions in lowering transverse ductility is much more pro 
nounced in hardened than in annealed specimens. Nevertheless, neither 
sulphur contents up to 0.13% nor selenium contents up to 0.18% 
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Fig. 1—Nonmetallic Inclusions in Longitudinal Sections of Experimental Steels with 
1.016% Sulphur; (b) 0.13% Sulphur; (c) 0 26% 


Different Sulphur Contents. (a) 


Sulphur. 


seemed to harm transverse ductility. These conclusions appear to be 
supported by the data in Table VI. Unfortunately, however, the var- 
iations in average tensile strengths listed in Table VI make rigorous 


comparisons unjustified. 
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ANISOTROPY 

In recent years, there has been a growing interest in factors affecting 
the directional variations (mechanical anisotropy) of wrought steels. 
The fact that forgings ordinarily exhibit poorer ductility in the di- 
rection transverse to the major direction of working causes concern to 
designers using forgings in severely stressed locations. Therefore, the 
information in Table VII is of interest. The data show that selenium in 
amounts up to 0.18% did not accentuate mechanical anisotropy. 
The table also indicates that the effect of nonmetallic inclusions is more 
noticeable when tensile tests are made at higher strength levels. As is 
the common experience, tensile strength was not affected by specimen 
orientation. 


METALLOGRAPHIC STUDIES 


Selenium and sulphur ordinarily occur in steel as intermetallic com 
pounds containing manganese and iron. Because the compounds are 
almost insoluble in solid steel the selenides and sulphides are precipi- 
tated in grain boundaries as the metal freezes. The sizes and shapes of 
the nonmetallic inclusions in wrought steel are determined by their 
composition, the rate of solidification, and the amount of deformation 
suffered during hot rolling. Since sulphide and selenide inclusions 
might be expected to differ in some respects, metallographic examina- 
tions were made on all of the experimental steels. The appearance of 
typical inclusions in longitudinal sections of some of the steels is shown 
in Figs. 1 and 2. The photomicrographs are intended to show the char- 
acteristic size and shape of the inclusions, not the relative amounts. 

The micrographs show that the average size of the inclusions in- 
creases with sulphur or selenium content. Some of the inclusions in 
steels containing selenium were duplexed ; the second phase appeared 
to be an oxide. Furthermore, the inclusions in the selenium-treated 
steels were not so elongated as those in the sulphur-bearing steels. This 
difference in shape is believed to account for the smaller effect of 
selenium on mechanical anisotropy and its more marked effect in im 
proving machinability. Studies on other grades of steel have shown 
that among steels of equal sulphur content those with stubby rather 


than stringy inclusions exhibit better machinability (3,4,5). 
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DISCUSSION 

Written Discussion: By V. V. Donaldson, research and development project 
engineer, Alco Products, Inc., Latrobe, Pa. 

It is unfortunate that the work as reported in the preliminary draft was not 
based more securely on principles established in this area by investigations more 
closely related to actual production processes. Under the best of conditions, it is 
very difficult to reconcile laboratory and production results due to effects of size 
Differences in refractory-metal reactions and atmosphere-slag-metal reactions 
influence the results. Even a 200 pound heat with 100 pound ingots cannot be com 
pared confidently with a full scale production heat. The laboratory results are of 
little interest and questionable value to the industry when the techniques 
procedures are seriously at variance with the practice of the art. 

The addition of 2.2 pounds per ton of aluminum would seem to be excessive, par 
ticularly for this grade of steel. The residual metallic aluminum should be re 
ported in the chemical analysis since it could have an important effect on me 
chanical properties, forgeability and machinability. In fact, it would have beer 
worthwhile to have made several more heats with varying aluminum contents ir 


different ranges of sulfur and selenium. This would have avoided the possibility 


of masking the effects of sulphur and selenium by accidentally hitting an adverse 
residual aluminum range 

One of the dangers in using only two or three data points to establish a curve 
or trend is the likelihood of missing the effects of uncontrolled variables. The 
best work of this type has involved at least several dozen, often hundreds, of heats 
and furnished data which could be statistically analyzed for significant relation 
ships 

The difference in effect of sulphur and selenium when added in the elemental! 
form is well known. In the writer's experience as little as 6.015 to 0.020% addition 
of the element under the proper conditions will produce an improvement in ma- 
chinability comparable to or better than that indicated in the paper. If the elements 
had been used instead of the compounds, more significant results would probably 
have been obtained 

Pouring and hot top practice have not been indicated in the draft form of the 
paper. With relatively high vanadium and such drastic killing by aluminum, these 
are important variables deserving of mention. 
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With respect to the machining data presented, there appear to be some dis- 
crepancies in the author’s statements. It is stated, “—variations in average tensile 
strengths listed in Table VI make comparisons unjustified.” Yet in Table III the 
differences in average machinability ratings, due to selenium, are found to be nil 
(A-1 vs. B-2) to 15%, (C-1 vs. C-2), neglecting “Standard Deviation.” This 
“difference” in machinability does not meet the author’s requirement, as stated 
in his discussion of the Zlatin and Gould paper,* that “differences in average tool- 
life values based on triplicate determinations should exceed 30% in order to be 
judged significant.” Even if the author’s method of establishing machinability 
ratings is assumed to be sensitive enough to distinguish such small percentage 
differences as shown in the table, the variations due to heat treatment and the 
rolling schedule could be fairly credited with causing the spread 

Parenthetically, it should be stated that the referenced article by Zlatin and 
Gould gives an extremely distorted picture of the difference in machinability of 
leaded steels. The regular and leaded steels were not machined under comparable 
conditions because the tool geometry was not modified to give either the same 
type of machining forces or the same type of shear or chip form. These authors 
are not correct in their closure statement in connection with the cratering effect 


that, “—all other variables were held constant in each comparison.’ 


Written Discussion: By W. B. Kennedy, chief, Experimental Machining 
Branch, Watertown Arsenal, Watertown, Mass 

The report, in general, stimulates considerable interest since little, if any, 
literature is available pertinent to machining studies on steels containing selenium 
and sulphur-selenium additions. It is for this reason that a criticism of the findings 
realized by the author could be only theoretical on the part of this reader. A con- 
siderable section of the report is confined to metallurgical processing, metal- 
lographic studies and physical properties, the latter having pronounced effects 
upon machining properties. It is interesting to learn that the presence of the ad- 
ditives utilized had no significant effect on the tensile strength or ductility of the 
annealed specimens 

The data covering tensile properties of heat treated specimens is also interesting, 
and charpy data should be interesting. This is a good start but it is hoped that the 
author continues his work on machining studies of selenium steels, to include 
tool-life tests. It is also suggested that the mechanisms involved be investigated. 
How about some orthogonal cutting ? 

There could be a question as to the validity of the constant pressure test in 
connection with additives such as sulphur, lead, and selenium. This test seems to 
be an over-simplification since in our work at Rodman Laboratory on leaded steels 
there has been no consistent correlation between tool forces and tool life. Typical 
tool-life data at Watertown Arsenal on leaded steels would be as follows: 


Speed 800 sfpm Feed 0.011 Depth of Cut .100 

Material Bhn Fe Fe T 
Plain 4340 235 190% 1502 110 seconds 
Leaded 4340 235 195 150 80 seconds 


The above shows feed force Fr (cutting pressure) to be constant but tool life 
differs substantially 
* N. Zilatin, and J. V. Gould, “The Effect of a Lead Additive on the Machinability of Alloy 


Steels," Transactions, American Society of Mechanical Engineers, Journal of Engineering 
for Industry, May, 1959, ps. 131-138 (Incl. Discussions). 
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The reason that some future work needs to be done at higher cutting speeds 
is obvious to one who has reviewed prior work on leaded steels 
cutting speeds (150-200 sfpm or less) lead additions have proved beneficial 
Above a critical (150-200) speed there appears to be no benefits from lead addi 
tions and it would be interesting to observe the behavior of selenium steels at 
desirable production speeds 

It is noted that the tests employed high speed steel tools and the 40 sfpm me: 
tioned was probably the maximum speed permissible on the tough to eel speci 
mens. It should be interesting to see what happens at modern production spee 
(200-1000 sfpm) utilizing carbide or ceramic cutting tools. As previously mer 
tioned, our work with leaded steels showed no benefits derived from lead additions 
at the higher speeds ; no reason is offered for this. What would happen to seleniun 





steels at these speeds could be of considerable interest to the me u 
\gain, it is hoped that the author will continue with his work 
steels with selenium additions since his preliminary work indicate 


steels may be a valuable contribution to materials for defense 


Written Discussion: By Elliot S. Nachtman, director, Research a 


ment, LaSalle Steel Co., Chicago 


This paper is an interesting investigation of still another additi t f 
the purpose of improving machinability. It would be interesting to know if tl 
author had occasion to check the structure and inclusion shape from ingot to rolle 
product to heat treated product to confirm whether indeed the size of inclusion ar 
shape differences, as reported between sulphur and selenium, were ilt 


the additive or the practice: 
In our work, we have become very sensitive to the many possibiliti 

the melting, rolling and furnace treatments of steel for decisively influ 

clusion distribution, size and shape 

} 


Vv the aut 


effect of free machining additives to steels with hardnesses above Ro 


Particularly to be emphasized, I believe, is the comment 
Translation of present knowledge on the effects of such additives to | 
materials should be done with much care at the higher strength le 


As a result of some work carried out in our own laboratory or 
sulphur, lead and other free machining additives to higher strength ste¢ ea 





becoming convinced that these additives behave quite differently at hi 
levels. However, though different, it is still possible to influence tl 
characteristics of high strength steels by the addition of free machit 

We agree whole heartedly with the author’s suggestion that this whole problen 
of improving the machinability of high strength steels deserves much a 


study 


Written Discussion: By Norman Zlatin, Metcut Research As 
Cincinnati 

The paper is very timely, in that the machining of the hot wor 
one of the problems currently facing the tool engineers in the aircraft ar 
of the 


industries. The results presented in the paper answer a number 
that usually come up regarding free machining additives and their eff¢ 
mechanical properties of the metal. However, the conclusions inferr 

machinability test results should be examined further. The machinabi 


as obtained on the constant-pressure lathe is based on the feed or 
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advance per spindle revolution and, as the author states, “depends on the ease 
with which metal is removed” from a 2-inch length of test bar. Hence, the rating 
in effect relies only on the magnitude of the coefficient of friction between the 
sliding chip and the tool face. Tool wear is completely omitted from the tests. 
Such important factors as the abrasive character of the metal under test or the 
type of tool wear do not appear to influence the measurements as made on the 
constant-pressure lathe. In the practical cutting speed range, neither of these two 
factors would be evident in the short time that it would take to cut the 2-inch 
length of bar stock It is, therefore, difficult to see how tool life ratings can be 
predicted very accurately from the feed measurements without some means of 
measuring rate of tool wear 

The results of tool life tests we conducted with both high speed steel and carbide 
tools (reference #2 in the article) on a leaded 4147 at a hardness level of Rock- 
well C-40, showed that tool life was actually less on the hardened leaded steel than 
on the hardened lead-free steel. The decrease in tool life occurred even though 
the lead additive was effective in reducing the coefficient of friction. The decrease 
in tool life on the hardened leaded steel was attributed to the cratering type of wear 
on the face of the tool. This usually occurs when a free machining additive is 
present. This cratering is only important when machining metals at hardness levels 
above about Rockwell C-35, for this type of wear eventually produces a razor-like 
cutting edge which is apt to fail even before the flank wear became excessive. 


Author’s Reply 


As the various discussions indicate, the paper covers an extremely limited study 
which should be considered preliminary in nature. Therefore, the author appreci- 
ates the thoughtful consideration given by the discussers to the subject of improv- 
ing the machinability of high strength steels. Their comments add considerably to 
the value of the presentation 

In response to Mr. Donaldson’s questions on processing practices it can be 
pointed out that the ingots were poured from the furnace at 2850 °F, the hot top 
volume was 18% of the ingot weight. The aluminum addition was chosen on the 
basis of experience with Ni-Cr-Mo steels indicating it would result in better 
Charpy properties than smaller additions. We know of no convincing evidence 
supporting the opinion that the form in which selenium or sulphur is added to the 
liquid steel influences the machinability of the final wrought product. Our experi 
ence with both laboratory and commercial steels of other grades supports the 
contrary conclusion. Since sulphur and selenium dissolve in the liquid steel, phys- 
ical chemists would expect additions of elements, dilute alloys, or compounds to 
produce identical effects on mechanical properties. The mode of addition, of 
course, can influence the recovery percentages and the difficulty of obtaining a 
uniform distribution of the special element. 

The questions by Mr. Nachtman about factors affecting inclusion shape are 
particularly stimulating. In this study, similar effects of selenium on inclusion 
shape were noticeable in both cast and in wrought specimens. The differences are 
attributed to the composition of the inclusions. In general, silicon-killed steels 
have globular inclusions which are larger than the angular sulphides typical of 
aluminum-killed cast steels. The presence of suitable amounts of selenium in 
aluminum-killed steels results in globular inclusions. Both rolling practice and 
composition influence the shape of inclusions in wrought steels. It is possible to 
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change the shape of sulphide inclusions in wrought steels by fairly-drastic heay 
treatments 

We agree with all of the discussers about the need for caution in interpreting 
machinability data. As both Mr. Kennedy and Mr. Zlatin point out, the presence 
of lead in a steel does not always result in better tool life. In the study mentioned 
by Mr. Kennedy the beneficial effects of lead disappeared at cutting speeds above 
about 200 feet per minute and the critical speed decreased with increasing work 
piece hardness. In Mr. Zlatin’s investigation on workpieces hardened to Rockwell 
C-40, tool life was worse for leaded than for unleaded steels. The results in both 
studies are consistent with the theory that the influence of lead on machinability 
decreases as cutting temperatures increase. If so, leaded steels may exhibit some 
superiority at higher hardnesses or cutting speeds when an effective cutting fluid 
is used. 

Since the point was raised by the discussions, we would like to repeat the 
statement that the constant-pressure test has shown good correlations with tool 
life data and plant experience on other metals. Whether or not a similar agree 
ment would be obtained on high strength steel containing selenium or lead has not 
been investigated. We agree, wholeheartedly, with the suggestions that the effect 
of cutting speed and workpiece hardness on tool life of steels containing various 
amounts of sulphur and selenium is desirable. 

















HIGH STRENGTH ZIRCONIUM ALLOYS 
By R. K. WAGNER AND H. E. Kiine 


Abstract 


The purpose of this effort was to investigate the proper- 
ties of zirconium alloyed with aluminum, tin, and molyb- 
denum. Ten zirconium base alloys were prepared from 
reactor grade zirconium sponge by double-arc melting, and 
casting into 6-inch diameter, 35-pound ingots. The ingots 
were converted into Y%-inch thick strips by standard hot 
working procedures such as extrusion and rolling. Follow- 
ing a vacuum anneal, the hot worked material was used for 
a variety of evaluation studies. These included thermal 
conductivity, corrosion, tensile, and creep tests. The alloys 
demonstrate short time elevated temperature strength char- 
acteristics at 1050 °F and 1200°F equal to or greater than 
those of type 304 stainless steel. Their corrosion resistance 
in sodium at 1000°F compares favorably with that for un- 
alloyed zirconium. In addition, the alloys show increased 
creep resistance over that for unalloyed zirconium or for the 
commercial alloy, Zircaloy 2. (ASM-SLA Classification: 
Q-general, R-general, P1th; Zr-b) 


INTRODUCTION 


Rek SOME TIME, zirconium and the zircaloys have been recog- 
nized as promising fuel cladding materials in nuclear reactors. 
Characteristics which make these materials attractive to the reactor 
designer include: (a) their low absorption cross-section for thermal 
neutrons, (b) their compatibility with uranium, uranium alloys, and 
refractory compounds of uranium, and (c) their compatibility with such 
reactor coolants as water or liquid sodium. 

Despite these advantages, however, the materials have seen only 
limited service ; primarily because of strength limitations which restrict 
service temperatures to 800-900 °F or less. For those reactor concepts 
which employ temperatures below this range, the strength loss at the 
higher temperature has little more than academic significance. How- 
ever, in reactors where the operating temperatures in the core exceed 
900 °F, it becomes important that the strength characteristics of zir- 
conium or Zircaloy 2 be improved before either material can be con- 
sidered for fuel cladding or for structural components. 


his paper is based on studies conducted for the Atomic Energy Commission under Contract 
ATUL 1)-GEN-8 
A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 
The authors, R. K. Wagner and H. E. Kline, are associated with the Fuels and 
Materials Department, Atomics International, Canoga Park, California. Manu- 
script received April 22, 1959. 
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It was the purpose of this effort to study a group of zirconium base 
alloys which could exhibit properties suitable for fuel cladding appli- 
cations, in a sodium-cooled reactor. 


PREPARATION, PROCESSING, AND FABRICATION OF THI 
ZIRCONIUM ALLOYS 


Nominal Composition. As indicated by the alloy compositions in 
Table I, aluminum was used as the major alloying element. To the basic 
zirconium-aluminum binary compositions—Zr + 1.5 Al and Zr + 3 Al 

additions of tin and molybdenum were made 

Raw Material. The zirconium alloys used in this study were prepared 
from the raw materials described in Table II. 

Chemical analysis for the reactor grade zirconium sponge is included 
in Table III. As indicated, both chemical and spectrographic determina- 
tions were made. 

The raw materials were formed (by pressing) into 14-inch square 
by 36-inch long electrodes (Fig. 1) of a composition corresponding to 
the nominal analyses described in Table I. Alloy additions, in the forms 
described in Table II, were made prior to press-forming the electrodes 

Melting. The compacted electrodes were arc melted, under an argon 
cover gas at a pressure of 25 inches of mercury, to produce 4-inch di- 
ameter, first melt ingots. Under similar melting conditions, these ingots 
were remelted to produce 6-inch diameter second melt ingots, each 
weighing approximately 35 pounds. To remove surface defects, the 
second melt ingots were machined to a final diameter of 5% inches 

After mechanical conditioning, the ingots were inspected by use of 
the ultrasonic technique. All of the ingots were sound except for minor 
shrink-holes located within an inch to an inch and a quarter of the top 
of an ingot. 

A complete chemical analysis was performed on chips taken fr 
the zirconium control ingot. This analysis appears in Table IV. Chemi 
cal analyses for the alloyed ingots appear in Table V. These ingots were 
analysed for carbon, nitrogen, and the alloying elements. Complete 
chemical analyses were not made on these ingots because it was rea 
soned that the results obtained for the zirconium control ingot also 
applied to the alloys. Since no variables were introduced in either th 
sponge or the melting practice, this approach is justified 

Extruding. The conditioned ingots were extruded, bottom end fot 
ward, into bars of 3% inches by % inch cross section. For extruding, 


the ingots were induction heated in open air to temperatures in the 


range 1850 to 1900 °F. Short time heating cycles were employed as a 
means of retarding surface oxidation and oxygen diffusion. The data 
contained in Table VI represent upsetting and extruding pressures cal 
culated from pressure measurements made on the ram of the extrusion 
press. 
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Table I 
Nominal Composition (Weight @) 

Alloy No Aluminum Tin Molybdenum Zirconit 
1 a 100 
2 1.5 - Bal 
3 1.5 1.5 Z 
4 1.5 3 ° 
5 1.5 1.5 : 
6 1.5 1.5 1.5 . 
7 3.0 24 
8 3.0 1.5 ° 
9 3.0 3.0 . 

10 3.0 1.5 1.5 . 
Table Il 
Raw Materials 
Metal Form Purity (wt 
Zirconium Sponge See Table II! 
Aluminum Shot 99.9 
Tin Shot 99.9 
Molybdenum Powder 99 +4 
Table III 


Chemical Analysis of Blend 59 Zirconium Sponge 
parts per million) 


CHEMICAL 


Cl Fe Mg N 
65 700 700 470 35 
SPECTROGRAPHI( 
Hf Al B Co Cr Cu Fe Mg Mn Ni Pb Si I 
40 46 <0.2 <5 100 <20 850 600 25 <10 10 50 30 
Table IV 


Chemical Analysis of 
Zirconium Control !agot 


Elements 


ppr 
Sn <50 
Fe 1560 
Cr 40 
Ni 19 
Cu <20 
Ww <20 
N 29 
( <250 
Al 55 
B <0.3 
Cd <03 
Co 10 
Hf <125 
Pb 26 
Mg <10 
Mn »9 
Mo <10 
Si 51 
Ti 10 
\ <10 


Inspection of Extrusions. The extrusions were inspected 
surface and surface defects. For subsurface inspection, radio 
were taken through the 44-inch dimension of the extrusion. Onl 
defects were found near the back ends of the extrusions. 7 


1 
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Table V 
Chemical Analyses of Alloyed Zirconium Ingots 
(weight @) 
\lloy No. —-Aluminum—— ene FI —Molybdenum— ——Carbon —— Nitrogen —— 
; Top Bottom Top Bottom Top Bottom Top Bottom Top Bottom 
? 1.58 1.63 - — — — <0.025 <0.025 0.0056 0.0032 
3 1.45 1.44 1.53 1.51 _- - <0.025 <0.025 0.0029 0.0028 
4 1.44 1.40 2.91 3.03 - <0.025 <0.025 0.0027 0.0025 
5 1.51 1.46 . - 1.37 1.38 <0.025 <0.025 0.0038 0.0035 
6 1.40 1.38 1.59 1.55 1.33 1.37 <0.025 <0.025 0.0034 0.0057 
; 305 3.07 * <0.025 <0.025 0.0028 0.0031 
8 3.00 2.99 1.46 1.59 - . <0.025 <0.025 0.0029 0.0032 
9 3.19 3.00 2.85 3.00 am . <0.025 <0.025 0.0027 0.0028 
10 3.12 3.05 1.56 1.65 1.39 1.31 <0.025 <0.025 0.0029 0.0055 
ooo — —— a ——~ —- ee __ — 
Table VI 
Fabrication Pressures 
Initial Pressure For Extruding 
Alloy Upsetting Billet Pressure 
wt %) (psi) psi) 
Zirconium 49,600 29.200 
Zr+1.5Al 96,000 48,000 
Zr+1.5Al+1.5Sn 105,000 50,000 
Zr+1.5Al+3Sn 115,000 62,000 
Zr+1.5Al+1.5Mo 108,000 72,000 
Zr+1.5Al+1.5Sn+1.5Mo 96,000 65,300 
Zr+3Al 79,000 54,000 
Zr+3Al+1.5Sn 92,000 61,800 
Zr+3Al+3Sn 92,700 68,500 
Zr+3Al+1.5Sn+1.5Mo 106,000 72,000 
Table VII 
Hot Rolling Schedule 
Alloy Temperature Number Ave. Finished Total Length 
(wt ‘ F _ = of Passes Thickness (i (inches) 
Zirconium 1100 590 5 0.125 118 
Zr+1.SAl 1650 900 5 0.122 171 
Zr+1.5Al+1.5Sr 1650 900 6 0.123 183 
Zr+1.5Al+ 3S: 1650 900 5 0.124 213 
Zr+1.5Al+1.5M¢ 1650 900 4 0.124 181 
Zr+1.5Al+1.5Sn+1.5Mo 1650 900 4 0.125 213 
Zr+3Al 1800 980 4 0.120 188 
Zr+3Al+1.5S1 1800 980 4 0.121 212 
Zr+3Al+3Sn 1800 980 4 0.122 141 
4 


Zr+3Al+1.5Sn+1.5Mo 1800 980 0.125 164 





the existence of these defects, sections from the front and back of each 
extrusion were taken for macro-examination. It was found that the 
internal defects extended a distance of approximately one foot from 
the back end of each 10-12 foot long extrusion. These sections were 
cropped prior to hot rolling. 

The extrusion surfaces showed striations produced by the galling of 
the dies but were free of other defects. 

Hot Rolling. The hot rolling schedule for the zirconium alloys is 
presented in Table VII. As the schedule indicates, the rolling tempera- 
tures varied with the alloy content. More specifically, it was found that 
the rolling temperatures had to be increased with increasing aluminum 
content. 
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Table VIII 
Effects of Processing on the 
Hardness and Hydrogen Content 


Hydrogen (¢ 


Alloy — Hardness After - 

wt Extruding Hot Rolling Annealing Pickling P Q 
Zirconium 82Rae 90RB S5Rpa 46.7 1S 
Zr+1.S5Al 21Re- 28R. 22R- 59.0 | 
Zr+1.5Al+1.5Sn 25 30 29 53.3 0 
Zr+1.5Al+ 3Sn 26 28 28 69.4 , 
Zr+1.5Al+1.5Mo 32 28 28 69.2 S14 
Zr+1.5Al+1.5Sn+1.5Mo 33 28 31 63.6 5 
Zr+3Al 32 32 29 91.8 2 
Zr+3Al+1.5Sn 32 31 30 73.7 10.4 
Zr+3Al+3Sn 33 30 29 80.8 14.0 
Zr+3Al+1.5Sn+1.5Mo 38 40 30 59.0 123 





For conversion of the %-inch thick extrusions to %-inch thicl 
i billet length of 12 inches was selected. This length was selected b 
cause the final strip length, following the 3 to 1 reduction, would be 
optimum for the cleaning and annealing processes to follow 

The surfaces produced during the hot rolling operation were typical 


for zirconium heated and hot worked in open air. The white zirconium 
oxide was apparent under a thin, hard, light brown surface scale 
The surface color has been attributed to the lubricant used during 
rolling. 

Cleaning. Satisfactory cleaning of the hot rolled strip was obtained 
by sand blasting the material prior to pickling. After the surfaces had 
been sand blasted free of scale, pickling in a bath composed of 45% 
nitric acid and 5% hydrofluoric acid produced clean uniform surfaces 
About 0.002 to 0.003 inch of metal was removed by pickling for approxi 
mately 2 minutes, at 90 to 100 °F. 

Vacuum Annealing. Chemical analyses of the cleaned strip showed 
hydrogen levels in the range of 50 to 100 ppm. Because hydrogen re 
duces the room temperature ductility of zirconium and zirconium alloys 
(1),! a vacuum annealing operation was performed to remove most of 
the hydrogen and to produce a uniform microstructure free of the effects 
of prior work 

After thoroughly degreasing the strips in trichloroethylene, they 
were suspended vertically in the retort of the vacuum furnace. The 
furnace was heated to 1450 °F for 24 hours. The pressure in the retort 
at the end of 24 hours was Jess than 0.2 microns of mercury. 

The surfaces of the strips, after annealing, appeared to be the same as 
the pickled surfaces. There was no discoloration or other trace of oxida 
tion. It was also noticed that the strips had straightened under their own 
weight during the annealing treatment. The effects of this operation on 
the hydrogen content, as well as the effects of rolling and annealing or 
the hardness, are contained in Table VIII. 


1 The figures appearing in parentheses pertain to the references appende 
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Table IX 
Corrosion in 1000°F (540°C) Sodium 





— Average Weight Gain (Mg/cm? 


Alloy — = , a 
(wt%) 75 Hrs 163 Hrs 303 Hrs 500 Hrs 1000 Hrs 1500 Hrs 2500 Hrs 
Zirconium 0.14 0.23 0.33 0.30 0.55 0.50 0.56 
Zr+1.5Al 0.16 0.26 0.37 7 
Zr+1.5Al+1.5Sn 0.14 0.24 0.36 
Zr+1.5Al+3Sn 0.15 0.21 0.27 0.27 0.49 0.38 0.41 
Zr+1.5Al+1.5Mo 0.22 0.35 0.44 0.46 0.73 0.61 0.59 
Zr+1.5Al+1.5Sn+1.5Mo 0.18 0.33 0.40 
Zr+3Al 0.18 0.25 0.31 
Zr+3Al+1.5Sn 0.17 0.25 0.29 0.30 0.45 0.39 0.39 
Zr+3Al+3Sn 0.17 0.22 0.27 0.26 0.45 0.35 0.35 
Zr+3Al+1.5Sn+1.5Mo 0.23 0.31 0.36 0.35 0.56 0.43 0.52 


Test RESULTS AND DISCUSSION 


Absorption Cross Section. Zirconium’s low absorption cross-section 
for thermal neutrons makes the material attractive for nuclear reactor 
applications. Its macroscopic absorption cross section of 0.0078 cm? is 
increased to 0.010 cm“ for the highly alloyed, 3Al + 1.5 Sn+ 1.5 Mo 
zirconium alloy. These values compare with 0.26 cm~ for Type 304 
stainless steel. 

Sodium Compatibility. An important factor to be considered in the 
evaluation of a material is its corrosion resistance in the operating en- 
vironment. Therefore, the behavior of zirconium alloys in sodium at 
1000 °F was determined. 

From each of the extruded bars, 20 test specimens, 1 inch by % inch 
by % inch, were machined. All surfaces were machined to a specified 
finish of 63 microinch RMS. Prior to exposure, each specimen was 
carefully cleaned and weighed to the nearest 0.1 milligram. Dimensions 
were measured to the nearest 0.001 of an inch. 

The specimens were exposed to sodium at 1000 °F in a system where 
the oxygen level was maintained at 10 ppm by a cold trap operated at 
290 °F. Sodium flow was maintained by natural convection. The speci- 
mens were suspended in sodium for predetermined periods of time after 
which they were washed, dried, and re-weighed. Following exposure, 
the specimens exhibited a thin, tightly adherent, blue-black film. 

The weight change data tabulated in Table IX, represent the aver- 
ages for duplicate specimens at each condition. For comparison, the 
data for unalloyed zirconium, under the same exposure conditions, are 
included. Fig. 2, is a graphical representation of the total weight gain 
versus the log of time, where data for the Zr + 1.5 Al+ 1.5 Mo and 
the Zr + 3% Al+ 3% Sn alloys, and for unalloyed zirconium are 
shown. These two alloys represent the extremes of the complete series. 

The data show the anticipated weight gain with increased exposure 
time. Despite the inexplicable interruptions which occur in the data, 
the general trend seems well defined. From these data it can be con- 
cluded that the weight gain rates for the zirconium alloys are approxi- 
mately equal to the rate for unalloyed zirconium. In addition, a com- 
parison of the tabulated data indicates that those alloys which contain 
tin consistently show lower weight gains. 
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Tensile Properties at Room and Elevated Temperatures. The zir- 
conium and zirconium alloy specimens used in this series of tests were 
prepared from extruded, rolled, and vacuum annealed strip. To elimi 
nate any possible effects of surface contamination, the specimen blanks 
were surface ground to a depth of 0.010 to 0.015 inch on each side 
After surface grinding, standard 2-inch gage-length tensile specimens 


were milled from the blanks. Prior to testing, the reduced section of eac} 


il 








cxposure me 


Fig. 2—Corrosion of Zirconium-Base Alloys in Sodium at 1000 °F. 


test specimen was hand polished in the longitudinal direction to remove 
possible stress raisers. For the elevated temperature tests, re-enforcing 
tabs were welded on each grip end. In welding the tabs, chill blocks 
prevented heat effects in the reduced section. 

The tensile testing was performed in a 60,000 pound hydraulic test 
ing machine with attached strain pacer and recorder. A strain rate of 
approximately 0.00075 in/in-min was used for all of the tests. Variable 
reluctance extensometers were used, a snap-on type for the room tem 
perature tests and a separable type for the elevated temperature tests 

Soth extensometers were designed to accommodate 2-inch gage-lengt! 
sections. 

All of the elevated temperature tests were conducted in helium-filled 
chambers. Temperatures were controlled to +3 °F by use of a thet 
mocouple attached to the midpoint of the tensile coupon. The test 
coupons were allowed to soak at the test temperature for at least one 
hour before the loads were applied. Type 304 stainless steel, Mil-S-854 
condition A, and reactor-grade Zircaloy 2 were also investigated in this 
series of tests. 





h 
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— Table X 
Tensile Properties 
at room temperature) 
0.2% Offset Ultimate Modulus of 
Alloy Yield Strength Tensile Strength Elongatior Elasticity 
(wt %) 10% psi) (10* psi) % in 2° (10® psi) 

. 35.5 62.0 18 17.9 
2r+1.5Al+1.5Sn 87.5 101.4 13 16.1 
Zr+1.5Al+3Sn 103.0 114.5 13 14.7 
Zr+1.5Al+1.5Mo 115.5 121.6 8.5 14.4 
Zr+1.SAl+1.5Sn-+ 1.5Mo 118.0 127.3 10.0 13.6 
Zr+3Al 115.8 129.4 11.5 15.2 
7r+3Al+1.5Sn 118.3 133.4 11.0 14.9 
Zr+3Al+3Sn 122.3 136.8 3.0 17.0 
Zr+3Al+1.5Sn+1.5Mo 114.6 132.5 9.5 17.4 
Zircaloy 2 40.5 70.5 rt 16.7 
Type 304 37.2 85.2 44 28.9 
Stainless 
Steel 

T 7 






Fig. 3—Effect of Increasing Aluminum on the 
Yield Strength of Zirconium 


All tests were performed in duplicate; hence, each value in Tables 
X, XI, and XII is the average of two determinations. With the excep- 
tion of the values for % elongation, all of the tensile data reported were 
taken from autographic recordings. 

The ultimate and yield strengths of the alloys are substantially greater 
than those of unalloyed zirconium. These increases however, are ac- 
companied by decreases in ductility. A graphic representation of the 
strengthening effect of aluminum on the yield strength of zirconium 
is shown in Fig. 3. The data indicate that aluminum has a very potent 
strengthening effect on zirconium at both room and elevated tempera- 
tures. Similar results on the strengthening effect of aluminum in zir- 
conium have been described (2), (3), (4), (5). 

The superior tensile properties of these alloys are further demon- 
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Table XI = 
Short Time Tensile Properties 
(at t 1050°F 565°C Cc) 
0.2% ‘Offset Ultimate Modulus of 
Alloy Yield Strength Tensile Strength Elongation Elasticity 
(wt %) (10* psi) (10* psi) % in 2°) 10* psi 
Zirconium 5.7 13.5 66 10.5 
Zr+1.5Al 34.0 47.3 31 96 
Zr+1.S5Al+1.5Sn 40.4 54.5 22.5 93 
Zr+1.5Al+3Sn 42.0 60.8 25.5 8.3 
Zr+1.5Al+1.5Mo 43.0 54.0 27 8.1 
Zr+1.5Al+1.5Sn+1.5Mo 45.9 63.5 31 11.3 
Zr+3Al 49.1 73.3 23 11.6 
Zr+3Al+1.5Sn 48.1 77.1 25.5 14.5 
Zr+3Al+3Sn 52.1 78.7 17.5 9.8 
Zr+3Al+1.5Sn+1.5Mo 48.5 70.1 30.0 10.2 
Zircaloy 2 10.7 19.5 64.8 8.9 
Type 304 24.5 56.7 31.5 17.2 
Stainless Steel 
Table XII 
Short Time Tensile i 
(at 1200°F 650 
0.2% Offset Ultimate Modulus 
Alloy Yield Strength Tensile Strength Elongation Elasti 
(wt %) (108 psi) 10% psi) % in 2°) 10* psi 
Zirconium 3.1 74 134.0 8.5 
Zr+1.5Al 25.2 36.6 39.6 5.7 
Zr+1.5Al+1.5Sn 30.5 43.4 26.7 6.1 
Zr+1.5Al+3Sn 34.0 48.2 32.0 6.2 
Zr+1.5Al+1.5M 26.9 40.0 38.7 4 
Zr+1.5Al+1.5Sn + 1.5 M« 30.6 44.7 41.7 6.5 
Zr+3Al 36.5 57.9 32.5 6.3 
Zr+3Al+1.5Sn 33.1 56.9 24.0 51 
Zr+3Al+3Sn 39.0 67.1 15.0 4 
Zr+3Al+1.5Sn+1.5M 31.8 47.3 33.5 68 
Zircaloy 2 6.4 13.2 80.0 4.7 
Type 304 23.4 48.1 32.0 12.4 


Stainless Stee! 





strated by comparing their tensile properties with those of Zircaloy 2 
and of type 304 stainless steel. The data in Tables X, XI, and XII 
show that the tensile strength for the alloys exceed the tensile strength 
for Zircaloy 2 and type 304 stainless steel at room temperature and 
1050 °F. At 1200 °F the tensile strengths of the alloys are comparable 
to type 304 stainless steel. 

It will be noted that on increasing the test temperature from 80 °F 
to 1050 °F, the expected loss in strength and increase in elongation 
result. The % loss in strength for the alloys as a group is substantially 
less than the loss for unalloyed zirconium. The alloys show a 39% de- 
crease in tensile strength between room temperature and 1050 °F. The 
tensile strength for unalloyed zirconium decreases 77% over the same 
temperature range while type 304 stainless steel shows a 40% decrease 
in tensile strength. A further increase in temperature to 1200 °F pro 
duced a greater loss in strength which is more pronounced for the zir- 
conium alloys than for type 304 stainless steel. 

Creep Testing. For this series of tests, the specimens were prepared 
in a manner similar to that for the tensile specimens previously de- 
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——————————— — — ——_—_— a = — = 
Table XIII 
Minimum Creep Rates 
(at 1050 °F) 
Alloy Stress Minimum Creep Rate 
(wt %) 10? psi % per t 
Zr+1.5Al 25 1.8 x10~'* 
Zr+1.5Al+1.5Sn 25 1.5 x10 
Zr+1.5Al+3Sn 25 2.3 «10 
Zr+1.5Al+1.5Mo 25 1.3107 
Zr+1.5Al+1.5Sn+1.5Mo 7.5 510-4 
12.5 1.8 107% 
17.5 3.8107 
25 1.5 X107 
Zr+3Al 25 4x10°>%* 
Zr+3Al+1.5Sn 25 2.310 
Zr+3Al+3Sn 25 3x 107% 
Zr+3Ai+1.5Sn+1.5Mo 5 9x10~ 
12.5 2.1 «10-3 
25 7x10 
30 1x10 
35 5x10 
Zircaloy 2 1.7 2.81073 
2.6 8 x10~3 
4.0 41072 


* Average of two tests 


scribed. Re-enforcing tabs welded on the grip ends eliminate the possi- 
bility of elongation of the grip-end holes. 

All of the creep tests were performed in constant-load machines with 
a 20:1 mechanical advantage. The specimens were heated to a 1050 °F 
+3 °F in argon-filled chambers, where the gas pressure was maintained 
at 5 psig. Prior to its introduction into the test chambers, the argon 
was passed through a combination NaK bubbler and scrubber. This 
precaution was taken to insure high purity argon. In spite of this pre- 
cautionary measure, the surfaces of many of the tested coupons did show 
slight oxidation. Before the loads were applied, the thermocoupled 
specimens were allowed to soak at the test temperature for a minimum 
of one hour. Elongation readings were taken regularly over a period of 
200 to 1300 hours. 

To screen the alloys on the basis of their creep strength, the minimum 
creep rates (Table XIII) were determined for the alloys at a constant 
stress level of 25,000 psi. Subsequent testing could then be concen- 
trated on the more promising alloys. The unalloyed zirconium control 
and Zircaloy 2 were not included in this evaluation since the 25,000 psi 
stress level exceeds their ultimate tensile strengths at 1050 °F. 

The creep resistance for an alloy is reported as a minimum creep rate 
in % per hour. To arrive at the minimum creep rate, it was assumed 
that all of the elongation which occurred during the secondary stage, 
took place in the 2-inch reduced section of the specimen. The use of this 
method for measuring the elongation was necessary because neither the 
furnaces nor the atmosphere chambers were equipped with observation 
ports. 

The effect of molybdenum on the secondary creep rates for two of the 
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4—Effect of Molybdenum on the Minimum 
Rates for Two Zirconium-Base Alloys 


Stress Versus Minimum Creep Rate for Two 
Alloys at 1050 °F. 
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Fig. 6—Thermal Conductivity of Zirconium 
Alloys and Stainless Steel 
Table XIV 
Thermal Conductivity For A 
Selected Group of Zirconium Alloys 
and for Stainless Steel 
Temper- Thermal Temper Thermal 
ature Conductivity ature Conductivity 
Alloy F)* BTU/HR-FT-°F)* Alloy F)* BTU/HR-FT-°F)* 
Type 304 887 12.3 Zr+3Al+4+1.5Sr 793 7.2 
Stainless 961 12.5 872 7.4 
Steel 1027 12.5 1017 7.9 
1090 13.1 1108 8.3 
Zr+1.SAl+3Sn 761 7.6 Zr+3Al+3Sn 851 8.1 
829 8.3 919 8.3 
896 8.7 966 8.5 
1013 9.0 1026 8.7 
1116 9.6 1105 9.2 
Zr+1.5Al+ 
1.5Sn+1.5Mo 885 9.6 
910 9.7 
995 99 


1103 10.7 


* Converted from metric units 
Also corrected with Type 304 Stainless Steel Standard 


alloys is illustrated graphically in Fig. 4. For the zirconium + 1.5% 
aluminum binary alloy, the addition of 1.5% molybdenum decreases 
the secondary creep rate by a factor of 10. A similar addition to the 
ternary alloy, zirconium+ 3% aluminum -+ 1.5% tin, produced a 
three-fold reduction in its creep rate. Further indication of the effec- 
tiveness of molybdenum in retarding creep rate of zirconium alloyed 
with the alpha-stabilizing elements, aluminum and tin, is demonstrated 
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by comparing the creep rates for zirconium + 1.5% aluminum, zir- 
conium + 1.5% aluminum + 1.5% molybdenum, and zirconium + 3% 
aluminum + 1.5% tin. 

The comparison shows that the addition of 1.5% molybdenum to the 
basic zirconium + 1.5% aluminum alloy has an effect equivalent to the 
addition of both 1.5% aluminum and 1.5% tin to the basic binary alloy 

Minimum creep rates for a high strength zirconium alloy zirconium 
+1.5% aluminum + 1.5% tin+ 1.5% molybdenum—and for the 
commercially available alloy Zircaloy 2 are shown in Fig. 5. A compari 
son of these rates show a marked superiority for the alloy which con 
tains aluminum and molybdenum in addition to tin which is the major 
alloying element in Zircaloy 2. 

Thermal Conductivity. Thermal conductivity values through the tem 
perature region, 750 to 1160 °F, were determined for a selected group 
of the zirconium alloys and for type 304 stainless steel. The zirconium 
alloy wafers used for the measurements, were machined from portions 
of the extrusion billets. The stainless steel wafers were machined fron 
QQ-S-763 Bar stock. 

A radial heat flow method was employed to measure the thermal 
conductivity. The values which are tabulated in Table XIV are the 
averages of at least three measurements for each alloy at each tempera 
ture. The data for the alloys appear as a band in Fig. 6, the extremes 
of which represent the two alloys having the highest and the lowest 
thermal conductivity. Fig. 6 shows that the thermal conductivity of the 
zirconium alloys averages 65 to 75% of the thermal conductivity of 
type 304 stainless steel over the temperature range investigated 


CONCLUSIONS 
For the zirconium alloys studied, it can be concluded that 


1. They can be successfully hot worked by standard fabrication 
techniques. 

2. Their neutron absorption characteristics are very similar to 
that for unalloyed zirconium. 

3. Their corrosion resistance is, with slight variation, equal to 
that for unalloyed zirconium after exposure for 2500 hours in 
sodium at 1000 °F. 

4. Their room temperature tensile strengths are greater than 
those for unalloyed zirconium, Zircaloy 2, and for type 304 
stainless steel. 

5. Their tensile strengths, at elevated temperatures, exceed those 
for either unalloyed zirconium or Zircaloy 2 and at 1200 °F are 
comparable to those for type 304 stainless steel. 

6. Their creep resistance, although less than that for type 304 
stainless steel, is acceptable for reactor use. 
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7. Their average thermal conductivity, equal to 75% that of stain- 
less steel, is considered to be adequate for nuclear service. 
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THE EFFECT OF URANIUM HYDRIDE DIS. 
TRIBUTION AND RECRYSTALLIZATION 
ON THE TENSILE PROPERTIES OF 
URANIUM 


By H. R. GARDNER AND J. W. RICHEs 


Abstract 

The effects of hydrogen concentration, beta uranium 
hydride formation and particle size, recrystallization, and 
cooling rate from recrystallization temperature, on th 
tensile properties of uranium were determined over a 
temperature range of —20 to 200°C (—4 to 390°F 
Significant effects on tensile properties were produced ! 
each of these variables. (ASM-SLA Classification: Q27a 
N5, 2-64, 3-69, U-a) 


INTRODUCTION 


YDROGEN in the range of one to five ppm is a common im 
purity in uranium, as the compound beta uranium hydride (1 
Results obtained for a wide range of cooling rates have shown that 
the formation of uranium hydride inclusions occurs primarily at grain 
boundaries, (2,3) and that the hydride inclusion size increases and 
the number decreases as the cooling rate decreases (3). At cooling 
rates greater than 40 °C per second, over the 275—375 °C (525-705 °F 
range, the extremely small hydride inclusions exist as a fine, relatively 
continuous grain boundary precipitate, and can be optically observed 
only by application of an inclusion etch which preferentially attacks 
hydride inclusions. At lower cooling rates the size of the inclusions in 
creases and the hydride is readily observable at optical magnifications 
of 500 diameters as lance or needle-shaped grey-brown inclusions 


the 


These inclusions also occur at grain boundaries but they are consider 
ably less continuous than the fine precipitate. 
Since cooling rate influences the continuity and size of the hydride 


precipitate, and in general a continuous grain boundary precipitate re 
duces tensile ductility, a study was made of the effect of size and dis 

1 The figures appearing in parentheses pertain to the references appended to this pay 

A paper presented before the Forty-first Annual Convention of the Soci 
held in Chicago, November 2-6, 1959 
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and Fuels Research and Development Operation, General Electric Company, Han 
ford Atomic Products Operation, Richland, Washington. Manuscript received 
September 29, 1958. 
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tribution of a uranium hydride precipitate on the tensile properties of 
uranium. 
EXPERIMENTAL PROCEDURE AND RESULTS 
Sample Preparation 


A single rod of beta quenched dingot * uranium, having a density of 
19.03 g/ce and a total impurity content of 130 ppm was used for this 
study, Table I. The dingot rod was produced by rolling the scalped and 
forged bomb reduction product at 620-640 °C (1150-1850°F) from 
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Fig. 1 Tensile Specimen Design and Location 


molten 46% LisCOs, 54% KeCOs salt. The rolled rod was salt bath 
beta heat treated for 13-15 minutes at 720-740°C (1330-1365 °F ) 
and water quenched within 20 seconds after removal from the bath. 
Tensile specimens of 1.25 inch gage length and 0.28 inch gage diameter, 
Fig. 1, were fabricated from 4-inch rod lengths, three specimens per 
rod length. The ultimate gage diameter for tensile testing was 0.25 
inches ; the tensile specimens were heat treated in the 0.28 inch diameter 
condition and then finish machined and polished to remove any oxide 
scale or warp produced during the heat treatment. 


Heat Treatment 


The heat treatments used were selected to produce the following con- 
ditions of uranium hydride size and distribution in the uranium matrix. 
These conditions were chosen because it was felt that they would pro- 
duce the largest comparative changes in the tensile properties of 
uranium. 


* The term dingot is a contraction of the words “direct ingot” and means that it is formed 
directly from the bomb reduction without intermediate recasting 
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Table I 
Chemical Analysis and Density of Dingot Uranium Used for Study of 
ensile Properties 


Analysis Range 

Element (ppm) (ppm) 

H 3.3 3.2 3.4 

be 37 15 65 

N 12 9 14 

Fe 22 20 23 

Si 23 22 25 

\l 2 

Cr 10 

Cu 0.6 0.5 1.0 

Mg 6 5 10 

Mn 5 

Ni 18 10 20 
Density 19.03 g/cm* 19.03 


(1) Average based on 


19.04 


four determinations 


THE ASM 


Method of Determinati 


Five hours vacuum extraction at 


Gravimetric 
Gravimetric 


Spectrochemical, 
Spectrochemical, 
Spectrochemical, 


film 


Spectrochemical, 


film. 
Spectrochemical 
film 


Spectrochemical, 


film. 


Spectrochemical, 


film. 
Spectrochemical 
film. 
By difference 


R70 °¢ 


densitometer 
densitometer 
visual 


estin 

visual estimate 
visual estimate 
visual estimate 


visual estimate 


visual estin 


(a) A fine uranium hydride precipitate at the grain bound 
both beta quenched and recrystallized beta quenched uranium. 

(b) A coarse uranium hydride precipitate at the grain boundari 
of recrystallized beta quenched uranium. 

(c) Little or no uranium hydride precipitate in the beta quenche: 
and recrystallized beta quenched uranium. 

To achieve these conditions the following heat treatments were pet 
formed in a Houghton 980 chloride salt mixture composed of 48 
BaCle, 28% KCl and 24% NaC!. Quartz vacuum sealing refers to en 
closing each tensile specimen in a 20 mm I.D. quartz tube under a st 
vacuum of 50 & 10° mm Hg pressure. 


a. A Group 


fast quenched, recrystallized beta quenched w 
extensive fine uranium hydride precipitate at grain boundaries. The 


1 
t} 
t 


bare specimens were initially salt bath heat treated for 4 minute 
730°C (1345°F) and quenched within four seconds into 15-18 °( 
water (hereinafter termed beta quenching). Final heat treatment cot 
sisted of salt bath annealing the bare specimens for five minutes 
650 °C (1200 °F ) followed by water quenching. 
slow cooled, recrystallized beta quenched with a larg: 


b. B Group 


hydride precipitate at grain boundaries. The bare specimens were 


initially beta quenched. Final treatment consisted of muffle furnac« 
annealing the quartz vacuum sealed specimens for 


(1200 


e.¢ Group 


F) followed by furnace cooling. 
fast quenched, recrystallized beta quenched with little 


114 hours at 650 °¢ 


? 
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or no hydride precipitate. The bare specimens were initially beta 
quenched, then outgassed in a dynamic vacuum of 10° mm Hg pres- 
sure, at 600°C (1110°F) for 15 hours followed by furnace cooling. 
Final treatment consisted of muffle furnace annealing the quartz vac- 
uum sealed tensile specimens for two hours at 650°C (1200°F) fol- 
lowed by quenching and breaking the quartz under 17 °C water, pro- 
ducing a rapid cooling rate in the specimens. Thus except for hydrogen 
concentration the C group is comparable to the A group. 

d. D Group—slow cooled, recrystallized beta quenched, little or no 
hydride precipitate. The bare specimens were initially beta quenched, 
then outgassed under the same conditions as the C Group. Final treat- 
ment consisted of muffle furnace annealing the quartz vacuum sealed 
specimens for two hours at 600°C (1110°F) followed by furnace 
cooling. With the exception of hydrogen concentration, the D group 
is comparable to the B group. 

e. G Group—beta quenched, little or no hydride precipitate. The 
bare specimens were outgassed under the same conditions as the C and 
D group specimens. Final treatment consisted of salt bath heat treating 
the quartz vacuum sealed specimens for 40 minutes at 730 °C (1345 °F) 
followed by quenching and breaking the quartz cylinders under water. 

f. H Group—beta quenched, extensive fine grain boundary hydride 
precipitate. The bare specimens were beta quenched. The G and H 
groups are comparable except for hydrogen concentration. 

g. As Machined—beta quenched, intermediate size hydride precipi- 
tate at grain boundaries. Tensile specimens were machined directly 
from the beta quenched rod. 

Each of the above groups of specimens were heat treated and 
quenched vertically in a batch type operation. Cooling rates for the 
groups of tensile specimens were determined from cooling curves on 
furnace temperature charts for all furnace cooled specimens, and from 
thermocouples inserted axially in a tensile specimen for the water 
quenched specimens. A temperature interval of 275-375°C 
(525-705 °F) was used for the cooling rate determinations because 
uranium hydride nucleates in this temperature range. A summary of 
the heat treatment, cooling rate, hydrogen concentration, grain di- 
ameter and form of uranium hydride inclusions for each group are 
presented in Table II. 

As indicated above, the A group is comparable to the C group, the 
B group to the D group and the G group to the H group, the only dif- 
ference within each comparison being hydrogen concentration. The A, 
C, B and D groups were recrystallized after beta quenching and the G 
and H groups are in the beta quenched condition. The as machined 
group was included so that the effect of the other treatments could be 
compared to the original condition. Significant variables affecting 
tensile properties should be hydride concentration, size, and distribu- 








During Final Concen- Grain Form of 
Specimen Heat Treat- tration Diameter Uranium Hydride 
Group Heat Treatment ment(1) (ppm)(2) (mm)(3) Inclusions 
As a. Beta-quenched Approximately 3.3 0.60 Large number of s 
Machined in rod form 33 C/sec hydride needles 
(AM) 
A a. Beta-quenched 380.0 C/sec 3.2 0.30 Extensive grain bo 
b. Alpha anneal, ai network 
water quench 
B a. Beta-quenched 0.002 C/sex 0.26 0.20 Large needle shape 
b. Alpha anneal, (8.6 C/hr) hydride lusions 
furnace cool 
Cc a. Beta-quenched 380.0 C/sec 0.36 0.35 Slight grain boundar 
b. Alpha outgas, network, possibl 
furnace cool cro-cracking, Figure 
c. Alpha vacuum 
anneal, water 
quench 
D a. Beta-quenched 0.003 C/sec 0.12 0.40 Very few small hydric 
b. Alpha outgas, (9.7 C/hr) needles 
furnace cool 
c. Alpha anneal, 
furnace cool 
G a. Beta-quenched No visible hydride 
b. Alpha outgas, either form, poss 
furnace cool 316.0 C/sec 0.30 1.40 micro-cracking, Fig 
c. Beta quench 10 
H a. Beta-quenched 316.0 C/sec 3.6 0.55 Extensive gra 
ary network 


(1) Average cooling rate 
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NSACTIONS 


OF 


Table Il 
Heat Treatment and Pertinent Metallurgical Data 


Cooling Rate 


Hydrogen 


THE 


ASM 


Average 





over temperature range of 275-375 °C 
Average of two analyses, 5 hours vacuum extraction at 820°¢ 


Determined by HAPO X20 maco grain size technique (4) 


tion, a recrystallized or unrecrystallized structure, and possibly the 


t 


final cooling rate during specimen heat treatment 


Metallographic Observations 


Metallographic examination of an untested tensile specimen from 
each of the experimental groups revealed that the heat treatments per 
formed had achieved the desired microstructural effects in all cases 
except the B group. Here the expected large hydride precipitate was 
obtained at grain boundaries; however, the hydrogen concentration 
had decreased from the desired level of 3.2 ppm to 0.26 ppm resulting 
in a marked decrease in the frequ: cy of occurrence of the precipitat: 
Figs. 2 and 3 illustrate the size and distribution of the uranium hydride 
precipitate in each of the tensile specimen groups. Figs. 4 and 5 il 
lustrate typical macro and microstructures of the tensile specimens 


Tensile Testing 
Tensile specimens were tested on a Baldwin-Lima-Hamilton, Uni 
versal Tensile Testing Machine. Load-elongation measurements were 
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Fig. 2—Photomicrographs of Specimens after Electrolytic Inclusion Etch. Bright field 
illumination. X 100. (a) H Group Specimen, beta quenched, 3.6 ppm hydrogen. Note fine 
grain boundary uranium hydride precipitate. (b) G Group specimen, beta quenched, 0.30 
ppm hydrogen. Note absence of grain boundary precipitate. (c) A Group specimen, fast 
quenched, recrystallized beta quenched, 3.2 ppm hydrogen. Note fine grain boundary 
uranium hydride precipitate. (d) C Group specimen, fast quenched, recrystallized beta 
quenched, 0.36 ppm hydrogen. Slight amount of grain boundary precipitate present. 
taken with a Baldwin-Lima-Hamilton one inch averaging screw type 
microformer extensometer. Testing at elevated temperatures was ac- 
complished in a Baldwin-Lima-Hamilton temperature control cabinet 
capable of regulating the temperature to within +1C. Duplicate spect- 
mens of all groups were tensile tested. The high degree of reproduci- 
bility of the data is illustrated in the following analysis 
(a) 95% of the duplicate elongation determinations differed by 
3.0 per cent or less. 
(b) 98% of all duplicate ultimate strength values differed by 
3000 psi or less, and 
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Fig. 2—(Continued)—Photomicrographs of Specimens after Electrolytic Inclusion Et 
Bright field illumination. x 100. (e) D Group specimen, slow cooled, recrystallized beta 
quenched, 0.12 ppm 1 Slight indication of a grain boundary precipitate. (f) B 
Group specimen, slow cooled, recrystallized beta quenched, 0.26 ppm hydrogen. Note 
large hydride inclusions at grain boundaries. (Arrows.) (g) AM Group specimen, in as 
machined condition from beta quenched rod, 3.3 ppm hydrogen. Note grain b y 


precipitate of a larger size than that present in either H or A Group 


(Cc) 88% 


or less. 


The ultimate strength, yield strength and elongation dat 


sented in Figs. 6, 7 and 8 respectively. 


A statistical analysis (5) of the ultimate strength, yield strength, 
elongation data showed significant differences between the foll 
comparative groups: G and H, A and C, A and H, and G and ¢ 
ference not significant for yield strength). The C and D groups sh 
a significant difference only in the elongation data. 


of all duplicate yield strength data differed by 3000 psi 
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Fig. 3—Photomicrographs of As-Polished Specimens, Bright ty Illumination, X 500. 

(a) H Group specimen, beta quenched, 3.6 ppm hydrogen. The A, C, and B groups also 

have this type of microstructure. (b) D Group specimen, slow cooled, recrystallized beta 

quenched, 0.12 ppm hydrogen. Note hydride needle. (c) B Group specimen, slow cooled, re 

crystallized beta quenched, 0.26 ppm hydrogen. Note large hydride needle. (d) AM Group 

specimen, in as machined condition from beta quenched rod, 3.3 ppm hydrogen. Note 
small hydride needles. 


DISCUSSION 


The effect of a fine grain boundary uranium hydride precipitate on 
the tensile properties of beta quenched uranium is illustrated by a com- 
parison of the H and G group results. Extensive amounts of precipi- 
tate are present in the H group specimens while none is present in the 
G group samples, Figs. 2a and b. The presence of this precipitate causes 
a significant, but relatively small effect on the tensile properties of 








736 TRANSACTIONS OF THE ASM V 





Fig. 4—Photomacrographs of Tensile Specimen Diameter. Standard HCl, HNO 
Bright field illumination. x 10. (a) H Group specimen, beta quenched, x 
Average grain diameter 0.55 mm. (b) G Group specimen, beta quenched, 30 ppm hydr 


ppm hydroge 


gen. Average grain diameter 1.40 mm. (c) Recrystallized beta quenched structure typ 
of A, B, C and D groups. Average grain diameter 0.40 mm. (d) AM Group ( 
as machined condition from beta quenched rod. Average grain diameter 0. 


uranium. The elongation is decreased, the yield strength increas« 
the shape of the ultimate strength curve below 100°C (210°! 
altered. Note that the averagé grain diameter of the low hyd: 
group (1.40 mm) is 2% times larger than that in the high hyd 
group (0.55 mm), Figs. 4a and 4b. This difference in grain size 1 


have contributed to the limited effect of the grain boundary precipit 


on the ductility, since ductility generally decreases as grain siz 
creases (6). In addition, it is indicated that grain size is inversel 
lated to hydrogen concentration. 

A fine grain boundary uranium hydride precipitate in fast quenc! 
recrystallized beta quenched uranium has the same general effect 
has in beta quenched uranium, A and C groups. There is, howev« 


r 
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c 

Fig. 5—Photomicrographs of Grain Structure. Electropolished surface, polarized il 
luminatior x 10 (a) H Group specimen, beta quenched, 3.6 ppm hydrogen. (b) G 
Group specimen, beta quenched, 0.30 ppm hydrogen. (c) Recrystallize beta quenched 
structure, typical of A, B, C and D groups. (d) AM Group specimen, in as machined 


condition from beta quenched rod. 


shift in the magnitude of the tensile results but as will be shown later in 
the report this is because of the recrystallization process itself. 

In both the beta quenched, and fast quenched, recrystallized beta 
quenched specimens, A and H groups, the behavior of the ultimate 
strength at temperatures below 30°C (—22 °F) is of interest. In this 
region the ultimate strength increased as the temperature decreased 
to —20°C, the lowest testing temperature. However, in similarly 
treated specimens containing no fine precipitate, G and C groups, the 
ultimate strength decreased below 30 °C. Recrystallized beta quenched 
specimens, furnace cooled from recrystallization temperatures and con 
taining none or a few large hydride inclusions also decreased in ulti 
mate strength with decreasing temperature. Therefore, these results 
indicate that the increase in ultimate strength below 30 °C can be traced 
directly to the fine hydride precipitate and is not a function of cooling 
rate. 

As indicated earlier only a slight difference in hydrogen concentra- 
tion was produced between the B and D groups; therefore it was not 
possible to determine the,effect of very large uranium hydride in- 
clusions precipitated at grain boundaries in slow cooled, recrystallized 
beta quenched uranium. 
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Fig. 6—Effect of Testing Temperature on Ultimate Strength 


However, an interesting comparison of the data can be made. The 
metallographic results, Figs. 2e and 2f, 3b and 3c and 4c, illustrate that 
except for a slight difference in the size and amount of hydride in 
clusions present, the final metallurgical conditions produced by eac!l 
treatment are quite similar although different experimental conditions 
were used to achieve the resulting structures. It would be expected ther 
that the tensile properties should be quite similar. As illustrated in 
Figs. 6 and 7, the ultimate and yield strength curves are almost identi 
cal. The elongation curves, Fig. 8, are also quite similar except for an 
unexplained peak in the D curve at 100°C. Thus, the alpha phase 
thermal history prior to the final thermal treatment does not appreci 
ably influence the end result. 

The effect of hydride precipitate size on ultimate strength in the 30 
to —20 °C temperature region is illustrated by tests on the as-machined 
specimens which were machined from the 33°C per second cooling 
rate region of the original beta quenched rod stock used for this work. 
In these specimens, the hydride particle size is much coarser than the 
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Fig. 7—Effect of Testing Temperature on Yield Strength 


fine precipitate of the H group specimens and can be easily seen in the 
as polished specimen at x 500. The ultimate strength, Fig. 6, AM 
curve, increases with decreasing temperature similar to the fine precipi- 
tate effect ; however, it is displaced approximately half-way between the 
fine precipitate H curve and no precipitate G curve. This indicates that 
an increase in hydride precipitate size causes a downward shift in ulti- 
mate strength values in this temperature region. 

The effect of cooling rate from recrystallization temperature can be 
determined by a comparison of the dehydrogenated, 0.12 to 0.36 ppm 
recrystallized specimens having cooling rates of 380 °C (715 °F) per 
second and 0.003 °C per second, C and D groups respectively. Small 
amounts of the fine precipitate and the large precipitate are present 
in the fast and slow cooled specimens, respectively, Figs. 2d and 3b. 
However, on the basis of the slight effect of a hydride precipitate on 
tensile properties illustrated in the preceding determinations, these 
small amounts can be neglected. Examination of the tensile data in 
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Fig. 8—Effect of Testing Temperature on Elongation 


Figs. 6, 7 and 8 discloses that the ultimate strength and yield strengtl 
are unaffected by cooling rate. 

However, the effect of cooling rate on elongation is very pronounce: 
at temperatures greater than 80°C (176°F), the high cooling rate 
casising a marked increase in elongation. 

The effect of recrystallization on the tensile properties of high hy 
drogen, beta quenched uranium was determined by comparing | 


gy beta 
quenched uranium of 3.6 ppm hydrogen and a cooling rate of 316 °¢ 


per second, H group, to recrystallized beta quenched uranium with a 


hydrogen concentration of 3.2 ppm and a cooling rate of 380°C per 
second, A group. Since both treatments produced specimens with ex 
tensive amounts of the fine grain boundary hydride precipitate, Figure 
2a and c, and the hydrogen concentrations and cooling rates are ap 


proximately the same, the only difference between the specimens is the 
change in grain structure produced by the recrystallization process 
Figs. 4a and 4c. Figs. 6, 7 and 8 illustrate that recrystallization of high 


hydrogen beta quenched uranium produces a decrease in both ultimate 
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Fig. 9—Photomicrographs of C Group Tensile Speci 
men Illustrating What are Believed te be Micr 


cracks. Photo (a) of a polished specimen at 
bright field illumination. Photo (b) of elec tropolishe 
specimens at X 100, polarized illumination. Note 


that only part of one of the cracks is jocated at 
grain boundary 


and yield strengths, and an increase in elongation above 90°C 
(195 °F). 

The effect of recrystallization on the tensile properties of low hydro 
gen beta quenched uranium was determined by comparing beta 
quenched uranium of 0.30 ppm hydrogen and a cooling rate of 316°C 
per second, G group, to recrystallized beta quenched uranium contain- 
ing 0.36 ppm hydrogen with a 380°C per second cooling rate, C group. 
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id 


Fig. 1 Photomicrograph of As-Polished G Group Tensile Specimen Als 

llustrating What is Believed to be a Microcrack. During examination under 

polarized illumination it was determined that the crack was not locate 
at a grain boundary 


There is essentially no hydride precipitate in either group, Figs. 21 
and 2d; again the significant difference between the two groups 

a 600°C (1110°F) recrystallization, Figs. 4b and 4c. Thus the 
crystallization of low hydrogen beta quenched uranium produces 
crease in ultimate strength, an increase in yield strength at tem) 
tures up to 130°C (265 °F), and an increase in elongation above 70 °( 
(158°F). 

In general, the above observed effects of recrystallization agree 
previous results (7) involving work preliminary to the present stud 

As indicated from the elongation data, Fig. 8, a marked brittle 1 
ductile transition occurs. The individual transition temperatures rang: 
from 60 to 93 °C. There does not seem to be any effect of the treat 
ments studied on the transition temperature. 

Metallographic examination of tensile specimens in the unteste 
condition, revealed what are believed to be microcracks in the degas 
recrystallized beta quenched C group specimens, Fig. 9, and in the 
degassed beta quenched G group specimens, Fig. 10. The exact natu 
of these microstructural phenomena was not determined ; however 
view of the high degree of reproducibility of the data, they either had 1 
effect on the results or the effect was consistent over the range of testing 
temperatures studied. 


CONCLUSIONS 


In general the ultimate and yield strengths of beta quenched 


beta quenched fast quenched recrystallized uranium are increased by 
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fine hydride precipitate while the elongation is decreased. 

Recrystallization of beta quenched uranium produces a decrease in 
ultimate strength and an increase in elongation. 

It is important to recognize that while the above effects are sig- 
nificant, their magnitudes are all rather small and may not be im- 
portant from an engineering standpoint. 

Of fundamental interest is the increase in ultimate strength with 
decreasing temperature below 30 °C caused by a fine hydride precipi- 
tate in both beta quenched and beta quenched, fast quenched recrystal- 
lized uranium. 

An indication was obtained that the tensile properties of uranium 
are independent of alpha phase thermal treatment prior to the final heat 
treatment. 

A marked brittle ductile transition was observed in the 60 to 93 °C 
temperature range for all specimen conditions tested. 

In beta quenched uranium, hydrogen in the form of uranium hydride 
has a grain refining effect. 
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DISCUSSION 


Written Discussion: By R. F. Dickerson, chief, Reactor Metallurgy Division 
3attelle Memorial Institute, Columbus, Ohio 
The results reported by Gardner and Riches are of particular interest to the 


uranium metallurgist in that they indicate the effect that uranium hydride car 
have on the tensile properties of the metal. There are certain data reported, how 
ever, that are difficult to understand. Fig. 6 of the paper shows that in the case of 


those specimens containing fine hydride precipitate the ultimate strength actually 
peaks at —20 °C and is lower at room temperature. This does not seem reason 


able. 

Although one might expect fine precipitate containing material to have a hig 
ultimate at the low temperatures, there is no good reason to believe that these 
values should not increase with increasing test temperature until they peak 


the vicinity of room temperature unless the mode of fracture has changed. The 
elongation versus temperature curves indicate that the mode of fracture for 
uranium in all conditions appears to be cleavage at 20°C. If the ul 





strength values are correct, this difference in ultimate strength at room tempera 
ture between uranium with hydride and without hydride is an interesting o 
currence which could well be investigated further. It may be related to the 
transition from the shear to the cleavage mode of fracture 

We were interested to note that the authors show photomicrographs of ma 
terial containing 0.26 ppm hydrogen with a fair number of large hydride 


u 
ul 


visible. It has been our experience that it is difficult to identify uran 
inclusions in material containing 0.6 ppm of hydrogen or less. The material 


which we have observed has been in a number of different conditions of heat 
treatment. Unfortunately, we have not checked the effect of various oling 
rates on this lower limit figure. It is entirely possible that by proper oling 
through the 275-375 °C (525-705 °F‘ zone we might observe hydride particles 
in uranium which contain less tha n of hydrogen 

A real contribution of the pa resentation of the facts which establish 
hydride in small particles as a grain refiner. This, coupled with the fact 
that the size of hydride particies can be controlled by cooling rate, point it 
the interesting possibility of tailoring the grain size of hydrogen containing 


uranium by heat treatment. 


Written Discussion: By N. F. Neumann, Mallinckrodt Chemical W 
Uranium Division, St. Charles, Missouri 

The paper by Gardner and Riches represents a significant contril 
uranium metallurgy. There is only one point we wish to question 

The conclusion concerning the grain refining effect of uranium | 
beta quenched uranium was apparently drawn from the inverse relatio 


tween the grain size and the hydrogen content of the beta treated sample 
Table II of their paper gives a hydrogen content of 3.6, 3.3 and 0.3 ppm and 
a grain size of 0.55, 0.60 and 1.44 mm. for conditions H, AM, and G respecti 
These data certainly suggest that the uranium hydride has a grain refining ef 
however, the conditions which produced this apparent relationship permit another 
explanation 

All of the samples initially had a beta quenched structure identical to the as 


machined sample. They had a grain size of 0.60 mm. and contained 3.3 ppm 
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hydrogen. The samples designated H were given a second beta treatment which 
resulted in a slight refining of the grains to 0.55 mm. During this heat treatment 
the metal picked up hydrogen from the bath. The low hydrogen content and the 
large grain size of sample G were obtained by degassing for 15 hours at 600 °C 
(1110°F), which was, in effect, a long alpha anneal, followed by a beta treat- 
ment. In our laboratory, beta treated dingot metal with a composition similar to 
that used in this investigation has revealed marked grain growth both after a 
15 hour anneal at 600°C (1110°F) in Houghton 800 salt and after a subsequent 
beta treatment in a bath composed of 50% NaCl and 50% KCl 

However, much less growth was encountered with dingot metal containing 
minute alloying addition. The hydrogen contents of these samples were 1.9 and 
2.1 ppm for the normal and the slightly alloyed metal respectively. These data 
indicate that uranium hydride does not have a grain refining effect in beta treated 
uranium and that the large grains observed by the authors in samples designated 
G can be attributed to the heat treating condition employed 


Written Discussion: By Carl E. Polson, head, Metallurgical Department, Na- 
tional Lead Company of Ohio, Cincinnati, Ohio. 

The authors and co-workers are to be complimented on their work especially 
because of the recognized difficulty in reproducing results at such low hydrogen 
levels. Of particular interest is the effect of hydrogen on reducing grain size. 
The data appear to support this conclusion. However, it might also be stated 
that the annealing step (outgassing) prior to beta treatment influenced the 
grain size (comparison of samples G and H). Such an effect wa served by 
J. Lehman and H. Aubat of France in HW-TR-1 but the phenomenon was not 
sufficiently defined. 

It would be interesting to see data on tensile properties of a high hydrogen 
sample after alpha annealing in salt (600°C for 15 hours) followed by a beta 
treatment. Do the authors have such information? 

The effects of grain size differences on the tensile properties were not con- 
sidered in the paper. Do the authors feel that grain size plays any role in con- 
tributing to the effects they have attributed to hydrides? 


Written Discussion: By A. E. Gorum and J. T. Waber, Los Alamos Scientific 
Laboratory, Los Alamos, New Mexico. 

The authors are to be complimented for their excellent experimental pro 
cedures and for increasing the understanding of the effects of hydrogen on the 
mechanical properties of uranium. However, in their discussion they have made 
no mention of the possibility of a hydride being formed during testing nor did 
they clarify the effect that hydrogen might have when it is in solution. It would 
appear that their data warrant additional discussion along these lines 

It has been reported by Smith (2) that the hydride is precipitated in specimens 
that have been reheated to 200°C (390°F). It would then seem probable that 
in the presence of an applied stress precipitation could take place at some tempera 
ture below 200 °C (390 °F). 

If one examines the elongation curves in the higher temperature range in 
Fig. 8, some striking differences are seen that are not explained by the initial 
microstructures that were observed. The most significant difference is between 
the slow cooled specimens (B and D), which show an increase in elongation 
above 140°C (285 °F), and all of the quenched specimens, which exhibit a de- 
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crease in elongation. This would indicate that B and D were in a near equilibrium 
condition and that little or no change took place in their structure during testing 
If this is true then the decrease observed in the quenched specimens would indj 
cate that a structural change was taking place during testing 

In an effort to clarify the effect of hydrogen in solution as well as to explore 
the possibility of precipitate formation, we might examine curves C and D. Speci 


, , 
Slowly so 


men D contained all of its hydrogen in solution and had been coole 
that it would represent a stable solid solution alloy. On the other hand, Speci 
men C contained three times as much hydrogen and had been quenched in order to 
form a metastable solid solution. That this solution was metastable is verified 
by comparing curves B & C. Specimen B contained slightly less hydrogen and 
formed a coarse hydride when cooled slowly. 

Comparing the solid solution curve of D with that of C indicates that elonga 
tion increases with increasing hydrogen content. When the metastable solid 
solution was tested above 140°C (285°F) a continuous decrease in elongation 
was observed. Since it is generally accepted that a precipitate leads to a decrease 
in elongation, it seems logical that a precipitate started to form at 140 °C (285 °F 
and continued to form in increasing amounts at higher temperatures. The similar 
behavior of the other quenched specimens can be explained in the same manner 
Although a precipitate was formed initially, certainly a definite amount of hydro 
gen was retained in solution. 

The observation that elongation increases with increasing amounts of hydrogen 
in solution is rather surprising. An explanation of this behavior might be four 
in an examination of the deformation mechanism as a function of temperature 
It has been reported by Hancock (3) that, at low temperatures, uranium deforms 
primarily by a twin mechanism, which gradually changes to a slip mechanism as 


the temperature is raised. It is possible that hydrogen in solution could have some 
influence on the competition between these two deformation mechanisms at a 
given intermediate temperature. Some understanding of the increase in elongation 
with increasing amounts of dissolved hydrogen and verification that a precipitate 
formed during testing might be obtained by metallographic examination of the 


deformed areas of the specimens after testing. 
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Authors’ Reply 

The authors greatly appreciate the discussions submitted by Messrs. Polsor 
Dickerson and Neumann. They serve to emphasize some of the more interesting 
points in the paper 

With regard to the discussions by Polson and Neumann, concerning the effect 
of the 15 hour anneal at 600 °C (1110°F) on the grain size, I would like to point 
out that essentially no grain growth was observed in the D group specimens 
which were annealed a total of 17 hours at 600°C (1110°F) followed by slow 
cooling. This can be seen by comparing the grain size of the D group, 0.40 mn 
to that of the B group, 0.20 mm., 1.5 hours at 650°C (1200 °F), furnace-cooled 
or that of the A group, 0.030 mm., 5 minutes at 650 °C (1200 °F), water-quenched 
Therefore, for the G group samples, since no grain growth occurred during the 
15-hour anneal at 600°C (1110°F), the grain size obtained is influenced only 
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by the beta heat treatment and water quench. Thus the absence of uranium 
hydride in uranium during a beta heat treatment results in a much coarser grain 
size than if uranium hydride were present 

The 15-hour salt bath anneal at 600°C (1110°F) followed by a beta quench 
was not studied by the authors. 

Aside from the H and G group comparison where the grain size ranges from 
0.55 to 1.40, the grain sizes of the other groups where comparisons of the effect 
of hydrogen are made do not vary enough to warrant comment. The authors do 
not feel that the relatively small grain size variations present contribute to the 
effects attributed to hydrides. 

The authors agree that the effect of a fine hydride precipitate on the ultimate 
strength in the 30 to —20 °C temperature range is a rather unusual! phenomenon. 
There is no doubt that the effect is real since it is evident in the A, H and AM 
groups. Further, the results from the AM group illustrate that the effect of in- 
creasing hydride particle size is to displace the ultimate strength curve down 
toward the B group results for a coarse hydride particle size. Mr. Dickerson’s 
suggestion that further investigations of this phenomenon should be made, is well 
taken. 

Concerning Mr. Dickerson’s comment that it is difficult to identify uranium 
hydride inclusions containing 0.6 ppm of hydrogen or less the authors refer him 
to another of their papers, “The Effect of Cooling Rate on the Nucleation and 
Growth of Beta-Uranium Hydride in Metallic Uranium.” Here it is demonstrated 
that cooling rate has a marked effect on hydride particle size. Thus it is not con- 
sidered unusual to identify hydrides in uranium containing 0.12-0.26 ppm hydro- 
gen where the cooling rate in the 275-375 °C temperature range is 8.6-9.7 C/hr. 


The comments made by Messrs Gorum and Waber are very enlightening. The 
decrease in elongation above 140°C (285 °F) for all quenched specimens is un- 
doubtedly the effect of precipitating hydride. 

Their explanation of the increase in elongation with increasing amounts of 
hydrogen in solution is quite pertinent and would be interesting to attempt to 
verify. Unfortunately, since the authors have not been associated with uranium 
metallurgy for some time, the test specimens have been reprocessed 








METALLOGRAPHY OF URANIUM 
By R. F. DicKERSON 


Abstract 


This paper has been prepared in an attempt to summarize 
the current state of the art of uranium metallography. As an 
introduction, the various allotropic transformations occur 
ring in uranium and the crystallography of these phases ar. 
discussed briefly. Some mention is also made of common 
heat treating temperatures and recrystallization tempera 
tures 

As the first step in a discussion of the metallography 
the metal, the conventional preparatory techniques, includ 
ing mechanical and electrolytic polishing methods, etching 
techniques, and the use of polarized light for the delineati 
of structure, are discussed in some detail with appropriat. 
illustrations. In addition, nonconventional techniques 
as vacuum-cathodic etching, anodic oxidation, hot-sta 
microscopy, and strain etching, are described and evaluated 

The five so-called basic metallographic structures 
uranium are: 1) alpha annealed, 2) alpha, transformed 
beta quenched, 3) alpha, transformed-beta slow cooled, 4 
alpha, transformed-gamma quenched, and 5) alpha 
transformed-gamma slow cooled. These are illustrated and 
described. Limited mention is made of certain peculiarit 
in the structures, such as the ghost or subgrains which ar 
quite common in the alpha-transformed-beta structures. I) 
conjunction with the discussion of structure, the technique 
now in use for determining the grain size of uranium in di{ 
ferent conditions of heat treatment are briefly describ 
A modification of the Jeffries’ method is commonly us 
for all structures but the alpha-transformed-beta structures 
The determination of grain size in the alpha-transforn 
beta structures is difficult but a specially developed mac» 
technique is slowly being accepted for this purpose. 

The paper is concluded with a discussion of nonmeta 
inclusions in uranium. Typical photomicrographs illustrat 
ing these inclusions are shown, and some of the current 
thinking concerning the UO and UN group is discuss 
briefly. (ASM-SLA Classification: M27, M21; U 


N THE relatively short span of years since the inceptior 
Manhattan project, the technology of uranium has probably ad 
vanced more rapidly than that of any other metal in a similar period of 
The author, R. F. Dickerson, is chief, Reactor Metallurgy Division, Battelle 
Memorial Institute, Columbus, Ohio. Manuscript received June 4, 1958 
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time. The rapid advance in the metallurgical knowledge of this metal 
has been made possible by the efforts of many scientists, not the least 
important of these being the metallographers. Although a consider- 
able amount of information on the metallography of uranium has 
been published, it is wide spread, and there is still a great deal of im- 
portant data that remains unpublished by those metallographers who 
have been closely associated with uranium for a number of years. 

Because of the ever-increasing interest in the metal, it is believed 
that the compilation of as much pertinent information on the metal- 
lography of uranium as is practical would be of general metallurgical 
interest. It must be emphasized that limits of time and space do not 
allow a complete coverage of the subject ; however, an attempt will be 
made to include as many of the important contributions to the art as 
possible. 

Uranium metal exhibits three crystalline forms (1).! The alpha 
phase which exists up to a temperature of 660 °C (1220 °F) and has an 
orthorhombic crystal structure, the beta phase which exists between 
660 and 760 °C (1220 and 1400 °F ) and has a tetragonal crystal struc- 
ture, and the gamma phase which exists between 760°C (1400 °F) 
and the liquid and has a body-centered cubic structure are the three 
crystalline forms. The beta and gamma phases cannot be stabilized 
except by alloying; therefore, in any study of unalloyed uranium at 
temperatures below the alpha-beta transformation, the alpha structure 
will be examined. A complete summary of the various properties of the 
metal is presented by Saller in the Reactor Handbook (2). 

3ecause of its orthorhombic structure, alpha uranium is very sensi- 
tive to mechanical deformation. This sensitivity to deformation makes 
the preparation of a metallographic surface by mechanical techniques 
extremely difficult and, in addition, results in a structure that may be 
cluttered with twins or deformation bands (3). Uranium is also very 
chemically active and it has, therefore, been difficult to devise an 
etchant which will delineate grain boundaries satisfactorily. The aniso- 
tropy of the orthorhombic alpha structure makes the use of polarized 
light possible in a study of the structure of uranium (4). The double 
refraction of the crystals make the intensity of the light reflected de- 
pendent on the orientation of the crystals and, therefore, the grain 
structures can be observed. However, polarized light is not generally 
applicable for the study of inclusions or features of the structure other 
than grains. 

For the purpose of this discussion, metallographic techniques for the 
preparation of uranium are divided into two classifications—conven- 
tional and nonconventional. Conventional techniques consist of me- 
chanical and electrolytic polishing techniques, electrolytic etching, and 
the use of polarized light. Nonconventional techniques include the use 


' The figures appcaring in parentheses pertain to the reterences ap] 
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of such things as vacuum cathodic etching, oxidizing, hot-stage metal 
lography, and strain etching. 

The basic grinding of uranium specimens should be performed on 
silicon carbide papers, under a water spray. A satisfactory surface can 
be obtained from a 600 grit paper. If grain structure is to be studied, 
the next polish should be imparted by an electrolytic technique in order 
to insure removal of the worked surface. There are different schools of 
thoughts as to the best polishing bath. The chromic-acetic 4% com 
posed of 1 part stock solution (118 grams CrOxs dissolved in 100 ce 
H»O) with 4 parts of glacial acetic used at an open-circuit pote ntial 
of 40 volts de, or the phosphoric acid-alcohol bath, composed of 5 parts 
phosphoric acid, 5 parts ethylene glycol and 8 parts alcohol used .y a 
current density between 10 and 30 amp/sq cm (6), are preferred by 
investigators in the United States. Variations of the electrolytic we hs 
recommended by Jacquet (7), such as 1000 cc glacial acetic acid and 
50 ce perchloric acid (density 1.59) used with vigorous stirring at 60 
volts de and a current density of 0.6 to 0.8 amp/sq cm, or a variatio: 
of the chromic-acetic acid bath, containing 50 grarns CrOs,, 600 c¢ 
glacial acetic acid and 60 cc H2O (8) operated at 30 volts for 10-20 
min, are used in Europe. 

It should be stated that the chromic-acetic electrolytic and the 
phosphoric-alcohol bath can be operated satisfactorily at room tempera 
tures. 

In order that maximum resolution of the structure can be a 


complished by polarized light, all disturbed metal on the surface must 
be removed. Either of the electrolytic techniques mentioned above will 
accomplish this. Conventional mechanical polishing will not provide a 


suitable surface ; however, Metz and Woods (9) have successfully used 
an attack-polish method. The final polish is accomplished on a wax 
covered bronze disk covered with a silk cloth which is dampened with 
a few drops of a solution consisting of 30 cc of 48% hydrofluoric acid, 
30 cc of concentrated nitric acid, and 60 cc water to which 5-8 grams 
of Linde B powder has been added. After polishing between 30 seconds 
and 1 minute, the sample is washed and then swabbed with concen 
\tated nitric acid. 

Fig. 1 illustrates the structure of uranium as delineated by polarized 
light. This specimen has been correctly polished and all traces of « 
turbed surface has been removed. The use of polarized light has two 
major disadvantages. Because of rapid surface oxidation, structure 
cannot be clearly resolved if the specimen has been exposed to air 
several hours. In addition, for most conditions of heat treatment, it is 
impossible to resolve all grains at one particular rotation of the speci 
men. Considerable effort has been expended in attempt to develop an 
etching technique that would delineate all of the structure. To date, no 
chemical etchant has been developed which will do this on 
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Electropolished Surface of Uranium. Polarized light. x 100 


Fig. 1—Correctly 
with 1:18 Chromic Acid 


Fig. 2—Structure of Uranium as Shown by Electro-Etching 
Acetic Acid. X 100. 
Fig. 3—Uranium Structure as Delineated by Cathodic Vacuum Etching. 
Fig. 4—“Heat Etch” as It Appears in the Microscope Hot Stage. x 100. 
Fig. 5—Structure of Uranium as ome at 1300 °F in Microscope Hot Stage. Same 
area as shown in Fig. 4. x 100 


Fig. 6—Structure Produced by Chemical Oxidation. « 100 








752 TRANSACTIONS OF THE ASM Vol. §2 


scale. The chromic-acetic electro-etch (5) which uses an electrolytic of 
1 part stock solution (110 g CrO3 and 100 ce H2O) and 18 parts glacial 
acetic acid and operates at 20 volts de on the open circuit has been used 
a great deal. This is applied to an electro-polished surface. Fig. 2 jj 
lustrates typical results obtained by this technique. As can be seen 
from the photomicrograph, this technique delineates grains by prefer 
ential oxidation and could be considered as an oxidation etch. It is en 
tirely possible that, in some conditions of heat treatment, this technique 
does not delineate all grains but whether this is important in interpre 
tation of the structure is open to question. 

Many so-called nonconventional metallographic techniques have 
been used on uranium with varying degrees of success. These are ap 
plied after the surface has been polished and are for the most part tech 
niques to resolve structures. One of the most promising of these tech 
niques is vacuum-cathodic etching. The uranium specimen is made 
the cathode in a vacuum glow discharge and subjected to positive ion 
bombardment. This ejects some of the metal from the surface. This 
metal is removed in relation to the microstructure and hence, the 
surface is actually etched. Padden and Cain have used this technique 
successfully for a number of metals (10) and Cheney (11) has applied 
the technique to uranium as is illustrated in Fig. 3. This structure 
should be compared with the one illustrated in Fig. 2. Notice the shary 
grain boundary delineation and the clearly outlined inclusions 

Another technique which has been used with some degree of success 
is vacuum heat etching. This has been viewed by a number of investi 


1 


gators but has been most clearly illustrated by Dickerson and Cheney 


(11) in their work with a microscope hot stage (12). Fig. 4 illustrates 
the structure delineated by vacuum heat etching. Although this speci 


men was heated under a pressure of less than 2 K 10°° mm of Hg, the 
structure still etched. It is suggested that the etch is the result of grain 
boundary oxidation which can occur in the presence of only very small 
amounts of oxygen. Fig. 5 illustrates the surface of uranium photo 
graphed at 1300°F. The cracking shows that a volume change has 
occurred, indicating the transformation. 

Robillard, Boucher, and Lacombe (13) have studied the structure of 
uranium with the aid of epitaxic * oxide layers. The surface of uranium 
must be prepared specially in order that an epitaxic-type layer can be 
formed. An oxide layer forms on a normally polished surface but this 
layer has no orientation relationship with the metal. It 1s suggested that 
electrolytic polishing passivates the surface to the formation of th 


* The term “epitaxic’’ possesses a very definite crystallographic meaning; rding t " 
there is a definite orientation relationship between two networks in contact as it is t case 
with an oxide on its metal Epitaxi implies both phases are crystallized. Howe ta 
lographers extended the term to cases where a thin layer of oxide or Iphide forr 


interference tints varying accor dine to the orientation of the metallic 

a difference in thickness of the thin layer « ue to an epitaxic relationship 
Actually the formation of these layers referred to as epitaxic by metallographers may 

imply “epitaxic growth” as understood by the students of crystallography (14) 
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type of layer required. These investigators polish the specimen in an 
electrolyte of 50 grams CrOsz, 600 cc glacial acetic acid, and 60 cc H2O 
at 30 volts and then reduce the voltage to 2 or 3 volts. This actually 
etches the surface outlining twins and some grains. Specimens so pre- 
pared can be oxidized in air during an exposure of 2 to 6 hours. Speci- 
mens can be anodically oxidized in a bath containing 23 grams of 
ethylene glycol, 500 cc of 2% ammonia and 500 cc HzO. The operation 
takes place at a temperature of about 2°C. A voltage between 20 and 
40 is recommended. 

Twin bands and deformation bands are differentiated by this tech- 
nique in much the same way as by polarized light. The twins show high 
contrast with the parent grain while the deformation bands show very 
little contrast. 

Fig. 6 illustrates the structure revealed by the surface oxidation 
technique. Monti and Bloch (15) have also had success by chemically 
oxidizing the polished surface obtained by perchloric acid bath polishes. 
This oxidation is accomplished by boiling the specimen in a solution of 
200 grams sodium nitrate solution to 100 cc H2O for 4 or 5 minutes. 

Satisfactory structures have been produced on material of certain 
heat treatments by boiling a polished specimen in a 10% aqueous solu- 
tion of AgNOs and in about a 10% solution of ferric chloride (16). 
Both of these techniques are not always reproducible and they tend to 
pit inclusions severely. Another crude method of determining grain 
structure is illustrated not for practicality but rather as a curiosity. 
Fig. 7 illustrates the extreme sensitivity of alpha uranium to deforma- 
tion. This shows the polished surface of uranium which was stressed 
in tension prior to photographing. The location of twins and deforma- 
tion bands clearly define the grains. 

As was mentioned previously, unalloyed uranium exists only in the 
alpha phase at room temperature and the type of alpha grain indicates 
the heat treatment undergone immediately prior to the metallographic 
study. Aside from a rolled or wrought structure, there are five basic 
structures found in a study of uranium (6). A knowledge of these will 
enable the metallographer to interpret the structures that may be ob- 
served in the metal. These five basic structures are as follows: 


. Alpha annealed. 

. Alpha, transformed-beta quenched. 

. Alpha, transformed-beta slow cooled. 
Alpha, transformed-gamma quenched. 
Alpha, transformed-gamma slow cooled. 


nk wnrd- 


Fig. 8 illustrates the typical structure of uranium that was annealed 
for a period of time in the vicinity of 600 °C (1110 °F). The grains are 
equaxed and relatively strain free. The grain size will vary, depending 
on temperature of alpha anneal, time at temperature, and condition of 
the metal prior to the alpha anneal. 
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Fig. 7—Outlining of Grain Boundaries and Twins Produced by Pulling 
Tension. X 100 
Fig. 8—Alpha Annealed Uranium. Polarized light. » 
Fig. 9—Structure Produced by Quenching from the Beta Region. Polarized lis 
Slow Cooled through the Alpha to Beta Transformat 


Fig. 1 Uraniur 
light. x 100 
The typical structure of unalloyed metal that has been quenched 
from a temperature in the beta region between 660 and 760 °C (1220 
and 1400°F) is illustrated in Fig. 9. The structure appears highly 
] 
and the 


strained and irregular. There are a number of twin bands 
grains are fairly randomly oriented. Fig. 10 illustrates the structure 
that results from a slow cool through the alpha-to-beta transformation 
This structure is more relaxed and the twin bands are less sinuous 
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1—Uranium after Quenching from the Gamma Region. Polarized light. x 100. 
—Large Grain Size Produced during a Slow Cool from the Gamma Region 
Polarized light. « 100. 





Fig. 11 illustrates the type of structure obtained as a result of a 
quench from the gamma region (above 760°C). The grains are con- 
siderably larger than in the structures previously illustrated, and al- 
though twins are predominant, they seem more relaxed than in the 
alpha transformed beta structures. The large grain structure resulting 
from a relatively slow cool from above 760 °C (1400 °F) is illustrated 
in Fig. 12. The grain size shown is very similar to the grain size ob- 
served in a slow-cooled cast structure. 

It is important in the metallographic study of any metal that a 
method or methods be available for the determination of an accurate 
grain size. A review of the various structures that can occur in uranium 
will show that the determination of an accurate number, by one tech- 
nique, would be an impossibility. The equaxed structures offer no real 
problem. The average grain diameters of this material can be accurately 
determined by the Jeffries’ planimetric method (17), and compara- 
tive charts prepared by this method have been prepared by Dickerson 
(18) and Hartcorn (19). Fig. 13 illustrates the Hartcorn chart. By 
observing the specimen with polarized light and comparing it with the 
prepared chart, an accurate average grain diameter can be obtained. 

The determination of accurate grain diameters in alpha structures 
that have been heat treated in the beta is a problem which has not been 
solved. The structure resulting from a beta quench is, as has been dis- 
cussed previously, a highly strained structure with a wide spread in 
apparent grain size. In addition, the presence of the so-called subgrains 
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or ghost grains are particularly noticeable in this structure. Fig. 14 
illustrates such a structure. At certain rotations of the field, these sub 
grains may be quite apparent and in others they may appear non 
existent. This effect naturally adds to the problem of obtaining a true 
grain size for this structure. It is obvious that the subgrain is of slightly 
different orientation than the parent grain, however, the question to 
be resolved is, should the subgrain be considered a true grain or not? 
\ number of investigators have suggested that, if the orientation of the 
subgrain differs by between three to five degrees from the orientation of 
the parent grain, it be considered a grain in its own right. This inter 
pretation makes determinations of grain size a complicated procedure. 
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Both Guay (20) and Kloepper (21) have proposed the use of the 
Heyn Line Intercept Method but the limitations imposed by having 
no exact definition for a grain, coupled with the wide differences in 
grain size of the alpha transformed beta structure, make it difficult, if 
not impossible, to obtain reproducible results by different observers. 

A technique for obtaining the macrograin size of uranium has been 
proposed by Gardner and Hartcorn (22). This method has been used 
to some extent by various metallographers in the field with fairly good 
reproducibility, particularly in the cases of equiaxed structures. It must 
be emphasized that the grain size so obtained is different from that ob- 
tained by a microtechnique in that only the large grains or the families 
of small grains having similar orientations are observed. The ground 
uranium surfaces are macroetched by alternatively dipping the speci- 
men in concentrated HC] and HNOs. These surfaces are then ob- 
served at a magnification of 20 & through a special eyepiece which has 
a series of grids covering the range of grain sizes most commonly en- 
countered in heat treated uranium. Fig. 15 illustrates the type of struc- 
ture observed at a magnification of 20 x. The sizes are reported as the 
average grain diameter as obtained from comparison with the grids. 
The major difficulty with this method is that again only an average 
grain size is reported and this does not adequately describe the duplex 
structure often seen in uranium structures. 

It is obvious from this brief discussion that before a really acceptable 
technique for the determination of grain size in uranium is perfected, it 
will be necessary to accurately define a uranium grain and a uranium 
subgrain. As this paper is concerned primarily with reviewing the 
current status of uranium metallography, there will be no attempt made 
herein to discuss the work done to date on this or to discuss possible 
direction for future research, however, it must be emphasized that a 
much more thorough knowledge of the uranium crystal is sorely 
needed. 

During the early years of the Atomic Energy Program, the extreme 
urgency of the situation was primarily responsible for a lack of effort 
in the direction of identifying the nonmetallic inclusions found in 
uranium. In addition, it was not until the early 1950's that Blumenthal 
of the Argonne National Laboratory prepared the first high purity 
uranium by the electrolytic process. Such metal was needed for a 
systematic study of uranium. Some early work on the identification of 
nonmetallic inclusions in uranium was done by Mott and Haines (23) 
on which the oxide (UQOz) was tentatively identified. The first work 
reported in this country was done by Schwartz and Vaughan (24). 
X-ray diffraction was used as a tool to tentatively identify MgF2, UQOz, 
UN, and UO in biscuit and ingot uranium. Scott (25) tentatively 
identified angular inclusions in uranium as uranium carbide (UC) by 
isolating them by chemical techniques. Dickerson, Gerds, and Vaughan 
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Fig. 14—Subgrains As They Sggues under Polarized Light. x 10 


Fig. 15—Macrostructure of Uranium Produced by Alternate Immersion in HCl] & H? 
Fig. 16—Inclusions of UC. As polished. x 251 
Fig. 17—Large Inclusion of Mg2F2 Surrounded by Secon! ns of UN. 1 HNO 
etch. xX 250 


(5), by using high purity uranium and purposefully adding the im 


purities desired, were able to positively identify the monocarbid 


(UC), the fluoride inclusions (MgF2—CaF:2), the hydride (UHs,) and 


the dioxide (UO). They tentatively identified the mononitride (UN 


and the monoxide (UQO). Identifications were made using etching 
techniques, specialized electron diffraction techniques, and chemical 


analyses. 


This work showed that if a carefully polished uranium surface were 
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Fig. 18—Typical Appearance of Large UHs Inclusions. As polished. X 250. 
Fig. 19—“Halo Effect’ around Inclusions of UHs. As mechanically polished and 
oxidized. X 500 


swabbed with a 50% HNQOs, water solution that the UC inclusions 
would color dark blue to black and that carbide rich inclusions would 
color to some intermediate shade of blue. Uranium carbide inclusions 
are not always angular or cubic in shape. Fig. 16 illustrates typical UC 
inclusions in uranium. 

The fluoride inclusions (MgF2—-CaF2) which are found primarily 
in uranium in the reduced condition can be ‘dentified merely by ap- 
pearance. They are glassy agglomerates which may occur as large 
particles on the reduced or cast metal or as stringers in wrought ura- 
nium. Fig. 17 shows a typical MgF» inclusion. If viewed under polar- 
ized light, the MgFy2 inclusion appears white in color. There are in- 
stances when UFs will occur together with the other fluorides. This can 
be ‘dentified by its violet color when examined by polarized light (26). 

The hydride inclusion can be identified in the polished condition by 
its tannish color and by its needlelike shape. Fig. 18 illustrates a typical 
hydride as it appears in polished metal. Gardner (27) has shown that, 
if polished uranium is heat tinted, the hydride particles will be sur- 
rounded by “halos.’’ The uranium adjacent to the inclusion does not 
oxidize as rapidly as the uranium in other areas and thus the halo is 
produced. This also occurs when the uranium polished surface is chemi- 
cally or anodically oxidized (13). Fig. 19 illustrates this “halo” effect 
as it occurs after heat tinting. Gardner (27) has also shown that, as 
the cooling rate between 275 and 375 °C (525 and 710 °F) decreases, 
the size of the hydride particles increase. This fact indicates that by a 
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merate of UOs Inclusions. (Dark Gray). 1:1 HNOs, HeO Etch 
R 1—Stringer of UO Inclusions. 1:1 HNOs, HeO Etc 
I \ Cluster of Inclusion f UN. 1:1 HNOs, HeO Et 


! 


Fig Age! 


1 


special heat treatment the hydride particles on a sample of uranium 
could be grown to a size that would make metallographic analyses for 
hydrogen a distinct possibility. 

Uranium dioxide inclusions are not frequently found in uraniu 
but, when present, they are relatively easy to identify by appearance 
alone. No etching is needed for this identification. These inclusions are 
slate gray in color and exhibit a generally rounded shape. Fig. 20 
illustrates typical UOg inclusions. The color is reproduced fairly ac 
curately in the black and white photograph. 
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The monoxide is probably the most difficult inclusion to positively 
identify. The identification by Dickerson, Gerds, and Vaughan was 
on the basis of x-ray diffraction analyses of groups of inclusions. UN, 
UO, and UC have face-centered cubic structures with lattice constants 
of A, = 4.890 A, 4.920 A and 4.961 A, respectively (28), and it is 
entirely possible that inclusions producing a pattern corresponding to 
an A, = 4.920 A may not indicate the presence of UO but rather a com- 
plex carbo-nitride of uranium. Blumenthal (29) and Kehl (30) have 
shown by recent work that this may be the case. Nevertheless, Fig. 21 
illustrates the inclusion in question and for the purpose of this discus- 
sion it will be called a uranium monoxide inclusion. It should be 
noticed that some of these inclusions seem to fade or dissolve into the 
background metal. This “fade out” is one means of identifying this 
type %i inclusion. It is unaffected by conventional etching techniques. 

Uranium mononitride (UN ) is the nitride in equilibrium with ura- 
nium at high temperatures. No chemical etchant has been devised al- 
though Kehl reports success with an electrodeposition technique. The 
UN inclusions have been identified by x-ray diffraction techniques and 
clusters of these inclusions are illustrated in Fig. 22. It must be pointed 
out that UN inclusions need not have any particular shape. They may 
be globular or they may be cubic, depending on the quantity of nitrogen 
present and the solidification rate. This inclusion can be identified 
rather easily by a metallographer who is familiar with the appearance 
of nonmetallic inclusions in the metal. 

\n attempt has been made to make a comprehensive survey of the 
information available on the metallography of uranium and to present 
the pertinent data herein. Because of the limits of time and space, all 
of the research done in this field could not be covered ; however, it is 
hoped that the information included summarizes the state of the art. 
There still remains a need for much research in this field and it is hoped 
that this can now be done at a leisurely pace. It is important that the 
true nature of the subgrain be understood ; that the twin and deforma- 
tion bands be thoroughly described; that the various transformed- 
alpha structures resulting from the various heat treatments be 
explained; and that more positive identification of the monoxides, 
mononitrides, and other inclusions not discussed in this article be ac- 
complished. 

The metallurgists who have been responsible for the current knowl- 
edge of uranium metallography should be commended and they should 
be encouraged to continue their efforts. 
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THE URANIUM-HAFNIUM EQUILIBRIUM SYSTEM 
By Davin T. Peterson AND D. J. BEERNTSEN 


Abstract 

Hafnium increases the temperature of the alpha-beta 
uranium transformation on heating from 668 to 676°C 
(1235 to 1250°F) and lowers the beta to gamma trans- 
formation to an eutectoid at 733°C (1350°F) and 4.5 
atomic % hafnium. At elevated temperatures, the body- 
centered uranium and hafnium are soluble in all proportions 
and exhibit neither a maximum nor a minimum in the solidus 
temperatures. Alloys containing 20-65 atomic Y% hafnium, 
quenched from 1100°C (2010°F) and above, contain a 
hexagonal delta phase, a= 4.97 A and c= 3.04 A, whose 
x-ray powder pattern is almost identical to that of the delta 
phase of the uranium-zirconium system. This phase is be- 
lieved to be a metastable phase which at equilibrium decom- 
poses to hafnium and uranium. Uranium lowers the alpha- 
beta transformation in hafnium to a monotectoid at about 
1150°C (2100°F) and 55 atomic % hafnium. At 1425 °C 
(2595 °F) the solubility of uranium in hafnium is between 
2.0 and 2.3 atomic %. (ASM-SLA Classification: M24b; 
U, Hf) 


INTRODUCTION 


HE ALLOYING properties of uranium are important because 

of the technological importance of uranium metal in the field of 
nuclear energy. While uranium-hafnium alloys probably will have 
very little utility in nuclear reactors because of the high neutron cross 
section of hafnium, the uranium-hafnium system is of interest since 
hafnium is one of the few elements expected to show extensive solid 
solubility in uranium. The uranium-hafnium system was studied to 
determine whether this system was similar to the uranium-titanium and 
uranium-zirconium systems and to obtain more knowledge of the alloy- 
ing behavior of uranium. 


EXPERIMENTAL 
Preparation of Alloys 
The alloys were prepared from biscuit uranium and crystal bar haf- 
nium of the purity indicated in Table I. Carbon was by combustion, 
nitrogen by the Kjehldahl method and oxygen by vacuum fusion using 


Work was performed in the Ames Laboratory of the U. S. Atomic Energy Commission 
Contribution No. 688 
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a platinum bath. Iron and zirconium were determined by emission 
spectrographic analysis. All of the alloys were prepared by arc melting 
under purified helium. To insure homogeneity, the alloys were melted 
six times. All alloys were homogenized for 48 hours at 1075—1100°C 
(1965-2010 °F) under argon in tantalum crucibles. 








Table I 
Analysis of Biscuit Uranium and Crystal Bar Hafnium 
Element Biscuit uranium Cryst: al bar hafnium 
Cc 90 ppm 190 ppm 
Oo 16 ppm 208 ppm 
N 58 ppm 210 ppm 
Fe 50 ppm 660 ppm 
Zr — 300 ppm 


Heat Treatment and Thermal Analysts 

The samples heat treated at temperatures below 900°C (1650 °F) 
were wrapped in tantalum foil and enclosed in argon filled quartz cay 
sules. The samples were heated at 850-900°C (1560—-1650°F) for 
14-16 hours and the sampareture was then lowered to the desired tem 
perature and held for 24-72 hours. To quench the samples, the cap 
sules were dropped from the furnace, quickly broken with a hammer and 
the samples immersed in water 

A few uranium-rich samples were heat treated in a thermal gradient 
so that the quenched sample contained microstructures representative 
of all the phase fel ls within the temperature range in the sample. This 
was very useful in locating phase boundaries and small phase fields 
The samples, pee one inch long, had a thermocouple in cor 
tact with each end. The position of the sample in the furnace was ad 
justed until the desired temperature at each end of the bar was 
obtained. The samples were quenched in cold water. 

Samples heat treated above 900°C (1650°F) were heated in a 
tantalum resistance tube furnace. The samples, about 4,5 K %4 5 & Ye 
inches, rested on a small grid of tungsten wire to prevent reaction with 
the tantalum tube. The temperature was measured by sighting an optical 
pyrometer through a one mm diameter hole in the wall of the tantalum 
tube. The samples were quenched with a jet of helium and cooled ti 
room temperature in approximately five seconds. 

The thermal analyses were run by the temperature-time method in 
a furnace which gave constant heating and cooling rates. The thermo 
couple was calibrated with U. S. Bureau of Standards aluminum 
coulometer grade silver. 

Melting Temperature Determination 
Melting temperatures were determined by measuring the temperatur« 


at which the first liquid was observed in samples, 14% « 4% & % inches, 
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which were heated by passing an electric current. An optical pyrometer, 
focused on the bottom of a small hole drilled in the center of the bar, 
was used to determine the temperature at which liquid was first ob- 
served. The pressure in the furnace was kept below about 5 & 10-5 mm 
and contamination of samples was slight. 


Electrical Resistance Measurements 

Electrical resistance measurements were made with an automatic 
recording apparatus which has been described in detail by Chiotti (1). 
The specimen bars, approximately seven cm long, with an elliptical 
cross section of approximately 0.5 cm by 0.7 cm, were prepared by arc- 
melting the alloys in a mold of the given dimensions. A small radial 
black-body hole was drilled in the center of the bar to permit measure- 
ment of the sample temperature with an optical pyrometer. 


X-ray Diffraction Examination 

All x-ray examinations were performed on polycrystalline samples 
using filtered copper radiation and an 11.46 cm Debye-Scherrer camera. 
Samples 1% & 1% X7 mm were cut from heat treated alloy bars 
with a water cooled carborundum wheel. These small rods were 
mounted in a drill press and one end ground to about 0.3 mm diameter 
with abrasive cloth. The small end of the sample was etched to about 
0.25 mm diameter to remove cold worked metal by using nitric acid, or 
a mixture of nitric, hydrofluoric and tartaric acids. Massive samples, 
from which the distorted or contaminated surface layer could be re- 
moved by grinding and etching, were preferred to filings because of the 
danger of oxygen and nitrogen contamination during annealing. The 
spottiness of the diffraction lines due to the large grain size of the solid 
samples was considered a lesser evil than contamination which might 
cause the appearance or disappearance of a phase. 


RESULTS AND DISCUSSION 
Peritectoid Reaction 

The temperatures of the thermal arrests are listed in Table II and 
the heating arrests plotted in Fig. 1. The values listed are averages of 
the temperatures at the midpoints of the thermal arrests observed at 
heating or cooling rates of 1 to 5 °C per minute. With rates below about 
5 °C per minute, the transformation temperatures showed no systematic 
variation with heating rate. Even at the lowest heating rates, temper- 
ature ranges of about 3-8 °C were observed for the transformation. 

The alpha-beta thermal arrests occurred at essentially the same 
temperature for all of the alloys studied. The magnitude of the arrest 
decreased with increasing hafnium content until it was not discernible 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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Table Il 
Thermal! Data for Solid State Transitions 
Composition Heating arrests Cooling arrests 
(at % Hf) (°C) (°C) 
0.0 668 771 762 648 
0.5 674 771 759 652 
1.2 678 757 730 657 
3.0 680 749 706 647 
6.4 678 743 708 657 
9.6 678 743 703 650 
13.7 676 740 706 645 
23.8 678 743 706 646 
33.6 672 731 695 635 
$2.9 675 736 704 636 
72.4 686 741 702 652 
92.4 718 695 











oo 


Fig. 1—Metallographic and Thermal Analysis Data for Uranium-Rich All 
and Enlarged Portion of Phase Diagran 


on a 92.4%* hafnium alloy. The average value of the heating arrests 
ignoring the 72.4% alloy which seems somewhat out of line, is 676 °( 
(1250°F). The data indicate that the peritectoid temperature is 8 °C 
above the alpha-beta transformation temperature in uranium. 
Microscopic examination of quenched alloys was used to determine 
the solubility of hafnium in alpha uranium. Alloys containing 0.24 and 
0.5% hafnium quenched from 660°C (1220°F) show fine precipitate 


phase which is most pronounced in the 0.5% alloy as shown in Figs. 2 


* All alloy compositions are given in atomic % 
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Fig. 2—0.24% Hafnium Quenched From 660 °C (1220 °F). Fine a-Hf precipitate plus 
inclusions in a-U matrix. HaP. electropolish. x 50 

Fig. 3—0.47% Hafnium Quenched From 660 °C (1220 °F). Fine a-Hf precipitate plus 
inclusions in a-U matrix. HsPOs« electropolish. x 500. 

Fig. 4—6.4% Hafnium Quenched From 733 °C (1350 °F). Eutectoid structure, trans 

formed y-U (light) and a-Hf globules. HsPO« electropolish. « 1000 
Fig. 5—1.2% Hafnium Quenched From 740 °C (1365 °F). Transformed y-U (dark) in 
transformed 8-U. HsPOx electropolish. « 250. 


and 3. The microstructure of uranium of the purity used in this investi- 
gation after the same electropolishing treatment showed no fine precip- 
itate phase. It seems, therefore, that the solubility of hafnium in 
uranium at 660°C (1220°F) is less than 0.24%. 


Eutectoid Reaction 

The beta to gamma transformation temperature of uranium is low- 
ered to 733°C (1335°F) by the addition of hafnium. This value is 
based primarily on metallographic examination of quenched samples. 
The temperature of this arrest on both heating and cooling was nearly 
constant in alloys containing more than 6% hafnium but the cooling 
arrests were about 35 °C below the heating arrests. The arrest in the 
92.4% alloy was somewhat lower but this could be due to hafnium 
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impurities concentrating in the uranium phase, which is a minor con- 
stituent at this composition. Alloys containing less than 4% hafnium 
showed only isothermal arrests on heating through the beta-gamma 
region but the temperatures increased with decreasing hafnium content 
These thermal arrests should have occurred over a range because the 
heat effect is due to the disappearance of the beta phase as the beta plus 
gamma phase field is traversed. Equilibrium in this two phase field was 
probably not realized and beta uranium probably transformed directly 
to gamma after the two phase field was crossed. 

Microscopic examination of quenched samples was used to establish 
the eutectoid temperature and composition, and the limits of the beta 
plus gamma phase field. Sample bars with thermal gradients were espe 
cially useful for this purpose. The samples were quenched after five 
hours of heating in their respective gradients. The temperature at any 
position along the bar was determined by measuring the distance from 
one end of the bar and assuming a linear thermal gradient along the 
bar. A gradient bar with a composition on the uranium side of the 
eutectoid contained the following regions: a one phase gamma regio1 
at the high temperature end, a two phase, gamma plus beta, region in 
which the gamma-beta ratio decreased with decreasing temperature, and 
finally a region of beta uranium containing hafnium lamellae formed 
by eutectoid decomposition. The separation of the latter two regions 
appeared as a narrow band in the portion of the sample at the eutectoid 
temperature in which beta and gamma uranium and precipitated | 
nium coexisted. The extent of this band corresponded to about a 2 ° 
temperature range. The average eutectoid temperature on four samples 
was 733°C (1350°F). This is 9°C lower than the average 


lal 


arrest in thermal analysis but is probably very close to the equilibrium 
value. A portion of the boundary between the gamma phase and the beta 
phase in the 6.4% hafnium alloy is shown in Fig. 4. The beta phas 
contains hafnium lamellae formed by eutectoid decomposition. The 
globular phase is primary hafnium which precipitated from the 

solid solution above 733 °C (1350 °F). 


Measurements from thermal gradient bars were used to establish 
the extent of the beta plus gamma phase field. This two phase region 
was observed to extend from the eutectoid horizontal to 736, 742, and 
752°C (1356, 1370, and 1385 °F) at 3.9, 3.0 and 2.0% hafnium, re 


spectively. These measurements indicate that eutectoid composition is 
about 4.5 atomic % hafnium. The solubility of hafnium in beta uranium 
at the eutectoid temperature is estimated to be less than 0.5% 
Uranium-rich alloys quenched from the gamma solid solution region 
transformed during quenching to alpha uranium. The x-ray diffracti 
peaks were shifted relative to those of pure alpha uranium. This indi- 
cated that the alpha uranium formed on quenching was a supersaturated, 
nonequilibrium phase. The 1.2% sample quenched from 740°C 


ow 
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Fig. 6—Melting Temperature and Metallographic Data for Uranium-Hafnium Alloys 


(1365 °F) is shown in Fig. 5. This alloy was quenched from the beta 
plus gamma field and shows beta transformed to alpha and gamma 
transformed to alpha. The gamma transformed to alpha, shown in 
Fig. 4, has an acicular appearance which was typical of alloys containing 
from 3-15% hafnium after quenching from the gamma solid solution 
region. pe 
The Region of Complete Solid Solubility 

The temperature at which melting was first observed was measured 
for uranium, hafnium and a number of alloys spaced evenly across the 
system. The melting temperatures, plotted in Fig. 6, show no maximum 
or minimum but a continuous increase from the melting point of 
uranium to that of hafnium. This is good evidence of complete solu- 
bility between gamma uranium and beta hafnium below the solidus 
temperatures. The values obtained for the melting points of uranium 
and hafnium, 1129 and 2190 °C (2065 and 3975 °F) respectively, agree 
quite well with the literature values of 1132+ 1°C (2) and 2222 
30°C (3). The temperature at which liquid is first observed in the 
black-body hole must be somewhat above the solidus temperature. For 
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Fig. 7—Electric Resistivity of Ur 


anium-Hafnium Alloys 


this reason the solidus line has been dotted in smoothly below all of 
the measured points. 

Although melting temperature observations had indicated that 
gamma uranium and beta hafnium were soluble in all proportions be- 
low the solidus temperatures, alloys up to about 60% hafnium quenched 
from this region showed the gamma solid solution matrix and a globular 


> 


phase which appeared to be alpha hafnium. The amount of this second 
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phase showed little temperature dependence for a given composition in 
the solid solution region. The uranium-rich matrix of a 52.9% hafnium 
sample quenched from 1200°C (2190°F) was dissolved with warm 
nitric acid to isolate this globular phase. The residual gray powder was 
identified by x-ray diffraction as alpha hafnium. 

The presence of alpha hafnium in these samples has been attributed 
to the effect of oxygen. Both oxygen and nitrogen are known to mark- 
edly stabilize alpha zirconium with 1.spect to transformation to beta 
(4,5), and the same effect would be expected with hafnium. Uranium- 
zirconium alloys containing oxygen, when quenched from the solid 
solution region, contain alpha zirconium in a globular form (6). Alloys 
containing about 35% hafnium and 0.19 and 0.44 atomic percent added 
oxygen were prepared by arc melting to determine whether the amount 
of the globular phase increased with the oxygen conteni. Samples of 
these two alloys and of the 33.6% hafnium alloy, which analysed 0.12 
atomic % oxygen, were heated at 1310, 1210 and 1100°C (2390, 2210 
and 2010°F) and quenched. The amount of globular phase did not 
change significantly with temperature but a definite increase in the 
amount of the second phase with the increase in oxygen content was 
noted. Fig. 8 shows the microstructures of the 0.44 atomic % oxygen 
alloy quenched from 1310°C (2390°F). Nitrogen may also stabilize 
alpha hafnium and contribute to the formation of the globular phase 
but this was not checked by adding nitrogen. 


The Monotectoid Reaction 


To obtain more information about the hafnium side of the system 
above 1000 °C (1830 °F), a study was made of the variation of electrical 
resistance with temperature of several high hafnium alloys. The sample 
bars were homogenized by heating to a temperature just below their 
solidus temperatures. Electrical resistance measurements were then 
made, during both heating and cooling, over the temperature range 
from 900°C (1650°F) to the solidus temperature. Five or more 
minutes were allowed after each temperature change to allow equilib- 
rium to be re-established before a resistance measurement was made. 
Resistance measurements during cooling, when plotted against tem- 
perature, gave curves of the same shape as those obtained on heating, 
but the breaks in the curves were shifted to slightly lower temperatures. 
The data plotted in Fig. 7 are from measurements made during heating 
runs. The ordinate scale is proportional to the resistance of the samples, 
but the specific resistance of the samples was not calculated because it 
was difficult to measure accurately the dimensions of the sample bars. 

The electrical resistance versus temperature curves for the alloys 
began to deviate from linearity at about 1125°C (2055°F), which 
indicated an invariant phase reaction at this temperature. The curve 
for the 52.9% hafnium alloy has a change of slope and continues to 








@ 
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I and 0.44% Oxygen Quenched From 1310 °C (239 F). a-Hf 
ré 1 y-solid solution matrix. HNOs base etchant. x 250 
I Haf 1 Quenched From 1645 °C (2990 °F). a-Hf precipitated « 


s transformed y-solid solution matrix. HNOs base etchant 
“(2 or) 


Fi Hafnium Quenched After 45 Sec. at 1100 °*¢ 2010 a-Hf beginning 
to precipitate as coarse needles. HNOs base etchant. « 250 
Fig. 11 1.6% Hafnium Quenched After 2.5 Min. at 1120 °C (2050 °F). Preci ti 
f Hafnium nearly complete. HNOs base etchant. x 250 


rise linearly in the region of complete solubility. The curves for the 
72.4 and 92.4% alloys begin to change slope at about 1125 °C 
(2055 °F), and have a negative temperature coefficient of resistanc: 
over a considerable temperature range. After the region of complete 
solubility is reached, the electrical resistance of these alloys also in 
creases linearly. The decrease in electrical resistance of the arc-melted 
crystal bar hafnium specimen between 1690 and 1820°C (3075 an 
3310 °F) is due to the alpha-beta transformation. This change shoul: 
be invariant in temperature, but impurities would cause the transforma 
tion to occur over a temperature range. Temperature gradients, either 
between the resistance probes or from the surface to the center of the 
sample, would cause the resistance change due to an isothermal change 
to be observed over a temperature range. The midpoint of the resistance 
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decrease between the maximum and the minimum was at 1730°C 
(3145 °F). This agrees well with the 1735°C (3155 °F) transforma- 
tion temperature reported by Gibson, et al (7). It is higher than the 
1310°C + 10°C (2390°F) reported by Duwez (8), and lower than 
the value of 1950 + 100°C (3540°F) given by Fast (9). 

The presence of impurity-stabilized alpha hafnium made it very diffi- 
cult to establish the boundaries of the gamma solid solution region. This 
was particularly true of alloys up to about 55% hafnium. At higher 
hafnium concentrations, a second difficulty arose. The rate of cooling 
in quenching was not sufficiently rapid to retain all of the hafnium in 
solid solution. The alloys containing from 60 to 75% hafnium, quenched 
from within the region of complete solubility, contained alpha hafnium 
which had precipitated during quenching in a sharply pointed, needle- 
like form. Fig. 9 shows this type of precipitation in the 72.4% hafnium 
alloy quenched from 1645 °C (2995 °F). The metallography data from 
samples quenched from above 1000°C (1830°F) are indicated in 
Fig. 6. 

A number of attempts were made to obtain microstructures with a 
lamellar precipitate characteristic of the monotectoid reaction. Since 
the lamellar precipitate might spheroidize rapidly at high temperature, 
a 59.6% hafnium alloy was heated at about 1400 °C (2550 °F), cooled 
rapidly and held for varying lengths of time at about 1100 °C (2010 °F) 
and quenched. It was hoped a lamellar hafnium precipitate would 
develop as the solid solution rejected hafnium and be retained by im- 
mediately quenching the samples, but the precipitate was formed as 
rather coarse crystals. After 45 seconds at 1100°C (2010°F), coarse 
hafnium needles had developed in the 59.6% hafnium which is shown 
in Fig. 10 and in 2.5 minutes, the precipitation of hafnium was essen- 
tially complete as shown in Fig. 11. The gamma;-gammag immiscibility 
loop has been dotted since no direct experimental evidence of its exist- 
ence was found. 


X-RAY DIFFRACTION EXAMINATION 

Alloys quenched from 1100°C (2010°F) or above in which the 
gamma phase contained 20-65% hafnium contained a phase which gave 
the same x-ray diffraction pattern as the delta phase in the uranium- 
zirconium system. The lattice constants of the delta phase in a 52.9% 
hafnium alloy quenched from 1330°C (2425°F) were a=4.97A 
and c—3.04A. The hexagonal lattice constants of the uranium- 
zirconium delta phase are a = 5.03 A and c= 3.08A (11). The delta 
phase was not observed in uranium-hafnium alloys quenched from 
below 900°C (1650°F) or in furnace cooled samples and is believed 
to be unstable at room temperature. Quenching the gamma phase con 
taining more than 65% hafnium resulted in decomposition directly to 
alpha uranium and alpha hafnium with no formation of delta. When 
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Fig. 12—98.0% Hafnium Quenched From 1425 °C (2595 °F). Glycerol, HN‘ HF 
etchant. x 250. 
Fig. 13—97.7% Hafnium Quenched From 1425 °C (2595 °F). Transformed + 
Glycerol, HNOs, HF etchant. x 250 
Fig. 14—Arc-Melted Crystal Bar Hafnium Quenched From 985 °C (1805 
precipitation. Glycerol, HNOs, HF etchant. x 25 
Fig. 15—994% Hafnium Quenched From 650°C (1200 °F). a-U in a-Hf. G 
HNOs, HF etchant. x 250 


the gamma solid solution contained less than 15% hafnium, it trans 
formed principally to supersaturated alpha uranium although som: 
gamma solid solution was retained. 

Alloys quenched from 750°C (1380°F) gave only alpha uraniun 
and alpha hafnium diffraction patterns. The alpha uranium lines weré 
at slightly lower angles than for pure uranium which indicates an e> 
pansion of the alpha uranium structure and that the hafnium 
tained in solution in the alpha uranium lattice. After heating for thre« 
hours at 650 °C (1200 °F), the diffraction lines were at essentially the 
same angles as for pure uranium. 


Solubtlty of Uranium in Alpha Hafnium 


Microscopic examination of quenched alloys indicated that the solu 
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Fig. 16—Uranium-Hafnium Phase Diagran 


bility of uranium in alpha hafnium is between 2.0 and 2.3 atomic per- 
cent uranium at 1425°C (2595°F). Figs. 12 and 13 show the 98.0 
and 97.7% hafnium alloys quenched from 1425 °C (2595 °F). Below 
1000 °C (1830°F) it was difficult to determine the solubility because 
of the presence of a precipitate in the unalloyed hafnium. Fig. 14 show- 
ing crystal bar hafnium quenched from 985°C (1805 °F), illustrates 
this precipitate. It was possible to determine that the solubility of 
uranium in hafnium was less than 0.6% at 650°C (1200 °F) by exam- 
ination of the microstructure of the 99.4% hafnium alloy, shown in 
Fig. 15. 
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DiscussIOon OF GENERAL FEATURES 

The uranium-hafnium phase diagram, shown in Fig. 16, has been 
found to be similar to those of uranium-zirconium and uranium 
titanium. The differences can be explained in terms of the properties 
of hafnium. Hafnium was found to be only very slightly soluble in alpha 
uranium. This is not surprising, since, in the alpha uranium structure, 
hafnium is forced to occupy a position which is 14% smaller in its small 
est dimension than the metallic diameter of hafnium. In spite of this, 
hafnium is slightly more soluble in alpha uranium than in beta uranium 
as indicated by the slight raising of the alpha-beta transformation. In 
this respect hafnium resembles titanium and zirconium and supports 
the assumption that alpha uranium has a valence of four, as only 
Group IV A metals raise this transformation and all other metals either 
lower the transformation or leave it essentially unchanged. 

Hafnium lowers the beta-gamma transformation since the solubility 
of hafnium in beta uranium is very limited and in gamma uranium solu 
bility is extensive. The complete solubility of uranium and hafnium at 
high temperature is not surprising as the atomic radii differ by only 
about 2%. These two metals have very similar electronegativities and 
there is little tendency for the formation of highly stable compounds 
which might restrict the solubility. The immiscibility gap would be an 
expression of a tendency toward limited solubility of the terminal 
phases rather than compound formation. 

Zirconium and hafnium are very similar in their chemical properties 
and behavior. In metallic reactions and equilibria they show one very 
striking difference. The alpha-beta transformation temperature in haf 


nium is about 900°C (1650°F) higher than in zirconium. This large 
difference in transformation temperature is probably the principal rea 
son that the hafnium and zirconium phase systems are not more similar 


and the uranium-hafnium system has no stable, low temperature delta 
phase. 

The delta phase of the uranium-zirconium system is stable because 
its free energy is lower than the combined free energy of an equivalent 
amount of alpha uranium and alpha zirconium. Any change which de 
creases the activity of either alpha uranium or alpha zirconium will 
cause the extent of the delta phase to contract. Since most elements ar 
quite insoluble in alpha uranium, the activity of the alpha uranium phase 
in any system is near unity. The addition of oxygen or nitrogen mark 
edly decreases the activity of alpha zirconium and raises the alpha-beta 
ransformation temperature to above 1900°C (3450°F). The delta 
phase field can not only be constricted, but completely eliminated fron 
the equilibrium phase diagram by the addition of oxygen (4,5,6 

The greater thermal stability of alpha hafnium relative to alpha zir 
conium can be taken to indicate a greater stability toward other phase 
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changes. At a given temperature, alpha hafnium would be expected to 
be less soluble than alpha zirconium and this is confirmed by the solu- 
bility limits in gamma uranium. The greater stability of alpha hafnium 
would restrict the extent of the delta phase and possibly make this 
phase unstable. The impurities in the alloys which were studied might 
have been responsible for the decomposition of the delta phase. How- 
ever, the marginal stability of this phase in the uranium-zirconium sys- 
tem and the greater stability of alpha hafnium make the metastability 
of this phase quite reasonable. 
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DISCUSSION 


Written Discussion: By A. E. Dwight, Metallurgy Division, Argonne National 
Laboratory, Lemont, Illinois 

The work which has been done at Argonne National Laboratory on the U-Hf 
system was confined to solid state transformations between 600 and 900 °C (1110 
and 1650 °F). Therefore no comment can be made regarding the continuous series 
of solid solutions in the gamma region, or the proposed miscibility gap. 

Our work consisted of a metallographic and x-ray diffraction investigation on 
arc melted buttons. The compositions and temperatures which were investigated, 
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and the resulting phase diagram are shown in Fig. 17. This phase diagram jis jpn 
fair agreement with that presented by the authors. 

It is noted that an alloy of 4 w/o Hf can transform on quenching to the banded 
martensite which is common to several uranium-rich alloys, e.g., U-Cb, U-Ti and 
U-Mo, but not previously reported in the U-Hf system. This structure is shown ir 
Fig. 18. 

We find by quenching small needle shaped x-ray diffraction specimens from 
both the 8 and y range, that in a uranium-rich alloy neither 8 nor y can be re 
tained in a metastable state by quenching. In this respect the U-Hf 
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Fig. 17—-U-Hf Equilibrium Diagram as Determined from Metallographic Data 


similar to the U-Ti and U-Zr systems. The shape of the 8 + y grains whicl 
exists in the 8 + y region can be retained on quenching and is shown in Fig 
No tendency is noted in the U-Hf system for 8 particles to precipitate along 
grain boundaries as in the U-Cb and U-Mo systems. The nature of the eutectoid 
structure formed by the transformation of 7 to 8 + Hf is shown in | 
Fig. 20 shows, we find no trace of a lamellar structure in isothermally tr 
specimens, although we note that the authors report finding hafnium lat ut 

8 U ina thermal gradient bar. 

The authors give 733 + 2 °C as the temperature of y to 8 + Hf eutectoid. W« 
find 740 + 4 °C, and offer the following evidence. A specimen of 6 w/o Hf all 
was soaked at 955 °C (1750 °F) for 1 day, then transferrcd to a furnace at 737 
where it was allowed to remain for 4 days, then quenched. The structure show: 
in Fig. 21 is an incomplete eutectoid, with some untransformed y remaining (the 
+y transformed during the quench to a’). Another specimen transformed 4 days at 
744°C (1370°F) showed no sign of y decomposition. Therefore we place th 
eutectoid between 737 and 744 °C (1360 and 1370 °F, or 740+ 4°C (1364°F 
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Fig. 20—4% Hf Quenched from 727 °C. Finely Divided Structure of B U + Hf 
>» U. HaPOs. etchant, 500. B.F 


Resulting from Eutectoidal Decomposition of 


Fig. 21—6% Hf Quenched from 737 °C. Non-equilibrium Structure of ~ U, 8 U and 
a Hf. Eutectoid Partly Complete. HaPO« etchant. x 250. B.F 
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Authors’ Reply 
We thank Dr. Dwight for his interesting and confirmatory comment on this 
paper. The difference between the proposed eutectoid temperatures would by 
rather small if the specimen quenched from 737 °C (1360°F) were considered t 
be at the eutectic temperature. The three phases indicated in the tomi 
graph can exist at equilibrium only at the eutectoid temperature and 4 days at 


temperature should be sufficient to approach equilibrium quite clos: 








TEXTURES IN EXTRUDED URANIUM 
By R. B. Russeti 


Abstract 


The preferred orientation or texture of alpha-extruded, 
cold-swaged, recrystallized, and beta-quenched uranium 
has been determined. An attempt is made to predict the 
mean thermal expansion coefficients from the texture and 
principal crystallographic thermal expansion coefficients. 
(ASM-SLA Classification: M26c; U, 4-58) 


INTRODUCTION 


REFERRED orientation in alpha (orthorhombic) uranium has 

been the subject of several studies, especially since Cahn(1)! de- 
scribed the principal modes of deformation and Calnan and Clews 
(2) predicted the texture based on such modes. Harris (3) introduced 
an x-ray diffraction method (later corrected by Mueller, Chernock 
and Beck (4)) of determining (hkl) pole densities in uranium which 
he represented by inverse pole figures, and finally Jetter, McHargue 
and Williams (5) described a method to derive true fibre axis density 
distributions from pole density distributions. In this paper, however, 
the pole densities of uranium are determined by the Harris-Mueller 
method and thermal expansion data are used to reinforce the over-all 
picture. Data are presented on as-extruded, cold-swaged, recrystal- 
lized, and beta-quenched uranium, and an attempt is made to predict 
the thermal expansion from a knowledge of texture and the three 
principal crystallographic thermal expansion coefficients. 


MATERIAL AND PREPARATION 

The metal used was an 8'% inch diameter Fernald ingot which had 
been pre-extruded at 605 °C (1120 °F ), a reduction in area of & 8, For 
the final reduction of 25, the billet at 620°C (1150°F) was ex- 
truded at a slow rate (ram speed 30 inch per minute) to avoid the 
formation of coarse surface grains by frictional overheating. A length 
of the extruded rod was beta quenched by heating it for five minutes 
at 725 °C (1335 °F) ina fused salt bath and by water quenching it to 
room temperature. Another length of the extruded rod was cold- 
swaged at 300°C (570°F) with a reduction in area of * 2. The 





' The figures appearing in parentheses pertain to the references appended to this paper. 

A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 

The author, R. B. Russell, is associated with Nuclear Metals, Incorporated, 
Cambridge, Massachusetts. Manuscript received June 2, 1958 
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swaging was helped by heating the rod in a bath of silicone oil at 300 
In addition, a part of the cold-swaged rod was recrystallized at 500% 
(930°F) for 1 hour. The alpha-extruded, beta-quenched, cold 
swaged, and cold-swaged-recrystallized bars were designated as A, B. 
C, and CR, respectively. Standard 320 mm long & 10 mm diameter 
rods for U.S. Bureau of Standards thermal expansion measurements 
(6) were prepared from A, B, and C by machining. Finally, the 


machined rods were stress relieved in silicone oil at 300 °C (570°F 


EXPERIMENTAL PROCEDURE 
X-Ray Metallography 

In general, the corrected Harris analysis makes a quantitative com 
parison of a large number of (hkl) reflection intensities of a randon 
standard sample * with the corresponding intensities from a geometri 
cally similar flat sample of known fabrication orientation but of un 
known texture. This comparison yields a population density p of (hk! 
poles in the indicated direction with respect to the fabrication directior 
The pole density pyx: is 


Pout = (1/1) nui /(1/n)2(1/1.) nn Equation 1 


where (1/I,) yx: is the ratio of the integrated intensity of the unknow1 
to the standard random sample for the reflection (hkl) and n is the 
number of reflections examined. A p value of unity represents a tot 
lack of preferred orientation in the direction being examined whereas 
departures from unity reveal either a depletion or a concentration 
poles in this direction. These p values were plotted on a standard 


stereographic projection of uranium to make an inverse pole figure.** 

The Harris sample must be very carefully prepared. Since the 
CuKa radiation used shows only reflections from crystallites in the top 
0.0002-inch layer of the uranium surface, it is obvious that all metal 


disturbed by sample preparation must be removed. To do this, the 
sample, which had been cut with a silicone carbide or alundum wheel, 
was macro-etched with aqueous HCl to remove at least 0.020 incl 
from the surface, and then electropolished in an electrolyte composed 
of HgPO,:H2SO,4:H2O::1:2:2 (by volume) at a current density of 
0.50-0.75 amp/cm* for 5 minutes with continuous brushing with 





camel’s hair brush (7). The (110), (021), and (002) peaks wer 

scanned on a Philips high angle diffractometer. The electropolishing 
* Prepared by Sylvania Electric Products, Inc., by sintering lightly mpact 

powder 
** In an ordinary pole figure one plots the population density of one 

rections relative to the cardinal fabrication directions (such as rolling rect 

direction, et In the inverse pole figure one plots the population density 

direction over all directions relative to the cardinal crystallographic directions 

[010], and [001]). To avoid confusion, it is suggested that the ordinary pole 

verse pole figure be termed the fabrication pole figure and the crysta raph 
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was repeated, these peaks rescanned, and a third electropolish was 
made, followed by a third scan. If at this time the relative peak ampli- 
tudes were not within 10% of their values on the former scan, an ad- 
ditional electropolish-scan was made until this criterion was satisfied. 
Finally the integrated intensities of the 27 diffraction lines at a scan- 
ning rate of 14° 20 per minute were measured with a planimeter. This 
scanning rate required an excessively long (about six hours) scanning 
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1/8 6) min with CuKa. (The points connected are for the 
random sample.) 


time for a complete Harris analysis. It was hoped that some function of 
Imax/larea Could be found so that one need only to measure the diffrac- 
tion peak amplitudes and then compute the integrated peak intensities. 
Since the diffraction peaks would be subject to increased broadening at 
higher Bragg angles, it would seem reasonable to plot this ratio vs tan 
6, since by differentiation of the Bragg equation, A? tan 6. Fig. 1 
shows such a plot for some highly textured samples and for the random 
sample. It is seen that there is so much scatter that this calibration 
method would be useless. 

Large uranium samples may be clamped directly in the sample holder 
provided with the diffractometer, but smaller samples must be mounted 
rigidly in a separate sub-holder. It has been found convenient to do this 
by making a small brass mold which was then placed over the sample 
on a flat metal or glass plate and pouring in a self-curing plastic which 
was allowed to harden. In this way the small sample in a plastic sub- 
holder could be placed in the diffractometer the same way each time, 
thus eliminating a serious source of lire intensity variations which 
were due solely to the very critical positioning differences of the speci- 
men. 








784 TRANSACTIONS OF THE ASM Vol. 52 


Table I 
(hkl), 2@, for Orthorhombic (alpha) Uranium at Room Temperature and based on 
a =2.856 A, b =5.871 A, c =4.956 A, Using CuKa: X-radiation, \ =1.54051 A 


hk] 26 hkl 20 

020* 30.42 240* 97.62 
110* 34.90 223* 98.88 
021* 35.51 241* 100.4 
002* 36.22 152* 101.5 
111* 39.48 134 103.2 
022* 48.01 060 103.8 
112* 51.18 061* 106.7 
130* 56.99 044 108.9 
131* 60.24 242 109.0 
040* 63.31 310 110.1 
023* 64.69 025 110.2 
200* 65.28 204 110.8 
041* 66.37 115 112.8 
113* 67.34 311 113.1 

132* 69.42 062 115.6 
220 73.71 153 116.2 
042* 75.17 224 119.5 
P21 76.57 312* 122.5 
004 76.88 243* 1246 
202 77.00 330 128.2 
133* 83.69 135 131.5 
024 84.88 331 131.9 
222 84.99 063 132.4 
114* 87.30 006 137.7 
043* 89.18 045 139.4 
150* 90.35 313 141.1 
151 93.12 154 141.2 

et 
*Used in Harris analysis 
For convenience in the Harris analysis, Table I, listing the (hkl 


spacings and 24 values for CuKa, radiation, is included. The starred 


(*) 27 reflections are those actually used for the Harris analysis and 
in Table II, the intensities of the standard random specimen are com 
pared with those of Jacob and Warren (8). The standard deviation is 
23%. Other reflections were usually either far too weak to be sta 
tistically valuable or were not well enough separated from other re 
flections representing nearly the same spacing in the standard random 
sample. In the nonrandom sample, however, one can obtain semi 
quantitative data about such pole densities as (221), (101), (310 

(311), (331), and (313) because the principal fibre axis is neat 
either the (110) pole for the sample whose surface is perpendicular to 
the extrusion direction or near the (001) pole for the longitudinal 
sample. Since the interplanar angle between diffracting nonresolvablk 
planes whose spacings are very close always happens to be large for 
uranium, a strong fibre texture will tend to make one reflection very 
strong and its nonresolvable neighbor reflection very weak. For ex 
ample, the (310) and (025) reflections are not resolved for the randon 
sample, but for a transverse sample from an extruded rod the (310) 


reflection will be very strong but the (025) reflection will be very weak 
Accordingly, by examining the (310) reflection profile one can deter 
mine by inspection whether the (025) does in fact contribute any ap 


preciable energy to the (310) diffraction line. 





m 
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Table Il 
A Comparison Between the Standard Random Intensities (1I*..) and Those 
Computed by Jacob and Warren "! (Ij) 








hkl lo I jw I*, # 
020 2.949 6.5 6.8 
110 34.575 87 80 
021 48.127 125 111 
002 22.191 61 51 
111 34.270 73 79 
022 2.280 ; 53 
112 28.236 50 65 
130 1.953 4.5 45 
131 22.038 43 51 
040 4.069 fal 7.1 
023 8.532 19 20 
200 3.628 95 R4 
041 2.328 4 54 
113 6.087 13 14 
132 2.085 5 4.8 
042 3.895 10 90 
133 8.110 17 19 
114 4.904 11 11 
043 1.155 ? 2.7 
150 4.429 8 79 
240 2.169 6 5.0 
223 5.897 14 14 
241 1.863 3.5 4.3 
152 6.019 15 14 
061 0.960 4 2.2 
312 3.045 9 0 
243 1.916 3.5 4.4 
a I* [oE1je/ZI 
Standard deviation: ¢ =100 y (I* ljw 





OptTicAL METALLOGRAPHY 

The x-ray diffraction analysis ought to be supplemented often by 
microexamination of the samples as a qualitative check on texture and 
grain size. Owing to the optical anisotropy of orthorhombic uranium, 
the phenomenon of birefringence qualitatively indicates what fraction 
of crystallites have the same orientation: if two crystals have the 
same orientation, they will show the same relative reflectance under 
polarized light in all rotational positions of the microscope stage. As- 
suming that the presence of cold work does not affect the reflectance, 
the magnitude of the difference in reflectance between the brightest 
and darkest fields is probably a direct function of the degree or severity 
of the texture. Moreover, a severe texture shows a somewhat sharper 
reflectance peak as the stage is turned than would a more degenerate 
or dispersed texture. Both of these considerations were found to apply 
to the relation between texture and optical behavior in polarized light. 


THERMAL EXPANSION MEASUREMENTS 
The dilatometer used to measure the mean linear coefficient of 
thermal expansion of the 2-inch inch diameter specimens was 
designed to make use of the relative motion supplied to a Linear Vari 
able Differential Transformer * by the specimen and a comparison 
length of fused silica. The dilatometer should be stabilized by a 


* Type 100S, Series “S,”” Schaevitz Engineering Company, Camden, New Jersey 
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Table Ill 
Values of onxi (Eq. 2) and pnx: (Eq. 1) for Bars A, B, C and CR 
Bar A Bar B Bar ¢ B R 
hkl 27-300" a Extruded 8 Quenched Cold Swaged Re lized 
ax10# °( Pht Dhki Dbk! 
E.D.* r.D.* E.D T.D E.D r.D I &r.D 
100* 25.54 2.27 0.25 1.83 0.81 0.13 0.94 0 1.28 
010* 2.50 1.44 0.54 1.21 1.07 1 0 3.79 0.07 
oo1* 23.87 0 9.32 1.15 0.75 0 7.74 0.04 5 86 
101 25.12 
102 4.59 
310 24.83 
$11 24.79 
$12* 4.71 0.55 0 1.47 1.03 0) 1.23 0.04 1.26 
313 4.59 
110* 10.19 19.42 oO.11 1.30 0.59 1.57 O.85 03 129 
331 20.29 
22 20.40 
111* 0.97 0.04 0.04 0.62 0.53 0.02 0.75 0.04 1 O¢ 
223* 21.57 0 0.08 0.76 0.90 0 1.30 0.0 158 
112* 1? 06 0 0.14 0.35 0.62 0 1.20 0.01 1 68 
113* >? 80 0 0.24 0.91 0.80 0.01 2.16 0 > SO 
114* 23.16 0 1.17 0.91 0.81 0 3.42 00 3 53 
115 23.40 
120* 11.92 0.74 0.05 1.02 0.61 4.28 0.70 ‘ 09 
241* 12.41 0 0 1.12 1.03 1.44 0.75 1.50 1.06 
121 13.67 
243* 15.22 0 0 0.95 0.72 0 1.46 0.0 43 
130* 6.45 0.25 O.11 0.91 0.62 384 0.91 503 0.4 
131* R14 0.06 0.30 0.73 0.82 0.56 0.41 0.9 0.41 
132* 11.67 0 0.40 0.86 0.87 0 0.64 0.1 0.72 
133* 14.98 0 1.20 0.67 0.94 0 0.88 0.0 0.70 
134 17.41 
135 19.12 
150* 1.58 0.3 > RR 1.01 0.90 3.60 0.2? 34 0.10 
151 > 58 
152* 51 0 ».75 0.94 1.19 0.17 0.26 04 0.08 
153 8.27 
154 11.28 
061* 1.50 0 0 1.34 2.96 2.59 0 ) 0 
041* 0.37 0.14 0.30 0.93 1.72 1.20 0 1 ) 
031 1.08 
021" 4.38 0 0.57 111 0.82 0.06 0.12 )24 00 
043* 9.17 0 1.33 0.98 1.20 0 0 0 0 
o11* 12.93 0 1.26 0.39 1.14 0 0.54 0 13 
045 15.63 
023* 17.56 0 » 59 1.0 1.17 0 051 0 5 
O12 19.88 
025 1.19 
Calculated (Eq. 2 ef 18.69 13.39 so. 19 
1) Observed eft 19.23 16.03 6.97 324 
(Table IV 
2) Observed eat 18.9 16.1 35 
Nat. Bur. St l 18.9 16.1 1” 
Av (1), (2 eat 19.1 16.1 7.2 3.24 
Av Error (1 2 »1 16.8 29.9 +34.0 
*Used in Harris analysis 
**E.D. =Extrus Directi 
r.D Transverse Direct 


constant temperature box covering the transformer which is calibrated 
by a precision micrometer head ** that can be read to 20 microinches 
The dilatometer runs were recorded on a modified Leeds and Northrup 


Micromax Recorder and the over-all magnification was kept betwee 





172 and 449. The 110 volt, 60-cycle input was stabilized by a 


stabilizer to 


** Boeckler 
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RESULTS AND DIscuSSION 

The crystallographic pole figures representing the texture in all 
samples in both the extrusion and transverse directions are shown in 
Figs. 2-5 and pn values in Table III. The texture which is described 
for the entire cross section of the rod in both extrusion and transverse 
directions includes both the central fibre texture as well as the off- 
center textures. It will be seen in Fig. 2 that the hot-extruded bar (A) 
shows the most intense texture * with the (110) poles parallel to the 
extrusion direction and the (M1) poles parallel to the transverse direc- 
tion. When such a texture +... cold swaged (Fig. 3) the texture de- 
generated to one with the (Gi0), (150), (130), and (120) poles paral- 
lel to the original extrusion direction, but with the density of (110) 
poles markedly reduced. The orientation of the (001) poles was much 
more stable to cold working, as shown by a comparison of the crystal- 
lographic pole figures for the transverse direction in the extruded and 
cold-swaged specimens. 

By recrystallization (Fig. 4) the texture in the extrusion direction 
of the cold-swaged rod shifted toward the (130) pole and was some- 
what more degenerate than before recrystallization. Here too, the 
orientation stability of the (001) poles was as great as in the case of 
cold working. 

That the (110) hot-extruded texture was completely destroyed by 
beta treatment may be seen by the inverse pole figure for the beta- 
quenched sample (B) (Fig. 5). The texture of bar B is very nearly 
random. Variations from px) 1 are undoubtedly due to the fact that 
the larger grain size reduces the number of crystallites that can be 
scanned in the Harris sample, thereby giving less representative sta- 
tistical sampling. One may scan more grains by making a composite 
sample for a rotating flat sample holder.* 

Most of these results are consistent with the prediction of uranium 
textures by Calnan and Clews (2) and agree to a large extent with 
the textures found in rolled plate by Mitchell and Rowland (9). How 
ever, the strong (023) and (100) pole alignments found by Harris 
(3) for the transverse direction (termed by Harris tangential) in 
heavily hot-rolled and lightly cold-rolled rods, respectively, were not 
found in the present work which shows that in both hot-extruded and 
cold-swaged rods the (001) pole dominates in this direction. Cahn (1) 
had found that the principal slip plane is (010) in the direction of the 


* In an examination of a series of fabrications and heat treatments, it has been found con 


venient to arrange the textures in order of degree of severity. A convenient expression to 
evaluate this index, T, is 

I = (1 | log p | )nie/ I nw 
where I and p have the usual meaning (Equation 1). For the case p , one may use | log 
P 2.3, since p 0.005 is probably the limit of detectability in these experiments 


* Such as a Norelco holder, Cat. No. 52184-A, 
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. B Quenched from 3S “GC €i3ss I ransverse and 
Extrusion Directior 


(100) pole with a secondary (110) slip in an unknown direction. The 
deformation by slip is further complicated by twinning by shear on 
K, planes of (130), ca. (172) and (112). The final texture depends on 
the relative amounts of twinning and slip occurring under the deforma- 
tion conditions of fabrication. In the extrusion direction for the hot- 
extruded rod (A) the experimental crystallographic pole figure cor- 
responds to the Calnan-Clews tension texture for twinning and a large 
amount of slip, but with the addition of a secondary texture involving 
much (100) and some (010) pole concentration. As a result of cold 
swaging (C), the texture changes to one resulting from twinning and 
some slip. 

In the transverse direction of the hot-extruded rod (A), the experi 
mental crystallographic pole figure (Fig. 2) agrees with the Calnan- 
Clews compression texture for twinning and a large amount of slip in 
the radial direction because the transverse direction is a mixture of 
both the tangential direction ( (001) pole dominant) as well as the 
radial direction (compression texture: (150) + (152) poles domi- 
nant). These results are similar to those for hot-rolled plate found 
by Mitchell and Rowland except for the (150) + (152) concentra 
tions. 

In the case of the cold-swaged rod (C) | Fig. 3) there is some shift 
away from (O01) toward the (102) + (101) region, where a maxi 
mum would correspond to the Calnan-Clews compression texture for 
twinning and some slip. Here again, agreement with Calnan and Clews 
prediction is indicated, if one remembers that the transverse direction 
is a combination of tangential ( (001) pole dominant) and radial 
textures (compression texture: (102) + (101) poles dominant). Evi- 
dently the stability of the concentration of the (001) poles in the trans- 
verse direction is high, persisting even under cold deformation where 
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twinning predominates. Again, the results for the transverse direction 
are similar but not identical with Mitchell and Rowland’s work on 
cold-rolled plate. 

Rod CR, recrystallized at 500°C (930°F), Fig. 4, shows a change 
of (010) texture similar to that found by Jetter and McHargue (10), 
who showed that for rod extruded at a reduction in area of * 12 at 
500°C (930°F), recrystallization at 550°C (1020°F) produced a 
radical shift in fibre texture in the (010) pole to a point between the 
(131) and (140) poles. Mitchell and Rowland (9), however, found 
no texture change for the plate rolled (reduction in area & 2.5) ata 
low temperature then heated to just above the recrystallization temper- 
ature (about 475 °C). Evidently an (010) texture developed by cold 
work at a relatively low temperature is more stable toward a 500 °C 
anneal than to a 550 °C anneal. At the higher temperature a recrystal- 
lization texture is developed. 


DILATOMETRY 

Data on linear thermal expansion coefficients of alpha uranium is of 
particular interest between room temperatures and 300 °C (Table IV ) 
because at these temperatures it is possible to test the expansion prop 
erties without destroying the prepared textures. The coefficient of 
linear thermal expansion varies with the angles a, 8, and y that the ex 
pansion direction makes with the principal crystallographic directions, 
a, b, and c, respectively, according to 


a=a, Ccos’a +a, cos*8 +a, cos” Equation 2 


where ag, ap, and a, are the mean linear thermal expansion coefficients 
for the principal directions in the temperature range designated. In 
Fig. 6 we plot Equation 2 on a standard (001) stereographic projec- 
tion for uranium using the values of a, = 25.54 « 10°*/°C, a 
2.50 K 10°*/°C, and a.= 23.87 & 10°*/°C from the x-ray values 
found by Bridge, Schwartz, and Vaughan (11) for the range 27 
300 °C. It is seen that only the maximum and minimum expansion co 
efficients are unique. Coefficients between these may be due to a con 
tinuous range of combinations of the angles a, 8, and y: the mere 
measurement of the coefficient of thermal expansion will not determine 
in general the effective orientation of a single crystal nor of poly- 
crystalline uranium. If, however, the texture of a specimen is known, 
one may calculate what the thermal expansion would be if the effect of 
the separate crystallites on each other could be ignored. The effective 
thermal expansion coefficient would be accordingly 


a = (Lpnxienki/Lpnxi) Equation 3 


where pnx: and ayy; are obtained from Equations 1 and 2 if there are 
enough poles represented and if they are all evenly distributed through- 
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out all possible orientations. The fact that all possible crystal 


directions cannot be examined leads to a certain statistical skewness 


which unbalances the calculation of thermal expansion by this equa 
tion. Furthermore, if all possible x-ray diffraction peaks could be used 


(certain reflections are not resolved or are too weak ), the fibre axis it 
general does not coincide with any discrete (hkl) pole. For exampl 
Jetter and McHargue (10), using a spherical specimen b new 
technique (5), have shown in uranium rod extruded at 500° 


(930 °F ) at a reduction in area of & 12 that the fibre axis ver 

but not exactly, coincides with certain (hkl) poles. Also, if the texture 
changes much from center to outside of rod, one has difficulty in ob 
taining a representative dilatometer sample. Finally, it has been 
assumed in using Equation 3 that the macroexpansion of an assembl) 
of single crystals is simply the sum of the expansions of the single 
crystals themselves, without any correction for their effect on each 
other. \ll of thes« sources of error are resp ynsible for the differences 
between the calculated and observed linear expansions listed in Table 
III. The fact that the least distributed texture, i.e., that for the as 
extruded metal, gives the best calculated value of thermal expansion 
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probably shows that for severe textures, the assumptions inherent in 
the method of calculations are nearly correct. 
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DISCUSSION 


Written Discussion: By Dale A. Vaughan, Battelle Memorial Institute, Co 
lumbus, O 





The author's attempt to predict mean thermal expansion of uranium from 
quantitative preferred orientation measurements and the known thermal expan- 
sion coefficients for principal crystallographic directions in uranium is very 
interesting. The agreement between the calculated and the observed thermal ex 
pansion coefficients for fabricated and recrystallized specimens is exceptionally 
good, considering the uncertainties in the quantitative preferred prientation analy 
sis by the x-ray diffraction method employed. The Harris analysis, which was 
employed by the author, makes a comparison between a standard and unknown for 
a large number of (hkl) reflections but neglects to consider the fundamental 
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theory of diffraction from textured material. This comparison would be satisfac. 
tory for quantitative analysis of phase composition of randomly oriented two 
component system, but fails to account properly for texture in a single-phase ma- 
terial. In order to make the comparison quantitative for the latter case, each hkl 
reflection should be evaluated in terms of the intensity for the random and the 
perfectly oriented condition. One aspect of this evaluation is the multiple reflect 
ing position for a given hkl plane in a random specimen. This multiplicity 
factor reduces to unity for a textured specimen. This factor along with other con 
siderations is omitted in the Harris analysis of pole density. If quantitative 
analysis of pole density is to be obtained from x-ray diffraction line intensities. jt 


will be necessary to develop a mathematical conversion of intensity to pole density 
by relating the fundamental intensity equation for a perfectly textured specimer 
to that of the randomly oriented specimen. Until this conversion is made so that 
quantitative pole density can be determined, it is difficult to calculate thermal 


expansion of a textured specimen with any degree of confidenc« 

In Table II the author presents a comparison of observed intensities with thos: 
calculated by Jacob and Warren for 27 hl reflections of uranium. The differenc« 
is quite large (20 to 76% of the computed intensity) for nearly half of the re 


flections. Since these observed values were used to determine pole densities, it 
would appear that the unknown specimens were being compared with a rather 
poor standard for a random specimen. It, therefore, appears that considerable 
more effort is needed in the preparation of a standard randomly oriented specimer 
before x-ray analyses of preferred orientation in uranium can be employed in the 
prediction of its physical properties 

The equation for standard deviation as given below Table II appears to have 
been misprinted since this does not give percentage as indicated. The equatio 


probably should read as follows: 


o = 100\V/35(I*. — Iyw/ly~ )2/27 


Written Discussion: By C. M. Mitchell, Physical Metallurgy Resear: ibora 
tories, Department of Mines and Technical Surveys, Ottawa, Canada 

The textures developed at high deformation temperatures are of import é 
testing the operation of Calnan and Clews mechanism for conditions of twinning 
with a large degree of slip. The direct crystallographic pole figures, obtained i: 
this experiment by Harris’ method, should be more reliable for examination of 
the deformation mechanism, than crystallographic pole figures obtained by t 


transformation of fabrication pole figures, since the transformation car 
performed by approximate methods. (2, 3) The superposition of the compres 
and tangential distributions in the extruded and swaged rod however com; 
the analysis of the compression textures. 

The extrusion pole figure and the resolved compression pole figure for the 
swaged at 300°C (570°F) are in general agreement with the crystallographi 
pole figures obtained in 325 °C (615 °F) rolled plate by Mitchell and Rowland (2 


from the transformation of fabrication pole figures. The textures agres sé 
with those, predicted by Calnan and Clews, for twinning with a small amount of 
slip and support the postulate of deformation by (130) and (112) twinning in this 


temperature range 
In the rod swaged at 620°C (1155 °F) the extension axis distribution shows a 
duplex texture with maxima at (010) and (110). The transverse texturs OWS a 


wn 
Nm 
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strong (001) concentration and a (150)-(152) concentration of approximately 
half this intensity. The (001) transverse concentration at 620°C (1150°F) is 
approximately equal to the (001) transverse concentration in the 300 °C (570 °F) 
swaged rod. The (001) transverse concentration at 300°C (570°F) consists of 
superimposed compression axis and tangential axis components. On this basis it 
is suggested that the compression axis distribution is also duplex with both (001) 
and (150)—(152) components. In plate rolled at 450°C (840°F) Mitchell and 
Rowland found tension maxima at (010) and at (110), the distribution extending 
along great circle paths near the (010)—(100) zone and a strong (001) compres 
sion axis concentration. 

Calnan and Clews predicted the high temperature texture by considering the 
modification of the twinning deformation texture with increasing slip. Under 
(010) slip the compression axes would move toward the (010) pole and the 
tension axes toward the (100) pole. The regions of maximum resolved twinning 
shear stress in compression and tension include these poles. A single orientation 
was predicted, having a compression axis maximum at (150)—(152) and a tension 
axis concentration at (110) where further axial rotation was limited by twinning. 
In an examination of this mechanism Mitchell and Rowland (2) pointed out, that 
material moving into the twinning region, would be reoriented to the original 
stable twinning orientation and that the material in the residual slip concentration 
would continue rotation into the twinning zone. This cycle could produce a duplex 
orientation about the metastable positions, one component having a compression 
axis maximum near the (001)—(100) zone axis and a tension axis maximum at 
(010) in the regions of minimum resolved shear stress in twinning, the second 
component having a compression axis maximum near (150)-—(152) and a tension 
axis maximum at (110) near the boundaries of the twinning region. At lower 
deformation temperatures, twinning would occur at lower resolved shear stress, 
over a larger region of the pole figure, increasing the intensity of the twin re- 
orientation component, until at sufficiently low temperature the single component 
textures would be obtained 

References 
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Author’s Reply 


he question of the 


The author thanks Dr. Vaughan for his valuable remarks 
validity of the use of random powder intensities as I, in the Harris method when 


that method is used to determine texture in a highly textured metal is a very 


serious one indeed. If the Harris method is invalid in these cases, agreement be 
tween observed and calculated thermal expansions would be largely accidental, as 
Dr. Vaughan has suggested. Assuming that the Harris method is used correctly 
except for the question which Dr. Vaughan has raised, it would seem that his 
agreement between calculated and observed 


the most highly textured sample and 


argument would demand that the 
thermal expansions would be worst for 
best for the mostly nearly random sample. If the errors are arranged in order of 


severity of texture found, we have —2%, +34%, —30%, —17%, obviously not a 


steadily decreasing error. At least from these data alone, Dr. Vaughan’s ob 
jections do not appear to be confirmed 
It is not clear from his remarks just why the full value of the multiplicity 
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factor should not be given its usual value in computing [, for a textured specime: 
rather than unity as he suggests. 

One possible method of deciding whether the random powder intensity, [,, js 
correct or not, would be a comparison of the integrated intensities of different 
orders of the same (hkl), such as 020, 040, 060 reflections. Sturcken* has already 
made some preliminary investigations of different orders and reports agreement 
to within 2 or 3% with random powder intensities. His uranium samples were 
highly textured 

With respect to the quality of the random sample actually used in these de 
terminations, Dr. Vaughan’s criticism is valid. Present practice involves the use 
of Jacob and Warren’s calculated value of I, (random powder). See Reference & 


of the paper 


The author reiterates that two factors are primarily responsible for the differ 
ences between observed and calculated thermal expansions 
\. The assumption that a polycrystalline mass behaves like an assembly of 


independent single crystals during thermal expansion is obviously in 
correct. For example, cooling twins due to crystal interactions aré 
commonly observed in uranium 

B. A choice of poles such that not enough directions are covered or that a 
particular choice of poles leads to a certain net unbalance in favor of 
one particular direction or both. This precaution was emphasized by 


Bridgman** as early as 1926 


We are grateful to Dr. Vaughan for calling attention to the error in the equation 
for standard deviation 


* E. F. Sturcken, E. I. du Pont de Nemours and Co., Inc., Savannah River | 
Aiken, South Carolina. Personal Communicatior 





** P. W. Bridgman, Preceeding American Academy of Arts and Science \ 
p. 101 























TRANSFORMATION KINETICS AND MECHANICAL 
PROPERTIES OF URANIUM.0.5 W/O 
COLUMBIUM.0.5 W/O MOLYBDENUM 
ALLOY 


By EUGENE G. ZUKAS 


Abstract 

/sothermal transformation studies were completed on the 
uranium-0.5 w/o columbium-0.5 w/o molybdenum alloy. 
Two solution treatment temperatures were used, one in the 
high temperature y-phase field (950°C, 1740 °F) and the 
other in the (B+ y) phase field (675°C, 1245°F). The 
lower solution treatment temperature was used to increase 
the amount of retained B-phase. Hardness, density, metal- 
lography and x-ray diffraction were used to determine the 
transformation boundaries. The isothermal transformation 
diagrams are presented. The tensile and impact properties 
were determined at temperatures from —198 to 100°C 
(—324 to 212°F) after four heat treatments which were 
chosen on the basis of isothermal transformation kinetics 
studies. (ASM-SLA Classification: N8g, Q-general ; U-b) 


[INTRODUCTION 
oe RESULTS of transformation kinetics studies and mechanical 
property determinations have been reported for several uranium- 
molybdenum-base alloys (1—6).' The isothermal transformation dia 
grams and the mechanical properties of the uranium-0.5 w/o colum- 
bium-0.5 w/o molybdenum ternary alloy are presented here. 


EXPERIMENTAL PROCEDURE 
Castings 18 & 8 X1% inches were made in graphite molds which 
had been coated with MgO to prevent carbon contamination of the test 
samples. The chemical analyses were as follows: 


Molybdenum 0.47-0.51 weight % 

Columbium 0.51-0.59 weight % 

Carbon 100-210 parts per million 
Iron 25-80 parts per million 
Silicon 50-120 parts per million 
Nickel 30-90 parts per million 
Total Other 20-100 parts per million 


1 The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959 

The author, Eugene G. Zukas, is associated with the Los Alamos Scientific 
Laboratory of the University of California, Los Alamos, New Mexico. Manuscript 


received February 2, 1959 
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Specimens 0.3 « 0.3 & 1 inch were machined from rolled p'ate for 
use in the isothermal transformation studies. Smaller samples measur 
ing 0.1 & 0.3 & 1 inch were used to confirm boundary placement when 


isothermal holding times were less than 10 seconds. 





Earlier studies of the uranium-molybdenum alloy system indicated 


that any 8-phase retained by quenching to room _— iture was likely 


to be very unstable. A strong uranium 8-phase line (2 6 = 37.53°) of 
this U-Cb-Mo ternary was chosen and the change i, X-ray intensity 
with time was determined. A plot of intensity versus time is shown in 


Fig. 1. The rate of transformation of the B-phase was assumed to be 
proportional to the rate of change of x-ray intensity. The intensity at 
any time could then be calculated from the equation 


I Ie 
The rate (A) was calculated from the observed values using time ir 
minutes and was found to be —0.00427 with a standard deviation of 
0.00003. On the basis of this, it was decided that all studies should be 


completed within 1% hours after heat treatment. 

Specimens were held at 675 °C (1245°F) for three hours and tl en 
quenched into a molten tin bath held at the isothermal transformation 
temperature. After holding for the desired time at temperature, the 
specimens were quenched into water. For traisformation times longer 


than one hour, the samples were transferred from the tin bath and 
loaded sei vacuum tube furnace already at the isothermal tempera 
ture. The tube furnace was then evacuated and the samples held for the 
desired time at temperature. Upon completion of the run, the samples 


were quenched into water in the usual manner. 

Comparable treatments were used on specimens given a solutiot 
treatment at 950°C (1740°F) for 3 hours before being quenched to 
the isothermal temperature. 


\fter heat treatment, the samples were examined metallographic 
x-ray diffraction studies made, densities determined, and hardness rea 1 


ings taken. Heat treatments for the mechanical property study were 
chosen on the basis of isothermal transformation and precipitation aging 
studies. Specimens were solution treated at 950°C (1740°F) for 3 
hours as the initial step in all heat treatments. Some specimens were 
then water-quenched and aged at 500 °C (930°F) for one hour (WQ 
& A) in an attempt to produce maximum tensile strength. The results 
of precipitation hardening studies, shown in i*ig. 2, indicated that suc! 
a treatment would give high hardness and high tensile strength. Others 
were quenched into molten tin at 450°C (840°F) and held isother 
mally for 1 hour [1Q 450]. This was expected to improve ductility while 


retaining high strength. Sti'! others were furnace cooled to room tem 
perature [H & FC]; the cooling rate was approximately 5 °C/minute 
from 950 to 400°C (1740 to 750°F). This was considered to be a 
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practical heat treatment which could be performed easily in a foundry 
or shop. Other specimens were furnace cooled to 580°C (1075 °F), 
held at 580°C (1075 °F) for 2 hours, reheated to 650°C (1200°F), 
held for 2 hours and water-quenched |WQ 650]. This treatment was 
used to prevent the formation of appreciable quantities of the ordered 
e-phase, thereby giving improved ductility. 

Standard V-notch Charpy impact specimens were tested at —198 to 
100 °C (—324 to 212 °F). Data from these tests were supplemented 
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by results from bars with 44-inch diameter semicircular notches, which 
had the same cross-section at the base of the notch as has the ( harpy 
specimen. These non-standard impact bars were used to accentuate dif 
ferences in impact energies in the region of the ductile to brittle transi 
tion temperature, and to give a semi-quantitative measure of notch 
sensitivity. Tensile tests were run at the same testing temperatures 
Standard '4-inch diameter specimens having a | inch gage length were 
tested at a loading rate of 6000 psi/minute. The yield strengths were 


determined at 0.2% offset. 
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RESULTS OF SPECIMENS ISOTHERMALLY TREATED FROM 675 °C 
Four typical hardness and density curves of the U-0.5 w/o Cb-0.5 
w/o Mo alloy after isothermal treatment from 675 °C (1247 °F) are 
shown in Fig. 3. At holding temperatures below 550°C (1022 °F) 
the hardness decreased during the first 10 seconds and then increased as 
the time at temperature increased. At 600 °C (1112 °F), the hardness 


decreased as the holding time increased. Generally, the densities in 
creased as the time at temperature increased. 

Metallographically, the structures were similar for most of the heat 
treatments used. Photomicrographs of a specimen after several iso 
thermal treatments are shown in Fig. 4. The phases were identified 
by x-ray diffraction 

The isothermal transformation diagram for samples quenched fron 
the (8+ y) phase field (675°C, 1247°F) is shown in Fig. 5. The 
8-phase was readily identified by x-ray diffraction. The line designat 
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(a + B); (b) Isothermally held at 250 °C for 2 seconds (a+ 8); (c) I hermally held 
at 550°C (1020 °F) for 1 minute (a + y); (d) Isothermally held at > 1020 °F) 


for 1 hour (a + €) 


ing initial transformation indicated that the diagram was of the double 
“C” type with the minimum time for transformation occurring at 
slightly below 500 °C (1952 °F). At temperatures from 325 to 575 °C 
(615 to 1065 °F) the 8-phase transformed in less than 10 seconds. De 
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Fig. 6—Hardness and Density After Several Isothermal Treatments of Spe 
Quenched from 950 °C (1740 *F) 


tectable amounts of the ordered e-phase were formed only after times 
of one hour and longer at holding temperatures between 450 and 550 ° 
(840 and 1020 °F). Even though columbium additions to a U-2 w/o 
Mo alloy tended to suppress the ordering reaction, the ordered e-phase 
formed in the U-0.5 w/o Cb-0.5 w/o Mo ternary without any apparent 


difficulty. _ 
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Fig. 7—Typical Microstructures After Treatments Above and Below the Ms Tempera- 


ture. X 200. (a) Isothermally treated from 950 to 550 °C (1740 to 102 *F ) and held for 
1 minute. Above the Ms temperateres (b) Isothermally treated fri 950 to 500 °C 
(1740 to 1020 *F) and held for 30 minutes. Below the Ms ter oa rature 


RESULTS OF SPECIMENS SOLUTION TREATED AT 950°C 


Typical hardness and density curves of the U-0.5 w/o Cb-0.5 w/o Mo 


alloy after isothermal treatment from 950 °C (1740 °F) are shown in 


Fig. 6. In general, the density increased if either the holding temperature 
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or the time at temperature was increased. However, the total change in 
density was small (less than 0.4% ). The hardness curves at isothermal 
temperatures below 550°C (1020°F) resembled typical aging curves 








~~ 


Al 
m 











1990 MECHANICAL PROPERTIES OF URANIUM ALLOYS 805 




















‘ Y 
¢ 
Ms 
i 
| a 
> 
@ 
5 40 
— 
a 
E 
w 2 
} 
Quenched From 950 
| 
1 
~m, « 3 6 
Fig. 9—Isothermal Transformation Diagram of the U-0.5 w Ct Sw Mo 
Ternary Solution Treated and Quenched from 950 °C (1740 °F) (» 


where a peak hardness was reached followed by a decrease in hardness 
with increased holding time. At 600°C (1110°F) the hardness de- 
creased as the holding time increased. 

Metallographic examination was quite useful in determining the M, 
temperature (Fig. 7). Structures for isothermal treatments above the 
M, temperature were typical of nucleation and growth while those for 
treatments below the M, temperature were acicular. All samples were 
examined by x-ray diffraction techniques. Typical microstructures of 
the various phases identified by x-ray are shown in Fig. 8. The micro- 
structures proved quite useful in following the phase transformation of 
specimens isothermally transformed from 950°C (1740°F). The iso- 
thermal transformation diagram (Fig. 9) was determined mainly on the 
basis of x-ray diffraction data and metallographic studies. The begin- 
ning transformation line had a “C” shape with the minimum time at 
about 560 °C (1040°F). The M, temperature, 540 + 10°C, was pin- 
pointed by quenching samples from 950 °C (1740 °F) to various tem 
peratures, holding for 2 seconds, plunging the sample into a tin bath 
at 650°C (1200°F), holding for 10 minutes, and air cooling to room 
temperature. The M, temperature denoted the temperature below which 
the acicular structure appeared. At temperatures from 500 to 550°C 
(930 to 1020 °F) the e-phase was formed and could be identified after 
holding times of approximately 1 hour. 


RESULTS OF THE MECHANICAL PROPERTY TESTS 


The results of the mechanical property tests are shown in Figs. 10, 11 
and 12. The tensile strengths of the U-0.5 Cb-0.5 Mo alloy were in- 
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Fig. 11—-Elongation and Reduction of Area Curves of the U w/o | 
Ternary After Four Heat Treatments 
creased to approximately 130—205,000 psi at 20°C (68°F) by heat 
treatment. The tensile strengths reached a maximum below 30°C 
(—22°F). The temperature at which the maximum occurred was 
changed only slightly by heat treatment. Similar maxima have been 
observed for unalloyed uranium (7) and for several U-Mo alloys 
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(5,6). The yield strengths were increased to 53—132,000 psi. The in- 
creased strength obtained by heat treatment was accompanied by de- 
creased ductility and lower impact strength. However, specimens given 
the [H & FC] and [WO 650] treatments were still quite ductile. 

Specimens water quenched from 650°C (1200°F) were the most 
ductile ; however they were not much better than those homogenized 
and furnace-cooled. The samples given the [IQ 450] treatment were 
more ductile than [WQ & A] specimens, but there was no improvement 
in V-notch impact strength. Increasing the notch diameter resulted in 
improved impact strength and indicated that the alloy given this heat 
treatment would be very useful for applications above 20°C (68 °F) 
in construction where sharp notches could be avoided. 

At temperatures below —80°C (—112°F), the impact strengths 
were low regardless of heat treatment or notch diameter. At tempera- 
tures above —80 °C (—112°F), a comparison of the V-notch impact 
strengths with those from the 44-inch diameter notch showed that the 
elimination of sharp notches in design was of more value than the selec- 
tion of any particular heat treatment. Proper choice of heat treatment 
coupled with the elimination of small radii notches in design should 
permit general use of the U-0.5 w/o Cb-0.5 w/o Mo alloy in applications 
where high uranium content alloys are required. 

The homogenized and furnace-cooled alloy had tensile and yield 
strengths somewhat lower than specimens which were either [WQ and 
A] or [IQ 450]. However, the disadvantages of this lower strength 
were more than offset by the increased ductility. The elongation and 
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impact strengths were a factor of 3 better than for specimens having 
the high tensile strengths. The homogenization followed by furnace 
cooling heat treatment was simple to perform and could easily be in 
corporated into the casting procedure without increasing the furnace 
use time appreciably. ; 
SUMMARY 

The uranium-0.5 w/o columbium-0.5 w/o molybdenum alloy was 
subjected to isothermal transformation treatments by quenching from 
the y-phase field and from the (8 +-y) phase field. Identification of the 
minor phases by x-ray diffraction was relied upon for proper placement 
of the boundaries. Metallography, hardness, and density were used to 
supplement x-ray identification. On quenching from 950 °C phase) 
to temperatures below 540°C (1005°F) (the M, temperature) an 
acicular product was formed. The acicular structure was not obtained 
on quenching from 675°C (1245°F) but greater amounts of the 
B-phase were retained. The columbium addition was insufficient to sup 
press the formation of the ordered «-phase. 

The mechanical properties were determined after several different 
heat treatments. Heat treatments used for obtaining high strengths 


generally resulted in low ductility. In general, specimens given the 
homogenization followed by furnace cooling treatment had good 


strength and adequate ductility. This treatment was simple to perforn 
and could easily be incorporated into a standard casting procedure 
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DISCUSSION 


Written Discussion: By John A. Fellows, assistant technical director, Uranium 
Division, Mallinckrodt Chemical Works, St. Louis 

This is a most interesting paper for which the author is to be congratulated. 
This type of work is particularly valuable in illustrating what is possible in the 
achievement of structures and properties in uranium alloys. 

One or two questions arise in my mind which I would like to present to the 
author. The 3-hour soaking treatment employed both at 675 and 950 °C appears a 
very suitable duration to obtain equilibrium. Has he had occasion to observe 
whether there has been grain growth during this soak at either temperature? Is 
there any possibility that the grain size existing at either temperature just before 
the quench can influence the transformation times encountered in isothermal 
treatment below 600 °C? Has there been any evidence of a relationship between 
the grain size at the end of the soaking treatment and the previous condition of 
cold work in the as-rolled samples? 

One feature of the transformations which are described appears somewhat 
puzzling and quite intriguing. The evidence is very clear that quenching from 
950 °C to below 540°C creates an acicular form of the alpha phase, and that a 
counterpart of an “M, temperature” exists. A similar quench from 675 °C is re- 
ported to show no sign of this acicular structure. Yet in this case, a portion of the 
alloy was in the gamma phase and this portion might be expected to exhibit the 
martensitic behavior. Could the absence of an acicular structure in this case be at 
tributed to a ratio of gamma: beta that is sufficiently low to make identification 
difficult by either metallography of x-ray diffraction? I will welcome the author's 
ideas on this apparent anomaly 

The identification of certain of the phase fields in the isothermal transformation 
diagrams is somewhat puzzling to me. Since this type of diagram is concerned by 
definition with progressive degrees of transformation, I do not understand the 
boundaries in Fig. 5 which are labeled to indicate complete transformation of 
¥+BStoa+vyora+y7toa-+eas the case may be. Certainly these are the end 
points, but it is customary in the use of this type of diagram to employ intermediate 
fields to illustrate the effect of time. In this sense I would expect the figure to 
show several additional fields defining regions of partial transformation. The 
original y + 8 would then, with increasing time at some temperature such as 
550 °C, become a + 8 + y, next perhaps a + y, then a+ y + « and finally a+e. 

A second question, regarding these diagrams, pertains to the structure retained 
during a low temperature quench. Fig. 5 shows that a quench from 675 °C retains 
the beta phase and transforms the gamma to alpha, but predicts that after perhaps 
1000 seconds at 200 °C this beta will transform to gamma! The normal expectation 
would be, it seems to me, a slow transformation of the beta to alpha. The diagram 
as shown apparently requires the assumption of a peritectoid reaction yielding 
a + 7 which seems difficult to postulate at such a low temperature 
which shows in the 


This same sort of puzzle applies equally well to Figure 
range of 400 to 540 °C a transformation from a’ to the combination of a’ + a+ ¥. 
Is this really intended or is there some degree of confusion here between: (a) the 
products of transformation created and e.risting at the indicated temperature and 
(b) the room temperature structure observed after quenching from the isothermal 
holding temperature? T-T-T diagrams for steel are conventionally constructed 








mn 
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according to the first premise; perhaps the author has in this case employed the 


second 
\ minor point arises with the interpretation of the “nose” at 500°C in Fig 


[his might be viewed as meaning that the y + 8 structure cannot be quenched 
past this point without transforming to a + y. Another explanation could be that 
the “nose,” although not shown, is actually avoided at cooling rates that do not 
dwell beyond a tenth of a second or two in this region. I suspect the latter is the 


author’s probable meaning but I would like his comment 


Author’s Reply 


In reply to Dr. Fellows questions, I would like to make the following com 


ments 
1. Holding for a 3-hour period at 950°C (1740°F) did result in appreciable 


grain growth, in fact the average grain diameter approached something like 
0.7 mm. Generally, the grain size does influence the transformation tin 1 
an attempt was made to keep the grain size the same for each treatment. All of 
the samples solution treated from 675 °C (1245 °F) were given a prior treatment 
at 950 °C (1740°F) for 3 hours in order to achieve homogeneity and grain size 
control. The same rolling schedule was used for all of the samples 

2. Quenching the U-0.5 w/o Cb-0.5 w/o Mo ternary from eit 


700 °C (1290 °F) resulted in retention of almost all S-phase. The trans 


} 


ner / or 


of the small amount of y-phase to a did not appear acicular in the microstructure 
as shown in the accompanying figure, nor did it seem to distort the lin 
x-ray diffraction pattern. If the gamma transformed to acicular a, then we four 
no evidence of it 

3. We also exper ted to find several additional phase fields, especial 
transformation of y + 8 at the higher isothermal temperatures, though there was 
the possibility of an eutectoid reaction of 8 to a+. Even though a field of 

+ 8+ a must exist, we were unable to find any experimental evide: 


i 
existence. This alloy appears similar to the U-Mo binary alloys in tl 
phase forms and this transforms to the e-phase by an ordering reacti 
few percent of either y or e can form, and when sufficient e-phase has 
enable its detection, insufficient y-phase remains for its positive identificat 

4. An eutectoid reaction of 8 to a + y was not assumed, in fact the evid 
pointed to a slow transformation of beta to alpha. Samples which were 
to retain beta were transformed completely to alpha at room temperature 
any evidence of the presence of gamma. Therefore, it might be expected that the 
a+ 8 field would, with increasing holding time at the isothermal tempera 
become only a which in turn would transform to a + y. However, the supersatu 


rated alpha strives toward equilibrium yielding unsupersaturated a It is 
merely coincidence that sufficient gamma has been formed for its detection at about 
the same time required for the transformation of 8. Probably at lower isothermal 
temperatures, this additional field of a would be more evident 

5. On quenching from 950 to 400-540°C (1740 to 750-1005 °F the 4 
transforms to acicular a. However, on holding isothermally, transforn 
initiates at the grain boundaries. The diffusion of molybdenum to fort e 
metastable +~-phase results in the formation of normal a. Therefore, the super 


saturated a at the grain interiors must coexist with the normal a at the grain 
boundaries. This is the reason for the existence of the a’ + a + 7 field 
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in the paper, the tests were conducted at room temperature. We feel that we re- 
tained the structures present at the isothermal holding temperatures by rapid 


quenching. 
6. The “nose” at 500°C (930°F) is avoided at isothermal holding times just 


slightly less than one second. 





Fig. 13 Microstructures of U-0.5 w/o Cb-0.5 w/o Mo After Quenching. Upper-water 


725°C (1335 °F) (Martensitic—a); Lower-water-quenched from 


quenched from 
700 °C (1290 °F) (a+ 8). X 200. 








METALLOGRAPHIC STUDY OF STRINGERS IN 
INERT ATMOSPHERE-MELTED ZIRCALOY.2 


By J. D. Grozier, L. S. RuBeNnstein, J. G. Goopwin 


Abstract 


A unique corrosion phenomenon associated with the melt 
ing of Zircaloy-2 consumably in an inert atmosphere was ob 
served as stringers of tan corrosion product in the black 
oxide of hot-rolled or extruded material which had been cor 
rosion tested in 750 °F, 1500 psi steam or 680 °F wate? 

Five postulations as to the source and cause of the 
stringer-type corrosion have been substantiated by obse 
vations made during a metallographic study of stringers in 
Zircaloy-2. Corrosion stringers were shown to be directl» 
related to microstructural stringers ; microstructural string 
ers were shown to be related to ingot porosity. The cor 
rosion product which forms in or on a microstructural 
stringer was shown to be restricted to the locale of thi 
stringer. Heat treatment at 1850 °F for 8 hours or more was 
found not to eliminate microstructural stringers but 
prevent the formation of corrosion stringers. Finally, thi 
most likely cause for the formation of the tan oxide co) 
rosion product, rather than the usual blue black oxide film 
over the microstructural stringers is postulated to be thi 
presence of a second phase precipitate on the wall of and/or 
a depleted area adjacent to the stringer. (ASM-SLA Cla 
sification: R4, M27; Zr-b) 


Fer THE PAST six years Zircaloy-2, a zirconium-base alloy 
containing 1.45% tin, 0.125% iron, 0.100% chromium, 0.050% 
nickel has been employed as a structural and fuel cladding material 
in nuclear reactors because of its low thermal neutron absorptior 
and exceptional corrosion resistance in high temperature steam and 
water. Until the fall of 1957, an acceptable method for producing this 
alloy was as follows: (a) compact square bars of zirconium sponge and 
alloy powders in air at room temperature, (b) weld these compacts 
together with tungsten electrodes in an argon or helium shield to form 
a first-melt electrode, (c) arc melt the electrode under an inert at 
mosphere, (d) weld two or more of the first-melt ingots to form 

second-melt electrode, (e) consumably remelt this electrode, (f) ma 
chine or fusion condition the ingot surface, and (g) fabricate the ingot 


A paper presented before the Forty-first Annual Convention of the Societ 
held in Chicago, November 2-6, 1959. 
The authors, J. D. Grozier, L. S. Rubenstein, J. G. Goodwin, are associate 


with Special Materials Section, Core Engineering Department, Westinghouss 
Electric Corporation, Pittsburgh. Manuscript received March 25, 1959 
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to billet, bar, slab, strip, etc. (1).! The fabricated products of this 
“inert-atmosphere” melted alloy were acceptable for reactor use with 
respect to their corrosion properties, but occasionally stringers of tan 
corrosion oxide as shown in Fig. 1 were found in the black oxide of 
hot-rolled or extruded material which had been corrosion tested in 
750 °F, 1500 psi steam or 680 °F water. The localized tan corrosion 





Fig. 1—Rolling Plane View of a Typical 14-Day Corrosion Tested Hot-Rolled Strip 
Coupon Made From Inert Atmosphere-Melted Zircaloy-2. Corrosion stringers can be seen 
running parallel to the rolling direction of the sample 


oxide was objectionable at this time because its effect on cladding 
integrity was not fully understood. Corrosion stringers were not ex- 
perienced subsequent to 1957 when the atmosphere of the melting 
process was altered from a partial pressure of argon to a dynamic 
vacuum of approximately 100 to 200 microns. This paper presents 
some of the metallographic observations made to determine the source 
of the corrosion stringers in inert atmosphere-melted material and the 
methods of thermal treatment developed to prevent their occurrence. 


METALLOGRAPHIC PROCEDURES 

The microstructural appearance of polished and etched surfaces of 
zirconium alloys has been found (2) to vary markedly with the etchant 
used. For this investigation, standard grinding and polishing proce- 
dures were used for all samples. The procedure consisted of mounting 
the sample in Bakelite, grinding on a belt sander with 80 and 400 grit 
belts, hand lapping on silicon carbide abrasive papers, and polishing 
on a heavy nap polishing cloth at normal speeds with an abrasive solu- 
tion of 0.01 micron Linde B powder and 20 v/o HNQOs, 2 v/o HF, 
and 78 v/o H2O. After polishing the following etchants were used: 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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Standard Etch 


To show a matrix in which the grain boundaries are clear and sharp 
and to minimize staining of regions with localized concentrations of 
alloying elements, samples were swabbed lightly for 5 to 15 sec in an 
aqueous solution of 35 v/o HNO; 5 v/o HF. 


HCl Fich 
To darken areas or grains which are rich in the alloying elements, 
samples were etched with an aqueous solution of 35 v/o HNOs, 15 v/o 
HCl, 5 v/o HF. For the purposes of this paper, it can be assumed that 
the standard etch was used for all samples unless stated otherwise 


OBSERVATIONS ON CORROSION STRINGERS 


The cause of the “stringers” in the corrosion oxide of the hot-worked 
material was not obvious when they first were observed. Examination 
of polished and etched sections of samples susceptible to this type of 
corrosion showed in all cases elongated defects, hereafter referred to as 
microstructural stringers. To determine whether these microstructural 
stringers were nucleation sites for the tan oxide corrosion product, the 
following study was performed. Two samples of hot-rolled strip fabri 
cated from inert atmosphere-melted Zircaloy-2 were machined into 
14-in. X l-in. X %-in. coupons and mounted in Bakelite. On the 
first sample, a longitudinal surface was polished and etched. With the 
use of a low power microscope, lines were scribed on these surfaces 
around an area which contained a microstructural stringer. After 
photographing this area (Fig. 2) the coupon was broken from the 
mount and corrosion tested in 750°F steam for 14 days. The same 
area was again photographed (Fig. 3) without further surface prep- 
aration. The tan oxide (shown black on the photomicrograph) was 
found to have formed over the microstructural stringer. On the second 
sample, a microstructural stringer was outlined on a polished and 
etched rolling plane surface. After corrosion testing, the tan oxide was 
also found to have formed over this stringer. 

Since the corrosion stringers were related to the microstructural 
stringers in or below the surface of the hot-rolled strip of the inert 
atmosphere-melted material, it was evident that the corrosion stringers 
not only were in the surface corrosion oxide but also penetrated into 
the material. To evaluate the threat of corrosion stringers to cladding 
integrity if material which included microstructural stringers were 
employed as cladding for reactor fuel, a study was made to determine 
whether the corrosion oxide which formed would be restricted to the 
locale of the microstructural stringer or whether it would propagate 
through the material with increasing corrosion test times. Corrosion 
test coupons representing increasing corrosion test times in 750 °F, 
1500 psi steam were examined for evidence of penetration of the cor- 





1960 STUDY OF ZIRCONIUM-BASE ALLO} 815 








Fig. 2—Longitudinal View of a Microstructural Stringer. The marked area shows the 
appearance of a stringer before corrosion testing. x 400. 





Fig. 3—Same Area as Fig. 2 After 14-Day Corrosion Testing in 750 *F, 1500 psi Steam. 
Corrosion stringer can be seen growing directly over the microstructural stringer. X 400 
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rosion oxide with time. It was shown (3) that the corrosion whic} 
forms on or in a microstructural stringer is restricted to the locale of 
the defect and that there is no relationship of oxide penetration to 
time in corrosion test. Concurrent with the determination of the pene- 
tration of the corrosion oxide, the geometry of an average microstruc- 
tural stringer was estimated by measuring on a metallograph with a 
filar micrometer eyepiece the length, width, and thickness of the cor 
rosion oxide (see Figs. 4 and 5) in approximately 50 corrosion tested 
coupons. The average and maximum values of these dimensions and 
depth of penetration of a typical microstructural stringer (Fig. 11) are 
estimated to he: 


A verage-in Maxin 
Length 0.022 0.070 
Width 0.0007 0.0019 
Thickness 0.0004 0.0006 
Penetration from rolling plane exposure 0.0005 0.001¢ 


Thus, if stringered Zircaloy-2 is to be used as a cladding material 
cladding integrity from a rolling plane surface will not be threatene:|! 
if the cladding thickness is greater than 0.0016 in. and the distance fron 
the fuel to the transverse edge of the cladding not less than 0.070 in 


OBSERVATIONS ON MICROSTRUCTURAL STRINGERS 


The source of the microstructural stringers seen in longitudinal 
views of hot-worked material also was not obvious. Althouy 
generally felt that these defects in the fabricated products were related 
to ingot inhomogeneities, it was not known whether they resulted from 
gas-voids which are inherent in Zircaloy-2 ingots melted under 
partial atmosphere or porous regions high in impurity content formed 
at the interstices of dendrites during freezing. In the first case, it was 
postulated that during fabrication, these voids would simply be elon 
gated into microstructural stringers and in the second case, the im 
purities and alloying elements (Fe, Ni, Cr, Sn, Si, Al, Mg, etc.) would 
diffuse away from the porous area while it was being elongated pro 
ducing a continuous string of small holes which when polished and 
etched would appear as a microstructural stringer. 

To determine whether ingot porosity or porous regions high in im 
purity content could be the source of the microstructural stringe1 


h it was 


8-inch & 1%-inch * 1%-inch section of an ingot exhibiting bot! 


these conditions was hot rolled at 1550 °F to hot-rolled strip. Before 


fabrication and at reductions to % inch, % inch, % inch, and %-inch 
samples were removed, prepared for metallographic examination and 
photographed. Fig. 6 shows two typical pores and numerous regions of 
high impurity content in the ingot. Fig. 7 shows the change in shape of 


a pore after a reduction to % inch by hot rolling. After reduction to 
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Longitudinal View Showing Penetration of Oxide Caused By 
Microstructural Stringer to Corrosion on the Transverse Plane 


Exposing a 
50 


Transverse View Showing Penetration of Oxide In a Microstructural Stringer 


Exposed on the Rolling Plane. 750 
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Fig. 6—As-Cast Ingot Structure of Atmosphere Melted Zircaloy-2. Two black « 
are the ingot pores and the black spotted areas are the porous areas of high ir 
content ref erred to in the text. HCl etch. x 30 
7—Longitudinal View of Same Material as Shown in Fig. 6 After 50% Reductior 
Be Hot Rolling. The pore in the ingot structure can now be seen as an clongated defect 
directly in the center of the photomicrograph. x 300 
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hot-rolled strip, the pores in the ingot which were elongated to a greater 
degree with each increase in percent reduction appeared as micro- 
structural stringers. The regions of high impurity content at the inter- 
section of the large dendritic grains were found to be elongated during 
the hot-rolling process and appeared as elongated g.ain boundary 
precipitate in the hot-rolled strip (Fig. 8). Homogenizing a section of 
this strip by heat treatment for 4 hours at 1850 °F and air quenching 
revealed (Fig. 9) that the microstructural stringers originating from 
gas-voids did not disappear but remained unchanged in a Widman- 
statten structure (4) of alpha zirconium. The elongated grain boundary 
precipitate seen in the hot-rolled strip apparently dissolved in the beta 
phase during the heat treatment and was finely redistributed in the 
alpha grain boundaries during cooling. The grain boundary precipitate 
which was redistributed during heat treatment did not produce elon- 
gated porous regions as postulated. Thus, microstructural stringers can 
be attributed to gas-voids in the ingot, not porous regions high in im- 
purity content at the intersection of dendritic ingot grains. 

Recent work by Bostrum (5) supports the conclusion that micro- 
structural stringers can be attributed to ingot voids formed by the 
entrapment of argon gas during melting. By inductively zone melting 
samples of stringered Zircaloy-2 in vacuum at various temperatures 
and measuring the amount of argon gas evolved with a mass spectrom- 
eter, he determined that microstructural stringers at room tempera- 
tures contained argon at a pressure of 0.6 atmospheres. By annealing 
samples in vacuum at various temperatures, he observed that there is 
no measurable permeation of argon through Zircaloy-2 at temperatures 
up to 2910 °F. Since for practical purposes, Zircaloy-2 is fabricated at 
temperatures below 1830 °F, this work also substantiates the observa- 
tion that microstructural stringers are not removed or “sealed up” 
during conventional hot rolling operations. 

The effect of homogenization in the alpha-beta phase region on the 
matrix structure of Zircaloy-2 containing microstructural stringers is 
shown in Fig. 10. This hot-rolled strip sample was homogenized at 
1800 °F for 8 hours, water-quenched, aged at 1650°F for 1 hour, 
water-quenched, mounted, polished, and etched with an HCl etch. 
The final heat treatment produced a grain structure composed of alpha 
grains with low (light areas) and high (dark areas) concentrations of 
alloying elements due to the partitioning of these elements during the 
two-phase heat treatment. The partitioning of the alloying constituents 
in Zircaloy-2 during heat treatments in the two-phase region (ap- 
proximate 1490 to 1830°F) is believed to be a result of the greater 
solubility of these elements in the beta phase than in the alpha phase 
at these temperatures. It can be seen that during the aging treatment, 
very little of the alpha grain structure adjacent to the microstructural 
stringers transformed to the beta phase. This phenomenological effect 
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Fig. 8—Longitudinal View of Same Material as Fig. 6 After 92% Reduction By Hot 
Working. Microstructural stringers originating from gas-voids in the ingot and elongate 
grain boundary precipitate originating from dendritic grain interstices are show 
x 300 
Fig. 9—Same Material as Shown in Fig. 6 After 92% Reduction By Hot Rolling 
Homogenization at 1850 °F for 4 Hr., and Air Quenching. The microstructural strir 
which were present in the hot-rolled strip were not affected by heat treatment but 
elongated grain boundary precipitate was redistributed 
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Fig. 10—Longitudinal View of a Microstructural Stringer in a Sample of Zircaloy-2 
Hat Rolled a Which Was Homogenized at 1800 °F for 8 Hours, Water-Quenched, 


Aged at 1650 for 1 Hour and Water-Quenched. Light areas are alpha grains with a 

low concentration of Fe, Ni, and Cr, and the dark areas are alpha grains with a high 

concentration of these elements. During aging, the structure adjacent to the micro 
structural stringer did not transform to the beta phase. Oblique lighting. x 300. 


of these microstructural stringers on the matrix can be attributed to the 
stabilization of the alpha zirconium in this region by either (a) a high 
concentration of the alpha stabilizing elements, 1.e., oxygen, nitrogen, 
or (b) a depletion of the beta stabilizing elements, i.e., iron, nickel or 
chromium. Since a second-phase precipitate similar to the normal grain 
boundary precipitate has been found to exist in the microstructural 
stringers, (3) the latter seems to be the more credible. 

Homogenization heat treatments in the temperature range 1800 to 
1850 °F as shown before (Fig. 8) do not visibly affect microstructural 
stringers. But the thermal treatment alters these stringers chemically 
by equalizing the distribution of impurities and alloying elements 
throughout the matrix. Although metallographically no method could 
be devised to show this change, it has been shown (3) that the magni- 
tude of stringer corrosion can be altered if material with microstruc- 
tural stringers is homogenized for increasing times at 1850°F. In 
most cases, it was found that stringer corrosion could be eliminated 
after a thermal treatment at 1850°F for 8 hours. It appears that the 
concentration gradients formed at or adjacent to the stringers during 
the hot working processes were removed during homogenization. This 
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Fig. 11—Penetration of Stringer-Type Corrosion in 
Zircaloy-2. 


observation substantiates that formation of stringer corrosion oxide 1s 
a result of a precipitate on the wall of, or a depleted area adjacent to, 
microstructural stringer. 


CONCLUSIONS 
The observations made in the metallographic study of corrosion and 
microstructural stringers in Zircaloy-2 substantiated the following 
postulations as to the source and cause of stringer corrosion in 
Zircaloy-2: 
1. Corrosion stringers are directly related to microstructura 
stringers. 
2. Microstructural stringers are a result of ingot porosity 
3. Microstructural stringers are discrete and the corrosion prod 
uct which forms on or in them is restricted to the locale of the 
stringer. 
+. The microstructural stringers are not eliminated by heat treat 
ment; but after homogenization at 1850°F for more than 8 
hours, corrosion stringers will not form over microstructural 
stringers. 
The most likely cause for the formation of the tan oxide cor 
rosion product rather than the usual blue-black oxide film 


ws 
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over the microstructural stringers is the presence of a second- 
phase precipitate on the wall of the microstructural stringer 
and/or a depleted area adjacent to the microstructural stringer. 
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DISCUSSION 


Written Discussion: By Walston Chubb, assistant division consultant, Reactor 
Metallurgy Division, Battelle Memorial Institute, Columbus, Ohio 

It is clear from the authors’ statement to the effect that “corrosion stringers” 
are not observed in Zircaloy-2 melted in a vacuum of 100 to 200 microns that “cor- 
rosion stringers” are somehow related to the pressure of or to the composition 
of the atmosphere which was used in inert atmosphere melting of Zircaloy-2. It 
is also interesting that the authors find that most cases of “stringer corrosion” 
require 8 hours of treatment at 1850 °F to be eliminated. Since diffusion rates 
in zirconium at this temperature are of the order of 1 x 10” to 1 x 10° cm?*/sec, 
it is very surprising that such a drastic homogenization treatment is required to 
eliminate “stringer corrosion.” The lack of homogeneity in Fig. 10 as indicated 
by the concentration of large alpha zirconium grains around the “microstructural 
stringer” after an alpha-beta treatment of 8 hours at 1800 °F is also very inter- 
esting. The authors do not say that this treatment necessarily would eliminate 
“stringer corrosion,” so it would be particularly interesting to see if this “micro- 
structural stringer” would develop into a “corrosion stringer.” 

The authors have not made it quite clear «nether or not they feel that ingot 
porosity alone is sufficient to produce “stringer corrosion.” The impression is 
presented that some sort of inhomogeneity or precipitate on the wall of the 
stringer is necessary to produce a “corrosion stringer.” In view of the sensitivity 
of the corrosion resistance of zirconium to minor impurities this seems to be a 
reasonable assumption. The fact that “microstructural stringers” including those 
caused by porosity are not eliminated by the 8-hour treatment at 1850°F while 
“corrosion stringers” are eliminated lends credence to the idea that inhomogeneity 
of some sort is responsible for “corrosion stringers.” If so, what is the role of 
ingot porosity in the formation of “corrosion stringers?” It might be argued that 
a small amount of oxygen or nitrogen was trapped in the ingot porosity with the 
inert gas, and that this oxygen or nitrogen produced the “corrosion stringer” as 
well as the concentration of alpha zirconium around the “microstructural stringer” 
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shown in Fig. 10. On the other hand a “corrosion stringer” caused by nitroger 
or oxygen concentrated near a “microstructural stringer” should not require an 
8 hour treatment at 1850 °F to eliminate by homogenization. 

Have the authors considered what the second-phase precipitated on the wall of 
“microstructural stringers” might be? Is it possible that calcium or magnesium 
chloride or some other salt present in the sponge zirconium could have been 
present in the vapor state in the inert gas trapped in the metal during 
As condensed in a very thin layer on the inner surfaces of ingot pores, such salts 
might be very difficult to identify metallographically. When hydrolyzed during 
corrosion testing, they would have a very adverse affect on the zirconium oxide 


melting 





corrosion film. While the solubilities of magnesium and calcium metal in zirconium 
are appreciable, magnesium and calcium chlorides are not reduced by zirconiun 
and, as salt, probably would not diffuse away from a “microstructural stringet 

at a very rapid rate even at 1850 °F 


Have the authors perchance obtained any other data which might associate a 
particular type of microstructural constituent, foreign matter or otherwise, in the 
“microstructural stringers’’ with the “corrosion stringers?” Has any of the 
Zircaloy-2 prepared by vacuum melting and presumably free of “corrosior 
stringers” been remelted under an inert atmosphere to determine if “corrosior 


stringers” are reintroduced? 


Written Discussion: By R. B. Gordon, deputy director, Fuels and Materials 
Atomics International, Canoga Park, California 

The work described here summarizes an extensive series of investigations 
which were directed at finding a solution to a potentially serious problem or 
Zircaloy clad fuel elements. Although a practical solution was found early in the 
studies through a comparison of vacuum and inert atmosphere-melted material 
the authors and the laboratory in which they worked are to be congratulated for 
tenaciously pursuing the problem until the basic cause of the phenomenon 


Was 
determined. This study and others are providing a firmer technological base fo 
the commercial application of zirconium alloys 


Written Discussion: By M. L. Picklesimer, metallurgist, Metallurgy Divi 
Oak Ridge National Laboratory, Oak Ridge, Tennessee 

The authors have attempted a very difficult and necessary task in trying to 
determine the cause of the corrosion stringers observed on fabricated Zircaloy-2 
strip. The results of the work performed to determine the source of the gas 
stringers are excellent as are those concerning the threat of the corrosion stringers 
to the integrity of fuel element cladding. They are to be commended on suct 
work. 

The discusser does not, however, believe they have adequately proved tl 
contention as to the cause of the corrosion stringers. 

It is unfortunate that a considerable body of pertinent data, some of which has 
been determined by the authors and most but not all of which is referenced 
WAPD-212 (their reference 3), could not have been presented in the present 
paper. Since a number of conclusions drawn in the present paper are base: 


data presented in detail in other reports by the authors, the discusser consider 
it fair to bring forth such data for examination and questioning 

For example, a major emphasis has been placed on the interpretation of 
microstructure presented in Fig. 10 and the heat treatment cycle given the spx 
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ig. 12—Zircaloy-2 Held 1000°C (1830°F) for 30 minutes, Water-Quenched, 
600 °C (1110 °F) for 2 hours, Water-Quenched. Chemically Polished, Anodized. 
Polarized Light. x 200. Structure of fine martensitic needles has shown no change 
after 600 °C (1110 °F) aging 


F 


men. The authors do not show the microstructure of the specimen after the water 
quench from the homogenizing temperature and before the subsequent | eat- 
treatment at 1650 °F. An examination of one of the prior reports of the authors 
(2) shows that the morphology of the specimen before the 1650 °F treatment was 
similar to that of Fig. 9 of the present paper, typical of the basket weave structure 
of an air-cooled specimen, but not that of the fine, martensitic needle, Widman- 
stitten structure found in a specimen which enters the water at 1800°F and 
above. Such a martensitic needle structure is shown in Fig. 12 of this discussion. 
The authors use the observed presence of the “untransformed” alpha phase 
around the gas stringer shown in Fig. 10 to infer that there is an important 
difference between the composition at and near the gas stringer and that of the 
matrix. Furthermore, they infer that such composition difference, due to some 
phenomenological feature of the gas stringer, is responsible for the corrosion 
stringers observed (their reference 3) although they state that such homogeni- 
zation prevents such corrosion stringers. A different explanation of the struc- 
ture observed in Fig. 10 is as follows. When the specimen was being homogenized 
at 1800 °F, the gas stringer was in an all-beta matrix of essentially homogeneous 
composition (no microsegregation). During the “water quenching” from the 
homogenizing temperature, the specimen was rather slowly cooled from 1800 °F 
to near the alpha/alpha plus beta temperature of approximately 1500°F. (3) 
Water quenching after the specimen had reached approximately 1500 °F would 
not have affected the morphology of the basket weave structure of the specimen. 
During the cooling from 1800 °F, alpha phase would have most likely nucleated 
and grown first at and around the gas stringer, causing a depletion of the beta 
forming elements there. When the specimen was then reheated to 1650 °F, beta 
phase would not have nucleated at the stringer, but at points in the neighborhood 
where the last beta phase had decomposed during the prior cooling transformation. 
Thus, the observation of “stabilized” alpha phase around the gas stringer could 








st 
hm 
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be due to the cooling rate from the homogenizing temperature, not because of 
something which happened during the aging treatment at 1650 °F 

Considerable emphasis has been placed by the authors on the presence of 
a corrosion stringer over the gas stringers as shown in Figs. 2 and 3 of the 
present paper. A careful examination of the structures in the figures and of 
the series of specimen structures from which the particular photographs were 
taken (4) shows that when the corrosion stringers occur over gas stringers (on 
this series of polished and etched specimens) they do so only on part of each of 
the stringers concerned, and not on all of each stringer nor on all or even a major 
fraction of the gas stringers present in the structure. What, then, is the difference 
between the corroded and uncorroded gas stringers? 

Other data obtained by the authors (2) make a stronger case for their contentior 
of the occurrence of corrosion stringers over microstructural stringers. A pickled 
corrosion test coupon was exposed for two weeks in 750°F steam. Corrosion 
stringers on the surface were outlined, after exposure, by scribe marks and the 
corrosion film polished off in steps. Photographs made before and after the 
polishing and etching steps showed rather conclusively that the particular co: 
rosion stringers examined occurred over gas stringers present in the etched sur 
face of the test coupon. 

The authors state in the present paper that the corrosion stringer is caused 
by the presence of a precipitate on the wall of, or a depleted area adjacent to, a 
gas stringer. They report elsewhere (their reference 3) that it has been shown 
by other workers that the precipitate present in the gas stringer is the 
theta phase found in the intermetallic stringers and as a general precipitate 
throughout the matrix. If their explanation of the corrosion behavior is correct 
why do not corrosion stringers also occur over intermetallic stringers? The same 





precipitate is presumably involved and the same depleted area should be f 

The authors state elsewhere (5) that the corrosion stringers are formed only on 
material from some ingots and not on others, even from the same blend of 
electrode material, melted by the same melter, and fabricated by the same fal 
cator by the same fabrication procedure. If the authors’ conclusion as to the 
cause of the corrosion stringers is correct, why are they observed on one ing 
and not another when both materials show the same microstructure, chemistry 
and history? 

The authors imply in their discussion and conclusions in the present paper 
that the formation of corrosion stringers over the gas stringers can be prevented 
only by a homogenization treatment of more than eight hours at 1850 °F. How 
ever, they show in other reports (5) that the corrosion stringers are not observe 
on material fabricated entirely at temperatures outside the alpha plus beta field (3 
so that no intermetallic stringers are formed (alpha rolling at 1450°F rather 
than 1550 °F) although gas stringers are present. The same data show that the 
corrosion stringers are eliminated if the material receives a beta quench treat 
ment during fabrication even though the alpha rolling temperature was 1550 °] 

A considerable amount of other relevant data, determined by the authors 
exists, but cannot be discussed here because of space and time limitations 


It is the conclusion of the discusser, considering the data presented in the 
present paper and the considerable body of relevant data existing, that, althoug! 
the corrosion stringers may be tied to some of the gas stringers in some ingots, 


the authors have not found the cause of the corrosion stringers. 
Errors and omissions noted in the manuscript were: the microstructure shown 
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in Fig. 9 of the present paper is that of a vacuum melted Zircaloy-2 ingot, number 
FZ-237, not of the inert atmosphere melted ingot, number FZ-625, as are the 
structures of Figs. 6, 7, and 8 (6) ; the ingot number for the material whose struc 
ture is shown in Fig. 10 could not be found in any of the authors’ reports, nor could 
it be determined if the ingot had been melted in vacuum or an inert atmosphere 
(2) ; the magnification missing from Fig. 9 should be x 300 (6) 
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Authors’ Reply 

The authors would also like to thank Mr. Chubb for his interesting discussion 
on the paper and would like to mention that his comments are very pertinent to 
the stringer corrosion problem but some of them can not be adequately discussed 
due to the lack of data in these areas. When the stringer corrosion problem was 
eliminated by vacuum melting, many of the programs planned were discontinued. 
For example, although it was determined that homogenization for 8 hours at 
1850 °F would eliminate stringer corrosion, no additional study was conducted 
to determine the minimum time which would be sufficient to remove concentra 
tion gradients about gas void stringers. Also studies to determine whether cor- 
rosion stringers would occur in vacuum melted material remelted under an inert 
atmosphere were planned but were not completed. 

With regards to the second phase precipitate on the wall of the stringer, the 
authors during the course of their investigations could find no positive method 
for identifying it. In some exploratory work performed with an electron probe 
analyzer at the Naval Research Laboratory and reported in WAPD-NCE-5777, 
it was observed that the stringers in Zircaloy-2 contained an iron concentration 
of approximately 10%. With this limited data, the authors can only postulate 
that the theta phase (ZrsSn containing approximately 8% Fe) reported by 
Armour Research Foundation in ARF Project B 139 as the second phase in 
Zircaloy-2, is present in gas void stringers. 

As to the possibility that calcium or magnesium chloride or some other salt is 
present in the stringers, the authors could find no method metallographically 
to either prove or disprove this postulation, but stringer corrosion was observed 
in Zircaloy-2 material which analyzed less than 5 ppm magnesium and calcium. 
Whether or not this residual amount would be sufficient to cause stringer cor- 
rosion could not be determined by the authors. 

The authors thank Dr. Gordon for his comments on their paper and would 
like to mention that Dr. Gordon was associated with the “stringer problem” at 
3ettis under contract AT-11-1-GEN-14 up to June 1957. His suggestions and 
comments were instrumental in the organization of the work programs which 
were conducted to eliminate stringer corrosion and improve the corrosion re 


sistance of Zircaloy-2 
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Fig. 13—-Longitudinal view of the microstructure of Zircaloy-2 hot rolled str 

quenched from 1800 °F. Polished, etched, and anodized. Polarized light, I 

is the structure of the material prior to the heat treatment of one hour at 1¢ F w 
resulted in the microstructure shown in Fig. 10 of the text 


The authors would also like to thank Dr. Picklesimer for his very t 


evaluation of some of the technical aspects of the paper and his effort to 


some additional data from some of the interim reports which were bas¢ 

siderably less data than that available for this TRANSACTIONS papet 
The authors also realize that there is a considerable amount of othe: 

data available, but like the discusser they found space to be a limitati 


presentation of the voluminous quantity of data collected during the att 


this problem. The authors certainly have not eliminated all of these dat 


consideration in the present paper, but have used their judgement and pret 


in condensing the data and only used that which they felt applicable. Perhay 


authors have been too concise in their explanation of the work, but fe: 


someone is as interested as the discusser in pursuing details of the probler 


references cited are quite adequate to fill in any background information n¢ 
As the title of this paper suggests, it is primarily a metallographic study 


presented as such to acquaint persons in the field with one of the major 


alloy problems that existed recently 

The contention of the discusser that the morphology of the specimer 
the 1650 °F treatment was similar to that of Fig. 9 is unsupported by his ref 
to WAPD-NCF-7002. Nowhere in that paper was there a presentat 
as-quenched specimens. To the discusser’s question, “Can the aut 
properly draw their last conclusion with these data?”, the answer must 


because the discusser’s assumption of slow cooling is incorrect. To further 
stantiate this, the authors would like to present from their files a photo 


graph of the as-quenched structure of the atmosphere melted material 
this study (see Fig. 13 of the authors’ reply). Although the magnification 
precisely the same as in the figure the discusser has shown, it can be seen tl 


structures are very similar. Thus, if the sample had been slow cooled as presun 


wn" 
Lo) 
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by Dr. Picklesimer, the authors would not have postulated the presence of an 
alpha stabilizing zone as a concentration gradient about the stringer. But since 
re-examination of the as-quenched microstructure has shown it to be similar to 
the microstructure Dr. Picklesimer cited as a properly quenched Zircaloy-2 


specimen, the authors feel that this concentration gradient exists 


The discusser points out that major emphasis was placed on the presence of 
the corrosion stringer over the gas void stringer in Figs. 2 and 3 and that the 
corrosion stringer does not completely cover the gas void stringer. The authors 
would like to state that their contention that corrosion stringers occur over 
microstructural stringers was not confined to the single observation presented 
in the report. The photomicrographs shown were representative of many obser- 
vations of this phenomenon. The authors do not know the reason for the incom- 
plete coverage of the gas void stringer with corrosion product in Fig. 3 and have 
not postulated any. The purpose of the photomicrographs was only to show 
that when the stringer corrosion was found, it occurred over gas void stringers 

The statement of the discusser that the authors implied very strongly that 
the formation of corrosion stringers over the gas stringers can be prevented only 
by a homogenization treatment of more than 8 hours at 1850 °F is rather strong 
The authors disagree that they had made this implication but suggest that the 
discusser has inferred this. He references his report, ORNL-56-11-115 and im 
plies in his discussion of the authors’ paper that corrosion stringers are not ob 
served on material fabricated entirely at temperatures outside the alpha plus 
beta field so that no intermetallic stringers are formed and cites work by the 
authors as additional evidence. The reference of the discusser has no mention of 
corrosion. data in it and that of the authors previously mentioned was very pre- 
liminary in nature and only on small samples from one ingot’s worth of material. 
It must also be mentioned that there was no fabrication of material from this 
ingot in a normal manner to determine whether or not the stringer corrosion 


would have existed in spite of avoiding the alpha plus beta phase region during 
fabrication. The authors do not mean to imply that they have eliminated fabri 
cation as a contributing factor in causing stringer corrosion, and in fact feel 
strongly that in many ways it contributes to the stringer corrosion. However, they 
do feel that the main cause is associated with the presence of a concentration 
gradient about gas void stringers. 

As to Dr. Picklesimer’s reference to the errors and omissions in the manu- 
script the following explanation is in order. Fig. 9 in the present paper is correct, 
that is, the microstructure is that of material from atmosphere melted ingot FZ 
625. The original interim report which was quoted contained a typographical 
error which was corrected in a cover letter transmitting the report. This photo- 
micrograph (Fig. 9) was also published in WAPD-ZH-4 at a later date with 
the identification the same as in the present paper. Also, the material whose 
microstructure is shown in Fig. 10 was taken from atmosphere melted ingot 
FZ 614 and the magnification missing from Fig. 9 is « 300 

Dr. Picklesimer also mentioned that the authors have not adequately proved 
that the cause of the corrosion stringers is the presence of gas void stringers 
in Zircaloy-2. However, when gas void stringers in Zircaloy-2 were eliminated 
by vacuum melting, the stringer corrosion problem was eliminated. Certainly if 
these corrosion stringers were caused by some other microconstituent, they would 

) 


be observed in the corrosion oxides of vacuum melted Zircaloy-2 material, but they 


were not. 








SOME METALLURGICAL FACTORS AFFECTING 
STRESS CORROSION CRACKING OF 
AUSTENITIC STAINLESS STEELS 


By H. H. Untic Anp R. A. WHITE 


Abstract 


Tests on stress corrosion cracking of 18-8 stainless steels 
in boiling 42% MgCl, (154°C) show that alloys low in ( 
or N do not fail within maximum time of exposure (200-260 
hours). Commercial type 304 alloys, on the other hand, fail 
within 0.2 to 1.4 hour. 

Stable austenitic 20% chromium, 20% nickel are similarly 
resistant if the nitrogen content is sufficiently low (about 
0.002% ). Carbon, contrary to its effect in 18-8, confers re 
sistance to cracking. 

Columbium (niobium) alloyed with 18-8 low in nitrogen 
and carbon ts found to stabilize the y-phase on quenching 
from 1050°C (1920°F), and the alloy is susceptible 
cracking as quenched. Titanium, on the other hand, neithe 
stabilizes the y-phase, nor does it confer susceptibility t 
cracking. However, titanium or columbium alloyed with ri 
melted commercial type 304 cracks in about the same short 
time as commercial type 304, 321 or 347, indicating that 
these elements have little or no influence on cracking of 
commercial compositions. 

Silicon appreciably increases resistance to cracking 
18-8, and similarly of remelted commercial 25-20 (typ. 
310) compositions. Cobalt and also boron are beneficial. 

It is concluded that a-phase 18-8 ts relatively resistant t 
stress corrosion cracking whether produced by transforma 
tion on quenching from 1050 °C (1920 °F) or by cold work 
at room or below room temperatures. Austenitic 18-8, on 
the other hand, readily fails by cracking whether the y-phas. 
is stabilized by nitrogen, carbon or columbium 

The mechanism of cracking appears to involve formatio: 
of crack-sensitive paths by plastic deformation. Nitrogen 
particular diffuses to lattice imperfection sites, such as dis 
locations, forming cathodic areas. The beneficial effect of 
silicon and nickel is one of altering the pattern of cathodi 
atmospheres or precipitates, or of inhibiting their formation 


A paper presented before the Forty-first Annual Convention of the Society 
held in Chicago, November 2-6, 1959. 

Of the authors, H. H. Uhlig is associated with the Corrosion Laboratory, De- 
partment of Metallurgy, Massachusetts Institute of Technology, Cambridge 
Massachusetts ; and R. A. White is associated with the Standard Oil Company of 
California, San Francisco. Manuscript received May 25, 1959 
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in the same way as they inhibit nucleation of cementite in 
carbon steels. 

A threshold stress below which cracking will not occur is 
not expected, because creep occurs at any applied stress, and 
the accompanying plastic deformation suffices to form crack- 
sensitive paths. The effect of plastic deformation accounts 
for almost immediate cracking of cold worked 18-8 on ex- 
posure to MgCl, solution, and for an induction period before 
cracking occurs tn alloys stressed elastically. 

Change in susceptibility with control of impurities or 
composition, as presently reported, provides reasonable hope 
that the problem of stress corrosion cracking in austenitic 
stainless steels can be solved by a metallurgical approach. 
(ASM-SLA Classification: R1d, 2-60; SS) 


LTHOUGH the metallurgical factors entering intergranular cor- 
Pegler of austenitic stainless steels are reasonably well under- 
stood, a parallel understanding of factors entering the transgranular 
failure of these alloys by stress corrosion cracking is not yet established. 
Only a few metallurgical investigations have been reported. Rocha (1)! 
stated that resistance to stress corrosion cracking of 18-8 stainless 
steels in a hot CaCle solution increases with nickel content, and is a 
function of austenite stability, the less stable alloys failing sooner. In 
his experiments, optimum resistance of an 18-8 composition occurred 
at 0.045% carbon, shifting to higher carbon percentages the higher the 
nickel content of the alloy. Scheil et al (2) presented data showing 
that ferritic stainless steels do not crack in boiling 42% MegCle for test 
periods up to 300 hours. This was confirmed by Edeleanu (3) in tests 
lasting up to 1000 hours. The latter also showed that austenitic stainless 
steels containing 12 to 21% nickel are more resistant than 8 to 10% 
nickel stainless steels. Scheil (4) stated that austenitic stainless steels 
become immune to stress corrosion cracking in magnesium chloride 
when the nickel content is about 45% or more. Edeleanu and Snowden 
(5) reported that a 30% nickel stainless steel marks considerable im- 
provement over a 12% nickel stainless steel in resistance to cracking in 
steam or hot water. 

Leu and Helle (6) found that alloying additions of 0.3 to 3.0% 
silicon increased the number of observed cracks which form, which 
they interpreted in terms of a brittle oxide film forming on the alloy 
surface in presence of silicon. But the results of this paper show an 
opposite effect, namely that Si additions to stainless steels are bene- 
ficial. It has been proposed that susceptibility (3) of 18-8 stainless steels 
to stress corrosion cracking, or sites for initiation of cracks (7), are 
related to presence of quasi-martensite (ferrite) formed by plastic de- 
formation. This idea has been criticized (8) (9) on the grounds that 
austenitic steels crack by stress corrosion even when the composition 


~ 1 The figures appearing in parentheses pertain to the references appended to this paper. 
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precludes transformation on cold working to quasi-martensite, or when 
the temperatures are too high for the austenite-ferrite transformation to 
occur. Edeleanu (10) emphasized later that quasi-martensite is the path 
of easy corrosion across grains only in some but not all cases 

Graf (11) showed that susceptibility of some Au-Ag and Au-Cu 
alloys to intergranular stress corrosion cracking is an intrinsic property 
of the plastically deformed alloy, independent of impurities. Robertson 
and Bakish presented data for Au-Cu alloys leading to the same con 
clusion (12). However, in the case of austenitic stainless steels, Uhlig 
et al reported that impurities, e.g., carbon and nitrogen, play an im 
portant role (13). Experiments along these lines have been continu 
and are reported herewith, including observations on relatively pure 
(a) 18% chromium-—8% nickel alloys which transform in part to ferrite 
on quenching from elevated temperatures or on col.l working, and (b) 
20% chromium—20% nickel compositions which remain austenitic or 


quenching or cold working. 
EXPERIMENTAL PROCEDURE 

Stress corrosion cracking tests were carried out in boiling 42% 

MgCl» solution (154°C) which Scheil (14) showed to be a suitable 
medium for accelerated tests. A detailed description of the test apparatus 
has been pub'ished elsewhere (15) in connection with a description of 
chemical factors affecting stress corrosion cracking of 18-8 stainless 
steels. In brief, a specimen measuring 1344 * %¢% X 0.040 inch (4.45 
x 0.48 & 0.10 cm) was bent in a vise beyond the elastic limit to the 
shape of a C until it just fitted into a notched standard specimen holder 
having a span of 154 inch (4.1 cm). The specimen was immediately 
transferred to the test apparatus, the sliding arm tightened and the 
notched holder released. The span of the bent specimen was then ad 
justed between two porcelain insulators to a final 1%¢ inch (3.65 cm) 
and held to this dimension by means of a compression spring 

The specimens in test, therefore, were all plastically deformed the 
same amount and were under continuous and relatively constant load, 
marking an improvement over a clamped C type specimen for which 
the elastic load decreases as the specimen creeps or begins to crack 
Specimens were totally immersed in 250 ml boiling 42% magnesium 
chloride and cracking times were recorded electrically. 

Magnesium chloride was chemically pure, but cracking times for a 
given alloy differed from batch to batch, making it necessary to check 
each shipment using a series of standard specimens held in reserve for 
such purpose. A correction was then applied to bring all cracking times 
to the same standard value. Mean cracking times of commercial 18-8 
were found to differ from batch to batch by as much as 0.7 hour where 
the normal cracking time was 1.5 hours with standard deviation for a 


single batch of magnesium chloride equal to +0.2 hour. Reproducibility, 
in general, of stress corrosion cracking tests even under best of condi- 
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tions is inherently not good, making it necessary to average several 
specimens for any single set of experimental conditions. 

Alloys before testing were either annealed at 1050 °C (1920 °F) and 
water quenched, then sheared to size (annealed-sheared) or were 
sheared to size first, then annealed (sheared-annealed). In general, 
specimens that were “‘annealed-sheared” cracked in shorter time than 
specimens “sheared-annealed.” Reproducibility of annealed-sheared 
specimens was better perhaps because these specimens supported a 
greater spring load than did the softer annealed specimens, and hence 
the corresponding percentage experimental variation of load in any 
single test was less. All specimens were pickled by a standard procedure 
immediately before tests. This consisted of a preliminary pickle in 25 
vol % HCl, 25 vol % HeSO, of the commercial concentrated acids at 
90°C to remove visible oxide scale. Specimens were next pickled in 
15 vol % nitric acid, 5 vol % hydrofluoric acid, based on the commer- 
cial acids, at 90°C for 5 minutes where each specimen was contained 
in individual test tubes maintained at temperature by a surrounding 
water bath. This procedure insured uniform surface treatment. 

Specimens of commercial materials were prepared from the sheet as 
received after cold rolling to proper thickness. Alloys prepared in the 
laboratory were melted in a vacuum furnace in 1% pound lots using 
high purity alumina crucibles. After melting, a purified helium atmos- 
phere (passed through liquid N» traps and over titanium sponge at 
600 °C) was introduced, and ingots were cast by drawing the melt into 
9 mm diameter Vycor tubing, then water quenched. The ingots were 
homogenized in helium at 1050 °C (1920°F) for 24 hours, and cold- 
rolled to appropriate thickness. 

The sources of materials used for the laboratory melts were as 
follows : 


Nickel —electrolytic (courtesy of International Nickel Co.) 
Iron electrolytic or vacuum melted electrolytic * 
Chromium —electrolytic (Electro Metallurgical Company ) 


Columbium—99.7% (courtesy of Electro Metallurgical Company ) 


Titanium —duPont Sheet (E. I. duPont de Nemours Company ) 
Boron -99.2% (courtesy of U.S. Borax and Chemical Company ) 
Cobalt -commercial reagent grade 

Silicon —high purity (E. I. duPont de Nemours Company) 


Nitrogen, when added, was supplied by exposure of the melt to the 
purified gas at 1 atm for several minutes. Carbon was introduced by 
addition of previously carburized iron produced by passing Hz plus 
benzene over pure iron at 1000°C (1830°F). No deoxidizers were 


* Ferro-vac, purchased from National Research Corporation. 
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used in any of the melts, and conditions otherwise were chosen to insure 
relatively pure compositions. 

Results for annealed-sheared and cold-rolled specimens together with 
standard deviations from the average cracking times are summarized in 
Table I. Data for sheared-annealed specimens of several alloys are given 
in Table II. In general, cracking tests were carried out to not more than 
200-250 hours because of the corrosive action of MgCle solution on 
the test apparatus. The indication of cracking time in hours preceded 
by > means that the specimen did not crack within the time specified. 
The few instances where circumstances led to arbitrarily choosing a 
maximum time of test greater or less than 200 hours have no special 
significance. It is significant that an alloy surviving even 100 hours 
represents improvement over commercial type 304 alloys by a factor 
of 30 to 500. 


RESULTS 
E ffect of Temperature of Bending 

For regular tests, specimens were bent to the required span at room 
temperature. Experiments were also carried out by bending specimens 
either above or below room temperature using a commercial type 304 
specimen (304A), annealed-sheared and “stress relieved” at 375°C 
(705 °F) for two hours. Specimens were first heated or cooled to a 
specific temperature, then rapidly transferred with tongs at the same 
temperature to a vise, and immediately bent to fit a metal specimen 
holder having a span only slightly larger than that required for the test 
apparatus. After reaching room temperature, the specimen was trans- 
ferred, without spring-back, to the test apparatus. Bending in liquid 
nitrogen was accomplished by a special jig which deformed the speci- 
men the proper amount while the specimen was completely immersed 
in the refrigerant. Averaged results for 2 to 4 specimens at each temper- 
ature are plotted in Fig. 1. It is noted that bending specimens above 
room temperature had no effect, but for specimens stressed below 0 °C, 
cracking times became increasingly longer as the temperature was 
lowered. For specimens bent at liquid nitrogen temperature —196 °C 
(—320 °F), average cracking time was 5 times longer than for speci- 
mens bent at room temperature.* For sheared-annealed specimens, the 
final anneal eliminating cold-worked edges produced by shearing as 
contrasted with annealed-sheared specimens having cold-worked edges 
the process of bending at —196°C (—320°F) produced complete 
resistance to cracking within maximum time of test equal to 250 hours. 
Similar specimens bent at room temperature, then refrigerated in liquid 
nitrogen for some time showed normal cracking times. 


* These results were obtained by John Lincoln, M I.T. Thesis, 1955. Cracking times shown 
are for large size test specimens (35 X 3/8 X 1/16 inch; 12.7 x 0.95 X 0.16 cm) use riginally 
for which absolute cracking times are longer than for the smaller size specimens used presently 


Cracking times are in qualitative agreement for both size specimens 
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Temperature of Stressing °F 
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Temperature of Stressing 


Fig. 1—Effect of Temperature of Stressing on Time to Failure of 
Sheared 18-8 Specimens in 42% MegCle at 154 °C (310 °F) 


Further deformation at room temperature of specimens bent at 
—196 °C (—320°F) caused cracking to occur, but the failures were 
observed at places removed from maximum curvature where deforma- 
tion predominated during low-temperature bending and where crack- 
ing otherwise took place. Constraining further bending to regions of 
maximum curvature resulted in continued resistance to cracking. Also, 
cold-worked specimens bent in liquid nitrogen were not greatly im- 
proved compared to similar specimens bent at room temperature. Ap- 
parently the beneficial effect of low temperature stressing applies largely 
to annealed 18-8 specimens. 

The effect of low temperature stressing was found to be sensitive to 
composition. A second commercial 18-8 (304B), sheared-annealed, 
and bent at —196°C (—320°F) cracked within 4.7 hours, compared 
to 1.5 hours when bent at room temperature, a ratio equal to about 3. 
This alloy remained essentially non-magnetic after bending at —196 °C 
(—320 °F), whereas 304A became slightly magnetic in the region of 
the bend indicating partial transformation to ferrite. Specimens of com- 
mercial types 321, 347B and 310B tested as sheared-annealed, and 
stressed at liquid nitrogen temperatures cracked within 6.5, 4.2 and 
14.7 hours with ratios equal to 3.8, 3.0 and 1.7 respectively. On the 
other hand, relatively pure 18-8 compositions sensitive to stress corro- 
sion cracking when bent at room temperature (alloys 5, C, J, Cb—2) 
resisted cracking when bent at —196 °C (—320°F) for the maximum 
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time of test, in accord with the improvement described above for the 
commercial 18-8 (304A) first tested (Table II). 


Effect of Nitrogen, Carbon, and Nickel 

It will be noted that compositions of about 18% chromium, 8% nickel 
containing 0.015% carbon or 0.01% nitrogen or less (alloys A, B, 1. 
H45) did not crack within maximum time of test (200 to 260 hours) 
On the other hand, relatively pure 18-8 alloys, annealed-sheared, con 
taining 0.15% carbon or more, low in nitrogen (alloys I, J, H44) 
cracked within 2.4 to 3.4 hours. Similarly alloys C and 5 containing 
0.15% and 0.24% nitrogen, and relatively low in carbon, failed within 
1.2 hours. Two commercial type 304 alloys, 304A and 304B, containing 
0.04% and 0.05% nitrogen and 0.08% and 0.06% carbon respectively, 
cracked within 1.4 and 0.2 hour. Cracking susceptibility of these tw: 
alloys differs despite similar N and C contents. The complete analyses 
of the two commercial alloys as supplied by the manufacturer (except 


for nitrogen which was carried out at M.I.T.) are given in Table IT] 
Table Ill 
Analysis of Commercial Types 304 and 310 Stainless Steels 
Cr N ( N Mn P S S ( M 
3044 18.42 8.63 0.08 0.04 1.16 0.024 0.018 0.30 
304B 18.77 9 20 0.06 0.05 1.54 0.929 0.026 0.69 0.28 0.42 
3041 18.62 10.04 0.02 0.02 1.23 0.029 0.01 0.58 
310A 4 68 21.42 0.05 0.04 1.81 0.025 0.007 0.70 
310B 24.84 19.54 0.03 0.05 1.72 0.026 0.015 0.53 0.44 0.14 


Commercial extra low carbon type 304L also cracked within a relativel 
short time, although the time to cracking was longer than for the two 
type 304 alloys 

The stable austenitic 20% chromium, 20% nickel alloys did not crack 
if the nitrogen content were sufficiently low. When annealed-sheared 
or cold-rolled they tended to resist cracking within maximum times of 
test equal to 200 or more hours (alloy D2, NRL 29-19). However, 
some specimens of alloy D failed in long time tests even though analysis 
showed a low C and N content. Alloy E containing 0.05% nitrogen, 
when annealed-sheared, showed only edge cracks after 290 hours, but 
failed completely in the cold-rolled condition. On increasing the nitro 
gen content to 0.115% (alloy E2), complete failure occurred both ir 
specimens annealed-sheared and cold rolled, the cold-rolled specimens 
cracking in shorter time. It is interesting that alloy H containing 0.17% 
carbon is resistant both in the annealed-sheared and cold-worked states, 
as is alloy G containing 0.23% carbon.* This behavior is contrary to 
that of carbon in the 18-8 compositions. 





* The maximum time of test for 4 specimens of alloy G equal to 170 hours is arbitrar 
specimens would probably also have survived the 335 hr. test of the fifth specimen 
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Two commercial type 310 alloys, 310A and 310B, with a nitrogen 
content of 0.04% and 0.05% respectively, cracked in shorter times than 
any of the laboratory melts of similar composition. Cold rolling of these 
alloys decreased cracking times only of 310A which is the more resistant 


of the two. 


Effect of Columbium (Niobium) and Titanium 

Data of Table I show that niobium (columbium) increases suscepti- 
bility of pure 18-8 compositions to cracking. Alloys 31, 32 and Cb-2, 
annealed-sheared, failed despite low carbon and nitrogen contents 
whereas without columbium additions, these alloys would have resisted 
cracking for the maximum period of test. 

On the other hand, commercial 304B vacuum remelted with addition 
of 0.55% columbium as sheared-annealed (alloy Cb-1), cracked in 
1.7 hours, which is approximately the same as the cracking time of 1.5 
hours for sheared-annealed specimens of 304B without addition of 
Cb (Table IL). Commercial type 347B alloy cracked in about the same 
short time as did commercial 304B (sheared-annealed) or Ch—-1. Com- 
mercial 347A is somewhat more resistant than 347B but the difference 
is small. 

Cold working of 347B had no appreciable effect on cracking time, but 
cold rolling of Cb—-1 made it more susceptible. Co!d working of labora- 
tory melts 31, 32 and Cb—2, on the other hand, conferred immunity up 
to the maximum test period of 200 or 230 hours. The latter alloys readily 
transformed to a phase on cold working unlike the commercial alloys 
which resisted transformation. 

Titanium, contrary to columbium, when alloyed with a low carbon, 
low nitrogen 18-8, resisted cracking whether annealed-sheared or cold 
rolled (alloy Ti-1). This alloy is strongly magnetic as quenched, indi- 
cating that a-phase predominates. As with columbium, addition of 
titanium to vacuum remelted commercial 304B appears neither to in- 
crease nor decrease cracking time (alloy Ti-2). Sheared-annealed speci- 
mens of commercial 321 cracked in about the same time as vacuum 
remelted 304B with addition of titanium (Ti-—2) or columbium (Cb-1). 
The present evidence, therefore, is that columbium and titanium addi- 
tions to commercial 18-8 compositions have no appreciable effect on 
susceptibility to cracking. 


Effect of Silicon, Cobalt and Boron 


Silicon (1.35% ) added to 0.03% carbon, low nitrogen, 18-8 (alloy 
M) did not fail by cracking, nor did both alloys containing higher 
silicon and nitrogen, nor the remelted commercial 304A (alloy 
LN) containing 3.7% silicon. These three alloys, as-quenched, are 
slightly or moderately magnetic and hence contain a mixture of a and 
y phases. If only 1.1% silicon is present in the remelted 304A (alloy 
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LM), the alloy is still a mixture of a and y, but now cracks in the 
annealed-sheared condition, but not when cold-rolled (moderately mag- 
netic) nor as sheared-annealed. When 1.3% silicon is alloyed with a 
high nitrogen alloy (alloy P), the alloy is nonmagnetic as-quenched, 
slightly magnetic as-cold-rolled, and cracks both in the annealed-sheared 
and in the cold-rolled condition. 

Presence of 2% silicon in vacuum remelted commercial 310A (alloy 
Si-2) which is entirely y-phase appreciably increases resistance to 
cracking of both annealed-sheared and cold-rolled specimens. The ef 
fect is marked, quite apart from the inadvertent lowering of carbon and 
nitrogen content by the remelting procedure. For commercial alloy 
310B to which silicon was similarly added (alloy Si-1), the improve 
ment is also definite but not as pronounced as for 310A. 

Cobalt increases to some extent the resistance to cracking of remelted 
304B, but the effect, even for a 13.7% addition, is not large. The cold 
worked alloys became moderately magnetic and cracked in shorter 
times than did the annealed alloys which are nonmagnetic. 

Addition of 0.2% boron to a low carbon, low nitrogen, 18—8, in com 
parison with carbon, neither effectively stabilizes the austenite phase 
nor does it alter the inherent resistance of a-phase 18-8 to cracking 
(alloy B—-1). When 0.2% boron is added to a low carbon, low nitrogen 


20% chromium-—20% nickel composition (alloy B—2), the alloy lik 
wise is resistant to cracking, as is alloy B—3 containing less boron and 


more nitrogen. Several alloys were also made up of remelted commercial 
304B and commercial 310B with additions of about 0.05, 0.1 and 0.15% 
boron. The effect was one of increasing resistance to cracking the 


greater the boron addition, both for annealed-sheared and cold-worked 
specimens. The effect was not large, however, and accompanying r¢ 


duction of carbon and nitrogen contents made it uncertain to what 
extent boron is beneficial, especially in view of apparent analytical 
difficulties for nitrogen and boron when both are present in the alloy 
It can be concluded that at least boron is not detrimental to cracking 
resistance of 18-8 or 20-20 alloys. Boron increased the work-hardening 
characteristics of both 18-8 and 20-20 alloys. 


DIscussION 

Apparently either carbon or nitrogen alone can induce susceptibility 
to cracking in an 18-8 composition, but with nitrogen accounting for 
somewhat shorter cracking times than carbon. Both these elements in 
hibit the y-a phase transformation on quenching from 1050°C 
(1920 °F), whereas alloys low in both carbon and nitrogen are partially 
or almost wholly ferritic (a) as quenched (alloys A, 1, H45) as was 
described by one of us some years ago (16). Alloy B is mostly austen 
itic, but very readily transforms to ferrite when plastically deformed 
(x-ray examination), and hence the convex surface of the deformed 
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test specimen is probably mostly ferrite. Alloys 31, 32 and Cb-2 demon- 
strate that columbium can also stabilize the y-phase on quenching, but 
like alloy B they easily transform to a-phase when plastically deformed. 
These alloys crack as quenched, but become resistant when cold worked. 

The overall evidence is that a-phase 18-8 resists stress corrosion 
cracking in MgCl» solutions whether formed by transformation on 
cooling, or by plastic deformation at room or below room temperatures. 
On the other hand, y-phase 18-8 alloys crack, and this is true whether 
the alloying element responsible for stabilizing the face-centered cubic 
lattice on cooling from elevated temperatures is nitrogen, carbon, or 
columbium. This result is in line with observations of others (2,3) that 
ferritic stainless steels do not crack in the MgCle test, and points to 
the further conclusion that lattice type in this instance is the important 
factor rather than the chromium or nickel content. To what extent, if 
any, the hexagonal close-packed phase, as formed by quenching from 
elevated temperatures or by deformation of 18-8 at room temperature 
(17) or at low temperatures (18) may enter the mechanism of stress 
corrosion cracking has not yet been established. X-ray examination 
of alloys B, P, 5, N, Si-2, and Ch-2, as quenched, revealed only a or 
y phase, or both. 

Alloying additions of nickel above 8% in presence of nitrogen delay 
cracking, but cracking apparently is inhibited only when the amount 
added approaches 50% or more (2). Although increased nickel both 
stabilizes y-phase and delays cracking, the present results do not bear 
out the supposition expressed by some investigators that a more stable 
y-phase 18-8, whatever the stabilizing elements, is more resistant to 
cracking. For example, the relatively easy-to-transform austenitic 
alloys 31, 32, Ch—2 and partially austenitic LM did not crack at all 
after cold rolling. Furthermore, commercial 304B sheet on cold rolling 
from 0.063 to 0.040 inch transformed to a-phase less than did cold 
rolled commercial 304A sheet, as indicated by magnetic tests, yet an- 
nealed 304B cracked in about 4 the time of annealed 304A ; and, when 
cold-rolled, in less than % the time of cold rolled 304A. 

Cracking of the stable y-phase, pure 20% chromium, 20% nickel al- 
loys is associated mainly with nitrogen content ; carbon, contrary to its 
effect in 18-8, appears to be beneficial. Alloy D cracked despite a rela- 
tively low nitrogen content (0.005% ), but when the carbon to nitrogen 
ratio was increased, as in alloy H containing 0.005% nitrogen and in 
alloy G containing 0.016% nitrogen, resistance to cracking was re- 
stored. Commercial 25% chromium, 20% chromium alloys (310A and 
310B) cracked in shorter times than any of the laboratory prepared 
alloys, indicating that elements in addition to nitrogen participate in the 
cracking mechanism. The difference in cracking times of 18-8 compo- 
sitions 304A and 304B, both with about the same carbon and nitrogen 
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contents, leads to the same conclusion. What these additional elements 
may be remains for further study. 

The major detrimental effect of nitrogen in 20% chromium, 20% 
nitrogen alloys, in contrast to carbon, suggests the possibility that nitro 
gen is also the damaging interstitial component in 18-8, but that carbon 
and columbium may lower the threshold concentration « 
needed to induce susceptibility. This could be proved by testing alloys 


f nitro gen 


for cracking essentially free of nitrogen but containing enough carbor 
or columbium to ensure that the alloys are austenitic at room tempera 
ture. The results presented in this paper cover only alloys for whic! 
nitrogen content, although low, is present in analyzab!e amounts 
Silicon is definitely beneficial to 20% chromium, 20% nickel alloys 
It is apparently also beneficial to 18-8 compositions, quite apart from 
the tendency of silicon to favor the y-a transformation. Alloy P, for 


example, containing 0.09% nitrogen and 1.3% silicon cracks in about 
41 hours (annealed-sheared specimens, Table I), whereas in absence 


of silicon a similar alloy would be expected to crack in much shorter 
time. Also, commercial alloy 304A as received, containing 0.3% silicon 
cracks within 5.5 hours (sheared-annealed specimens, Table I1). When 
melted with additional silicon to bring the percentage to 1.1% (alloy 


LM), cracking of sheared-annealed specimens no longer occurs within 
the test period of 210 hours (Table IT). But the same alloy cracks if the 
specimens are sheared from the annealed sheet (Table I), the shearing 
process introducing cold work at the edges. Further cold work, how 
ever, transforms most or all of the alloy to a-phase, and it again becomes 
immune to cracking. This behavior suggests that silicon is beneficial to 
18-8, both because it inhibits formation of crack-sensitive paths, and also 
because it favors the y-a transformation during plastic deformation 
Increased resistance to cracking by cold working of occasional stain 

less steels that transform readily has been noted by Edeleanu (10) and 
by Rocha (1). The present results clarify the reason for this increased 
resistance, namely the complete or almost complete transformation of 
the alloy surface to a-phase during plastic deformation, whereas if 
transformation is resisted the alloy cracks. Similarly the beneficial 
effect of low temperature straining is in part explained by the increased 
formation of cold work ferrite or a-phase at low temperatures. Mag 
netic tests of several alloys, and also x-ray patterns of tensile specimens 
of 304A extended in tension both at room temperature and at —196 °C 
(—320°F), proved the existence of a greater amount of a-phase in 
specimens deformed at the low temperature. Annealed alloys sensitive 
to transformation on cold work, therefore, such as 304A, 5, C, J, and 
Cb-2 were much more resistant to cracking when stressed at —196 °C 
(—320°F). Furthermore, annealed commercial 304A which trans 
forms more readily than 304B did not crack at all within the maximum 


- ys 


test period when stressed at —196 °C (—320 °F), representing an im 
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provement in cracking resistance of more than 45 fold, whereas 304B 
was improved only 3 fold. 

But a second factor quite apart from increased phase transformation 
accounts for improved resistance of 20%chromium-20% nickel or 25% 
chromiun-20% nickel alloys stressed at —196°C (—320°F) since 
these compositions do not transform at all. Commercial 310A and 310B, 
for example, were improved about 65% when annealed specimens were 
bent at liquid nitrogen temperature. It is probable, therefore, that the 
responsible factor is a retarded diffusion rate of nitrogen, or an altered 
pattern for precipitation of nitrides at low temperatures, either effect 
altering the nature and extent of crack-sensitive paths through the 
grains. This factor probably also enters the observed increase in re- 
sistance of 18-8 compositions such as 304B which when stressed at low 
temperatures do not readily transform to a-phase. 

Formation of a-phase or quasi-martensite during plastic deformation 
is not necessary to either crack initiation or crack propagation. Cer- 
tainly alloys that are all or predominantly quasi-martensite do not 
crack at all within limits of the test, as results of this investigation prove. 
And 18-8 compositions that form quasi-martensite more readily, such 
as 304A, do not necessarily crack more readily. This places the major 
responsibility for cracking susceptibility on impurities, especially nitro- 
gen which is a component of all the austenitic stainless steels whether 
of 18-8, 20-20, or 25-20 composition. 

The necessary and important role of tensile stress to the cracking 
mechanism and lack of corrosion along crack-sensitive paths in ab 
sence of stress suggests that crack-sensitive paths are established largely 
while the alloy undergoes plastic deformation. The corrosion paths 
induced by deformation account for almost immediate observation of 
cracks in plastically deformed alloys (15) upon immersion in MgClo. 
When the alloys are stressed elastically an induction period is observed 
(7), the latter situation probably requiring creep (a lower rate of 
plastic deformation) before the crack-sensitive paths are established. 
The apparent sensitivity to cracking even for small amounts of plastic 
deformation accounts for the observed lack of a critical applied stress 
below which stress corrosion cracking will not occur, because creep 
occurs in time at any applied stress. On this basis, the time of cracking 
is expected to be shorter the higher the applied stress, as is observed. 
The initial appearance of corrosion localized along traces of slip planes 
at the surface of plastically deformed 18-8 has been described by Leu 
and Helle (6). 

The present results, therefore, favor a mechanism of stress corrosion 
cracking based on strain-induced precipitates or incipient precipitates 
(e.g. nitrogen atmospheres at dislocations, with diffusion of N being ac- 
celerated by strain and by temperatures slightly above room tempera 
ture). Crack-sensitive paths are formed accordingly by the deforma 
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tion process at the apex of the growing crack. Incipient or real pre 
cipitates are expected to be the cathodes, and the adjoining alloy the 
anodes of electrochemical cells entering into progressive corrosion and 
crack propagation. The beneficial role of silicon and nickel, according t; 
this point of view, is one of altering the pattern of cathodic atmospheres 
or precipitates, or of actually inhibiting their formation in the same 
manner as nickel and silicon also inhibit nucleation of cementite on 
quenching of carbon steels. 


Obviously, more work remains to be done in order to establish the 


details of the above or any other proposed mechanism of stress cor 
rosion cracking in the stainless steels. The large effect of interstitial im 
purities on susceptibility to cracking provides an important clue to the 
problem. Work is now underway on the effect of heat treatment on 
susceptibility which will probably help separate some of the several 
factors that enter the mechanism. The data presented in this paper 
provide hope, perhaps for the first time, that the frustrating problem of 
stress corrosion cracking in these commercially important alloys can be 
solved by a metallurgical approach. 
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THE TENSILE AND YIELD STRENGTH 
OF Cr-Mn-N STEELS AT LOW TEMPERATURES 


By J. C. Soyne, F. W. SCHALLER AND V. F. ZacKay 


Abstract 

The strength of austenitic Cr-Mn-N steels has been 
studied as a function of test temperature and nitrogen coi 
tent. Higher strength resulted from increased nitrogen con 
tents and lower test temperatures. The formation of strain 
induced martensite also contributed to the tensile stren 
under some conditions. (ASM-SLA Classification: Q27a 
2-60, 2-63 ; SS) : 


HE MECHANICAL PROPERTIES of pure metals at low tet 
peratures have received considerable attention in recent years 
(1,2).’ Definitive experimental studies have shown clearly the influence 
of such variables as crystal structure, impurity content, and micr 
structure on the elastic and plastic behavior of a large group of metallic 
elements. Information that has been gained from these investigations 
is now being applied to useful structural alloys. 
Schalier and Zackay demonstrated that interstitial elements exercise 
a profound influence on the mechanical properties of austenitic Cr 
Mn-N steels at low temperatures (3). At low temperatures and hig! 
interstitial contents, these steels exhibited a ductile to brittle fracturs 


1 


transition similar to that of ferritic or martensitic steels. The analysis 
of the tensile strength data in this paper is an extension of the work of 
Schaller and Zackay who studied the ductility of Cr-Mn-N steels 
low temperatures (3). 

The great strength of austenitic Cr-Mn-N steels at low temperatures 
makes them of interest to design engineers. It is apparent that the 
interstitial content of these steels determines their strength at low ten 
peratures. The present study examines the relationship between inter 
stitial content, testing temperature, and strength in these alloys. Cer 
tain peculiarities in the low temperature behavior are brought about by 
the effects of a martensite transformation superimposed on the strength 
ening caused by interstitial solutes. 


EXPERIMENTAL METHODS 


The analyses of the alloys used in this investigation are shown 
1 The figures appearing in parentheses pertain to the references appended to this pape 
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held in Chicago, November 2-6, 1959 


[he authors, J. C. Shyne, F. W. Schaller, and V. F. Zackay, are associated 
with the Physical Metallurgy Section, Metallurgy Department, Scientific Labora 
tory, Ford Motor Company, Dearborn, Michigan. Manuscript received A 29 
1959. 


848 








1960 STRENGTH OF AUSTENITIC CR-MN-N STEELS 849 
Table I _ 
Alloy Compositions 
= Cr Mn ( N 
14.20 14.38 0.027 0.06 
14.13 14.49 0.029 0.09 
14.20 14.54 0.028 0.13 
14.32 14.16 0.023 0.29 
14.24 14.49 0.028 0.36 
16.44 14.53 0.025 0.49 
7 Table Il 
Ultimate Tensile Strength * and Strain Induced Martensite 
Nitrogen TEST TEMPERATURE 
(wt.% 
196 160 °¢ 78°C + 23°C + 100°C 
$20 °F) 256 °F) 108 °F) 
0.06 U.TS 212 199 171 131 ill 
Martensite 93 91 92 87 38 
0.09 U.TS 220 200 172 136 93 
"% Martensite 90 93 92 82 6 
0.13 U.TS 174 203 178 140 100 
Martensite 38 60 75 60 1 
0.29 U.T'S 210 195 188 140 112 
Martensite 5 14 57 30 
0.36 U.TS 225 208 184 142 118 
Martensite 2 6 18 ; 1 
0.49 U.TS 259 247 197 150 
% Martensite 1 1 4 1 1 
Ultimate tensile strength in 1000's of psi 
Table Ill 
Ductility of Several Cr-Mn-N Steels 
Nitrogen TEST TEMPERATURE 
wt.%) 
196 *¢ 160 °¢ 78°C + 23°C +100°C 
320°F) 256 °F 108 °F 
0.06 Elong. “% 40 39 36 43 50 
Red. of Area 55 66 74 70 75 
0.09 Elong. % 47 54 49 60 74 
Red. of Area 28 60 66 66 78 
0.13 Elong. ‘ 22 23 60 68 62 
Red. of Area 18 37 60 72 73 
0.29 Elong. % 11 21 32 67 55 
Red. of Area 15 21 60 73 72 
0.36 Elong. ‘ 10 20 29 50 51 
Red. of Area il 20 38 69 72 
0.49 Elong. % 7 18 45 52 _ 
Red. of Area 9 20 45 68 — 
Table I. The compositions were nearly constant with respect to sub- 


stitutional solute elements with the exception of the alloy containing 
0.49% nitrogen which had a slightly higher chromium content. Hot- 
worked bars were solution treated at 1093 °C (2000 °F) for 25 minutes 
and water-quenched. All the alloys were completely austenitic with the 
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Fig. 1—Ultimate Tensile Strength and 0.2% Offset Yield Strength of Cr-M: 
with Varying Nitrogen Content at Several Test Temperatur 


exception of the two with the lowest interstitial content. These alloys 
with 0.06 and 0.09% nitrogen, contained 9 and 1% martensite, respec 
tively. Cooling to —196°C (—321°F) produced no chang the 
martensite content except in the alloy with 0.06% nitrogen wi 
tained 20% martensite after a liquid nitrogen treatment 
Constant crosshead speed tensile tests were run at rates of extension 
0.6 min.“ or less. Tests on standard ASTM % inch diameter tensile 
specimens were conducted at temperatures ranging from —196 to 


1 


100°C (—321 to 212°F). Strain-induced martensite formed in all 
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the alloys at some test temperatures. The martensite content at fracture 
was established by a magnetic technique described in detail else- 
where (3). 

RESULTS AND DISCUSSION 

The values of yield and ultimate strength for all alloys are shown 
graphically as functions of nitrogen content at various testing temper- 
atures in Fig. 1. Since it was known that strain-induced martensite 
altered the ductility of these alloys at low temperatures, it was antici- 
pated that the strength would be influenced as well. The ultimate tensile 
strength and the corresponding amount of strain-induced martensite at 
several nitrogen levels and test temperatures are shown in Table II. 
These data indicate that strain-induced martensite did have a pro- 
nounced effect on the strength. 

Ata testing temperature of —196 °C (—321 °F) the ultimate tensile 
strength increased slightly as the nitrogen content was increased from 
0.06 to 0.09%, as shown in Fig. 1, while the martensite content re- 
mained essentially unchanged (See Table I1). Further increasing the 
nitrogen content to 0.13% caused the ultimate strength to drop more 
than 20%, the result of a large reduction in the amount of strain-induced 
martensite. At higher nitrogen contents the amount of strain-induced 
martensite was insignificant but the alloys became much stronger. 
Therefore, this strengthening can only be ascribed to the presence of 
dissolved interstitials in the austenite. 

At all test temperatures the strengthening influence of additional dis- 
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solved nitrogen was counteracted to some extent by a decrease in the 
amount of strain-induced martensite. The strengthening influence of 
interstitial nitrogen became less as the testing temperature was in 
creased. This is apparent from observation of the slopes of the ultimate 
tensile strength versus nitrogen content curves at various testing tem 
peratures (See Fig. 1). At 23 °C the ultimate tensile strength is hardly 
changed by increasing nitrogen over the whole range of interstitial con- 
tents investigated. 

The yield strength was increased at all temperatures by the addition 
of interstitial solute as shown in Fig. 1 ; a single exception was the alloy 
with 0.09% nitrogen which is discussed below. Dissolved nitrogen was 
even more effective in raising the yield strength than in raising the 
ultimate tensile strength. As in the case of the ultimate tensile strength, 
the strengthening effect of nitrogen became more pronounced with de 
creasing temperature. 

Thermal martensite was found in appreciable amounts only in the 
alloy containing 0.06% nitrogen. At room temperature the martensite 
content was 9% and increased to 20% at —196°C (—321 °F). This 
accounts for the higher yield strength of the 0.06% nitrogen alloy. The 
increase in yield strength caused by martensite was most noticeable at 
the lowest test temperature where the thermal martensite content was 
greatest 

The temperature dependence of the yield strength was made more 
r-onounced by the addition of nitrogen as shown in Fig. 2. The strengt! 
ening effect of the thermal martensite present in the 0.06% nitrogen 
alloy is made apparent by Fig. 2 which shows that this alloy was 
stronger than the 0.09% nitrogen alloy over most of the temperature 
range. 

The unusual strengths that characterize Cr-Mn-N steels are attrac 
tive to the design engineers to whom strength at low temperatures is 
of ever increasing importance. Unfortunately, the increase in the 
strength of these steels at temperatures below —78 °C (—108 °F) and 
with nitrogen concentrations greater than 0.13% was accompanied by 
a pronounced drop in both elongation and reduction of area (See 
Table III). This would appear to restrict the usefulness of Cr-Mn-N 
austenitic steels at low temperatures. 
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DISCUSSION 


Written Discussion: By James Thompson, Technology Department, Union 
Carbide Metals Company, Niagara Falls, N. Y 

The authors are to be complimented on their interesting study of the effect of 
nitrogen on the stability and tensile properties of austenitic chromium-manganese 
steels at low temperatures 

Data presented in the paper show that chromium-manganese steels containing 
about 14.25% chromium, 14.5% manganese, and 0.03% carbon with nitrogen con- 
tents in excess of 0.2% exhibit high yield and tensile strength at low temperatures. 
These property values, as stated by the authors, are attractive to design engineers 
to whom high strength at low temperatures is important. However, nitrogen in 
amounts greater than 0.13% had a detrimental effect on ductility which might re 
strict their use for service at low temperatures 

Work conducted at the Laboratories of the Union Carbide Metals Company 
on low temperature impact toughness and tensile properties of wrought 17% 
chromium, 9.0 to 14.0% manganese, 0.25 to 0.35% nitrogen steels substantiated the 
authors results. Furthermore, it was found that small additions of nickel had a 
beneficial effect on low temperature impact toughness and ductility 


Table IV 
Results of Izod Impact Tests* 
Composition, ‘ Izod Impact ft-lb. 
Heat No Cr Mn Ni Si ( N Room Temp 196°C. (—321°F.) 
S-242 17.2 9.0 1.5 0.4 0.069 0.23 120 20, 27 
S-251 17.2 9.0 3.0 0.4 0.065 0.24 120 120, 99 
S-88 17.2 9.0 4.0 0.4 0.06 0.24 120 120, 120 
R-966 17.2 11.0 0.2 0.4 0.055 0.24 120 13, 14 
R-967 17.2 11.0 1.0 0.4 0.056 0.23 120 37, 40 
R-968 17.2 11.0 2.0 0.4 0.054 0.23 120 75, 85 
S-267 17.2 11.0 3.0 0.4 0.064 0.20 120 94, 107 
S-82 17.2 14.0 1.0 0.4 0.062 0.25 120 103, 103 
S-84 17.2 14.0 2.0 0.4 0.071 0.24 120 103, 114 
R-954 17.2 14.0 0.2 0.4 0.066 0.31 120 38, 43 
R-969 17.2 14.0 0.2 0.4 0.05 0.34 120 41, 43 
R-955 17.2 14.0 1.0 0.4 0.062 0.31 120 59, 64 
R-970 17.2 14.0 1.0 0.4 0.054 0.35 120 62, 67 
R-956 17.2 14.0 2.0 0.4 0.065 0.30 120 54, 55 
S-367 17.2 14.0 3.0 0.4 0.07 0.30 120 120, 120 
*Prepared from %4-inch diameter bar stock solution heat treated at 1075% 1967°F.). 
Table V 
Tensile Properties 
At Room Temperature4 At —196°¢ 321°F.)B 
Max Max 
Vield Tensile % Elong Vield Tensile Elong. % Red. 
Strength Strength In Strength Strengtl In In 
Heat No psi psi 2 Inch psi psi 1 Inch Area 
R-966 56,300 114,200 53 129,000 159,000 * * 
R-967 52,800 110,300 55 133,000 172,200 16.0 15.5 
S-267 46,000 104,400 68 115,000 179,500 25.5 22.0 
R-969 59,900 113,400 55 151,500 198,500 9.0 11.5 
R-955 59,200 114,200 56 145,500 197,000 12.0 13.0 
R-970 60,500 112,600 52 141,500 210,000 17.5 17.5 
*Specimen failed in threaded section due to defect 
4Tests conducted on 1/16-inch thick sheet material, solution heat treated at 1075°C 1967°F.) 
®Tests conducted on \-inch reduced section tensile specimens solution heat-treated at 1075°C 


1967°F.). Tested at a head speed of 0.01 inch per minute 
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Data given in Table 1V show that the impact strength of austenitic chromium 
manganese-nitrogen steels containing 0.23 to 0.35% nitrogen decreases signifi 
cantly at —196 °C. (—321 °F.). Additions of 1 to 3% nickel tempers the loss in 
impact strength to the extent that steels containing 3% nickel exhibit impact 
values at —196 °C. (—321 °F.) approaching those secured at room temperature 
le V. The 


increase in ductility secured by additions of nickel resulted in some loss in yield 





The influence of nickel on increasing tensile ductility is shown in Ta 


strength at low temperatures. 
The low temperature ductility exhibited by austenitic chromium-manganese 
nitrogen steels containing about 3% nickel should warrant their consideration fo: 


use in applications at low temperatures where the nickel-free steels might not be 
suitable. 
Written Discussion: By G. H. Tisinai and C. H. Samans, Standard Oil ( 





pany, Engineering Research Department, Whiting, Ind 

The additional data given by the authors in this paper demonstrates further: 
tendency of the nickel-free high nitrogen stainless steels to become embrittled at 
low temperatures. However, we question the emphasis, both in the current pape 
and the author’s 1959 ASM paper, on attributing this embrittlement to the fo: 


mation of martensite. Rather, it seems to us that all of their data points strongly 
to the inherent embrittlement produced, at lower temperatures, by increasing the 
amount of interstitial atoms in solid solution. Their original paper demonstrated 


clearly that increasing amounts of nitrogen in solution affects ductility at varying 
strain rates in the same manner as hydrogen atoms do in carbon steels. Both the 
current and the previous papers show that strain-induced martensite, per 





not contribute appreciably to the embrittlement of the alloys. This is parti 


noticeable with the alloys containing 0.06 and 0.09 percent nitrogen, alt! there 
is evidence that thermal martensite may have some adverse affect on du 
Authors’ Reply 

The authors are especially pleased to acknowledge the encouraging results de 
scribed by Mr. James Thompson of the Union Carbide Metals Compa Che 
superiority of impact strength at low temperatures of the nickel taining 
chromium-manganese-nitrogen alloys is clearly evident from the data he has 
presented 

The authors appreciate the interest of Messrs. G. F. Tisinai and C. H. Sama 
who have contributed so much to the metallurgy of austenitic steels in attempting 
to arrive at a mechanism which describes the embrittlement observed. Admittedly 
the explanation suggested in our paper has not been definitively and unequivocably 
proven. However, several experimental observations have been mad t 
be carefully considered. One, stress-induced martensite ts present, especially at 


7 


intermediate nitrogen levels (0.13-0.29%). Secondly, it has been well established 
that nitrogen-martensite (like carbon martensite) is brittle at low temperatures 
in this range of interstitial content. These two observations were clearly delinea 
in our first paper. In view of the absence of a better substantiated hypothesis, the 
authors tentatively submit that stress-induced nitrogen martensite is sibl 
mechanism for the low temperature embrittlement observed 








EFFECT OF INTERSTITIAL CARBON PLUS 
NITROGEN AND PRECIPITATION REAC- 
TIONS ON THE PROPERTIES OF 
AUSTENITIC Cr-Mn-C-N STEELS 


By C. M. Hstao ann E. J. Duis 


Abstract 


The effect of the interstitial elements carbon and nitrogen 
and precipitation reactions on the room and elevated tem- 
perature mechanical properties of austenitic chromium- 
manganese-carbon-nitrogen stainless steels has been investi- 
gated. In the solution-treated condition, these steels may 
be maintained as solid solutions at room temperature. How- 
ever, a state of supersaturation exists, and heating to ele- 
vated temperature (either by prior heat treatment or dur- 
ing service at elevated temperature) enables precipitation 
reactions to occur. 

The strengthening effects of carbon and nitrogen on the 
room and elevated temperature tensile properties were 
established for steels in the solution-treated condition. This 
strengthening is related to the lattice strain and to the 
valence effects of the interstitial solid solution of carbon and 
nitrogen. 

Analysis of the effects of the interstitial solid solution ele- 
ments on creep-rupture properties is complicated by the in- 
fluence of the factor time at temperature. During the rela- 
tively long time exposures at the test temperatures, the 
interstitial elements form carbides and nitrides by precipita- 
tion reactions. The morphology and distribution of these 
phases have a marked effect on properties. 

The effects of the following two types of precipitation re- 
actions on the room and elevated temperature properties 
have been investigated: 1) grain boundary reaction (char- 
acterized by the formation of lamellar nodules at grain 
boundaries) and 2) general precipitation (characterized by 
a Widmanstatten structure). In general, it has been found 
that the grain boundary reaction is detrimental to the creep- 
rupture strength and the general precipitation is beneficial. 
(ASM-SLA Classification: N7, Q-general, 2-60; SS) 
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INTRODUCTION 
HE COMMONLY KNOWN methods of increasing the strength 


of austenitic alloys are solution hardening and controlled precipita 
tion of other phases. The subject of solution hardening has been 
extensively investigated in many alloy systems, and the principles in 
volved have been recently reviewed by Parker and Hazlett (1).' How 
ever, nearly all the investigations reviewed were on substitutional types 
of solid solutions. Only a few elements, such as hydrogen, carbon, nitro 
gen, oxygen, and possibly boron, could be dissolved interstitially 

During an extensive investigation of austenitic chromium 
manganese-carbon-nitrogen stainless steels, a number of experimental! 
steels containing carbon plus nitrogen up to 1.46 weight % were pre 
pared. In general, these steels are supersaturated solid solutions in 
the solution-treated condition, and upon heating to an elevated temper 
ature, precipitation reactions occur. In this investigation, the effects of 
the different types of precipitation reactions on the room and elevated 
temperature properties were investigated to correlate structure with 
mechanical properties. 

Compositional design of austenitic chromium-manganese-carbon 
nitrogen steels, and possibly other alloys containing interstitial ele 
ments, could be based upon the principles established in this 
tion. 

MATERIALS AND PROCEDURES 

The experimental steels were prepared as 15-pound or 30-pound 
induction-melted heats, and the ingots from these heats were forged 
to ¥¢-inch- or 344-inch-square bars. Conventional melting practice was 
used, and the nitrogen was added in the form of high-nitrogen ferro 
chromium (1.8% nitrogen) and/or high nitrogen electrolytic manga 
nese (5% nitrogen). The experimental steels of this investigation en 
compassed the following composition ranges : 0.09/0.79 C, 10/28 Mn 


12/25 Cr, and 0.09/0.84 N. The specific compositions of the steels de 
scribed in this paper are given in Table I. 

Most of the heat treatments used in this investigation included solu 
tion treating and aging. The solution treating consisted of heating the 
specimens for 1 hour at 2100 to 2200°F and water quenching. The 
aging treatments consisted of heating the solution-treated specimens 
at a temperature in the range 1200 to 1600 °F for various periods of 
time and water quenching. Some samples were quenched directly from 
the solution-treating temperature into a lead bath at the aging tempera 
ture, held for different periods of time, and then water-quenched t 
room temperature. Hereafter, this treatment will be referred to as a1 
isothermal transformation treatment. 

The steels were evaluated by tensile tests at both room and elevate 


to th 


1 The figures appearing in parentheses pertain to the references appended 
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Table I 
Composition of Steels (Wt. %) 
Steel No carbon manganese chromiun nitrogen 
1 0.27 10.47 12.24 0.17 
2 0.59 11.07 13.39 0.14 
3 0.78 10.31 12.84 O11 
4 0.78 10.43 12.60 0.21 
5 0.31 27.88 12.75 0.11 
6 0.29 28.16 12.82 0.14 
7 0.51 26.19 12.42 0.13 
s 0.78 28.27 11.72 0.09 
9 0.34 29.00 13.00 0.67 
10 0.26 28.21 12.61 0.84 
11 0.79 27.91 12.36 0.67 
12 0.28 10.52 15.68 0.22 
13 0.42 15.75 17.62 0.28 
14 0.41 16.88 17.51 0.32 
15 0.30 12.54 18.76 0.35 
16 0.40 12.47 18.42 0.39 
17 0.53 12.67 18.22 0.49 
18 0.09 12.61 20.15 0.63 
19 0.29 12.71 21.35 0.48 
20 0.48 12.26 21.62 0.54 
21 0.50 12.24 21.20 0.41 
22 031 14.52 24.54 0.78 
23 0.49 12.09 24.49 0.50 
24 0.64 12.40 24.42 0.72 
In these steels, silicon varies from 0.20 to 0.40%; phosphorus is under 0.010 sulphur is under 


0.030%; and nickel varies from 0.10 to 0.20% 


temperatures and by creep-rupture tests at temperatures in the range of 
1100 to 1800 ° I’. The procedures for these tests will be described in the 
subsequent sections. Hardness measurements, magnetic tests, and 
microscopic examinations were used to examine the structural changes 
of the steels before or during the tests. 

The lattice parameters of the austenite were determined with a 5-cm- 
radius Seemann-Bohlin type focusing back-reflection camera. Solid 
specimens were heat treated, ground to fit the curvature of the camera, 
and repeatedly polished and deep-etched to remove the cold-worked 
surfaces. A temperature of 80 °F was maintained in the camera during 
exposures. Iron radiation was used for all the tests. 


PRECIPITATION REACTIONS 

The precipitation reactions to be considered have been investigated 
recently by the present authors (2,3). It was found that two types of 
precipitation reactions, grain boundary reaction and general precipita- 
tion, occurred during the aging of austenitic chromium-manganese 
carbon-nitrogen steels. The grain boundary reaction, also known as 
discontinuous, heterogeneous, or cellular precipitation, is characterized 
by the formation of nodules of lamellar phases which occur by a nuclea- 
tion and growth process. The general precipitate is characterized by 
a Widmanstatten structure and is controlled by the crystallographic 
relationship between the precipitation and the matrix. A microstruc- 
ture exhibiting both these structures is shown in Fig. 1. The precipitates 
in the lamellar nodules were identified as either CresCg or CroN de- 
pending upon the composition of the steel, whereas the general precipi- 
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Fig. i--Microstructure of Steel No. 15—Exhibiting General Precipitate 
Precipitate. Composition: 0.30 C—12.5 Mn— 18.8 r—0.35 N. He 
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Fig. 2—Effect of Stress on the Microstructure of Steel No. 19. Composition: 0.29 ( 
12.7 Mn — 21.3 Cr ).48 N. Etchant: 20% HCl in alcohol. (a) 2100 °F, W. Q 
1400 °F for 100 hrs. (b) 2100 °F, W. Q. plus 1450 °F for 84 hrs. under a str: 
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Fig. 3 -Microstructure of Area Adjacent to Fracture in Steel No. 18—Exhibiting the 

Effect of Stress on the Morphology of Lamellar Structure. Heat treatment: 2100 °F, 

W. Q. Creep-rupture data: 1250 °F, 35,000 psi, 75 hrs. Etchant: 20% HCl in alcohol. 
xX 500. 


tate was identified as the Cro3C,. The absence of CrgN in the general 
precipitate is very interesting, but for reasons to be discussed later the 
absence is expected. It is well known that Widmanstatten type general 
precipitation is favored on those crystallographic planes of the parent 
matrix on which the atomic spacing is closely matched to that of the 
adjoining planes of the precipitate. This condition exists for the pre- 
cipitation of Cre3Cg on the (111) plane of the austenite. The distance 
of closest approach between the metal atoms in CrogCg was given by 
Goldschmidt (4) as 2.45 to 2.51 A, while the distance between the 
metal atoms on the (111) plane of the austenite is about 2.54 A. Indeed, 
it was found that the habit plane of the general precipitate, CrogC», was 
the (111) plane of the austenite (2). On the other hand, because Cr2N 
exhibits a hexagonal close-packed structure with a,—2.742 A, 
Co = 4.429 A, and a, = 2.769 A, c, = 4.470 A depending upon the low 
or high nitrogen limit of the phase (5), no close structural relation 
with austenite exists. 

The partition of Cro3Cg between these two types of precipitation re- 
actions depends upon the composition of the steel and the aging tem- 
perature (3). When the aging reaction takes place under tensile stress, 
i.e., the structural change during creep-rupture tests, it was found in 
the present investigation that the externally applied stress enhances 
general precipitation and retards the grain boundary reaction, Fig. 2. 
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l‘urthermore, the extei nally applied stress changed the morpholog 
the lamellar structure, i.e., the nodules tended to grow in the direction 
perpendicular to the direction of applied stress. This phenomenon was 
more readily observed in the very low carbon chromium-manganese 
steels, Fig. 3, since there was little general carbide precipitate in these 
steels to interfere with the growth of the lamellar structure 


Room TEMPERATURE TENSILE PROPERTIES 

Standard 0.357-inch diameter and 1.4-inch gage tensile specimens 
and conventional testing procedures were used for the tensile tests 
\fter the tensile properties were measured, the magnetic response of 
the fractured surfaces was determined by using either a powerful perma 
nent magnet or Magne-Gage to ascertain whether a martensite trans 
formation had taken place during the severe plastic deformation in th 
fracture region. This examination was supplemented by microscopi 
examinations and hardness measurements. Because of possible marten 
site transformation during deformation just prior to fracture as 
sociated with ultimate tensile strength, most of the following analyses 
are based upon yield strength. 


1. Strengthening Effect of Interstitial Elements 


In the solution-treated condition, the tensile test results indi 
that the yield strength increases with increasing amounts of carbon 
and nitrogen. Since the 12% chromium steels have the widest range of 
composition, they were chosen for analysis. It was found that the yield 
strength is proportional to (carbon + 1.2 nitrogen), Fig. 4, wher 
carbon and nitrogen represent the weight % of carbon and nitroget 
respectively. This effect is also true for the other austenitic chromiun 
manganese-carbon-nitrogen steels, Fig. 5. The experimental dat 
Fig. 5, indicate that the amount of chromium has no effect (or muc!l 
smaller effect than those of carbon and nitrogen) on the yield strength 
Also, upon increasing the amount of manganese from 10 to 28%, the 
0.2% offset yield strength decreases about 11,000 psi, Fig. 4. This de 
crease is small in terms of the change in strength for each per cent dif 
ference in manganese. 

The difference in the effects of carbon and nitrogen as compared 
with the effects of chromium and manganese upon yield strength il 
lustrates the pronounced strengthening effect of interstitial elements 
Experimental work on substitutional solid solutions suggested that 
either the lattice strain measured by the change of lattice parameter 
(6-15), or valence effects (16), or both (17) cause the solution 
hardening. The lattice parameters of 12% chromium—28% manganese 
steels were measured, and they appear also proportional to (carbon 
1.2 nitrogen), Fig. 6, as does the yield strength, Fig. 4. Furthermore 
the observed stronger effect of nitrogen than carbon in expanding the 
lattice parameter of austenite is in agreement with the measurements 
by Krainer (18), Wever and Rutten (19), and Westgren and Phrag 
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Fig. 4—Effect of C, N, and Mn on Yield Strength of 129 


Heat treatment: 2200 °F, % hr., water-quench 


- " —— 
'o 
| Mn® 5 18 21 24 a 
0} » 
aves 
| 4 o 
9) 1 
¢ 
1 
4 Ps 
v 








o Cr Steels 
ed 


’ | 
ee s | 
a —_ ai 
: | 
600 
L N L ee a a | ail 


Fig. 5—Effect of Composition and Temperatur« 
Yield Strength. Heat treatment 1100 to 220 
water-quenched 
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Fig. 6—Effect of Interstitial Elements on Lattice Paramet 


te 
f Austentic 12 Cr 28 Mn Steels. Heat treatment 
2200 °F, % hr., water quenched 


men (20) on carbon alloys, and by Eisenhut and Kaupp (21) on 
nitrogen alloys. The relationships of both lattice parameter and yield 
strength with the compositional variable, carbon + 1.2 nitrogen, sug 
gest that the yield strength and the lattice parameter are related. How 
ever, that an increase in lattice parameter with an increase in the 
amount of an alloying element does not necessarily cause an increas 
in strength was noted by ct ymparing the results of steels containing 10 
and 28% manganese. The effect of manganese, as discussed previously 
is to decrease strength, whereas results of lattice parameter measure 
ments in this study and previously reported work (18,19,22)* clearly 
show that the lattice parameter of austenite increases with increasing 
manganese content. A hypothesis for this behavior is that as manganese 
increases the lattice parameter of the matrix, the radii of the octahedra 
interstices of the austenite increase in size so that the lattice strain at 
tributable to interstitial carbon and nitrogen is decreased. Another 
factor to be considered is that the greater strengthening effect of ni 
trogen compared to that of carbon could be related to greater valet 
electron content of nitrogen (five) as compared to that of carbor 
(four) so that the electron concentration factor should also be 
sidered in the strengthening mechanism. 


* The lattice parameters of 10 Mn — 12 Cr steels No. 2 and No. 3 were n 
3.616 and 3.625 A, respectively, while those of 28 Mn 12 Cr steels with the 
tional parameter, 1.2 N + C, would be 3.628 and 3.632 A respectively, Fig. 6 
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Table Il 
Effect of Microstructure on Room Temperature Tensile egies of Steel No. 14 
Composition: 0.41 C-16.3 Mn-17.5 Cr-0.32N 


Y. S. (1000 psi 


Hard- Tensile 
Heat ness Strength 0.2% E o4y + ie 
Treatment* Microstructure Rc) (1000 psi) Offset 0) (%) 
i ¥ 21 135 71 64 66 
2 y +general ppt. 30 146** 84 17 16 
3 y +lamellar ppt. 25 130 68 22 23 
4 y +coarser lamellar ppt. 25 127 68 18 17 








*Heat Treatment: 


1. 2200°F, water-quenched. 

2. 2200°F, water-quenched + aged 4 hrs. at 1600°F, water-quenched 

3. 2200°F, quenched to 1600°F, held 4 hrs., water-quenched 

4. 2200°F, furnace-cooled at 50°F/hr. to 1000°F, air-cooled 
**Failed at gage mark 


Table Ill 
Effect of Microstructure on Room Temperature Tensile Properties of Steel No. 16 
Composition: 0.40 C-12.5 Mn-18.4 Cr-0.39 N 


Y. S. (1000 psi) 


Hard- Tensile 
Heat ness Strength 0.2% Elong R.A. 
Treatment* Microstructure Rc) 1000 psi Offset (%) (%) 
1 y 27 141 79 63 66 
2 +fine general ppt 28 145 83 53 37 
75 17 16 


3 +lamellar ppt 35 143 


*Hee at Treatme nt 
2100°F, water-quenched. 
2. 2100°F, water-quenched + aged 24 hrs. at 1200°F 
3. 2100°F, water-quenched + aged 24 hrs. at 1600°F, 


Effect of Precipitation Reactions 

Both the grain boundary reaction and the general precipitation re 
action cause 1) softening by depleting the matrix of interstitial carbon 
and nitrogen, and 2) hardening by straining the matrix and by forming 
a sufficient amount of a new hard phase that has a size and distribution 
to cause dispersion hardening. The quantitative effect of the afore- 
mentioned processes for determining the over-all macrohardness of the 
steel has been described previously (3). It was found that both the 
grain boundary reaction and the general precipitation reaction in- 
creased the hardness of the steel. Because of the different types of 
precipitation reactions that can take place during aging, age hardening 
does not necessarily imply strengthening as measured by the tensile 
properties. 

The effect of microstructures (which had been produced by different 
heat treatments) on the room temperature tensile properties was in- 
vestigated in Steels No. 14 and No. 16. The results on Steel No. 14, 
Table II, showed the following : 


1) All aged specimens exhibited intergranular fracture and 
lower ductility than the solution-treated specimens. 
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Steel Nominal Co 
No ( Mn 
12 15 10 
21 21 12 
23 24 12 
17 18 12 
20 21 12 
22 24 14 
24 24 12 
12 10 
4 2 10 
24 4 12 


Note: Heat treatment 
*1) — Distorted 
oeT Transgrar 
GP—General 
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Elevated-Temperature Tensile Properties 


Tensile Test Results 


. 0.2% YS TS 
mp. (%) 
( N psi) psi) o) 
Tested at 1300°F 
28 22 24 49 24 
50 41 30 62 47 
49 50 36 69 19 
53 49 35 78 31 
48 54 37 77 25 
31 78 37 71 31 
64 72 40 75 18 
Tested at 1600°F 
28 22 16 24 46 
78 21 22 31 35 
64 72 26 44 23 


2100-2200°F solution treated 


E— Equiaxed 


ilar; [—Intergranular; M— Mixed 


precipitate; LP 


Lamellar precipitate 


2) General precipitates, which were 


tributed, strengthened the steel. 
3) Lamellar precipitates weaken the steel 
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$3 
29 
37 


40 


$8 
55 
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Shape 
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The observations above are also true for Steel No 


Furthermore, the sample with lamellar structure was the hardest 


uniort 


16, | 


red Spe 


i 


also the weakest in the group. As mentioned previously, this be 
shows that age hardening does not necessarily cause strengthening 


ELEVATED TEMPERATURE TENSILI 


The test resuits on the 2100 to 2200 


PROPERTIES 


p 
Table IV and Fig. 5, showed that the 0.2% offset yield strengtl 


1300 and 1600 °F 


also increase with the increasing amounts of « 


As comt 


and nitrogen, and that the effect of chromium is small 
with the relationship at room temperature, the slopes of the 
elevated temperatures are less pronounced 

The microstructural study of the fractured end of the spe 


tested at 1300 °F indicated that all specimens exhibited the foll 


characteristics : 


1) transgranular fracture, 2 
3) a negligible quantity of precipitates. On the other hand, t 
mens tested at 1600 


? 


) distorted gr: 


} 


F solution treated spec 


nes 


é 


F exhibited different kinds of grains and fractur 


depending upon the type and the amount of the precipitation for 


during heating, Tz 
The effect of 


structures. This behavior can be explained by the fact that the v 


ible IV. 


the microstructure upon tl 
1200 °F was investigated on Steel No. 16. The results, Table \ 
cated that the difference in yield strength was very small amo 
three specimens, although they exhibited quite different 


1e tensile 


pre ype 


rti 


ing of the steel due to the depletion in interstitial element 
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Table V 
Effect of Microstructure on Tensile Properties of Steel No. 16 at 1200°F 
Composition: 0.40 C-12.5 Mn-18.4 Cr-0.39 N 


T.S Y.S. (1000 psi) 
Heat Hardness 1000 0.2% Elong R.A 
Treatment* Microstructure Re) psi) Offset %) (% 
1 27 80 32 40 59 
2 +fine general ppt 28 77 32 29 51 
35 72 33 24 39 


3 +lamellar ppt 


*Heat Treatment 
2100°F, water-quenched 
2100°F, water-quenched + aged 24 hrs. at 1200°F 
2100°F, water-quenched + aged 24 hrs. at 1600°F 


wre 


balanced by the strengthening of the steel by the introduction of either 
finely dispersed general precipitate or hard lamellar precipitate. 
CREEP-RUPTURE PROPERTIES 

The creep-rupture tests were made on 0.252-inch diameter and 
1.0-inch gage length specimens that had been machined from heat 
treated 5g-inch square bar samples. Conventional testing procedures 
were used for these tests. The testing temperatures and stresses ranged 
from 1100 to 1800°F and 70,000 to 2000 psi, respectively. For the 
study of the relationship between the precipitation reactions and 
creep-rupture strengths, selected steels were tested at the same tem- 
peratures and stresses and the rupture life values were used for com 
parison. 

To establish the relationships among the structural changes that 
occurred during test, that is, the type of fracture and the creep-rupture 
properties, longitudinal sections through the fractured ends of all the 
tested creep-rupture specimens were examined microscopically. It was 
found that except for the specimens that broke within a few hours, all 
specimens exhibited transverse voids, equiaxed grains, and _ inter- 
granular fractures. 


1. Effect of Interstitial Elements and Precipitation Reactions 


It has been established that both carbon and nitrogen have a 
strengthening effect on the short-time tensile properties at both room 
and elevated temperatures. However, inasmuch as creep-rupture 
strength involves the factor time as well as stress and temperature, 
microstructural changes, such as those caused by precipitation reac 
tions, take place during testing. These reactions, in turn, are related to 
the amounts of carbon and nitrogen, temperature, and stress as dis 
cussed previously. 

Our extensive studies showed that the effects on creep-rupture 
strength of the substitutional elements chromium and manganese are 
secondary, and that the strengthening 1s primarily attributable to carbon 
and/or nitrogen. In general, the optimum ratio of carbon and nitro 
gen appears to be about 1:1. The strengthening effect of carbon is 
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Table VI 
Creep and Creep-Rupture Properties of Five Experimental Steels 
Rupture 
Steel Temp Stress Life Elong Red. of Area, Min. Creep Rate 
No F) (1000 psi) (Hr.) (%) (%) hrs 
12 1100 70 0.4 39.0 39.8 - 
1200 45 5.5 16.2 18.9 1.00 
~38c CY 1250 35 20.1 11.3 14.7 0.244 
“LiMn | 1300 25 83.3 11.2 20.4 0.0654 
16Cr | 1350 25 39.8 13.1 17.5 0.170 
| 22N 1400 20 25.5 13.0 15.5 0.270 
sce 1450 15 55.0 14.0 15.7 0.130 
1600 x 65.7 26.0 24.2 
1800 2 86.9 31.0 35.2 
15 1100 70 2.2 27.3 26.1 
1200 45 12.9 11.5 11.6 0.308 
 30C 1250 35 31.8 7.5 11.6 0.125 
| thee 1300 25 155.1 7.5 8.2 0.0366 
19Cr 1350 25 40.1 9.3 11.0 0.105 
35N 1400 20 59.7 10.5 12.4 0.095 
— 1450 15 99.3 12.1 14.3 
1600 8 100.8 15.3 19.7 - 
19 1100 70 3.6 27.5 30.2 
1200 45 29.0 &5 2.5 0.110 
| 20¢ 1250 35 104.7 7.6 10.2 0.051¢ 
| Mn 1300 25 236.5 9.3 12.4 0.0222 
13M 1350 25 93.9 93 11.0 0.0597 
a 1400 20 53.9 11.4 11.6 0.119 
481 1450 15 84.5 12.1 13.5 0.0654 
1600 8 61.9 17.1 18.3 
22 1100 70 23.9 13.3 184 
1200 45 78.3 9.5 11.6 
| 31¢ 1250 35 47.5 14.0 12.8 
M 1300 25 33.3 15.2 18.9 
oy 1350 25 17.5 14.9 16.1 ) 
o—~ 1400 20 13.5 23.8 22.6 » 366 
78N 1450 1S 20.1 26.7 20.7 0.350 
1600 8 23.1 29.2 20.7 0.490 
1800 2 283.0 45.0 34.9 
24 1100 70 66.9 7.0 10.3 
1200 60 35.5 6.6 6.7 0.0 
1200 45 782.4 2.8 4.0 
] 1250 35 694.1 5.6 4.9 0.009 
ae. | 1300 5 300 8 6.7 6.7 0.019 
oy 1350 35 20.2 11.4 11.6 
oanr 1400 20 41.1 17.9 17.2 3 
-72N 1450 0 15.9 22.1 19.7 
1450 20 14.2 16.5 16.2 
1600 10 16.1 21.9 16.9 
1600 8 28.3 19.0 180 
1800 2 199.6 51.0 26.3 
limited by the amount of carbide that could be taken into solution by 


the solution treatment (2) ; and high nitrogen favors the grain bound 
ary reaction which is associated with a decrease in creep-rupturé 
strength at higher temperatures. 

During creep-rupture tests or service at elevated temperatures 
precipitation reactions take place under stress. The effects of these re 
actions were further investigated on five selected steels, and the results 
of these studies are listed in Table VI and plotted as master rupture 
curves in Figs. 7a and 7b. At 1100 to 1200 °F, the rupture life increases 
with the increasing amounts of carbon and nitrogen, Fig. 7a. The curve 
for the low carbon—high nitrogen steel No. 22 (0.31 C —0.78 N 
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Y 








Fig. 7a—Master Rupture Curves of Five Experimental Steels 
Tested at 1100 to 1450 °F. 


starts to cross over the other curves between 1200 and 1250 °F, and 
this steel becomes the weakest of the group from 1300 to 1600°F, 
Figs. 7a and 7b. Also, the curve for the high carbon—high nitrogen 
steel No. 24 (0.64 C —0.72 N) shows a steep slope at 1250°F, and 
crosses over the curves of Steels No. 19 and No. 15 at 1400 °F, and 
those of Steels No. 19, No. 15 and No. 12 at 1450 °F, Fig. 7a. Although 
Steel No. 24 contains the highest amount of carbon plus nitrogen, it is 
the second weakest steel in the group in the range 1450 to 1600 °F, 
Fig. 7b. In the plot of the data obtained at 1800 °F, another crossover 
is evident as shown in Fig. 7b. This phenomenon was found micro- 
scopically to be related to the grain boundary reaction associated with 
high nitrogen steels. At 1100 °F, little precipitation was found in any 
of the steels. As the testing temperature increases from 1100 to 1200 °F, 
the rapid decrease in rupture strength of Steel No. 22 as compared with 
that of Steel No. 24 is attributed to the difference in microstructures. 
The same phenomencn is true for temperatures up to 1600 °F ; typical 
microstructures of the ruptured specimens when tested at 1600 °F are 
shown in Fig. 8. Furthermore, the predominance of crack formation 
at lamellar nodule-austenite matrix interfaces, Figs. 2b and 8, indicates 
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Fig. 7b—Master Rupture Curves of Five Experimental Steel 
Tested at 1450 to 1800 °F 


the mechanism whereby rupture strength is decreased by the forma 
tion of the lamellar grain boundary structure. 

To illustrate the counterbalancing effect of 1) the strengthening at 
tributable to the interstitial elements in solution and the dispersion of 
general precipitates and 2) the weakening due to the formation of 
lamellar precipitate, three steels ( Nos. 12, 15, and 24) were tested at 
1800 °F (a temperature above the range in which the grain boundary 
reaction occurs to a limited extent). The results, Table VI, indicate 
that Steel No. 12 has the shortest rupture life (as it does at tempera 
tures below 1250 °F). This behavior is further shown by the crossover 
of the master rupture curves for these steels, Fig. 7b. The micro 
structure of the ruptured specimen of Steel No. 12, Fig. 9a, indicates 
that its strength depends on the amount of the interstitials in solid solu 
tion, since practically no precipitate formed. On the other hand, the 
amount of the lamellar precipitate in both Steels No. 22 and No. 24 
when tested at 1800 °F, Figs. 9b and 9c, are much less than when tested 
at 1600 °F, Figs. 8c and 8d. This is expected, because the kinetics of 
the grain boundary reaction has been determined (2) to follow a ( 
shaped curve. It is of interest to note that at 1800 °F the boundaries b 
tween the lamellar nodules and the matrix are disappearing and the 
lamellar carbides and nitrides are spheroidizing, Figs. 9b and 9c. T! 


e 


1960 PROPERTIES OF AUSTENITIC CR-MN-C-N STEELS 869 


eo, 
25 At 


. 
+ 
YA 
wo ~ 
ir 





Fig. 8—Microstructures of Creep-Ruptured Specimens, 1600 °F—8000 psi, Rupture 

Life and Elongation are Indicated. Etchant: 20% HCl in alcohol. (a) Steel No. 12—66 hrs 

6%. (b) Steel No. 15—101 hrs 16%. (c) Steel No. 22—23 hr 29 (d) Steel 
No. 24—-28 hrs 19%. « 506 


long-time heating at 1800°F homogenizes the depleted austenite 
within the nodules and the austenite in the matrix, and at the same 
time, spheroidizes the carbides and nitrides. The longer rupture life 
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values of both Steels No. 22 and No. 24, about 3.3 and 2.3 time 
of Steel No. 12, are attributed to the facts that 1) 1800 °F is ab 
“nose” temperature of the grain boundary reaction, 2) matrix 
tion of carbon and nitrogen is reduced and, 3) precipitated phase 
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Fig 
HCl in ale hol. (a) As-forged. (b) 2100 °F solution-treated plus aged 4 hrs. at 1300 °F. 


10—Effect of Heat Treatment on Microstructure of Steel No. 13. Etchant: 20% 
(c) 2100 °F solution-treated plus aged 1 hr. at 1600 °F. (d) 2100 ° 
plus double aging—1300 °F, 4 hrs., and 1600 °F, 1 hr 


F solution-treated 
more spherical than those that form at temperatures below 1800 °F. 
The difference in rupture life between Steels No. 22 and No. 24, 283 
hours and 200 hours, respectively, is found to be related to the amount 
of lamellar structure, Figs. 9b and 9c. 
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Table VII 
Effect of Microstructure on the Creep and Creep-Rupture Properties of Steel No. {4 
Composition: 0.41 C-16.3 Mn-17.5 Cr-0.32 N 
Testing Condition: 1200° F, 30,000 psi 
Hard- Rupture Min. Creer 
Heat ness Life Elong R.A Rate 
Treatment* Microstructure (Re) (Hrs.) %) (% br 
1 y 21 > 1310 3° 2° 0.0026 
2 Y + general ppt 30 >1128 5 4° 0.0041 
$ Y + lamellar ppt 25 555 » 7) 0.011 
4 y oarser! 25 492 7 6 0.009 
lamellar ppt 
*Heat Treatment 
1. 2200°F, water-quenched 
2. 2200°F, water-quenched + aged 4 hrs. at 1600 °F, water-quenched 
3. 2200°F, quenched to 1600°F, held 4 hrs., water-quenched 
4. 2200°F. furnace-cooled at 50°F /hr. to 1000°F, air-cooled 
Note 
* measured on unruptured specimens 
Table VIII 
Effect of Microstructure on the Creep and Creep-Rupture Properties of Steel No. 13 
Composition: 0.42 C-15.8 Mn-17.6 Cr-0.28 N 
Testing Condition: 1200°F, 40,000 psi 
Hard Rupture M Cree, 
Heat ness Life Elong R.A Rate 
Treatment* Microstructure R Hrs o/// ( hr 
l i + residual car 41 14 $4 61 0.720 
bide/ nitride 
2 24 56 6 ‘ 0.041 
$ 24 55 7 ¢ 0.055 
4 hne general ppt 24 sO 7 u 0.036 
5 general ppt 31 72 9 7) 0.085 
6 Y + lamellar ppt 29 57 11 12 0.099 
*Heat Treatment 
1. As forged 
2. 2100°F, air-cooled 
3. 2100°F, water-quenched 
4. 2100°F, water-quenched + aged at 1300°F, 4 hrs., water-quenched | 
5. Same as above + 1600 °F, 1 hr., water-quenched ' 
6. 2100 °F, water-quenched + aged 1 hr. at 1600°F, water-quenched 
Table IX 
Effect of Microstructure on the Creep and Creep-Rupture Properties of Steel No. 16 
Composition: 0.40 C-12.5 Mn-18.4 Cr-0.39 N 
Testing Condition: 1200° F, 45,000 psi 
Hard Rupture M Cree, 
Heat ness Life Elong R.A Rat 
Treatment* Microstructure R« Hrs.) / | 
1 27 &7 & 10 0.03 / 
2 Y + general ppt 28 56 7 ~ 0.051 
3 Y + lamellar ppt 35 36 11 16 0.21 : 
| 
*Heat Treatment ) 
1. 2100°F, water-quenched. ' 
2. 2100°F, water-quenched + 1200°F hrs., water-quenched. ] 


24 
3. 2100°F, water-quenched + 1600°F, 24 hrs., water-quenched. 


ep 





kore 
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The effect of the interstitial elements on the minimum creep rate is 
in general similar to their effect on the rupture life, Table VI 


2. Effect of Heat Treatments Prior to Tests 

The effect of precipitation reactions which occur during creep- 
rupture tests have been discussed. The effect of the prior microstruc- 
tures resulting from different heat treatments on results of tests on 
Steels Nos. 14, 13, and 16 are listed in Tables VII, VIII, and IX, re 
spectively. 

As shown in Table VII, Steel No. 14 in the solution-treated condi- 
tion exhibited the lowest minimum creep rate. The effect of solution 
treating and aging at 1600 °F for 4 hours was to increase the minimum 
creep rate. Isothermally transforming at 1600 °F in 4 hours or furnace 
cooling from the solution-treating temperature caused a further in- 
crease In minimum creep rate and a decrease in rupture life. As was 
discussed previously, the association of voids or cracks with the lamel- 
lar grain boundary precipitate is also evident when the grain boundary 
reaction is attributable to heat treatment prior to rupture tests. 

As shown in Table VIII, the creep and creep-rupture strengths of 
Steel No. 13 in the as-forged condition were the lowest and in the 
solution-treated and 1300°F aged condition were the highest of the 
group studied. The microstructure of the as-forged specimen showed 
that it contained many relatively large residual carbides, Fig. 10a, 
whereas the microstructure of the 2100 °F solution-treated and 1300 °F 
aged specimen showed a general precipitation of very fine particles, 
Fig. 10b. The microstructure of the solution-treated and 1600 °F aged 
specimen showed a predominant lamellar precipitate, Fig. 10c ; whereas 
that of the solution-treated and doubled-aged specimen showed a pre- 
dominant general precipitate, Fig. 10d. 

As shown in Table LX, the creep and creep-rupture strengths of 
Steel No. 16 in the solution-treated condition were the highest and in 
the solution-treated and 1600 °F aged condition were the lowest of the 
group studied. 

All these results further confirm the following points 

1. The interstitial elements, carbon and nitrogen, in solid solution 
are of primary importance in contributing to the creep and 
creep-rupture strengths. 

2. The rapid depletion of the interstitial elements from the solu- 
tion due to the formation of lamellar precipitates is detrimental 
to the creep and creep-rupture strengths. Also, the formation 
of cracks associated with the lamellar grain boundary nodules 
lowers rupture strength. 

The depletion of the interstitial elements in the solution due 
to the formation of general precipitates weakens the steel, but 
the accompanying formation of fine general precipitates 
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strengthens the steel by dispersion hardening. The balance 
of these two factors determines whether general precipitation 
increases or decreases the strength. 


SUMMARY AND CONCLUSIONS 


The results and conclusions of this study are as follows: 

1. In the solution-treated condition, the yield strengths of 
austenitic chromium-manganese-carbon-nitrogen steel at both 
room and elevated temperatures are proportional to (carbon 4 
1.2 nitrogen), where carbon and nitrogen represent the weight 
% of carbon and nitrogen, respectively. This effect is believed 
to be primarily due to the lattice strain and valence effects 
introduced by the presence of these elements. 

2. The precipitation reactions that occur in this type of steel 
have been discussed in regard to the effects of composition, 
temperature, stress, and the crystallographic relationship be- 
tween the precipitates and the matrix. 

Although precipitation reactions cause hardening of the steel, 
this hardening does not necessarily imply strengthening as 
measured by room and elevated temperature tensile prop 
erties and creep-rupture properties. The effect of micro- 
structure (introduced by different precipitation reactions from 
prior heat treatments) on the tensile properties has been dis 
cussed in regard to (a) the counterbalancing effect between 
the weakening of the matrix because of the depletion of the 
interstitial solutes and the strengthening because of the pres- 
ence of the precipitates, (b) the embrittlement of the steel due 
to the precipitation around the grain boundaries, and (c) the 
work hardening of the matrix. 

4. Lamellar grain boundary precipitates, whether formed by 
prior heat treatment or during the test, are detrimental to the 
creep and creep-rupture properties. 

Fine general precipitates formed by prior heat-treatment or 


w 


ws" 


properties. 

6. The effect of the substitutional type of solutes, chromium and 
manganese, on both the tensile and creep-rupture properties 
is secondary 
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DISCUSSION 
Written Discussion: By G. F. Tisinai, Project Supervisor, Standard Oil Con 
pany, Engineering Research Department, Whiting, Ind 
This paper complements well the series of papers presented by the authors or 


their study of Fe-Cr-Mn-C-N alloys. The tendency for the alloys to lose ductility 
after certain elevated temperature aging treatments is unfortunate. A point of 
interest that should be emphasized here is the role of manganese, carbon and 
nitrogen in promoting the austenite phase. By referring to the phase diagram of 


the Fe-Cr-C-N system at 2200 °F, as presented on page 362 of the 1956 Trans 


ACTIONS, American Society for Metals, Vol. 48, one will note that at least a 
of the alloys of the current paper that contain over 20% chromium would be 
completely austenitic when cooled rapidly from 2200 °F even if they were devoi 
of manganese. However, with manganese the alloys retain the austenitic matriy 
after elevated temperature aging treatments whereas without manganese th« 
alloys acquire a ferritic matrix after such treatments 

Another interesting aspect of these alloys is their excellent ductility as re 
flected in their high elongation values in the tensile test. In our tensile studies of 
Fe-Cr-C-N alloys we have noted that this excellent elongation is obtained ever 


though very little, if any, localized necking of the tensile bar occurs. The elonga 
tion value did not change appreciably over large changes in gage length. Have | 
the authors found a similar effect in their tensile tests of the Fe-Cr-Mn-C-N 
alloys? 


Written Discussion: By C. E. Spaeder and R. R. Brady, Applied R 
Laboratory, United States Steel Corporation, Monroeville, Pa 
The authors are to be congratulated for presenting an interesting paper 


During the past few years, the United States Steel Corporation’s Applied R« 
search Laboratory has also conducted extensive research work on low kel 
and nickel-free Cr-Mn-C-N austenitic steels with improved room- and elevated 
temperature strength. This work has led to the development of a low nickel Cr 
Mn-C-N stainless steel, with a nominal composition of 0.10% C, 15.0% Mn, 5.0% 
Ni, 17.0% Cr, 2.0% Mo, 0.75% V, and 0.35% N. The composition of this steel 
except for its Ni, Mo, and V content, is within the range studied by the authors 
Moreover, the microstructure of steel is similar to that of steels studied by the 


authors. Because of these similarities, we believe that it would be of interest t 
comment on some of the observations made during the course of our studie 

We note that the authors indicate that stress as well as testing temperaturé 
and/or aging temperature affects the type of precipitate, in that a tensile stre 
applied to the steel during creep-rupture testing retards grain boundary precipi 
tation and promotes general precipitation. This result is of interest to us becaus« 
during our work we observed that the testing temperature and/or aging tempera 


ture controlled the type of the precipitate and that stress had only a small effe 
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For example, when our steel MnV was tested at 1100 and 1200 °F under a stress 
sufficient to produce rupture in 1000 hours, a heavy grain boundary precipitate 
was observed without any appreciable general precipitation. However, when this 
steel was tested at 1300 and 1400 °F under a stress sufficient to produce rupture 
in 1000 hours, the precipitate tended to be general. In this connection, we found 
that after aging at 1400 °F prior to creep-rupture testing, the observed precipi- 
tate tended to be general even after testing at 1100 and 1200 °F 

Inasmuch as the authors’ data on the effect of stress on the type of precipita- 
tion were obtained only over a narrow temperature range (1400 to 1450°F), we 
should appreciate learning whether they observed that stress contributed to 
general precipitation at appreciably lower temperatures, such as 1100 and 1200 °F, 
at which we observed grain boundary precipitation only. 

We have also noticed that above 1300 °F, the oxidation resistance of our high 
manganese austenitic stainless steels is poorer than that of 18% chromium—8% 
nickel types of stainless steel. We would be interested in any data that authors 
have obtained on the oxidation resistance of their steels above 1300 °F, particularly 


those with greater than 15% manganese 


Authors’ Reply 

We were pleased to have Mr. Tisinai’s comments on the effect of manganese in 
stabilizing the austenite that forms in these steels. Also, we too found high elonga- 
tions and less localized necking than ord‘narily found in austenitic steels in the 
solution treated condition 

The observations of Messrs. Spaeder and Brady on a Cr-Mn-C-N containing 
nickel, molybdenum and vanadium are of interest. Our findings of the effect of 
stress on enhancing general precipitation should not be misconstrued as implying 
that temperature and time are not important in determining the type and extent of 
precipitation reactions that occur. Indeed, comprehensive investigations of the 
relationships among temperature, time, composition, and microstructure were the 
subject of two prior publications (see references 2 and 3 of present paper). Fur- 
ther information on the effect of strain on the subsequent enhancement of general 
precipitation and retardation of grain-boundary reaction products in Cr-Mn-C-N 
steels at temperature in the range 1000 to 1600 °F was presented in our WADC 
Technical Report 57-242, ASTIA Doc. No. 203523, October 1958, p. 8 and Fig. 15. 

Iso, the effects of elements such as vanadium, tungsten, columbium and molyb- 
denum are described in this report. We expect to publish the results of this later 
work sometime in the near future. 

In regard to the formation of a heavy grain boundary precipitate at 1100 and 
1200 °F, we too found a concentration of general precipitates in grain boundary 
regions in steels containing strong carbide forming elements. However, this pre- 
cipitate was not the lamellar grain boundary reaction product 

In the present paper, we reported (Fig. 10 and p. 873) that the general precipi- 
tation that formed by aging at 1300 °F persisted even after a subsequent aging at 
1600 °F (a temperature at which lamellar grain boundary reactions occurred). 
Thus, in general the discusser’s findings agree with ours in regard to the per 
sistence of the structures formed first. 

The finding that above 1300 °F the oxidation resistance of the U.S.S. vanadium 
bearing steel is poor is not at all surprising. By proper balancing of the elements 
involved, we have obtained oxidation resistances in Cr-Mn-C-N steels that were 
comparable to those of Type 310 stainless steel at 2000 °F 








THE ROLE OF BORON IN CAST AUSTENITIC 
ALLOYS 


By R. Wayne Krart, Jr. ANDR. A. FLINN 


Abstract 


As the boron content of a simple austenitic alloy is raised 
by increments to 1.5% boron, progressive, important 
changes in structure and mechanical properties at ambient 
70°F, and elevated 1500°F, temperatures are obtained 
These materials provide interesting specimens not only for 
the study of the role of boron in heat resistant alloys but also 
constitute good models for exploring the role of a gross 
precipitate in affecting mechanical properties at ambient and 
elevated temperatures. 

Above O. 3% boron significant amounts of complea 
borides are obtained. These form a brittle network which 
dominates the resulting mechanical properties at ambient 
temperatures, reducing elongation to below 5%. 

By contrast, the tensile and stress rupture properties at 
1500 °F (816 °C) increase continuously with added bor 
with only minor effects upon elongation. The massive 
borides have little influence, being relatively mobile and fol 
lowing the flow pattern of the matrix. The boron at thes: 
temperatures exerts its effect by a precipitate in the matr 
areas which becomes visible after testing at 1500°F. The 
amount of the precipitate evidently a boride, increases at 
higher boron levels. The creep properties are improved fur 
ther by pretreatment at 2150 °F which conditions the speci 
men for pronounced precipitation under stress particular! 
at sub-grain boundaries. (ASM-SLA Classification: O 
general, M27, 2-60; SS, 5-62) 


INTRODUCTION 


N THE PAST, boron has been employed to improve the properties 
of two different families of iron and iron nickel alloys. In the first 
class, the low alloy ferritic steels, a marked improvement in harden 
ability has been obtained. A reduction in strain aging has also been 
This paper is based upon a thesis by R. W. Kraft, Jr. submitted in partial fulfillment of the 


requirements of the degree of Doctor of Philosophy to the Rackham School of Graduate Studies 
University of Michigan. 





A paper presented before the Forty-first Annual Convention of the Society 
held in Chicago, November 2-6, 1959 

Of the authors, R. Wayne Kraft, Jr. is associated with United Aircraft Corpo 
ration, East Hartford, Connecticut, and R. A. Flinn is professor of Metallurgical 
Engineering, University of Michigan, Ann Arbor, Michigan. Manuscript re 
ceived January 21, 1959. 
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noted. In the second class, the austenitic heat resistant alloys, boron 
additions have improved properties at elevated temperatures. 

This investigation is concerned only with exploring the role of boron 
in austenitic alloys. A review of the literature on this subject (1-13)? 
shows that while a variety of data are available showing the beneficial 
effect of boron in complex alloys upon mechanical properties, little is 
known about the structural changes underlying the effects. Wasmuht 
(1) and Bennek and Schafmeister (2) concluded that a precipitation 
hardening mechanism was responsible but Cornelius (3) showed this 
was only true in boron alloys containing above 0.07% carbon. 

From the literature concerning complex austenitic alloys, the prin- 
cipal data concerning structural changes are found in the work of 
Decker, Rowe and Freeman (12). In this investigation it was found 
that boron (and zirconium) delayed microcracking during creep 
rupture testing by retarding carbide changes at the grain boundaries. 

From the data for cast alloys it appeared that elevated temperature 
properties improved continuously with increased boron. The high boron 
levels of the cast alloys (up to 2.0% boron) could not be employed for 
wrought materials because of the forging difficulties accompanying 
boride formation. 

On the basis of this review it appeared desirable to prepare for study 
a group of relatively simple cast austenitic alloys with boron contents 
from 0.1 to 2.0%. By vacuum melting and careful selection of raw ma- 
terials minimum amounts of carbon, nitrogen anc other trace elements 
were obtained. Other precipitate forming elements of the commercial 
alloys such as titanium were also avoided. 


IX PERIMENTAL PROCEDURE 

Individually risered investment cast test bars were used in this work. 
Heats weighing 2600 grams were prepared by induction melting 
electrolytic nickel, electrolytic chromium, armco iron and nickel-boron 
in vacuum melting equipment. During melting the pressure was main- 
tained below 10 microns of mercury. Then, 0.10% aluminum was 
added to insure effective deoxidation of the melt, after which the 
nickel-boron was added. Melts were poured at 2850°F under 10 
microns pressure. Several heats were made under argon for comparison 
and no changes in properties were encountered. 

The castings were shaken out after a 4-hour interval, radiographed, 
and inspected visually. Only those castings which showed no indica- 
tions of internal porosity and which had smooth surfaces free from all 
external defects were used for mechanical tests. 

Stress-rupture and creep testing were conducted in resistance wire 
heated testing units. Strain was transmitted by means of extensometers 
attached to the (cast on) pins of the test specimens, to an optical lever 


1 The figures appearing in parentheses pertain to the references appended to this paper. 








880 TRANSACTIONS OF THE ASM Vol. §2 


Table I 
Chemical Analysis of Five Initial Heats 
Heat No R310 R311 R312 R308 R309 
Aim Boron—Wt. % 0 0.1 05 1.0 2.0 
Chemical Analysis: Wt. % 
Boron—Laboratory A 0 0.11 and 0.12 0.33 0.72 1.45 and 1,50 
Laboratory B 0 0.07 0.30 0.88 1.53 
Average value 0 0.10 0.32 0.80 1.49 
Nickel 18.26 18.42 18.51 18.68 18.66 
Chromium 20.73 19.96 19.98 19.80 19.00 
Carbon 0.03 0.05 0.04 0.04 0.04 
Nitroge: 0.004 0.009 0.007 0.009 0.006 
Oxygen 0.044 0.027 0.011 0.008 0.009 
Qualitative Spectrographic Analysis 
s Xx xX xX 
Mar snese xX Xx xX ‘\ 
Copper X-low X-low X-low x wW 
Aluminur X-low X-low X-low X-low 
Molybdenur 0oxX X-low X-low X-low 
Vanadiun ooxX 00X 0oX 0oxX 
Cobalt 00X 00X 00X 00X 
Tin 00X-low 00X-low 00X-low 00X-low 
Zr, Nb. Ta, W. Pb. Zn, Sb, As None of these elements found in a f these 
Bi, Ti four heats 
Physical Data 
Density gm/« 7.954 7.961 7.937 7.814 
Volume percent boride 0 4.36 9.92 23.32 $4.74 
Note: All these heats were made using Armco iron as a source of iro 


system with a sensitivity of 0.000005 inch per inch. All elevated temper 


ature tests were performed at 1500+ 3°F as determined by three 

chromel-alumel thermocouples spanning the gage length. 
Microspecimens were prepared in the conventional manner. Final 
on 


polishing and etching was done electrolytically with a solution 
sisting of 10% perchloric acid, 90% glacial acetic acid. A 3-second 
etch was used for optical microscopic examination and photomicrog 
raphy but a 30-second etch ( with the current on and off for ten 3-second 
intervals to prevent overheating) was necessary to remove the cold 
worked layer when microhardness readings were to be obtained. The 
microhardness readings reported were obtained with a Reichert-Wein 
microhardness tester with a Vickers diamond indenter. The values are 
comparable to gross Vickers readings. The average of 25 readings ob 
tained with a load of 18.3 grams was used. The 95% confidence limits 
distribution (14). The 


for the mean were calculated by Students ‘t 
volume percentage of gross boride in the alloys was obtained by 
counting methods. Two hundred fields of each specimen were ¢ 
ined using a grain-size measuring eyepiece containing five 
parallel intersecting lines. Thus, for each specimen, a total 


points was counted. 

Samples of the precipitate phases in the alloys were prepared by dis 
solving a portion of the metal in a solution of bromine in methy] alcohol 
according to the method of Mahla and Nielsen (15). 

Lattice constant measurements of the austenitic phase were made at 
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72+ 5°F in 114.6 mm dia. Hull caineras. Unfiltered chromium radia- 
tion was used in this case and the lattice constant was evaluated by the 
Nelson and Riley (16) extrapolation function, (4 (cos? 6/sin@) + 
(cos? 6/8) ). Samples for these experiments were prepared by anneal- 
ing filings at 1300 °F, 15 minutes. No significant change was caused by 
the annealing treatment except line sharpening; all of the calculated 
values of the lattice constant fell within about +0.0002 A, a range to be 
expected from the temperature variation in the laboratory of +5 °F. 

Chemical analyses for total boron were performed by two labora- 
tories. These results, plus conventional wet chemical results for chro- 
mium and nickel, combustion method results for carbon, vacuum fusion 
analyses for nitrogen and oxygen, and qualitative spectrographic 
analyses for trace elements are shown in Table I. 


DISCUSSION 


The data indicating the role of boron in these alloys may be discussed 
under the following four divisions : 


I. As-cast structures—mechanical properties at ambient tem- 
peratures. 
II. As-cast structures—mechanical properties at 1500 °F. 
III. Heat treated structures—mechanical properties at 1500 °F, 
prestressing effects. 
IV. General discussion and conclusions. 


I. As-Cast STRUCTURES—MECHANICAL PROPERTIES AT 
AMBIENT TEMPERATURES 
As the boron content is raised increasing amounts of a massive boride 
structure are encountered, Fig. 1. The data concerning the boride and 
the accompanying austenite are of importance in interpreting prop- 
erties at both ambient and elevated temperatures. 


Boride Structures 


X-ray diffraction data, microhardness data, and chemical analyses 
identify the boride constituent. Microhardness readings show a mean 
value of 1295 Kg/mm? within 95% confidence limits of 1160-1450 
Kg/mm? and are within the published range for borides of this type 
(17). 

The x-ray diffraction patterns from extracted borides compare 
closely with those for Fe.B'*, Cr2B'®, and CrB*® and all the lines of 
the residues are accounted for in this way. Evidence of two phase struc- 
tures was encountered in microexamination at high magnification. 

Wet chemical analysis of the extracted boride shows chromium 
25.27%, iron 47.6%, boron 13.8% indicating a predominance of iron 
and chromium borides. 
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Fig. 1—Microstruc 

0.10% B, 4.36% boride by volume. Austenite hardness, 137.3 kg 

B 9.92% boride by volume. Austenite hardness, 139.5 kg/mm*. (c 8 

23.32% boride by volume. Austenite hardness, 147.6 kg/mm?*. (d) R309, 1.49 B 
Austenite hardness, 155.2 kg/mm* 5 


boride by volume 
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Fig. 2—Lattice Parameter of Austenite in Heats 
R308 to R312 Obtained by Annealing Filings 
from Solid Samples. 








Fig. 3—Microhardness of Austenite as a Function 
Boron Content. 


A heat made to the composition FeCrB gave x-ray diffraction pat- 
terns similar to the residues and two phases were noted 
Austenite Structure 
The lattice constants of the as-cast austenitic matrices of these alloys 
are represented by open circles in Fig. 2. The decrease in parameter 
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Fig. 4—Mechanical Properties of 18.5% 
Ni, 20% Cr Austenite as a Function of 
Percent Boron 


with boron is probably due to removal of larger atoms from the matriy 
and can be checked approximately by a material balance and Vegards 
Law calculations. This effect masks any parameter changes due t 
interstitial or substitutional solution of boron. 

The microhardness of the austenite increased with total boron con 
tent as illustrated in Fig. 3. 

Mechanical Properties 70°F 

Tensile strength and elongation vary with boron content as plotted 
in Fig. 4. Increasing boron improves tensile strength to a maximum of 
approximately 70,000 psi whereas elongation decreases progressively 
Cracking occurs at the borides and, once initiated, progresses rapidly 
throughout the net work. 


Il. MECHANICAL Properties 1500 °F. (As-Cast MATERIAI 
AND STRUCTURES DEVELOPED 


In the previous section, the mechanical properties are easily related 
to the microstructure. In contrast, when the as-cast materials were 





™ 
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Table Il 
Summary of All Heats Studied 
Type of Aim Analysis* 
Series Group or Purpose Heat Melting % 
Number Furnace 
A Five Initial Heats R310 Vacuum 0 
R311 Vacuum 0.1 
R312 Vacuum 0.5 
R308 Vacuum 1.0 
R309 Vacuum 2.0 
B Argon-melted equivalent to preceding series R40 Argor 0 
R105 Argon os 
R180 Argor 1.0 
R192 Argor 2.0 
Cc Boride Synthesis R371 Argor 33144 atom. &% 
each of Fe, Cr 
and B 
D Tensile bars for heat treating and prestressing R394 Vacuum 0.1 
and heat-treating investigations R418 ** Vacuun 0.1 
R419 * Vacuur 0.1 
R434** Vacuun 0.1 
R435 ** Vacuum 0.1 
R344 Vacuum 0.5 
R396 * Vacuum 0.5 
R395 Vacuum 1.0 








* Aim analysis and alloy charged for nickel and chromium was the same on all heats (except R371) 
The actual analysis of the five heats of Series A is shown in Table I 
** Heats melted using electrolytic iron rather than Armco iron 


tested at 1500 °F, their behavior was quite different from that at 70 °F. 
Both the 100-hour rupture strength and hot tensile strength improved 
progressively with boron content and only small decreases in ductility 
were observed, Fig. 4. 

Creep rates derived from creep curves are included in Table IV. 
Melting atmosphere had no appreciable effect upon the properties of 
these alloys, when argon was employed in place of vacuum melting. 


Structures after Testing 

To explore the mode of fracture and the possibility of structural 
changes during high temperature testing, microspecimens were exam- 
ined adjacent to the fractures from the stress rupture test pieces. 

Several features of these microspecimens are shown in Fig. 5 
and help to explain the differences between fracture at 1500 and at 
70°F, 

1—Under stress at 1500°F, the borides are mobile. Notice that 
the alignment of the massive borides, particularly evident in the lower 
boron heats, is with the long axis of the particle parallel to the tension 
direction. Borides may fracture during this realignment but the crack 
does not progress in the matrix. This effect is even more marked in 
some of the photomicrographs discussed in Section III. 

2—Failure occurs by formation of microcracks through the matrix 
rather than along carbides. The properties of the matrix regions are the 
limiting factor rather than the massive borides. The microcracking 
appears to follow subgrain boundaries in the matrix, Fig. 5c, 5d. 
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Fig. 5—Photomicrographs of Fractured Stress-Rupture Specimens which Were 
in the As-Cast Condition at 1500 °F. Tensile direction is vertical in all photomicro 

graphs. (a) R311-5, 0.10% B. 6000 psi load, 400-hour life. Austenite hardness 

kg/mm?. (b) R312-8, 0.32% B. 6800 psi load, 166-hour life. Austenite hardness, 132 
kg/mm*. (c) R308-6, 0.80% B. 10,000 psi load, 175-hour life. Austenite hardness, 15 
(d) R309-3, 1.49% B. 13,000 psi load, 112-hour life. Austenite hardness, 16( 

kg/mm?. x 500 


kg/mm? 
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3—A fine precipitate is obtained in boron containing material during 
stress rupture testing. This appears to prolong life by reducing the 
propagation of microcracks in the matrix. The amount of precipitate 
increases with total boron as illustrated by Fig. 5. 

No changes in the lattice paranieter of the austenite accompanied 
stress rupture testing as shown by the data of Fig. 3. 

X-ray diffraction patterns of extraction residues from the stress 
rupture tested specimens contained several new lines which were not 
encountered in the as-cast specimens, Table III. Certain of these new 
lines, characteristic of a chromium boride are at vzlues of 2.107, 1.263, 
1.224, 1.165. 

This fine precipitate in the matrix areas was not produced at 1500°F 
in unstressed samples heated at temperature for periods similar to 
those of the creep tests. 


IT]. Creer Rupture Properties at 1500°F Arter 
2200 °F Heat TREATMENT 

The evidence to this point indicated that boron in matrix areas was 
responsible for the enhanced creep resistance. It seemed paradoxical 
however that greater amounts of “matrix boron or boride’ were en- 
countered at higher boron contents, because gross borides were present 
at as low as 0.10% total boron. From a simple point of view it would 
seem then that the matrix should attain maximum boron at low total 
boron levels and that any further boron additions would merely in- 
crease the amount of massive boride. A group of heat treating experi- 
ments was conducted to obtain further data and to determine whether 

conventional solution and precipitation phenomena prevailed. 


Structures after 2200°F Heat Treatment 

The effect of heating for 24 hours at 2200 °F was apparently minor 
in itself, as far as visible changes in structure are concerned, but had 
pronounced effects upon the subsequent behavior of the specimens in 
creep tests. 

The microstructures shown in Fig. 6 indicate merely some spheroid 
ization and growth of borides and, in the highest boron specimen, a 
general random agglomeration of fine borides in the matrix. The micro 
hardness of the specimen was lowered by these treatments to a value 
characteristic of the 0% boron alloy as shown in Fig. 7. The x-ray 
diffraction pattern of the borides was the same as for the as-cast condi 
tions, Table III. Numerous attempts were then made to harden the 
austenite by aging treatments to determine whether boron had gone 
into solution. All of the results for aging temperatures of 1400, 1500, 
and 1700 °F and for times of 4 to 100 hours were negative. This con- 
firmed Cornelius (3) conclusions that these alloys, since they contain 
less than 0.07% carbon, should not age harden. 
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Fig. 6—Microstructure of Alloys Heat-Treated at 2200 °F for 24-Hours and Air 
Quenched. (a) R311, 0.10% B, austenite hardness, 129 kg/mm*. (b) R312, 0.32% B 


austenite hardness, 131 kg/mm*. (c) R308, 0.80% B, austenite hardness, 132 kg/mm" 
(d) R309, 1.49% B, austenite hardness, 129 kg/mm?. x 500 
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Fig. 7 Microhardness of Austenite of Five 
Initial Heats After Heat Treatment. 








Fig. 8—Typical Time Versus Elongation Curves for 
Two Alloys Illustrating Effect of 2150 °F Heat Treat- 
ment. 


Further evidence in support of this lack of age hardening response is 
given by the x-ray diffraction patterns. No changes in austenite 
parameter resulted from heat treatment as shown by Fig. 2. 
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Fig. 9—Microstructure of Fractured Stress-Rupture Specimens which Were Tested Sut 
: f 


sequent to Heat Treatment at 2150 °F for 24-Hours. Tensile direction is horizonta a 
R435-5, 0.10% B aim analysis. 6500 psi load, 53.4-hour life. (b) R344-7, 0.50 B 
analysis. 8500 psi load, 382-hour life. (c) R395-3, 1.0% B aim analysis. 12,000 psi load 


48.7-hour life. «x 500 
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Table IV 
Mechanical Property Data on Heats R308, R309, R311, R312 
Test Min, 2nd 

Heat Boron, Bar Temp.. Load Life Elong Red. of Stage Creep 
No OA No F psi hr % Area, % Rate, %/hr 
R311 0.10 1 1500 16,900 STTT* 50.0 68.0 

; 1500 10,000 44 34.0 63.5 

4 1500 8000 23.2 40.0 66.5 1.4 

5 1500 6000 400 31.0 48.0 048 

6 70 63,200 STTT 26.0 46.0 
R312 0.32 1 1500 11,000 11.3 36.0 55.0 

7 1500 8500 86.0 30.0 55.5 174 

8 1500 6800 166 46.0 65.0 
R308 0.80 2 1500 29,400 STTT 29.0 38.0 

; 1500 15,000 8.0 31.0 48.5 

7 1500 12,000 64.5 16.0 35.0 177 

6 1500 10,000 175 27.5 38.5 064 

x 70 68,900 STTT 5.0 6.0 
R309 1.49 & 1500 38,200 STTT 12.0 14.5 

1 1500 20,000 11.3 23.0 24.5 

7 1500 16,000 39.1 13.0 30.0 

3 1500 13,000 112.3 20.0 26.0 057 

6 70 67,700 STTT 2.0 1.0 


1500°F (815°C) and 70°F 
*STTT—Short-time tensile test 


Table V 
Creep and Stress-Rupture Data on Alloys Heat-Treated at 2150°F (1177°C) 
(All tests conducted at 1500°F(816°C)) 


Heat Aim Bar Condition Load Life Elong., Red. of Min. 2nd Stage 
No. Boron, % No psi hr % Area, % Creep Rate, %/hr 
R394 0.1 2 As-Cast 8000 5.0 43.0 74.0 3.8 
5 2150°F*-24 hr 8000 8.2 53.0 93.0 1.3 
R419 0.1 1 As-Cast 7000 14.4 26.0 71.5 0.80 
5 2150°F-1 hr 7000 16.6 27.0 39.5 0.53 
R435 0.1 1 As-Cast 6500 57.8 64.0 72.5 0.45 
5 2150°F-24 hr 6500 53.4 46.0 74.0 0.34 
R344 0.5 3 As-Cast 8500 17.0 25.5 65.0 0.96 
7 2150°F-24 hr 8500 382 24.0 42.0 0.015 
R396 0.5 2 As-Cast 8500 108 23.0 49.5 No. 2nd stage 
3 2150°F-1 hr 8500 142 33.0 48.0 0.10 
5 2150°F-24 hr 8500 445 18.0 50.5 0.008 
R395 1.0 1 As-Cast 12,000 17.8 32.0 41.5 0.76 
2 2150°F-1 hr 12,000 26.5 38.0 41.5 0.47 (est.) 
3 2150°F-24 hr 12,000 48.7 39.0 50.0 0.29 


Mechanical Properties after 2150 °F Heat Treatment 

Despite the apparently minor changes in structure after heat treat- 
ment, in subsequent testing, the second stage creep rate was decreased 
markedly in all the specimens containing boron. Typical time-elongation 
curves are provided in Fig. 8, and the data summarized in Table V. 

An explanation of the pronounced improvement in properties was 
sought by conventional metallographic and by electron microscope 
techniques. In the heat treated bars a subgrain boundary precipitate 
in addition to the randomly dispersed fine precipitate was encountered 
after testing as illustrated in Figs. 9 and 10. This precipitate was not 
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Table VI 
Creep and Stress-Rupture Properties of Test Bars From Heat R435, 0.10%B 
Aim Analysis 
(All tests conducted at 1500°F, 6500-psi load) 


Heat Treatment Min. 2nd Ratio 
Bar Pre-stress after Life, Elong., Red of Stage Creep Red. Area 
No Pre-stress hr % Area, % Rate,%/hr Elong. 
1 None None 57.8 64.0 72.5 0.45 1.13 
6 0.4% None 282 39.0 35.5 0.061 0.91 
3 1.2% None 237 42.0 47.5 0.111 1.13 
5 None 2150°F-24 hr 53.4 46.0 74.0 0.34 1.61 
2 04% 2150°F-24 hr 145 44.0 53.0 0.116 1.20 
7 1.2% 2150°F-24 hr 65.9 41.0 62.5 0.23 1.52 





Fig. 10—Electron Micrograph of Sub role Boundary Precipitate Particles in Stress 
Rupture Specimen R344-7 (see Fig. 9 Precipitate particles at subgrain bo ari 
are indicated by ‘he arrows. X 18,000. 


found in as-cast or heat treated (unstressed) specimens. Extraction 
residues from these stressed specimens gave x-ray diffraction patterns 
similar to the residues from the previously mentioned specimens (stress 
rupture tested at 1500 °F). 
Effects of Prestress before Creep Testing 

To obtain additional data concerning the effects of stress upon the 
behavior of these samples, several samples were given 0.4% and 1.2% 
prestress at 70 °F before creep testing. The data of Fig. 11 indicate that 
in all cases the prestress samples exhibited better creep and rupture 
properties than the as-cast material. Combining the 2150°F heat 
treatment with prestressing gave scattered results. 
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Fig. 11--Creep Rupture Curves Illustrating Effect of Prestressing 
on Heat R435 


LV. GENERAL DISCUSSION AND CONCLUSIONS 


To explain these pronounced effects of boron the following inter- 


pretation of the data is suggested : 


l. 


bo 


In the as-cast specimen boron is present not only as a gross 
precipitate but in matrix regions. In this condition of the 
specimen the data do not indicate whether the boron exists 
in solid solution, concentrated in vacancies or as extremely fine 
borides unresolved by the electron microscope. This “matrix” 
boron increases as the total boron content is raised, even 
though a gross boride precipitate is present at as low as 0.1% 
boron. (This is demonstrated by the increasing amounts of 
boron precipitated from the matrix by spheroidizing high tem 

perature heat treatment ). (Several plausible chemical or segre- 
gation mechanisms may be advanced to explain this observa- 
tion). 

During creep testing as cast specimens at 1500°F a boride 
precipitate appears in matrix regions as shown by the photo- 
micrographs and x-ray diffraction patterns. The photomicro- 
graphs indicate this boride reduces matrix microcracking, the 
key factor leading to rupture at elevated temperature in these 
specimens. 

A “conditioning” heat treatment at 2200 °F leads to a precipi- 
tation of the “matrix” boride at subgrain boundaries during 
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subsequent stressing at 1500 °F. This preferred location of the 
precipitate is accompanied by reduced microcracking and 
further improvement in elevated temperature properties. Pre- 
stressing at ambient temperatures gives related effects. 

4. In addition to the preceding information directly concerned 
with boron, these specimens provide an interesting model for 
observing the interrelation of test temperature, metallographic 
structure and mode of fracture. The relative importance of the 
matrix and a gross, brittle grain boundary precipitate upon 
strength and ductility is reversed by temperature. 


At ambient temperatures the failure is the result of cracking through 
the brittle grain boundary precipitate. 

At elevated temperatures gross deformation and rupture are largely 
controlled by microcrack propagation through the matrix. The brittle 
gross precipitate merely realigns itself as the matrix flows. Further 
work to correlate the change in mechanism with the incidence of ap 
preciable creep would be of interest. 
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STRUCTURE AND PROPERTIES OF AUSTENITIC 
ALLOYS CONTAINING ALUMINUM AND 
SILICON 


By Duane J. SCHMATz 


Abstract 


Tron-base alloys containing aluminum, manganese, and 
carbon have been investigated in an attempt to obtain a use- 
ful alloy deriving its oxidation resistance from aluminum 
and having an austenitic structure and mechanical prop 
erties comparable to commercial stainless steels. A range of 
compositions was found which nearly met these require- 
ments. Among several minor additions only silicon was 
found to improve both the oxidation resistance and strength 
of the base alloys. One promising alloy contained 8% Al 
30% Mn—1.0% C—1.5% Si. Its strength exceeded com 
mercial stainless steels at room temperature and was in 
creased by both quench aging and strain aging. At 1200 °} 
a tensile strength of nearly 100,000 psi was attained with a) 
elongation of 5%. The oxidation resistance was somewhat 
inferior to an equivalent binary iron-aluminum alloy, but 
with a “pre-oxidizing” treatment its resistance should be 
adequate to 1400 °F. Higher aluminum and manganese al 
loys, which would be desirable, resulted in embrittlement 
probably caused by a transition to a B-manganese structw 
(ASM-SLA Classification: R1h, Q27a, Q26s; AY 


INTRODUCTION 
\ GREAT DEAL of work has been done recently to develop stainless 


or oxidation resistant materials from nonstrategic elements. Iron 
aluminum alloys offer considerable promise (1,2,3).1 But unfortu 
nately, inherent characteristics such as poor elevated temperature 
strength, casting difficulties, and inferior cold workability have greatly 
limited their use. Several years ago complex iron-aluminum alloys had 
been developed that excelled the binary alloys considerably, but the 
main disadvantages still persisted. At that time, one aim of a general 
alloy program was to develop an iron-aluminum alloy with a face 
centered cubic structure thereby improving the hot strength and cold 
workability, whilc maintaining the oxidation resistance of binary al 
loys. It was desired that this be accomplished without the use of large 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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amounts of strategic materials such as nickel, cobalt or chromium. This 
left only a few elements known to extend the gamma loop in iron. 
Manganese and carbon seemed to be the best choice for this particular 
purpose. 

Both systems Fe-Al-Mn and Fe-Al-C have been investigated pre- 
viously. Koster and Tonn (4) indicated that face centered cubic struc- 
tures formed up to very high aluminum and manganese levels. Schmatz 
(5) reported that the FCC structure of high aluminum and high 
manganese alloys was unstable with a transition to a _ brittle 
g-manganese structure occurring on slow cooling. At a manganese con- 
tent of 35%, only 7% aluminum could be added if a completely FCC 
structure was to be retained. 

The Fe-Al-C phase diagrams determined by Lohberg and Schmidt 
(6) indicated a large FCC field at low aluminum compositions over a 
very wide range of carbon contents and temperatures. With increasing 
aluminum, the range of carbon contents and temperatures over which 
the austenite was stable became much smaller. An alloy of 7% Al- 
1.1% C was made which confirmed the existence of a one phase field 
at elevated temperatures. Upon rapid cooling, however, the austenite 
transformed to martensite, and on slow cooling it decomposed to ferrite 
and carbides. 

The information available about these two systems led the author 
and others (7) to the conclusion that adding manganese to a suitable 
Fe-Al-C alloy would extend the austenite field or at least stabilize the 
austenite and prevent complete transformation. 


PREPARATION OF ALLOYS 

Quaternary alloys were processed with composition ranges of 7-13% 
Al, 20-40% Mn, and 0.10-1.0% C (weight %). The iron and carbon 
were melted under vacuum in a zirconia crucible. After aluminum 
was added helium was introduced into the melting chamber and the 
manganese addition was made. This practice prevented excessive loss 
of manganese. The melt was cast into 10 pound ingots 2%4 inches in 
diameter. The ingots were heated to 2100 °F and hot rolled to -inch 


round bars. 


EXPERIMENTAL PROCEDURE AND RESULTS 

Samples of the alloys were examined metallographically in the 
quenched and slow cooled conditions to determine the amount and 
relative stability of the austenite. Standard ASTM 0.250-inch diameter 
tensile samples were prepared and tested at various temperatures. 

The first four alloys listed in Table I are typical examples of the 
various base alloys produced. 

The tensile properties of these alloys are listed in Table II. The 
5% aluminum alloys, A and B, were both almost completely austenitic. 
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Table | 


Composition of Alloys 
Aluminum Manganese Carbon Silic 

Alloy No Wt. %) (Wt. %) (Wt. %) Wt. & 

A 5.34 18.83 0.07 

B 4.98 18.74 0.84 

Cc 8.30 28.10 0.88 

D 10.21 19.01 0.79 
E 7.85 $0.35 1.00 1.02 
F 8.93 29.43 0.97 1.43 
G 8.00 30.30 1.00 2.51 
H 8.05 29.70 99 2.01 
I 7.85 28.70 78 1.81 
J 8.20 29.25 51 1.77 

Table Il 
Tensile Properties 
Testing Ultimate Yield 
Nominal Temperature, Tensile Strength Strength % Red ucti 
Composition °F psi psi Elongation of Area 

5Al—20Mn—0. 1¢ RT 76,000 31,000 54 79 
1100 46,500 25,000 55 68 
1350 28,000 19,000 72 77 
5Al—20Mn— 1.06 RT 118,500 59,000 59 74 
1100 61,000 29,500 54 84 
1350 30,500 21,500 6 91 
8Al —30Mn— 1.06 RT 129,000 72,000 54 72 
1100 89,000 73,000 22 46 
1350 36,000 35,500 52 79 
10Al1—20Mn 1.06 RT 143,000 109,000 44 55 
1100 77,000 71,000 13 17 


1350 36,000 34,000 44 45 


The effect of the additional carbon was to increase the strength, espe 
cially at the lower temperatures. Although the 10% aluminum alloy, D, 
was not completely austenitic the properties were similar to the aus 
tenitic 8% aluminum alloy, C, containing the higher manganese con 
tent. The room temperature ductility of the mixed structure of alloy D 
was slightly inferior. The increase in aluminum content from 5 to 8%, 
at a constant carbon content, improved the oxidation resistance and the 
strength. 

Upon heating, the stability of the higher manganese alloy, C, was 
greater than that of the low manganese alloy, D. Fig. 1 shows the micro 
structural changes caused by reheating alloy D to 1350°F for 1 hour 
A general precipitation took place in the austenite. Also a decrease in 
the amount of austenite was evident with the prior austenite-ferrite 
boundaries being delineated by the outermost carbides in the ferrite 

The second group of alloys was made in the same manner as the first 
group using the 8% Al—30% Mn—1.0% C composition as a base 
Small amounts, usually less than 3%, of other elements were added to 
the base. The alloys were examined metallographically to determine 
the effect of the additions on the phase relationships and general sta 
bility. Mechanical properties were measured and other changes in be 
havior, such as oxidation resistance, were noted. The other elements 
added were chromium, nickel, boron, silicon, nitrogen, titanium and 
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Fig. 1—Alloy D. (a) Oil quenched from 1900 °F; (b) Same treatment plus reheating 
to 1350 °F for 1 hour. 10% Nital Etch. X 1000. 
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Fig. 2—(a) The effect of silicon con 
tent on the tensile properties obtained 
at room temperature of the Fe8% 
Al-30% Mn-1.0% C base composition 


molybdenum. Most of these proved to be ineffective in changing th 
tensile properties. Boron drastically reduced the oxidation resistance: 
The addition of nitrogen caused many inclusions, probably aluminun 
nitrides. Chromium improved the oxidation resistance, but formed 
undissolved carbides above 5% chromium. Nickel increased the room 
temperature strength to nearly 200,000 psi, but drastically reduced the 
ductility of slowly cooled or reheated samples. It is believed that a 
nickel-aluminum compound caused the increase in strength and em 
brittlement. 

Silicon was the only addition that improved both the oxidation re 
sistance and the strength without drastically reducing the ductility 
The compositions of the alloys containing silicon are E, F, G, H, I and 
J, listed in Table I. Fig. 2 shows the tensile properties relative to the 
silicon content at room temperature, 1100, 1200, 1350, and 1500 °F 
The optimum silicon content for the temperature range 1200-1350 °F, 
where the alloys had good oxidation resistance, seemed to be 1.5%. 
These alloys like those without silicon, developed a fine precipitation 
upon slow cooling or during reheating. Fig. 3 shows the structure of the 
1.5% silicon alloy slow cooled, and also as-quenched and reheated to 
1100 °F. The tensile properties obtained by these treatments are listed 
below along with the as-quenched properties. 
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Fig. 2 (continued)—(b,c) The effect of silicon content on the tensile properties 
obtained at 1100 and 1200 °F of the Fe-8% Al-30% Mn-1.0% C base composition. 


Treatment UTS ¥S %EI %RA 
As-quenched 120,000 82,000 72 70 
Quenched and reheated to 
1100 °F 168,000 153,000 25 45 
Slow Cooled 156,000 134,000 16 16 


Three alloys, H, I and J, were made with each containing approxi- 
mately 2% silicon, but with decreasing carbon contents of 0.99, 0.78 and 
0.51%. In the quenched condition all three alloys were essentially 
austenitic, with the 0.51% C alloy containing the largest amount of fer- 
rite (8% ). The tensile properties of these alloys at room temperature 
and 1100 °F are compared in Fig. 4. The carbon had a pronounced in- 
fluence on the strength in this group just as it did in the 5% aluminum 
alloys, although the effect was much greater in this case at 1100 °F. The 
higher room temperature strength of the low carbon alloy may have 
resulted from the larger amount of ferrite. 

In an attempt to produce a higher aluminum alloy, the following 
composition was made ; 13% Al—40% Mn—1.0% C. No tensile prop- 
erties could be determined as this material was very brittle after slow 
cooling. The microstructure, a brittle phase plus carbides, indicated 
that a transformation had occurred during slow cooling. Microhard- 
ness measurements of the new phase gave a hardness above 700 DPH. 
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a ¢ 
Fig. 2 (continued)—(d,e) The effect of silicon content on the tensile properti« 
obtained at 1350 and 1500 °F of the Fe-8% Al-30% Mn-1.0% C base composition 


Figs. 5 and 6 indicate the progress of the transition from austenite and 
ferrite to the brittle phase plus ferrite and carbides 


DISCUSSION 


Additions of manganese to Fe-Al-C alloys seemed to extend the 
austenite region only slightly, but did improve the austenite stability 
and prevented the formation of martensite or a large amount of de 
composition on cooling. 

Alloys of the composition range 8—-9% Al, 20-35% Mn, .75—1.0% C 
and 1.0-2.0% Si seemed to be the most promising of the alloys investi 
gated. Alloys of 25% or less manganese would probably be partially 
ferritic and behave in much the same manner as alloy D. That is, the 
room temperature strength would be high, but with slightly less 
ductility because of the solution strengthened ferrite. At elevated 
temperatures they should be somewhat weaker because of the larger 
amounts of ferrite. The higher manganese alloys which were essentially 
austenitic were more ductile at room temperature; this should make 
them amenable to cold forming operations such as rolling. Lack of sucl 
ductility is one of the major limitations of the ferritic iron-aluminum 
alloys. A limited study was made of the effect of prestraining and aging 
of tensile samples. Although the amount of prestrain was less than 





Alloy F 
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(a) Oil quenched from 1900 °F and reheated to 1100 °F for 1 hour; 
(b) Slow cooled from 1900 °F, 10% Nital Etch. x 500 
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» Carbon eo Laorbor 


Fig. 4—(a,b) The effect of carbon content on the tensile properties obtained at 
room temperature and 1100 °F of the Fe-8% Al-30% Mn-2% Si composit 


10% elongation, a substantial increase in strength (15%) was noted; 
this improvement persisted to elevated temperatures. These alloys may 
have commercial potential because of the possibility of being cold 
worked and age hardened. 

The oxidation resistance of these alloys was undoubtedly derived 
from the aluminum. Manganese and carbon tended to decrease the 
oxidation resistance. An improvement in oxidation resistance could b 
obtained by increasing the aluminum or decreasing the manganese or 
carbon. In either case a sacrifice in strength or ductility would have to 
be made. 

The mode of protection against oxidation in some of these alloys 
was revealed by a metallographic study of the surface after heat treat 
ment. During heating a thin surface layer of ferrite formed on the 
sample, probably caused by the loss of manganese and carbon. When 
the ferritic iron-aluminum layer became deficient in manganese and 
carbon, the aluminum formed a more impervious oxide film. Once this 
oxide formed the surface became much more oxidation resistant, espe 
cially if a “pre-oxidation” treatment was performed at a temperature 
higher than the test temperature. 

Within the composition limits necessary for essentially austenitic 
microstructures there are three major composition variables ; alumi- 
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num, carbon and silicon. The comparison between the 5 and 8% 
aluminum alloys in Table II shows that aluminum strengthened the 
austenite considerably, especially the yield strength. Carbon, as illus- 
trated by Table II, increased the strength at low and intermediate 
temperatures, but lost most of its effectiveness at the higher tempera- 
tures. Silicon additions drastically changed the properties of the base 
material, especially at elevated temperatures. This is made apparent 
by Fig. 2. 

‘Amounts of silicon up to 2.5% did not seem to affect the phase re- 
lationships appreciably. Silicon may act as a solid solution strengthener 
in both austenite and in the ferrite that formed at the grain boundaries 
during aging. The amount and composition of the ferrite grain bound- 
ary regions may be quite important. Since at elevated temperatures a 
9% Al—1.5% Si ternary ferritic alloy was greatly superior in strength 
to a binary 9% Al alloy (8), it can be inferred that high silicon grain 
boundary ferrite will reduce the tendency for softening at elevated 
temperatures. The silicon may also affect the quantity, type and dis- 
persion of the carbides formed during aging or slow cooling, and thus 
influence the strength. 

Increasing the aluminum content would improve the oxidation re- 
sistance and decrease the weight, but such alloys weren’t completely 
austenitic. There was a tendency for them to become either ferritic or, 
if the manganese and aluminum contents were both high, to become em- 
brittled by decomposition to a new phase. This phase was probably 
isomorphous with B-manganese (5). 


SUMMARY 


Iron-base alloys containing aluminum, manganese, carbon and sili- 
con have been investigated in an attempt to obtain a useful alloy with an 
austenitic structure and mechanical properties comparable to com- 
mercial stainless steels. A range of compositions was found which 
nearly met these requirements. One promising alloy contained 8% 
Al—30% Mn—1.0% C—1.5% Si. Its strength exceeded that of com- 
mercial stainless steels in the quenched condition and was increased by 
both quench aging and strain aging. 

The oxidation resistance derived from the 8% aluminum was some- 
what inferior to an equivalent binary iron-aluminum alloy, but with a 
“pre-oxidizing” treatment its resistance was adequate to 1400 °F. 
Higher aluminum and manganese alloys resulted in embrittlement 
probably caused by a transition to a B-manganese structure. 
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DISCUSSION 


Written Discussion: By J. L. Ham, research associate, and R. E. Cairns, Jr 
research metallurgist, National Research Corporation, Cambridge, Ma 

Related work performed by the discussors is described in references 2 and 
appended to this discussion. 

It is gratifying to find that research work on these alloys is continuing in sucl 
capable hands 

Our Alloy #213 containing 10.2% Al, 0.76% C and 34.4% ‘in after 
from 2000 °F had the following properties 


UTS YS % Fl R, 
Room Temperature 109,000 55,000 73 71 
1200 °F 60,500 40,500 34 32 


This represents the dead soft condition (Rockwell A 53). Furnace cooling 
from 2000 °F raised the room temperature properties to the following 


UTS ¥s % El % Ra 
110,750 81,000 72 R2 
Cold rolling and aging 1 hour at 1292 °F raised the hardness tremendously 4s 


shown in Fig. 7. The minimum hardness (Rockwell A-53) corresponds to that of 
annealed 18-8 stainless steel and the maximum (Rockwell A-80) to that of a full 
martensitic 0.4% carbon steel 

Regretably no tensile or stress rupture tests were ever made on material 
hardened in this way 

The main point of this discussion is to urge the performance of such tests, to 
find the optimum combination of strength and ductility obtainable both for this 
composition and for the authors (8% Al, 30% Mn, 1.0% C, and 1.5% Si alloy 
which was reported to gain 15% in strength after 10% prestrain elongation fol 
lowed by aging 

As the author points out, silicon seems to be the best fifth element to add, but if 
equivalent strengthening can be obtained by appropriate cold working and aging 


or over-aging according to Fig. 7, one might obtain a material as strong at 1200 °! 
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Fig. 7—Response of Cold-worked Alloys to Heat Treatment 


as the 1.5% silicon alloy, but which had more than the reported 5% elongation 
at 1200 °F or one even stronger which still retained the necessary 5% elongation 
at 1200 °F in the heat treated condition as well as the 70% elongation at room 
temperature as annealed. The low elongation in the elevated temperature tensile 
tests as compared to the 70% obtained at room temperature undoubtedly reflects 
the aging phenomena occurring at the test temperature even in the hot rolled 
condition. This can be controlled by appropriate over-aging either as hot-rolled 
or preceded by a solution anneal, quench and 40 to 80% cold reduction. 

Although the authors state modestly that their alloy nearly met their require- 
ment of an austenitic alloy with mechanical properties comparable to commercial 
stainless steels, it seems to the reviewers that their requirements were, in fact, met 
and that with a reasonable amount of further work, directed toward controlled 
aging, these goals can be significantly exceeded particularly with respect to 
strength to weight ratio. 

References 
Manganese Joins Aluminum to Give Strong Stainless, J. L. Ham, R. E. Cairns, Jr., Re- 
printed from the issue of Dec. 22, 1958 Product Engineering. 


The Development of Iron-Aluminum Base Alloys for Elevated Temperature Service, R. E. 
’ Bureau of Aeronautics Contract NOas 56-1058c, Nov. 30, 1958 (sum 


Cairns, Jr., Navy 
mary report) 


Written Discussion: By P. Lillys and R. C. Gibson, Applied Research Labora- 
tory, Crucible Steel] Company of America, Syracuse, N. Y. 

The author has presented a very interesting paper on an alloy system which 
offers considerable promise. 

We have also been studying the system Fe-Al-Mn-C for some time to establish 
the single phase field at temperatures ranging from 1000 to 2200°F. Further, 
other elements similar to those studied by the author were added to the 
Fe-Al-Mn-C alloys to study their effect on the single phase austenitic region. The 
results of our studies are in general agreement with the author’s findings, namely 
the stable austenite field in the Fe-Al-Mn-C system particularly in the tempera- 
ture range 1000 to 1400 °F is quite narrow. Elements such as nickel, cobalt and 
copper which normally enlarge the austenite field in the Fe-Cr-C system sur- 
prisingly had little effect on the ferrite: austenite relationship when added to the 
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Fe-Al-Mn-C alloys in amounts as high as 10%. However, the addition of these 
elements increased austenite stability at the intermediate temperatures (1000 ¢ 
1400 °F) particularly at low manganese levels. Silicon was found to be a stronger 
ferrite former than aluminum. Therefore when added to an Fe-Al-Mn-C alloy 
balanced in chemistry so as to produce a stable austenitic alloy, much higher 
carbon contents were required to maintain the alloy austenitic. The author’s alloy 
G is probably an example where 1.0% carbon and 30% manganese is sufficient t 
balance the combined ferrite forming tendencies of 8% aluminum and 2.5 

silicon to produce an austenitic alloy. Did the author find ferrite in this alloy? 
Molybdenum, tungsten and vanadium were found to be strong ferrite formers 
They also promoted the formation of beta manganese phase at the intermediate 
temperatures which caused severe embrittlement. Thus the picture becomes i 
creasingly clear that from the standpoint of oxidation resistance, structural sta 
bility and good elevated temperature strength, the selection of a useful alloy 


limited to a narrow composition range. The author has presented interesting 
data regarding the effect of aluminum and silicon on the tensile properties of 
the alloys studied. An increase in aluminum was shown to increase room temper 
ture tensile and yield strengths of the base alloy. Similar benefits are obtained by 
increasing aluminum in the binary Fe-Al alloys. At testing temperatures above 
1000 °F, however, aluminum has little effect on the tensile properties of the 
binary alloys while the author has shown in Table II that the tensile properties 
at 1100 °F are significantly improved by an increase in aluminum fron to 8 
Is this improvement in tensile properties related to the effect of aluminun 


precipitation reaction? Similarly, the improvement in room temperature tensile 
properties obtained by aging the 1.5% silicon alloy at 1100 °F suggests that higher 


elevated temperature tensile properties can be attained at 1100 and 1200 for 
example, than those shown in Figs. 2b and 2c by an aging treatment prior t 
testing. The sudden decrease in tensile properties of alloys containing more thar 


1.5% silicon at 1350 °F suggests that overaging occurs more rapidly above 1200 °! 
at the high silicon levels. Studies of Allten, Chow and Simon * indicated that 
precipitation hardened austenitic stainless steels attained higher peak hardnesses 
with increasing phosphorus content but that the higher phosphorus alloys ove 
aged more rapidly. The similarity is quite interesting. A study of the effect of 


silicon on the precipitation reaction in the author’s alloys may reveal that 


above 1.5% may accelerate the precipitation reaction above 1200 °F 
) I I 


Author’s Reply 

The author wishes to thank Messrs. Ham and Cairns and Messrs. Lillys and 
Gibson for their discussions and additional contributions to this paper 

Messrs. Ham and Cairns work envolving the cold rolling and aging of similar 
materials extends the potential usefulness of these alloys considerably. More dat 
on the properties of the cold-worked and aged material is certainly needed for a 
critical evaluation. Complete time-temperature-hardness curves would be of great 
value for the determination of the rate of aging and the effect of other elements 
on aging in these alloys 

Both discussions raise a question as to the basic necessity of silicon in these 


alloys. Silicon is unquestionably beneficial in strengthening the alloys at bot! 
* A. G. Allten, J. G. Y. Chow and A. Simon “Precipitation Hardening in Austenitic 
Chromium-Nickel Steels Containing High Carbon and Phosphorus’’ Transactions, American 
Society for Metals, Vol. 46, 1954, p. 948 
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room and elevated temperatures. A small addition improves the oxidation resist- 
ance considerably. It has been the authors experience that additions of silicon can 
be made to the alloys without adjusting the composition and basically retain the 
same structure. Additional aluminum of the same amount in preference to silicon 
could never be tolerated without a complete change in the phase relations. 

It seems that optimum properties should be obtained by controlling the chem- 
istry (including silicon), cold work and aging. A great deal of data are still 
needed to evaluate each of these variables 








DEVELOPMENT OF A FERROMAGNETIC 
COBALT-BASE HIGH TEMPERATURE ALLOY 


By A. CocCHARDT 


Abstract 


A number of alloys precipitation-hardened with titanium 
and containing 62 to 88% cobalt were made in an effort to 
develop a new blade material for turbines and compressors 
The damping behavior, aging characteristics, creep and fa 
tigue properties, and oxidation resistance of these alloys 
were tested. It was found that some alloys exhibit similar 
strength and damping at 1200°F as alloy AISI 403, the 
present blade material in steam turbines, at 900 to 1000 °F 
The optimum composition range of these alloys is 22 to 24% 
nickel, 1.8 to 2.0% titanium, 0.15 to 0.25% aluminum and 
the balance cobalt. The damping capacities of these alloys 
are ten times higher at vibrational tensile stresses of 8000 
pst than those of similar non-ferromagnetic alloys. At 
1200 °F the 100-hour rupture stress is of the order of 50,000 
pst and the endurance limit of the order of 40,000 psi. The 
oxidation resistance is greatly improved by small additions 
of silicon and chromium. (ASM-SLA Classification: Q 
general ; Co-b, SGA-h) 


INTRODUCTION 
URRENTLY used cobalt-base and nickel-base superalloys are 
nonferromagnetic although cobalt and nickel themselves are ferro 
magnetic. The reason for this is that these alloys contain of the order 
of 20% chromium, an amount sufficient to lower the Curie temperature 
in cobalt and nickel below room temperature (1). 

Recent work (2) has shown that certain ferromagnetic cobalt-nickel 
base alloys are superior to the conventional nonferromagnetic alloys in 
some applications. These ferromagnetic alloys were found to exhibit 
remarkably high internal damping due to magneto-mechanical 
hysteresis. The high damping makes these alloys an ideal blade ma 
terial for industrial gas turbines, for compressors, and particularly for 
steam turbines operating at partial admissions (3). 

A turbine or compressor blade must have adequate damping to pre 
vent premature fatigue failures (4). The higher the damping capacity 


1 The figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Forty-first Annual Convention of the Society 
held in Chicago, November 2-6, 1959. 

The author, A. Cochardt, is associated with the Metallurgy Department, Re 
search Laboratories, Westinghouse Electric Corporation, Pittsburgh. Manuscript 
received June 30, 1958. 
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of such blades, the lower are the stresses induced in them from ex- 
ternal vibrating forces. A high damping capacity increases the life of 
such members and permits higher temperatures of operation. It also 
allows the application of larger external vibrating forces. 

While it is possible to obtain a high damping capacity by external 
means (aerodynamic damping, joint effects, etc.), the most desirable 
source of damping in practice is internal friction or internal damping. 
The present blade material in steam turbines, alloy AISI 403, which is 
a ferromagnetic 12% chromium steel, has a high damping capacity 
(5). For example, at 900 °F and at a vibrational tensile stress of 10,000 
psi, its damping capacity is about 15 times larger than that of com- 
mercial nickel-cobalt base superalloys (6). However, alloy AISI 403 
has adequate strength only up to about 1050 °F. As a result, it can 
not be used for the first rows of blades in future steam turbines operat- 
ing at higher temperatures. 

The purpose of the present investigation was the development of a 
cobalt-base alloy which would have the strength of a superalloy, but 
which would be ferromagnetic at the operating temperature and would 
have a high internal damping. Such a material is needed, particularly 
for future steam turbines. 


EXPERIMENTAL PROCEDURES 
Materials and Processing 


A number of alloys were made with cobalt concentrations ranging 
from 62 to 88%. The chemical compositions of some of these alloys are 
listed in Tables Ia and Ib. The chemical compositions of the base com- 
ponents and the other raw materials used are listed in Tables II and 
III. The T, X, and D series of alloys were 2-pound ingots induction- 
melted under argon at a pressure of 5 inches of mercury. These ingots 
were forged from 1900°F to 3 inch diameter bar stock; part of the 
bar stock was then swaged to wire for damping specimens. The VM 
and M series of alloys were 22-pound ingots induction-melted and cast 
in a vacuum furnace. These ingots were hot-rolled from 2012°F to % 
inch diameter and 34 inch square bar stock for creep-rupture, fatigue, 
and damping specimen blanks, for aging buttons, and for specimens for 
oxidation resistance tests. An as-rolled grain size of ASTM 6 to 7 was 
obtained in these bars with final reduction in area of about 30%. Speci- 
men blanks cut from these bars were solution heat treated, machined, 
then age hardened prior to testing. The solution treated grain size was 
about ASTM 3 to 5 depending on the solution treating temperature. 


Heat Treating and Hardness Testing 


The solution treating was done in a hydrogen atmosphere for a 
period of 1 hour at either 1900 or 1950°F. The test specimens were 
usually aged 24 hours at 1200 °F prior to testing. 
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VMSS5 
VMS56 
VM62 
VM63 
VM66 


M958 
M1134 


Cobalt 
Nickel 
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Table la 
Chemical Composition of Alloys of T and X Series 
Co Ni Ti Al Si Fe Mn Cr 
62.6 32.4 3.32 1.41 - 
62.9 33.1 1.91 1.67 — — 
72.0 25.6 2.63 _ 0.056 
72.0 244 2.95 0.72 0.047 
85.5 10.4 3.04 0.029 
87.5 8.5 3.00 0.83 0.059 
79.5 10.5 1.78 0.71 1.38 0.045 5.86 
78.2 10.3 1.92 1.00 2.10 0.069 5.81 
794 17.3 1.45 0.67 0.63 0.057 8.2? 
71.9 24.5 2.78 0.83 0.11 0.025 
85.5 9.47 0.47 2.31 1.41 0.057 
71.8 23.2 0.81 2.30 1.54 0.047 
78.2 9.32 2.80 1.22 1.58 5.06 0.058 0.49 
78.2 2.92 1.16 1.57 14.0 0.049 0.44 
Table Ib 
Chemical Composition of Alloys of VM, D, and M Series 
Ce Ni Ti Al Cr M 
73.3 23.8 1.2 1.07 0.66 
73.4 24.0 2.13 0.02 0.53 
73.1 23.8 1.73 0.08 0.67 
73.4 23.7 1.49 0.14 0.62 
64.4 34.0 1.46 0.23 
76.6 21.1 1.97 0.26 
72.9 22.6 0.03 2.81 
73.9 24.0 1.55 0.08 0.59 
72.6 24.0 1.07 0.98 0.78 
74.6 22.8 2.02 0.24 0.51 
72.7 23.6 1.98 0.87 0.72 
72.0 23.9 1.98 0.52 0.78 
73.3 25.8 1.52 0.18 0.44 
Table Il 
Analysis of the Base Components 
Oo N ts Ss P B Me Si Mr Fe ( N 
0.14 0.0015 0.03 0010 0.001 0.003 0.030 O15 0.02 0.05 ba 0.20 
0.006 0.0027 0.02 0.004 0.007 0.0005 Trace Trace 003 0.11 
Table If! 
Raw Materials Used 
Cobalt Cobalt Rondelles 
Nickel Electrolytic Nickel 
Chromium Electrolytic Chromium 
Titanium Sponge 
Aluminum 99 99% Grade 
Silicon Commercial Grade 


Iron Electrolytic Iron 


Age hardening curves were determined at temperatures of 1200, 
1300, and 1350°F at a number of time intervals from 1 hour to 512 
hours for each alloy except for most of the X and T series of alloys 
The hardness values were measured with the Vickers hardness tester 
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Damping Tests 

The alloys of the T and X series were tested in a torsion pendulum 
apparatus similar to the one described in an earlier report (2). In most 
cases the wire specimens were 70 mils in diameter and 7 inches long. 
While relatively large background damping was observed with this 
method at higher temperatures, it had the advantage that the wire 
specimens cold be subjected to a magnetic field of about 500 cersteds ; 
thus, the magneto mechanical part of the damping could be separated 
from the total damping by measuring the decay of the torsion vibration 
once without and once with a magnetic field (2). 

Most of the other alloys were tested in a Foppl-Pertz damping 
tester (7) which was modified so that the damping could be measured 


in the temperature range between room temperature and 1200 °F. 


Creep and Fatigue Testing 

Creep specimens were tested in lever type creep machines at a 
temperature of 1200 °F. The specimens were 0.357 inches in diameter 
with a 2-inch gage length. Although a few rupture times were longer 
than 1000 hours, the stress was generally so chosen that the specimens 
would rupture in not more than a few hundred hours. 

The fatigue testing was done in a 120 cycle per second electro- 
dynamic fatigue machine. The specimens had a circular cross section 
and a minimum diameter of 0.333 inches. 


Oxidation Resistance Testing 

The oxidation resistance was measured in air using both an iso- 
thermal and a cyclic method. Specimens were kept in a furnace at 
1900 °F for seven minutes and were then allowed to cool outside the 
furnace for another seven minutes. The specimens, with end without 
the spalled oxide, were weighed periodically after fixed numbers of 
cycles, 

The isothermal oxidation resistance testing consisted of placing the 
specimens in an ordinary aging furnace at 1200°F and measuring 
their weights at weekly intervals. 


RESULTS AND DISCUSSION 

Damping Tests 

Some of the factors that were found to influence the magneto- 
mechanical damping are the amplitude of the vibration, the hardness, 
the temperature, and the chemical composition of the alloys. The effect 
of the amplitude of vibration on the damping is illustrated in Fig. 1 for 
a typical material, alloy D 11, tested in a standard Foppl-Pertz damp- 
ing tester (7). The specimen was solution heat treated for 1 hour at 
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1900 °F and aged for 24 hours at 1200 °F prior to testing ; its hardness 
was 280 DPH. The damping is expressed in Fig. 1 in terms of the 
damping capacity 8 which is defined as 


5 = (2/n)(ao—an/ao+aa) 


where n is the number of cycles between the two amplitudes a, and a,, 
8 differs from the logarithmic decrement by not more than 1% for this 
measurement. It is noted in Fig. 1 that the damping increases rapidly 
up to a vibratory shear stress of about 4500 psi and then decreases in 
the range of stress between 4,500 and 13,000 psi. At larger stresses the 
damping increases again due to plastic flow. This damping behavior is 
typical for all alloys exhibiting magneto-mechanical damping at stresses 
at which plastic flow is negligibly small (2). 

Fig. 1 shows also the damping curve of Stellite 31 which is a non 
ferromagnetic precipitation-hardened cobalt-base alloy. It is seen that 


°} i , 





_— $$$, 








Fig Effect of Amplitude on Damping at Room Tem 
perature 
the damping capacity of D 11 is more than 20 times larger than that 
of Stellite 31 at a vibratory shear stress of 4,500 psi (which corresponds 
to a tensile stress of 7800 psi). The damping curves of other nonferro 
magnetic superalloys should be similar to the one of Stellite 31. 

To determine the effect of hardness on the magneto-mechanical 
damping, alloys with a cobalt-nickel ratio of approximately 3.1 (V M56, 
VM62, M956) were heat treated to different hardnesses. The matrix 
composition of these alloys is essentially the same. The results of these 
tests are given in Fig. 2 for a vibratory shear stress of 5000 psi. It is 
noted that the damping passes through a maximum at about 250 DPH 
at room temperature. The damping is small in a soft material because 
the ferromagnetic domain walls can move through a soft material with 
out much energy dissipation ; and the damping is small in a very hard 
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material because the domain walls are then not able to move at all, and 
no vibrational energy is dissipated. 

The effect of temperature on the magneto-mechanical damping was 
studied at 932, 1112, and 1202 °F. It was found that the damping de- 
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creases with temperature as would be expected from theoretical con- 
siderations. For a given test temperature, the alloy with the higher 
Curie temperature had usually the higher damping if alloys with 
cobalt-nickel ratios between 3 and 4 and with similar hardness were 
compared. The results of these tests are summarized in Fig. 3 for a 
vibratory stress of 5000 psi, for specimens heat treated to a hardness 
of approximately 280 DPH, and for alloys having a cobalt-nickel ratio 
between 3 and 4. The magneto-mechanical damping capacity is plotted 
against the ratio of test to Curie absolute temperatures. The Curie 
temperatures were determined by measuring the saturation induction of 
quickly heated specimens. For most alloys the Curie temperature was 
found to lie between 1472 and 1832 °F. Fig. 3 is best understood by us 
ing as an example alloy D 11 whose damping curve at room tempera 
ture (75°F) was given in Fig. 1. The Curie temperature of alloy D 11 
was measured to be 1750 °F. Thus, for 75 °F the ratio of test to Curis 
absolute temperature is 0.24. The damping capacity of D 11 is 0.056 at 
a vibratory shear stress of 5000 psi (Fig. 1). Consequently, the point 
(0.056, 0.24) in Fig. 3 represents the room temperature test of allo 
D 11. The other points in Fig. 3 were found in a similar manner. It is 
evident from Fig. 3 that the Curie temperature must be higher than 
the operating temperature by several hundred degrees Fahrenheit for 
the alloy to exhibit a large magneto-mechanical damping in servic 


Hardness 


A factorial design was used to evaluate some of the hardness effects 
The titanium content, the aluminum content, and the aging tempera 
ture were varied while other factors, such as melting conditions, fabri 
cation practice, base composition, and solution heat treating tempera 
ture were kept nearly constant. The factors of this factorial design, thei: 
levels, and the measured hardness values are given in Table IV. The 


Table IV 
Factoria! Design and Hardness Data 

Titanium, % 1.5 20 
Aluminum, % 0 0.2 1.0 0 0.2 1.0 
Aging Temp 

1200°F 230 254 291 234 414 33 

1300°F 180 181 256 185 285 10 

1350°F 160 161 202 162 212 56 


alloys involved (D17, VM63, VM55, V M56, 956, 957) have a cobalt 

nickel ratio of about 3.1 : 1 and a chromium content of about 0.6% 

The solution heat treatment in this design consisted of a 1 hour anneal! 
at 1900°F followed by an oil-quench; the aging time used in this 
design was 128 hours, a time at which the hardness was near the maxi 
mum for all 3 aging temperatures as is seen from a typical aging curve 
(Fig. 4). 
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By statistically analyzing (9) the data, the variance,* the experi- 
mental error, and the significance of the observed effects were deter- 
mined. The results of this analysis are given in Table V. (An effect is 
called “significant,” here, if the probability that it is due to chance 
only, is less than 5%. Likewise, an effect is called “very significant,” 
here, if the probability that it is due to chance only is less than 1% ). By 
increasing the aluminum content from 0 to 0.2%, the hardness increases 
in the average by 42 points, and by increasing the aluminum content 
still further to 1.0%, the hardness increases in the average an additional 
40 points. The hardness increases in the average by 42 points when the 
titanium content is increased from 1.5 to 2.0%. The variations of the 
aging temperature have the most significant effect of all factors con- 
sidered. For example, the hardness increases in the average by 85 points 
when the aging temperature is lowered from 1350 to 1200 °F. 

No interaction effects ** were found between aging temperature and 


Table V 
Results of the Statistical Analysis of the Factorial Experiment 
Factor Variance Effect 
Al 13.9 Very Significant 
Ti 6.7 Significant 
Aging Temp 17.3 Very Significant 
Al X Ti Interaction 5.61 Significant 
Ti X Aging Temp. Interaction 0.26 
Aging Temp. X Al Interaction 0.88 
Residual 0.70 
* The variance is a measure of the variability of a set of observatior 
** An interaction between the two variables A and B is said to exist if the A effect varies 


with the value of B. and vice versa, the B effect with the value of A 
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aluminum content and between aging temperature and titanium 
content. However, there exists a significant interaction effect between 
the titanium and the aluminum content (Table V). For example, 
0.2% aluminum is much more effective at the 2.0% titanium level 
than at the 1.5% titanium level. Fig. 5 illustrates the effect of 
aluminum at the 2.0% titanium level for the 1200°F aging tempera- 
ture. It is evident that there is a marked increase in hardness between 
0 and 0.2% aluminum while there is little further increase at higher 
aluminum concentrations. Hardness measurements on other alloys 
showed also that 0.2% aluminum is very effective in increasing the 
hardness of the 2.0% titanium alloys ; it is much more effective than a 
corresponding increase in the titanium content. This is similar to the 
effect found, among others, by Nordheim and Grant (10) in nickel- 


base alloys. 


Creep-Rupture and Fatigue Properties 

The creep-rupture data of a typical alloy, VM 63, at 1200°F are 
compared in Fig. 6 with the creep rupture data of alloy AISI 403 at 
900 °F. The VM 63 specimens were machined from forged bar stock 
and aged for 24 hours at 1200°F. It can be seen in Fig. 6 that the 
cobalt-base high damping alloys have higher rupture times at equivalent 
stress levels at 1200°F than the present blade material in steam 
turbines at 900 °F. The 100-hour rupture life is about 50,000 psi. 

The corresponding values of the ruptured elongation of VM 63 in 
Fig. 6 were between 2.5 and 5.7%. Other alloys of this group (Tables 
1) had similar rupture elongation. However, in a following series of 
alloys, the ductility could be greatly improved (11). For example, the 
100-hour rupture elongation of these modified alloys is of the order of 
25% at 1200 °F and at the same stress level while the tensile elonga- 
tion in the temperature range between room temperature and 1200°F 
is generally larger than that. 

Fig. 7 shows the fatigue data for a few typical alloys (M 944, M 956, 
M 957). The specimens were solution heat treated for 1 hour at 1900 °F 
and aged for 24 hours at 1200 °F prior to testing. The endurance limit 
at 1200 °F is approximately 40,000 psi for these alloys and for other 
alloys of this type. This value is about the same as that of alloy AISI 
in the 900 to 1000 °F range. 


Oxidation Resistance 

The results of the oxidation tests at 1900 °F are seen in Fig. 8. With- 
out chromium and silicon (alloy T5), the cobalt-base alloys are slightly 
inferior to alloy AISI 403 in the cyclic type of test in air at 1900 °F. 
However, additions of silicon and chromium greatly improve the oxi- 
dation resistance of these alloys in this type of test as is seen from 


Fig. 8 and Table Ia. 
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Fig. 8—Results of Oxidation Tests 





Fig. 9—- Microstructure of Alloy VM 62, Solution Heat Treated One Hour at 
Aged for 1008 Hours at 1200 °F. x 5( 


Che isothermal oxidation tests at 1200 °F showed that the alloys re 
mained in about the same order as to their oxidation resistance as it 
Fig. 8. But no increase in weight and no spalled oxide could be found 
within a few months on alloys containing relatively large amounts of 


silicon and chromium 
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Structural Observations 

The microstructures of a number of alloys were studied. A lamellar 
precipitate was obse rved in alloys that were aged for a few hundred 
hours. A micrograph of such a structure is seen in Fig. 9. In this alloy, 
and also in similar alloys, the precipitate is observed primarily near 
grain boundaries. It appears from microscopic and x-ray studies that 
this precipitate consists of the phases CoeTi, CoAl, and NigAl. 


CONCLUSIONS 

A high damping, high strength ferromagnetic cobalt-nickel base 
alloy was developed which can be used wherever a material is needed 
that must withstand large vibrational stresses. It derives its high damp- 
ing from magneto-mechanical hysteresis. Such a material, when 
properly modified, is particularly suitable as a new blade material 
for future steam turbines operating between 1100 and 1300 °F. Among 
others, this alloy can also be used at lower temperatures as a blade ma- 
terial in compressors or at higher temperatures as a blade material in 
industrial gas turbines. 

A compromise must be made in a particular application between the 
strength, the damping, the oxidation resistance, and the room tempera- 
ture ductility. Chromium and silicon greatly improve the oxidation 
resistance, but at the same time lower the Curie temperature and de- 
crease the damping capacity of the alloy. By adding a potent solution 
hardener or a strong precipitation hardener, the strength of these 
alloys is greatly improved ; however, this again generally decreases the 
damping because the hardener lowers the Curie temperature of the 
alloy. 
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DISCUSSION 


Written Discussion: By W. C. Hagel, manager Metallurgy and Ceramics Unit 
Instrument Department General Electric Company West Lynn, Mass 

Dr. Cochardt is to be commended for presenting many attention-engaging re- 
sults from his work leading to a ferromagnetic austenitic alloy containing 22 to 
24% nickel, 1.8 to 2.0% titanium, 0.15 to 0.25% aluminum and the balance cobalt 


However, on examining Tables Ia and Ib, the reader finds that none of the 
ailoys tested is the same as that found optimum—except possibly M956 with 
2.02% titanium and 0.51% chromium. The only curve for damping, at room 

alu 


temperature and zero static stress, is for D11 with 21.1% nickel and 0.26% 
minum ; this differs considerably from a curve published elsewhere (2) for what 
apparently is the same material. Creep-rupture data at _— °F are provided only 
for VM63 with 1.49% titanium, 0.14% aluminum and 0.62% chromium ; for gas 
and steam-turbine applications, times of at least 1000 hours and preferably 10,00 
hours should be used. Would the author care to add those physical and mechani 
cal properties necessary for a complete description of a practicable alloy within 
the aforementioned composition range ? 

Stimulated by a series of trade-journal releases (e.g., “The Tailor Goes to 


Metals,” Chemical and Engineering News, July 16, 1956), J. W. Clark and | 


also prepared ferromagnetic austenitic alloys and tested their damping behavior 


vibratory stress, static stress, temperature, composition and 


as a function of 
hardness under conditions approximating what is experienced by gas- and stean 
3.6% nickel, 2.47% titanium, 0.77‘ 


turbine blades. One of these alloys contained 2 
Rion 0.08% interstitial residuals 


aluminum, 0.95% iron, 0.91% manganese, 0.24% 
and the balance cobalt. The fixed-fixed beam apparatus used here more realisti 
cally provides the same principal stress planes for both vibratory and static stress 

Comparing our results (3) with those the author provides discloses qualitative 
but not quantitative agreement. We at no time found a logarithmic decrement ex 
ceeding 0.05; our damping-versus-hardness maximum existed below 180 DPH 
at a ratio of test temperature to Curie temperature of 0.75, only a logarithmi 
decrement of about 0.01 was measured. Close study shows the ordinate of the 
author’s Fig. 3 to be numbered improperly so that damping capacity is really a1 
order of magnitude lower. In addition and most important, the high magnet: 


mechanical damping of this class of alloys was observed to disappear readily 
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under relatively low static stresses. Unless very short or light rotating com- 
ponents are being considered, centrifugal stresses will remove the internal- 
damping advantages mentioned by the author. 

H. J. Beattie and I have investigated aging reactions in similar cobalt-base 
high temperature alloys to find that the cellular precipitate in Fig. 9 is probably 
7’ (4), i.e., NisAl with limited solubility for iron, cobalt, chromium, titanium, cop- 
per and silicon. No Co:Ti or CoAl phases have yet been found, nor does their 
presence seem reasonable, although elongated Y-phase, globular Ti(C,N) and 
angular TiN particles make an appearance, depending on melting practice. 
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Written Discussion: By Edward A. Loria, metallurgical development manager, 
Climax Molybdenum Company, Pittsburgh. 

This paper describes some of the elegant research that led to the development 
of the present Nivco alloy specially tailored to the requirements of stationary 
turbine blading. The author discusses several alloys that were investigated but it 
would be most appropriate if he gave the Nivco composition which produced the 
best balance of high temperature strength and damping capacity. Its comparison 
with type 403 is justified because the high damping of this steel is one of the 
principal reasons it is used as a blading material. However, since the purpose of 
this investigation was to extend the service temperature beyond the limit of 
type 403, it is regretted that no comparisons were made with type 422, the 12% 
Cr steel modified with Mo, W, and V, that is standard material for 2nd-stage 
blades on 2-stage industrial gas turbines. 

Type 422 has good high temperature strength in the range of 800 to 1000 °F 
when initially heat treated to the 145,000 psi tensile level. In addition, it has good 
oxidation resistance, favorable damping capacity and remains notch ductile at 
the high strength levels required for maximum rupture strength. However, be- 
cause this grade affords little margin for future increases in stress and tempera 
ture for latter-scage blades, it is necessary to consider the alloys discussed in this 
paper. 

The comparison of the damping curves for Nivco and type 422, as well as 
Stellite 31, could have been shown in Fig. 1 and the log decrement vs amplitude 
of the vibrational shear stress could have been extended to 50-60,000 psi since 
blading is now being designed at about 70,000 psi tensile stress (40,000 psi shear). 
If this is done the largest difference between the two alloys exists at low shear 
stress levels of around 5000 psi due to Nivco’s high magnetomechanical damping 
but generally over the design stress range this difference is reduced considerably. 
For example, at around 30,000 psi shear stress the Nivco curve drops to a mini- 
mum, and the difference is about twice the log decrement damping capacity of 
type 422. Even so, the values of 0.008 to 0.01 for the latter appear adequate at 
maximum stresses. 

Some consider that low stress damping is most important in turbine blading 
but the most desirable type of damping would be a combination of high magneto- 
mechanical damping and high plastic flow damping. In this connection the author 
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could have included some elevated temperature results for Nivco. No doubt. its 
peak at low shear stresses would drop, whereas the overall curve for type 422 
would be a little higher than the room temperature curve due to softening of the 
alloy at the test temperature and the onset of some microscopic plastic flow. Also 
as would be expected, softer material (1200°F temper) has somewhat higher 
damping capacity up to about 40,000 psi shear stress than harder material (1000 °] 
temper ). 

The outstanding damping capacity of Nivco cannot be denied. However. it 
should be kept in mind that it is more expensive and has lower fatigue strengt} 
and higher density than 422 (or 403). Hence, it will be used in hot areas wher: 
small blades are employed rather than in the lower temperature larger blade 
areas. Since it is 10% heavier than these martensitic stainless steels, it should 
have a higher yield strength to compensate for this difference. The author could 
cite some typical tensile properties for Nivco at room temperature and at 100 
to show how well it compares with 422 on a yield strength/density basis 

The interrelation of fatigue strength and damping could be emphasi 
two materials having the same fatigue strength the material with th 
damping capacity will last longer. In Fig. 7 the 10° fatigue strength for the sul 
ject alloys is 40,000 psi as high as 1200 °F, whereas the fatigue strength of 422 
for a 1000 °F temper in room temperature tests is over 100,000 psi, and for 1200 °! 
temper around 80,000 psi. It appears that the lower room temperature fatigue 
strength and higher density are inherent characteristics of the present Niy 
alloy just as is its higher damping capacity. 


Author’s Reply 

I would like to thank Drs. Hagel and Loria for the interesting discussion. My 
paper would have probably been published six years ago, and it would have giver 
answers to most of Drs. Hagel’s and Loria’s questions, if I would have w 
for a nonprofit organization. The commercial NIVCO-alloys are somewhat dif 
ferent than the alloys described in my paper. Their exact compositions, treatments 
and properties will be published at a later time. However, some of the que 
raised are answered in a NIVCO data sheet obtainable from the Sales Depart 
ment, Westinghouse Metals Plant, Blairsville, Pa. 

Dr. Hagel states that he “at no time found a logarithmic decrement exceeding 
0.05 inch.” This is understandable in view of the few experiments that he per 
formed. It took us several years, and we had to prepare and test a large number of 
alloys before we developed the currently used NIVCO alloys which are great 
superior to the alloys investigated by Dr. Hagel 

I agree with Dr. Loria that the most desirable type of damping would be 
combination of high magnetomechanical damping and high plastic flow dampir 
Dr. J. T. Brown of our Materials Department has studied this aspect for the 
few years 








PROPERTIES OF REFRACTORY ALLOYS 
CONTAINING RHENIUM 


By CuHestTer T. SiMs AND Ropert I. JAFFEE 


Abstract 


The fabrication and properties of the refractory alloys of 
molybdenum, tungsten, and tantalum with rhenium are pre- 
sented. Molybdenum-rhenium and tungsten-rhenium show 
a considerable tensile strength advantage over the base 
metal at elevated temperatures. In the recrystallized con- 
dition, the alloys are significantly more ductile. Rhenium 
additions to tantalum do not promote fabricability although 
the extent of the alpha solid solution field is broad. 
Molybdenum-tungsten-rhenium ternary alloys have prop- 
erties similar to those found for the binary system with 
rhenium. Solid solutions extend along a line roughly be- 
tween W'-25Re and Mo-35Re (atomic %) in the ternary 
phase field. (ASM-SLA Classification: Q-general, M24; 
Re-h) 


(5 H AND HUGHES (1)! reported that additions of 30 to 35 
atomic % rhenium* to molybdenum and tungsten produced solid 
solution alloys with unusual ductility in the as-cast condition. For in- 
stance, arc-melted Mo-35Re alloy buttons could be cold-rolled to strip 
at room temperature, while W-30Re alloy could be rolled to strip at 
somewhat higher temperatures not specifically stated. The basic rea- 
sons underlying the extreme ductility of molybdenum-rhenium alloys 
were the subject of a recent paper by the authors (2). 

Ductility increases with increasing rhenium content up to 35%, 
with molybdenum alloys containing about 20 to 35% rhenium exhibit- 
ing the greatest effect. Correspondingly, tungsten-base alloys with 20 
to 30% rhenium are the most interesting from a ductility viewpoint. 
Larger additions of rhenium to tungsten, above about 35%, contain 
excessive sigma phase, which causes ductility to decrease rapidly. The 
alpha boundary is located at about 30% rhenium at 1000 °C (1830 °F) 
and 38% rhenium at 2000 °C (3630°F), according to Dickinson and 
Richardson (3). The phase relations of tungsten-rhenium alloys have 
not been studied in detail, but early work by Becker and Moers (4) 


1 The figures appearing in parentheses pertain to the references appended to this paper 


* All alloy compositions are given in atomic % 


A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 

Of the authors, C. T. Sims, formerly Assistant Chief, Battelle Memorial Insti- 
tute, is now associated with the General Electric Company, Knolls Atomic Power 
Laboratory, R. I. Jaffee is Chief, Nonferrous Physical Metallurgy Division, Bat 
telle Memorial Institute. Manuscript received December 19, 1958. 
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indicates that sigma phase (W2Re;) is the next phase beyond the 
tungsten-base solid solution, similar to the molybdenum-rhenium 
alloys. 

These alloys have potential applications in many engineering fields. 
Possibly their most promising future is as construction materials in 
electronic devices where strong, ductile, weldable refractory metals are 
needed, and oxidation resistance is not required. As part of a study of 
rhenium for use in electron tubes, the preparation and properties of a 
number of alloys of rhenium with tungsten, molybdenum, tantalum, 
and tungsten-molybdenum have been investigated, and are reported in 
the present paper. 


MoL_LYBDENUM-RHENIUM ALLoys 


The basis for the extreme ductility of molybdenum-rhenium alloys 
has been reported previously, (2) and will be only briefly outlined 
here. It is believed that oxygen in the alloy forms a complex oxide of 
molybdenum and rhenium, probably MoReQ,, rather than as MoO, 
as in molybdenum. When MoOsz is at the grain boundaries, it spreads 
as a result of low surface tension, causing poor ductility. Cast molyb 
denum requires less than 5 to 10 ppm oxygen to be ductile and fabri- 
cable. The rhenium-molybdenum oxide possesses high surface tension, 
and does not wet the grain boundaries ; thus, the alloy has high inter 
granular strength and possesses considerable capacity for deformation, 
even with up to 300 to 500 ppm oxygen. Rhenium also promotes twin- 
ning at low to moderate temperatures, which provides an additional 
deformation mechanism to slip. Finally, the molybdenum-rhenium 
alloys do not exhibit yield-point behavior, a result believed to derive 
from lower interstitial solubility. 

The molybdenum-rhenium alloy in strip form is considerably 
stronger than molybdenum (2). The recrystallization temperature for 
1 hour anneals is about 1500 °C (2730°F) for strip cold-rolled 60%. 
The present study of the Mo-35Re alloys was conducted to establish 
methods of fabrication and mechanical properties for molybdenum 
rhenium alloy wire, which is of interest in electron tubes, welding rod 
materials, and thermocouples. 


Mechanical Properties of Wire 


Mo-35Re alloy was fabricated to wire from arc-melted ingots weigh 
ing 10 to 20 grams. Powder-metallurgy procedures were attempted, but 
fabrication proved to be difficult. Powder-metallurgy alloys containing 
more than 30% rhenium contained considerable sigma phase precipi- 
tated during cooling after sintering or annealing. Arc-melted buttons 
contained little sigma phase, and could be rod rolled at 1250°C 
(2280 °F) to 0.050-inch square wire. The wire was annealed 1 hour 
at 1250°C (2280°F) after every 15% reduction in area. The square 
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Fig. 1—Properties of Wrought and of Recrystallized 
Molybdenum (5,6,7) and Mo-35Re Wire. 


wire was ground to a round of 0.050-inch diameter and wire drawn 
warm to finish size using a graphite lubricant* baked to a hard finish 
at 100 to 200°C. The initial drawing temperature was 675°C 
(1245 °F ), but as finer wire sizes were produced, the drawing tempera- 
ture was lowered. For example, 0.020-inch wire was drawn at 500 °C 
(930 °F), and 0.010-inch wire at 425°C (795°F). During drawing, 
a 30-minute anneal at 1800°C (3270°F) was given at about every 
50% reduction in cross sectional area. 

Tensile properties were determined in both wrought and recrystal- 
lized (1 hour at 1800°C) wire in the 0.030 to 0.040-inch range at 
temperatures up to 1725°C (3135°F). Testing was done in helium 
containing about 2 to 5% hydrogen. Heating was by radiation from a 
rhenium heater coil wound on a small alumina tube around the re- 
duced portion of the specimen. In a few instances, specimen heating 
was by internal resistance. 

Fig. 1 illustrates the properties of wrought and recrystallized 
Mo-35Re alloy wire compared with wrought unalloyed molybdenum 
wire of the same diameter and condition. The tensile properties and 
ductility of unalloyed recrystallized molybdenum wire were taken from 
data for relatively large diameter rod. The recrystallized Mo-35Re 
alloy is stronger than unalloyed molybdenum up to at least 1600 °C 
(2910°F), as a result of solution strengthening by rhenium. The in- 
flection in the strength versus temperature plot at about 800°C 
(1470°F) probably is the result of strain-induced precipitation of 
sigma phase during the tensile test. Both materials show excellent 


* Graphite lubricant, or Aquadag, is a graphite-40% water suspension to which approximately 
2% brown sugar is added 
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ductility, although the solution-strengthened alloy is somewhat less 
ductile than unalloyed molybdenum. 

In the as-drawn condition, Mo-35Re alloy shows superiority in 
tensile properties up to 1200 °C (2190 °F), but ductility is lower than 
for unalloyed molybdenum. Thus, Mo-35Re alloy wire shows a con 
siderable strength advantage and a moderate ductility disadvantage 
compared with unalloyed molybdenum over the range of temperatures 
tested. 

The data for the recrystallized condition were obtained on worked 
fine-grained materials. Unalloyed molybdenum in the coarse recrystal 
lized condition, such as might exist at a weld bead, is very brittle at 
room temperature, while as-cast Mo-35Re has been shown to exhibit 
exceptional ductility down to liquid-nitrogen temperature. Thus, 
strong, ductile welded structures of the Mo-35Re alloy are feasible, and 
possess ductility in both the cast weld bead and the heat affected zone 


TUNGSTEN-RHENIUM ALLOoys 

Tungsten-rhenium alloys are of interest because of their high work 
ability and ductility compared with unalloyed tungsten. W-30Re alloy 
can be directly hot cold worked to strip from the arc-cast condition, as 
discussed previously. Further, this alloy has excellent high temperature 
hardness (1) which suggests that the mechanical properties at ele 
vated temperatures would be good also. By analogy with molybdenum- 
rhenium alloys, the tungsten-rhenium alloys are ductile and fabricable 
(2) because a tungsten-rhenium-oxygen compound forms, which re 
moves tungsten oxide from the grain boundaries. Although unalloyed 
tungsten deforms only by slip at room and elevated temperatures, in 
the tungsten-rhenium alloy the occurrence of twinning in addition to 
slip as a deformation mechanism further promotes ductility. 


Microstructure and Recrystallization Studies 


W-30Re alloy strip intended for recrystallization studies was pre 
pared by hot-cold working of arc-cast 15-gram buttons, which were pre 
heated in a hydrogen-atmosphere furnace and rolled at 1000 °¢ 
(1830 °F). Reductions were from 1 to 5% per pass, with 1-hour stress 
relieving anneals at 1000°C (1830°F) at 38 and at 90% total re 
duction. The material was then rolled an additional 24% to 0.018-inch 
thickness. In this condition, the material had a hardness of 730 VHN, 
was heavily fibered, and possessed a structure similar to that of wrought 
tungsten, as shown in Fig. 2. Specimens of this strip were annealed for 
1 hour at temperatures from 1200 to 2100 °C (2190 to 3810 °F). The 
resulting hardnesses and microstructures are shown in Fig. 2. 

Softening and recrystallization occur only after annealing at about 
2100 °C (3810°F). Even after this drastic treatment, vestiges of the 
fibered structure still remain and the microstructure cannot be con 
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sidered fully recrystallized. The strings of small particles seen are 
sigma phase, which apparently inhibit recrystallization. The presence 
of sigma phase increases the hardness of the alloy, whether recrystal- 
lized or wrought. The extremely high recrystallization temperature 
suggests the alloy is capable of service up to at least 1700 °C (3090 °F) 
while retaining the fully wrought condition. 

The recrystallization behavior of W-30Re alloy worked at higher 
temperatures was also studied. After fabrication by hot cold working 
followed by a full recrystallization anneal, the W-30Re alloy strip was 
rolled at 1850 °C (3360°F) to 60% total reduction, a final thickness 
of about 0.020 inch. Specimens from this strip were he«ted for 1 hour 
at temperatures from 1200 to 2200 °C (2190 to 3990°F). Hardness 
changes and microstructure are shown in Fig. 3. 

Rolling at 1850 °C (3360°F) produces a wrought but not heavily 
fibered structure, as shown by the directional microstructure in the as 
rolled specimen. This material has a lower recrystallization temperature 
than the W-30Re alloy rolled at 1000°C (1830°F). Softening and 
visual recrystallization and grain growth occur about 1600°C 
(2910 °F). Sigma phase is also present in quantity, and undoubtedly 
causes hardening and retards recrystallization as in the W-30Re alloy 
worked at lower temperatures. 


Mechanical Properties of Wire 


W-30Re arc-cast buttons were preheated in a hydrogen furnace at 
1850°C (3360°F) and rod rolled to about 0.050-inch square wire 
During this processing, a l-hour anneal at 1800°C (3270°F) was 
given whenever the hardness increased above 550 VHN. Tensile prop 
erties were obtained on stock of this diameter. Finer W-30Re wire for 
other studies was prepared by warm wire drawing techniques, similar 
to those described previously in connection with the preparation of 
Mo-35Re alloy wire. The tensile properties of W-30Re wire were de 
termined by using specimens 0.040 and 0.050 inch in diameter with 
reduced sections of 0.030 to 0.040 inch. The specimens were evaluated 
in the wrought and recrystallized condition at room and elevated tem 
peratures up to 2000 °C (3630 °F). Recrystallization was accomplished 
by annealing in hydrogen for 1 hour at 1800°C (3270°F). A com 
parison with unalloyed tungsten of equivalent diameter from the litera 
ture (5,6) is given in Fig. 4. 

The W-30Re alloy has considerably higher tensile strength than un 
alloyed tungsten in the recrystallized condition as a result of solid 
solution strengthening by rhenium. The alloy was rapidly cooled fol 
lowing annealing at 1800 °C (3270 °F) and the inflection in mechani 
cal properties noted between 500 and 1000 °C (930 and 1830 °F) prob 
ably is the result of precipitation of sigma phase during reheating for 
testing. Unalloyed recrystallized tungsten wire has zero elongation at 
room temperature (5). No data could be found in the literature on the 
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Fig. 4—Properties of Wrought and of Recrystallized 
Tungsten (5,6) and W-30Re Wire. 


ductility of tungsten wire in the recrystallized condition at elevated 
temperatures ; hence, the elongation plot was omitted. 

Unalloyed wrought tungsten and wrought W-30Re alloy have com- 
parable mechanical properties, although W-30Re has slightly higher 
strength properties up to about 1400°C. The slight inflection in the 
strength-temperature curve at 800 °C (1470 °F) probably results from 
precipitation of sigma phase. Wrought W-30Re shows moderately 
higher ductility than wrought tungsten up to 1600 °C (2910°F). The 
reduction-in-area data in Figs. 1 and 4 further confirm the high duc- 
tility of the alloy. 

W-30Re and unalloyed tungsten in wire form show almost equivalent 
properties in the wrought (fibered) condition, but there is a marked 
superiority for W-30Re in the recrystallized condition. Actually, re- 
crystallized W-30Re has higher strength from about 1000 to 1800 °C 
(1830 to 3270 °F) than either wrought W-30Re or wrought unalloyed 
tungsten. Ductility is also very favorable. Thus, the tungsten-rhenium 
alloy, in all conditions, has mechanical properties that are useful for 
electron-tube construction material, or for other ultrahigh temperature 
structural service, where the cost due to the rhenium content is not a 
deterrent. 

TANTALUM-RHENIUM ALLOoysS 

The alloys of rhenium with the BCC Group VI metals, tungsten and 
molybdenum, are of great interest because of the favorable effects of 
rhenium on ductility, fabricability, and strength. Tantalum, a typical 
Group V element, is also BCC, but is much more ductile in the re- 
crystallized condition than similar Group VI metals. An evaluation of 
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the effects of rhenium in tantalum to establish whether similar alloying 
effects occur is of interest. Selected tantalum-rhenium alloys were 
prepared as 10-gram argon-atmosphere arc-melted buttons on a water- 
cooled copper hearth. The buttons were flat rolled at 5% reduction 
per pass ai room temperature. After evaluation of cold fabricability in 
this manner, the buttons were remelted and fabricated by flat rolling at 
1000 °C (1830 °F). The results are summarized in Fig. 5. 

The microstructures of the as-cast buttons indicate considerable 
coring. The solid solubility of rhenium in tantalum is relatively high, in 
agreement with Greenfield and Beck (8), who found Ta-49Re was 
found to be a single-phase alpha-tantalum alloy, while Ta-55Re con- 
tained second phase sigma. 

Increasing ductility was not found as the Ta-Re alloys approached 
35% rhenium. Instead, the solid solution effects are normal, and the 
alloys become progressively less ductile and workable as more rhenium 
is added. The reason for the different behavior of rhenium is perhaps 
because tantalum is not so sensitive to oxygen as molybdenum or 
tungsten. Further, the Re’ ion would not be expected to produce 
similar complex oxides when reacted with Mo! or WY! as when re- 


acted with Ta’. 


TUNGSTEN-MOLYBDENUM-RHENIUM 
TERNARY ALLOYS 


Tungsten and molybdenum form a continuous series of BCC solid 
solutions. Since rhenium forms extensive BCC solid solution in both, 
an extensive BCC-ternary alloy field containing rhenium would be ex- 
pected. Since such alloys should possess interesting intermediate com- 
binations of properties compared with the tungsten-rhenium or the 
molybdenum-rhenium binary alloys, a preliminary investigation of the 
system was conducted. 

Small button ingots of selected ternary alloy compositions were arc- 
melted under argon by methods described previously. Following evalu- 
ation for workability at room temperature and 1000 °C (1830 °F), the 
alloys were remelted and homogenized 2 hours at 1000 °C (1830°F) 
for study of their structures. Attention was directed to the microstruc- 
ture near hardness impressions to determine if twinning occurred. 

Microstructures of the alloys are shown in the ternary diagram in 
Fig. 6. The single-phase region is not appreciably altered in the ternary 
alloys compared to the binaries, and the alloys are single-phase struc- 
tures up to 25 or 35% rhenium, depending on the tungsten-to- 
molybdenum ratio. Sigma phase forms at higher rhenium contents. 
Twinning at hardness impressions is evident at 25% rhenium or above 
up to the two-phase region. Twinning would be expected to occur at 
lower rhenium contents at lower temperatures, and to be less prevalent 
at higher temperatures. 
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Fig. 7—As-Cast Hardness, Vickers Hardness, and Isohardness Lines for Binary (2) 
and Ternary Tungsten-Molybdenum-Rhenium Alloys. Vickers impressions by 10-Kg 
load 


Hardnesses are shown as isohardness lines in Fig. 7. The high 
tungsten alloys are generally harder than high molybdenum alloys 
within the single phase region of greatest interest. While binary alloys 
continually increase in hardness with rhenium content, ternary alloys 
have a hardness minimum as the rhenium content increases from about 
25 to near 35%. Thus, additions of tungsten to the molybdenum- 
rhenium solid solution or molybdenum to the tungsten-rhenium solid 
solution may further lower the critical shear stresses for slip and twin- 
ning. 

Fig. 8 summarizes room-temperature and 1000 °C (1830 °F) work- 
ability (by flat rolling) of as-cast binary- and ternary alloy buttons ex- 
pressed as percentage reduction in height. Maximum room tempera- 
ture workability for the as-cast materials is found with maximum 
molybdenum content at 35% rhenium. The region of good as-cast 
room-temperature workability does not extend fully across the ternary 
diagram. However, the region of enhanced workability is rather large 
and it appears that ternary alloys have good room temperature work 
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ability and ductility at any tungsten: molybdenum ratio up to at least 
60% tungsten. The 1000 °C (1830°F) workability of the ternaries is 
excellent and encompasses a somewhat larger compositional range als 
than for the binary alloys. As for the binary alloys, the exceptional 
room temperature workability is probably dependent upon the for 
mation of a refractory double oxide of the (Mo, W)ReQO, type, com 
bined with the two deformation mechanisms of slip and twinning 
Warm workability is also dependent on the formation of the double 
oxide, but depends only on slip as a deformation mechanism since 
twinning does not occur at 1000 °C (1830°F). 

Composition with optimum properties appears to be W-33. 3Mo-33 
3Re. This alloy is capable of 40% reduction cold and over 90% re 
duction at 1000 °C (1830°F) from the as-cast condition. Room tem 
perature workability and tensile ductility in the fine-grained recrystal 
lized condition should be excellent. 
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CONCLUSIONS 


The conclusions drawn from the experimental work may be sum- 
marized as follows: 


1. Recrystallized Mo-35Re alloy wire shows superior strength 
but less ductility at room temperature than recrystallized un- 
alloyed molybdenum. Wrought Mo-35Re alloy wire is sig- 
nificantly stronger than wrought molybdenum up to 1200 °C 
(2190 °F). 

2. Depending upon fabrication history, the 1-hour recrystalliza- 
tion temperature of wrought W-30Re is from 1600 to 2100 °C 
(2910 to 3810 °F). Recrystallized W-30Re alloy is stronger 
and more ductile than unalloyed tungsten up to at least 1700 °C 
(3090 °F). Wrought W-30Re alloy has mechanical properties 
which vary only slightly from those of wrought tungsten. 

3. Rhenium additions to tantalum, unlike additions to tungsten 
and molybdenum, do not promote fabricability. It is confirmed 
that the alpha-tantalum solid solution with rhenium is broad, 

extending up to about 50% rhenium. 

4. Tungsten-molybdenum-rhenium ternary alloys have prop- 
erties similar to those found for the binary systems with 
rhenium. The BCC solid solution extends along a line between 

about W-25Re and Mo-35Re. Mechanical twinning occurs at 

room temperature from a minimum of 20 up to about 35% 

rhenium. High molybdenum ternary alloys are more workable 

than high tungsten ternary alloys. 
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DISCUSSION 


Written Discussion: By G. A. Geach, Research Laboratory, Associated Electri 
cal Industries, Aldermaston, Berkshire, England. 

The results reported are in good agreement with work in this Laboratory by 
Baird and Woolf (2). A study was made of molybdenum-tungsten-rheniun 
containing equal weight percentages of molybdenum and tungsten and the hig! 
room temperature ductility anticipated in the ternary alloys was confirme 

The embrittling effect of certain other body-centered cubic elements 
ductile molybdenum-rhenium and molybdenum-tungsten-rhenium alloys was 
demonstrated (Tables I and II). Up to 6 atomic % of molybdenun 
tungsten can be replaced by vanadium, tantalum or chromium without reducing 
the room temperature ductility excessively. 

The constitution of columbium-rhenium alloys has recently been studied. The 
solid solubility of rhenium in columbium is high (46 atomic %), giving a wide 
body-centered cubic solid solution field. However no evidence was obtained fo 
high ductilities in the rhenium containing solid solutions, and it is apparent that 
the behavior of columbium-rhenium alloys parallels closely that reported by the 
authors for the tantalum-rhenium system. 

Sims and Jaffee note the increased strength of polycrystalline molybdenum-3§ 
atomic % rhenium alloys as compared with molybdenum. We have extend ur 
work to single crystals of the alloy which have been produced by electr 
bardment melting methods (3). Again it was found that these alloy crystals 


sessed greater strength (i.e., higher flow stresses) than ordinary molybdenun 

single crystals. Most of the plastic deformation was caused by twinnir AS 

polycrystals; this is in marked contrast to the behavior of molybdenum single 
Table I 


Ductilities of Alloys Containing Vanadium and Tantalum 


Weight Atomic % Red 





E 
(rack 
Ro 500% 
Re Mo W Ta V Re Mo W Ta V Temper 
45.1 26.5 26.5 2 36 41 21.4 1.65 5 
44 26.0 26.0 + 35.2 40.5 21.0 3.31 0 
43.6 23.9 23.9 8.6 35.5 37.7 19.7 7.20 . 0 
46.2 25.9 25.9 2.0 35.6 38.8 20.3 5.6 10 
49.1 42.8 8.1 35 59 6 47 so* 
48.5 40.7 10.8 35 57 8 10.5 
49.3 42.6 8.1 - 35 59 6 3 a0) 





“*Speci iman still uncracked. 





2 
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Table Il 
Ductility of Alloys Containing Chromium 


Reduction Before 


No. Weight % Atomic % Cracking 
Room 500°C 
Re Mo Cr Re Mo Cr Temperature 
1 52.7 45.3 2.00 35.7 59.6 4.85 90* 
2 $1.2 46.2 2.60 34.1 59.7 6.20 50 
3 46.3 50.2 3.45 29.6 62.5 7.94 10 &5 


*Specimen still uncracked. 


crystals in which twinning is difficult to produce. We believe that the relative 
ease of twinning deformation is due to the high flow stresses in the alloy crystals, 
which is linked with the difficulty in producing slip. It is hoped to study the reason 
for this phenomenon in the near future. 


Written Discussion: By Dudley A. Robins, chief metallurgist, Tin Research 
Institute, Greenford, Middlesex, England 

I would like to comment on the possible cause of the increased workability of, 
for example, the molybdenum alloy containing 35 atomic % rhenium. The authors 
attribute this increased workability to a change in the composition of the oxide; 
the rhenium-molybdenum oxide is thought to have a higher surface tension than 
molybdenum oxide. It should be borne in mind, however, that any change in 
the interfacial tension at the metal-metal oxide interface may be due either to a 
change in the properties of the oxide or to a change in the properties of the metal. 
I would suggest that the important factor is a change in the properties of the 
metal produced by the rhenium in solid solution and that any change in compo- 
sition of the oxide is relatively unimportant. As pointed out by the authors, the 
absence of a yield point in these alloys does suggest that the rhenium in solid 
solution has reduced the solubility of interstitial elements in the metal matrix and 
since wetting is usually associated with some degree of solubility it is to be ex 
pected that an oxide would wet unalloyed molybdenum more readily than the 
molybdenum-rhenium alloy 

Whether or not the difference in the distribution of the oxide is the feature 
which governs the workability is not yet established, however, and alternative 
explanations are possible. For example, the dislocation locking by interstitial 
elements present in molybdenum has been reduced or eliminated in the 
molybdenum-rhenium alloy as is shown by the absence of a yield point and it is 
quite possible that this decrease in dislocation locking is the primary factor in 
fluencing workability. Alternatively, the change in the deformation mechanism 
from slip to twinning may be the most important factor. What is required, if the 
increased workability of these alloys is to be understood, is an understanding 
of the influence of rhenium in solid solution on the properties of the matrix and, 
in particular, on the deformation mechanism and on the solubility for interstitials. 

According to my interpretation of some of the properties of the transition 
metals, which is based on the resonating covalent bond theory of metals, the con- 
dition of optimum electron resonance, present in the transition metals when the 
electron concentration is approximately equal to half the effective co-ordination 
of the metal atoms, if of first importance in deciding the behavior of the 
transition elements towards interstitial atoms. High, exothermic solubility of 
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interstitials is to be expected in Groups IVA and VA of the Periodic 1 able, for 
the hydrides up to a limiting composition of approximately MHz and MH for 
the Group IVA and VA metals respectively, whereas the Group VIA and VIIA 
elements should exhibit a low. endothermic solubility. (The number of electrons 
per atom taking part in resonating covalent bonding is assumed to be in keeping 
with the valencies proposed by Hume-Rothery, Irving and Williams, Proceed 
ings, Royal Society Vol. 208A, 1951, 431). The addition of a Group VIIA ele 
ment (rhenium) to a Group VIA element (molybdenum) can be considered 
as moving the metal to the right in the Periodic Table so that, up to the compo 
sition at which the change in electron concentration is sufficient to produce a 
phase change, the solubility for interstitial elements should decrease wit 
creasing rhenium content. Also, if my proposed relationship between electron 
concentration and co-ordination number is correct, the tendency for twinning 
presumably associated with a low stacking fault energy, can be understood. TI 
is not the place to pursue the subject in too great a detail but I would like to sug 
gest alloy composition which, on the basis of electron concentration may be 
expected to show very low interstitial solubility and also, possibly, ent 
ductility. 

It is to be expected that the limit of solubility of ruthenium or osmiur 


molybdenum or tungsten should be approximately half that of rhenium and that 
at this limiting composition the solubility for interstitials should be low a the 
ductility at a maximum (J. D. Baird, G. A. Geach and A. G. Knapton have ri 
ported enhanced ductility for a molybdenum alloy containing 14 atomi of 
osmium, 3rd Plansee-Seminar, Reutte 1958). Enhanced workability would not 
be expected in a tantalum, 35 atomic % rhenium alloy but a more detailed study 
of the tantalum-rhenium System in the range 40 to 50 atomic % rhenium would 


be of interest. The relatively large size factor may limit ductility but the pro 
gressive decrease in solubility of interstitial elements with increasing rhenium 
content, should be present 

The variable valency of the Group VIIA metals makes it difficult to 
precisely the composition of alloys which should show enhanced duct 
Rhenium, for example, is believed to exhibit a valency of something less thar 
six as unalloyed metal but in dilute solution in an electron deficient element sucl 
as titanium it should exhibit its full valency of seven and this has been confirmed 
by as yet unpublished work on the interaction of hydrogen with titaniun 
rhenium alloys. Allowing for these changes some guidance in the planning 
experimental work is possible however. For example, for ternary alloy 
molybdenum, rhenium and a Group IVA metal, I would expect alloys wit! 


interstitial solubility to be found around the compositions 


x atomic % of a Group IVA metal 
(65 — 3x) atomic % of molybdenum 


« 


(35 + 2x) atomic % of rhenium 


This relationship is likely to become less accurate as x increases and a large 
size factor should tend to reduce the quantity of rhenium required. I expect that 
the position of the ¢ phase will also follow this relationship 

Written Discussion: By Horst Braun, Metallwerk Plansee AG., Reutte/Tyr 
Austria. 

During the course of a recent investigation of some sintered W-Re alloy é 
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W-30 Re, Rolled at Room Temperature 
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Fig. 9 


have found similar results as have been shown by Drs. Sims and Jaffee. We were 
successful in cold rolling bars of W-30Re (which had been sintered in hydrogen 
for 4 hours at 2400°C) with a total reduction of 67%, applying intermediate 
anneals which gave full recrystallization to the material after each 10-15% re- 
duction. The as sintered hardness of the W-30Re alloys was 349 VHN with a 
porosity of 19% ; it rose to 618 VHN after the final rolling step. Coarse twinning 
as reported by Geach and Hughes (1) and Sims, Jaffee and Harwood (2) re- 
spectively, could be observed after rolling accompanied by an increase in hardness 
of 30-40% after each rolling step and full softening to 350-380 VHN by re- 
crystallizing for 30 minutes at 2000 °C. From the finished 0.1 inch sheet, micro- 
transverse rupture testing specimens were cut and ground to a 2 x 2 x 20 mm 
shape and tested after various annealing treatments in a Chevenard-Microtesting 
machine. Results are given in the accompanying Fig. 9. The hardness data are in 
relatively good agreement with the values given by the present authors. It is in- 
teresting to note that after 1600°C annealing, there occurs a maximum in 
strength as well as in elongation (elongation was calculated from transverse 
rupture data). For fully recrystallized material, the elongation found was ca. 5%. 

\ W-30 Re alloy rolled at 1000 °C showed somewhat higher as rolled hard 
ness due to the higher degree of reduction applied. Elongation of this material 
was 2,3% and 3,4% after full recrystallization at 2000 °C, respectively. 

Tungsten with 5% Re being sintered at 2600 °C was rolled from 1600 °C and 
tested in the manner described above. In the fully recrystallized state, this alloy 
had an elongation of 2.8% (30 min/1600 °C) and 1.5% (30 min/2000 °C), re 
spectively, in comparison to pure recrystallized tungsten, showing 1,1% (30 
min/1600 °C) and 0.7% (30 min/2000 °C), respectively. 

Written Discussion: By Alan Lawley Metallurgical Engineering University 
of Pennsylvania, Philadelphia 


Single crystals of Mo—35 at % Re alloys have been tested in tension at room 
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temperature. The crystals were grown by the electron bombardment floating zone 
technique and had a <100> direction close to the tensile axis. In agreement wit} 
the work of the authors, much of the deformation found is by twinning. At strair 
rates from 3 to 10% per minute, little or no slip occurs; the twin traces all being 
consistent with a {112} composition plane. When straining at ~ 0.6% per 
minute the proportion of slip to twinning is roughly 1:1. 

Micro hardness measurements on single crystal specimens give a V.D.H. in 
the range 370 to 410. In a crystal deformed 7%, the V.D.H. at regions of severe 
twinning was increased to (500-550). Why the hardness values for the unde 
formed single crystals are higher than the figures for polycrystalline are cast 
Mo—35 Re, reported in the paper, namely VDH 357, is not clear. The authors 
comments on the hardness data are requested. 

Analysis of the zu.1e refined material gave carbon < 18 ppm. nitrogen 17 pps 


References 
2. J. D. Baird and A. A. Woolf, A.E.1. Research Report A.820, July, 1958 
3. A. Calverley, M. Davis and R. F. Lever, Journal of Scientific Instrumentats \ 


April, 1957, pp. 14 ; 


Authors’ Reply 


Dr. Robins very interesting comments on that paper probably would have beet 
more appropriate as discussion of our previous paper, presented at the hire 
Plansee Seminar, where the mechanism of the rhenium effect is present 
siderable detail (2). As pointed out in that paper, the rhenium effect to be caused 
by three factors, all of which contribute to improved ductility observed at bot! 
elevated and low temperatures. Dr. Robins apparently believes only one of the 
factors we listed, namely reduced dislocation pinning through reduced interstitia 
solubility, is critical. We are pleased that he agrees with at least this part of the 
mechanism we proposed. Recently we have conducted some rather sensitive stress 
strain curves on Mo-35Re, in which an apparent yield point and drop of load 
was observed. However, we established by auxiliary means that yielding was 
caused by an avalanche of twins, not by slip through breaking away of pinned dis 
locations. The discussion of Robins theory of the resonating covalent bond i 


metals was not sufficiently detailed to permit much comment, and we will lool 
forward to seeing a more complete presentation in the future. So far as 
molybdenum-rhenium alloys are concerned, the theory apparently involves lower 


ing of interstitial solubility, and, therefore, improvement in ductility, as the valence 
of the matrix material becomes increased through alloying. It is difficult to see 
any practical advantage in the example cited for molybdenum-rhenium alloys with 
Group IV-A metals, since they would require higher rhenium contents in order 
to have lower interstitial solubility. We have confirmed the work of Geach an 
co-workers on molybdenum-osmium and have observed improved ductility in cast 
material. Although these alloys are not so ductile as molybdenum-rhenium, they 
are subject to considerable deformation twinning and presumably to the other 
features that rhenium confirms on molybdenum. This work is still in progress 

Dr. Geach also has presented some very interesting data in agreement with 
the authors’ current and previous results. The detrimental effect of tantalum, 
vanadium, and chromium in substituting for rhenium in the alloys may be 





by increased interstitial solubility and pinning of dislocations. Certainly this shoul 
be expected from tantalum and vanadium, although not from chromium. The 
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relative stresses for slip and twinning are important in determining the extent of 
ductility in these alloys. This is one of the reasons why tungsten-rhenium alloys 
have a relatively high transition temperature from brittle to ductile behavior com- 
pared with molybdenum-rhenium. The tungsten-rhenium alloys at low temperature 
deform almost exclusively by twinning, and are mot capable of necessary slip to 
accommodate twins and to permit subsequent deformation after the grains which 
are favorably oriented for twinning have sheared. The reduced dislocation pinning 
in molybdenum-rhenium lowers the flow stress for slip sufficiently to permit it to 
become an important factor. The flow stresses for slip in tungsten-rhenium still 
remain high and at low temperatures cracking follows soon after twinning. 

The information provided by Mr. Lawley is in good agreement with our thesis 
that deformation in molybdenum-rhenium alloys occurs both by twinning and slip. 
The anomaly he has noted in hardness between polycrystalline and single crystal 
Mo-35Re most likely is the result of a small difference in rhenium content as 
would be expected in sample-to-sample variations. 

We are pleased to have contribution of information on W-30Re provided by Dr. 
Braun of Metallwerk Plansee supplementing information presented in our paper. 





THE FLOW, FRACTURE, AND TWINNING OF 
COMMERCIALLY PURE VANADIUM 


By W. R. CLouGH aAnp A. S. PavLovi 


Abstract 


Commercially pure calcium-reduced vanadium, which 
was analysed and found to contain as little as 0.036 weight 
% carbon, exhibits a second phase that has been success 
fully extracted and identified as V,C. Oxides and nitrides 
could not be found, even though maximum weight percent 
ages of 0.07 and 0.083 oxygen and nitrogen, respectivel) 
were determined. 

Tensile tests, made in the temperature range from 200 to 

196 °C (390 to —320°F), exhibited a fivefold increas 
in yield strength, a threefold increase in tensile strength, and 
a ductile to brittle transition. There is a corresponding 
crease of ductility with decreasing temperature. The var 
tation of yield stress with temperature has been well corr 
lated by use of the postulations of Fisher, based on thi 
Cottrell and Bilby theory of yielding. 

As determined by V-notch Charpy tests, energy and 
fracture-appearance transition temperature are exception 
ally well defined, and occurred concurrently. Both the {100} 
and the £110} are active cleavage habit planes, and bot) 
families of planes can be operative in the cleavage of a singl 
crystal. Cleavage steps are originated when the path 
brittle fracture crosses a low-angle twist boundary, a high 
angle boundary, and when particles of the second phasé 
V,C, are intersected. During cleavage failure, microcrach 
were found to form in advance of the propagating principa 
crack. 

Mechanical twins were formed by impact loading at test 
temperatures of — 78°C, and lower. Twins occur on {112} 
planes, apparently only within one or two grains of a cleaved 
surface. (ASM-SLA Classification : O24, O26 oY 


INTRODUCTION 
LTHOUGH commercially pure calcium-reduced vanadium 
been an article of commerce for several years (1)', a review ot 


the technical literature indicates that remarkably little has been pul 


The figures appearing in parentheses pertain to the references appended to tl 


\ paper presented before the Forty-first Annual Convention of the Soci 
held in Chicago, November 2-6, 1959. 

Of the authors, W. R. Clough is associated with Pratt & Whitney Aircraft 
Middletown, Connecticut; and A. S. Pavlovic with Union Carbide Metals Con 
pany, Niagara Falls, New York. Manuscript received August 8, 1958 
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lished concerning some of the more fundamental aspects of flow and 
fracture for this material. The lack of literature coverage is rather sur- 
prising, since present interest in vanadium appears to be considerable ; 
the metal has recently been investigated by several workers as an alloy 
base for structural uses and is also of interest for applications in the 
field of nuclear power. The results of the investigations described in 
this paper will help formulate, it is hoped, a better understanding of this 
potentially important material. 

Much of the research dealing with deformation and rupture is con- 
cerned with body-centered cubic metals and alloys since many of these 
exhibit interesting behavior, such as the strong dependence of strength 
properties on temperature, the ductile to brittle fracture transition, and 
the phenomenon of mechanical twinning. The primary purpose of this 
investigation was to compare some of the flow and fracture char- 
acteristics of commercially pure vanadium with those of other body- 
centered cubic metals. Particular attention was paid to a comparison 
with iron and steel since these materials are perhaps better understood 
and have been the subject of many more investigations 


MATERIALS 


The lots of vanadium used in this investigation were initially pre- 
pared by the bomb reduction of V2O; with calcium (1,2,3). A large 
button, sometimes designated as a “regulus,” is the usual product of 
this reduction procedure (4), and the product is often referred to as 
“massive vanadium” in order to easily differentiate it from previously 
melted and cast ingot metal. General practice is to melt crushed reguli 
by the use of a nonconsumable electrode melting technique under a 
nonflowing, well gettered argon atmosphere, or by a consumable 
electrode technique carried out under a high vacuum. In either case, 
the metal is cast in a water-cooled copper crucible. Reguli are seldom 
fabricated directly to a mill product; a possible exception to this 
arbitrary statement might be the simultaneous consolidation and 
fabrication process, involving hot extrusion, reported by Lacy and 
Beck (4). 

Secause of the inherently large grain size of massive vanadium 
reguli, several test samples were machined directly from them. These 
specimens were fractured at liquid nitrogen, dry ice and alcohol, and 
room temperatures by bending as a simple or cantilevered beam, or, by 
striking with a hammer, a sharp punch placed in contact with the 
vanadium. The temperatures below room temperature were obtained 
by immersing the sample in the appropriate refrigerant, after which it 
was quickly removed and fractured. 

Test specimens of several types were also prepared from bar and 
rod stock which had been fabricated from ingots nominally two inches 
square produced by melting crushed reguli in an inert gas, non- 
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consumable tungsten tip electrode furnace (5). Hot working was ac 
complished while the ingots were protected from atmospheric con 
tamination (1,5). After working, an anneal was carried out at 800 °¢ 
(1470°F) in a well gettered argon atmosphere. Standard V-notch 
Charpy specimens were prepared from the bar identified as “B,” while 
tensiie test coupons were made from both the bar and rod materials, 
Some of the fabricated vanadium was ruptured by means identical to 
that used for test samples cut directly from the reguli. 

The results of several chemical analyses made on the four lots of 
material are given in Table I. Vacuum fusion methods were used for 
the determination of oxygen and hydrogen, and the Kjeldahl! pro 
cedure was used for nitrogen. Carbon analysis was obtained by the 
standard low-pressure oxygen combustion method. 


Table I 
Chemical Analyses, Weight °; 

Sample Carbon Oxygen Nitrogen Hydroge 
Rod A 0.047 0.070 0.052 0.0043 
Bar B 0.045 0.048 0.047 0.0028 
Regulus ( 0.039 0.040 0.083 0.0%:5 
Regulus D 0.036 0.030 0.081 0.0059 


At the present time, there appears to be considerable confusion re 
garding the terminal solid solubility of the common interstitials in 
vanadium. Schonberg (6) has recently stated that the solubility of 
carbon is about 0.2 weight per cent at 1000 °C (1830°F) ; however, 
Tammann and Schonert (7) found that carbon did not readily diffuse 
into vanadium at 800 to 900°C (1470 to 1650°F), suggesting that 
the solid solubility may be very small. It is agreed with Rostoker and 
Yamamoto (8) that “no information exists on the solid solubility of 
nitrogen in vanadium.” Seybolt and Sumsion (9) have reported that 
the terminal body-centered cubic solution (a) contains up to 3.2 
atomic % oxygen (1.0 weight % ), while Allen, Kubachewski, and Van 
Goldbeck (10) found the solubility at low temperatures to be about 0.25 
weight %. 


METALLOGRAPHY, PHASE IDENTIFICATION 


Visual examination of polished and etched metallographic samples, 
S 


and of ruptured test nieces, revealed that the great majority of the 


grains of massive vanadium had mean diameters in the range from 
three to seven millimeters. On the other hand, previously hot-worked 
and annealed rod and bar stock exhibited comparatively small grains; 
ASTM 2 to 4 would be applicable for most of the crystallites, which 
were generally of a nonuniform size. The square bar, identified as 
“B,” which was somewhat larger in cross sectional area than the round 
rod designated as “A,”’ had an extensive network of subgrain bound 
aries. An exactly equivalent structure was not observed in any of the 
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other materials, although a considerably more coarse subgrain network 
existed in regulus “C” material. 

Metallographic examination of samples of the four lots of vanadium 
revealed the presence of a second phase in all instances. The second 
phase was generally dispersed throughout the structure, but in many 
cases there was a sufficient amount at the grain boundaries to allow 
formation of a thin, rather discontinuous film. In the near vicinity of 
the grain boundary film, in the matrix, there was an overall depletion 
of the second phase. The second phase was successfully extracted by 
the use of a 10% bromine, 89% methanol, and 1% tartaric acid solu- 
tion, and was identified by x-ray diffraction techniques as being close- 
packed hexagonal V2C. - vA 
TENSILE TESTS 

Tensile test specimens with gage sections of, at least, one inch length 
and gage diameters of 0.252 and 0.200 inches were prepared from the 
rod and har materials identified as “A” and “B.” A rather good surface 
finish was obtained by the use of a lathe and high speed steel bits; 
nevertheless, the gage sections of all specimens were polished through 
several grades of emery paper after machining was completed. Tests 
were made in a Baldwin Universal Hydraulic tensile unit operated at 
crosshead speeds equivalent to a strain rate of about 0.03 inch per inch 
per minute; a 10,000-pound capacity mechanical Instron machine, 
operated so as to maintain a strain rate of 0.033 inch per inch per 
minute, was used for tests at the liquid nitrogen temperature, and for 
those tests interrupted before necking or failure occurred. Several 
tests were made in the range from 200 to — 196 °C (390 to — 320 °F) ; 
at the latter temperature it was necessary to use those specimens with 
a reduced gage diameter (0.200 inch) in order to prevent premature 
failure in the threaded end sections. The tensile test temperatures were 
obtained in the following ways: (a) for temperatures above room 
temperature the tensile sample was enclosed in a furnace with a slowly 
flowing atmosphere of argon gas; (b) the temperatures below room 
temperature were maintained by containing the sample in a suitably 
insulated enclosure which contained a refrigerant that completely 
enveloped the sample. A mixture of crushed ice and water was used 
to achieve 0°C, dry ice and methanol for — 40 and — 78°C (— 40 
and — 108 °F), constantly stirred liquid pyrofax cooled by a flow of 
liquid nitrogen through copper coils immersed in liquid pyrofax for 

-140°C (—220°F) and liquid nitrogen alone for — 196°C 
(— 320°F). Thermocouples were attached to the specimens through- 
out the test. Autographic stress-strain and load-elongation curves were 
recorded for some specimens ; SR-4 wire resistance strain gages were 
attached to others and, in some instances, the specimen diameter was 
measured during the course of deformation. Several tensile test results 
are included in Table IT. 
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Table Il 
Tensile Test Results 

Temp Vield Stress, psi Tensile Elongatior Red 

Material ( F 0.2% Offset Strength, psi in 1 Inch \ 
A’ 200 390 37,000 57,200 39 75 
RT 55,400 68,000 34 68 
4," 0 $2 60,000 71,200 30 65 

4” 40 40 67,600 77,200 26 5 
4" 78 108 79,000 85,600 20 +5 
oy 140 220 110,000 114,000 s 18 
4" 196 320 178,000 178,000 0 0 
B RT 43,600 59.600 40 $ 
B" 78 108 70,000 83,400 24 50 


In general, the room temperature strength and ductility values indi 
cated in Table II are in excellent agreement with those reported by 
Brown (5) for the chemically equivalent vanadium reduced and fabri 


cated by similar methods. Ductility values are considerably in excess of 


those published by Rostoker, Yamamoto, and Riley (11) for ma 
terials hot-worked while exposed to atmospheric conditions, and ar 
roughly equivalent to data obtained by Lacy and Beck (4) for va 


nadium consolidated by hot extrusion while protected from the atmos 
phere. 

The fractured surface of each tensile specimen was characteriz 
by a comparatively square break, although there was a tendency t 
form the “cup and cone” type of fracture. The thickness of the sheared 
portion of the fractured surfaces (the cone) decreased with decreasing 
test temperature, and could not be observed for the four tests made at 
the lower temperatures. All ruptured tensile specimens were sectioned, 
mounted, ground and polished, and microscopically examined ; the 
fracture was predominately transgranular in all cases. However, while 
cleavage fracture and indications of mechanical twinning were abun 
dant for the specimen tested at 196 °C (— 320°F ), purely ductile 
rupture was exhibited by those specimens tested at temperatures of 
— 140°C (— 220°F) and greater. Rupture of the carbides, which has 
been reported as occurring in certain steels, couid not be observed in 
grains either immediately adjacent to, or some distance from, the frac 
tured surface. 

The load-elongation plots obtained at the liquid nitrogen temperature 


were linear to fracture, indicating that gross macroscopic yielding 
never took place. The stress-strain curves obtained at all test tempera 
tures greater than 196°C (— 320°F) had the general shape of 
those usually associated with brass or stainless steel ; that is, sine was 
no sharp yield point, or co-existence of an upper and lower yield point 
In these respects, the yield behavior is evidently at variance with the 
findings of Lacy and Beck (4) and Brown (5), who reported sharp 
yield points at room temperature, but 1s consistent with the room tem 
perature yield behavior reported by Kinzel (1). 
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As the data included in Table II clearly show, commercially pure 
vanadium has a temperature dependence of tensile properties char- 
acteristic of that observed for several other body-centered cubic metals ; 
measures of strength increase rapidly as the temperature of test is 
lowered below room temperature. A number of workers have attempted 
to correlate and explain the dependence of yield strength on test tem- 
perature and strain rate. Zener and Hollomon (12) demonstrated that 
the tensile flow stress, ay, of steel could be expressed as a function of 
only two variables, the strain « and the parameter P = ee®/®*, where ¢ 
is the strain rate, Q is the activation energy for flow, and T is the abso- 
lute temperature of test. If O is considered to be relatively insensitive 
to changes in ¢ and T for the temperature range investigated, as Zener 
and Hollomon postulated, it may then be reasoned that oy ~ e'7, if 
strain « and strain rate ¢ are held constant, and a plot of Ino, against 
1/T would then be expected to result in a straight-line relationship. 
Previously published results of tensile tests for steel (12,13), molyb- 
denum (14), and tungsten (15), all body-centered cubic metals, have 
been interpreted as obeying the relationship Ine, ~ 1 /T for the tempera- 
ture range in which the yield stress was found to increase rapidly with 
decreasing temperature. Since all the tensile tests for vanadium were 
made at essentially the same strain rate, it might be expected that a 
similar correlation would be appropriate. A plot of Iney versus 1/T has 
been made (Fig. 1), but a systematic deviation from linearity was 
found. 

In a publication more recent than those of Zener and Hollomon, 
Fisher (16) has interpreted the Cottrell and Bilby (17) theory of 
yielding as indicating that oy (T/G) constant and has tested the 
correlation by means of low-temperature tensile data for iron and 
molybdenum. Results for vanadium obtained by using Fisher’s hy- 
pothesis are plotted on Fig. 2; it was assumed that the shear modulus G 
was not influenced by temperature, an assumption also made by Fisher 
in the preparation of his figures. The degree of correlation obtained 
by Fig. 2 is considered as unusually good, particularly when considera- 
tion is given to the comparatively large value of offset used to determine 
the yield strength. 


Notcuep BAR IMpact TEsTs 

The fact that calcium-reduced vanadium is capable of exhibiting a 
ductile to brittle transition has been demonstrated by Brown (5) using 
Izod-type specimens. Brown also showed that the energy transition 
temperature was considerably influenced by interstitial content (carbon 
plus oxygen plus nitrogen) ; in general, the transition temperature in- 
creased with increasing impurity level. For the current investigation, 
standard V-notch Charpy specimens were primarily prepared so as to 
have a systematic means of studying the influence of testing tempera- 
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ture on cleavage and twinning tendencies. However, specimens tested 
from bar “B”’ stock were tested at a sufficient variety of temperatures 
to allow an accurate measure of the transition from ductile to brittle 
behavior. These temperatures were obtained by placing the specimen 
in a furnace or a refrigerant for twenty minutes, after which the speci- 
men was quickly removed, placed in the Charpy Impact machine and 
struck. The operation of removing the specimen from its temperature 
environment and making the test required ten to twenty seconds; 
therefore, the temperature variation of the specimen during the op- 
eration is imperceptible. As Fig. 3 shows, an exceptionally sharply de- 
fined energy transition temperature was determined. Indeed, of four 
specimens tested at 130°C (265 °F), two resulted in energy values of 
16 and 18 foot-pounds, while the others were in excess of 200 foot- 
pounds. In fact, all the test coupons which exhibited ductile behavior 
showed energy values between 207 and 215 foot-pounds. Ductile speci- 
mens were never completely severed, and the indicated energy values 
apparently represent only that required to tear and bend the specimen 
sufficiently to allow passage past and between the specimen support 
stops when struck with the advancing tup. 

Examination of the ruptured surfaces of Charpy specimens revealed 
that the fracture-appearance transition temperature is as equally well 
defined as is the energy transition temperature ; for a given material, 
the two types of transitions occur concurrently at the same tempera- 
ture. The fractured surfaces were either entirely of the fibrous shear 
type, or, at lower temperatures, completely of the cleavage or crystal- 
line variety. In no instance was a ruptured surface obtained which 
exhibited a fibrous shear frame surrounding a central area of cleavage 
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facets, as is so often the case with iron and steel. Microscopic examina- 
tion of failed, brittle Charpy specimens which had been sectioned, 
ground and polished, and etched showed that the fractured surfaces 
consisted primarily of transgranular cleavage; however, as will be 
mentioned later, instances of intercrystalline failure were noted, even 
though these cases did not appear to be related to the previously men 
tioned grain boundary film precipitate of V2C. 


Tue CLEAVAGE HasBit PLANE 


Examinations carried out with a comparatively low-power binocular 
microscope showed several peculiarities for the case of the fractured 
surfaces of those Charpy specimens which failed in a brittle manner 
Many more adjacent cleavage facets intersected at angles of approxi 
mately 135 and 225 degrees than would be expected for what was 
thought to be a rather randomly oriented polycrystalline brittle ma 
terial. Indeed, in several cases the included angle between adjacent 
cleavage facets appeared to approximate 45 degrees. Similar character 
istics were observed for the tensile specimens tested at the liquid nitro 
gen temperature. The appearance of the crystalline patches indicated 
that cleavage must occur on at least two families of crystallographic 
planes. 

Identification of cleavage facets by x-ray techniques was found to be 
impractical with available equipment for the comparatively fine 
grained Charpy specimen material; consequently, a number of speci 
mens cut from reguli were fractured at 25, — 78, and 196 °C (77, 

108 and — 320°F), and were examined by common x-ray means 
An optical goniometer was used to align cleavage facets approximately 
normal to the x-ray beam, and a Laue back-reflection type camera with 
a specimen-to-film distance of three centimeters was employed in all 
identification procedures. Initial attempts at the identification of cleay 
age habit planes were accomplished with a specimen cut from regulus 
“C” material and fractured while at — 78°C (— 108°). From pre 
liminary Laue photographs, the investigated cleavage plane was found 
to be of the {100} within a possible error of 1 or 2 degrees. A well 
oriented result is shown by Fig. 4; this particular photograph was 
produced from a negative which required a 7-hour exposure to molyb 
denum radiation. 

From the same vanadium sample used to obtain Fig. 4, a second 
series of Laue back-reflection patterns were made from a cleavage facet 
which appeared to be at about a 135-degree tilt with respect to the 
previously examined cleavage surface, resulting in a pattern as shown 
in Fig. 5. From this Laue pattern, the investigated cleavage plane can 
be positively identified as belonging to the {110} family. The methods 
used to obtain Figs. 4 and 5 were repeated for specimens prepared 
from both regulus “A” and “B” materials and fractured at room tem 
perature, 78°C, and 196°C ( 108 and 320°F). In each 
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Fig. 4—Laue Pattern, (100) Cleavage Facet. Molyb 


denum radiation. Regulus ‘“‘ material fractured at 
78 

Fig. 5—Laue Pattern, (110) Cleavage Facet. Molyb 

denum radiation. This cleavage facet was immediately 


idjacent to that used t ybtain Fig. 4 





case, equivalent results were obtained ; cleavage facets of both the {100} 
and {110} planes were identified. Attempts made to determine if there 
was a preponderance of cleavage on one family of planes as compared 
to the other were not successful. 


THE PATH OF FRACTURE 


It is immediately obvious that the path of brittle fracture for com- 
mercially pure vanadium, which cleaves on both the {100} and {110} 
planes, must be somewhat different from that of the other body- 
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centered cubic metals for which only one cleavage habit plane has been 
identified. Consequently, some time was spent in studies of the “inter 
section line” between adjacent facets of {100} and {110} cleavage. 
From a photographic viewpoint, optical focusing difficulties were ex- 
pected and were encountered. One of the more interesting and satis 
factory photographs is that reproduced in Fig. 6. The test specimen 
from which Fig. 6 was made was machined from regulus “C’’ material 
and fractured when supported as a cantilever beam at room tempera- 
ture. Fracture was initiated at a shallow file mark placed on the tension 
side of the specimen. Examination of the severed test piece indicated 
that the path of fracture, relative to Fig. 6, was from upper right to 
lower left. Such a course of fracture propagation appears to be in ac 
cordance with the cleavage steps and tear lines in the two cleavage 
facets. The relatively large black areas which appear in Fig. 6 are 
remnants of a piece of cloth, in which the specimen was wrapped, when 
being fractured. 

The lower cleavage facet appearing in Fig. 6 has been identified as 
the (110), the upper as the (100). The intersection line between the 
two facets is remarkably well defined and is quite straight, with the 
exception of several readily apparent sharp jogs. There was no evi 
dence of the existence of several cleavage steps at the intersection line, 
nor was there any indication of severe localized plastic deformation. At 
a later date, the specimen containing the two cleavage facets was 
mounted and polished, the plane of polish being approximately per 
pendicular to the intersection line. Microscopic examination of the 
specimen, in both the etched and unetched conditions, did not reveal tl 
presence of a crack extending into the material from the intersection 
line. Also, there was no grain boundary or subboundary at the apex of 
the valley referred to as the “intersection line.’”’ The only conclusion 
that can be drawn is that both cleavage facets occurred in the fractured 
surface of a single grain of metal. There were a number of instances, 
however, in which x-ray and metallographic examinations indicated 
that single grains exhibited cleavage entirely of one type, {110}, or the 
other, {100}. 

As previously mentioned, polished and etched metallographic sam 
ples prepared from regulus “C’ material displayed a comparatively) 
coarse substructure network. A fractograph depicting the crossing of 
a subboundary by the cleavage fracture path is included here as Fig. 7 
Fracture advanced from right to left. X-ray and metallographic ex 
amination showed an orientation difference across this particular 
boundary of about three degrees; the low-angle boundary lay in a 
(110) plane with a 3-degree twist about an axis normal to the bound 
ary. As can be seen, a number of cleavage steps were originated when 
the advancing brittle crack crossed this particular low-angle boundary ; 
however, there were other cases, predominately in bar “B” material, 
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Fig. 6—Fractograph. Intersection line 
cleavage facet (above) and (110) cleavage facet 
Both facets are on a single crystal. Regulus “‘C” ma 

terial fractured at room temperature; X 200 
Fig. 7—Fractograph. Cleavage steps originating 
an advancing brittle crack crosses a low-angle boundary 
The direction of crack propagation was from right to 
left. Regulus “‘C’’ material fractured at room tempera 

ture 225 


below 


when 
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in which the presence of a low-angle boundary did not influence the 
path of fracture. The more satisfactory fractographs, showing the re- 
sults of the path of cleavage fracture crossing a high-angle boundary. 
were obtained by the use of ruptured Charpy specimens. A typical 
example of this type is shown in Fig. 8; the path of fracture was from 
top to bottom. The Fig. 8 specimen was machined from bar “B” ma 
terial, and the test coupon was fractured at room temperature. As was 





Fig. 8—Fractograph. Cleavage steps originating when ar 


advancing brittle crack crosses a high-angle boundary. T} 
lirection of crack propagation was from top to botton 
Charpy specimen fractured at room temperature 1 


the case with the subboundary, a number of cleavage steps wer 
originated at the intersection of the boundary with the cleaved surface 

The crystallographic indices of the cleavage facets shown by Figs 
7 and 8 were not determined. Close examination of Figs. 6, 7, and 8 will 
reveal areas in which particles of a second phase, presumably the 
previously identified V2C, have caused local differences in level in the 
plane of the cracks and have thus originated cleavage steps. 

Very practical considerations necessitate that the comparativels 
smooth course of cleavage fracture from one grain to another, as indi 
cated by Fig. 8, must be the exception rather than the rule. For the 
general case of a polycrystalline metal, a cleavage plane in one grain 
will be skew to a cleavage plane in the adjacent crystal ; thus, a certain 
amount of secondary fracture at the grain boundary may be necessary 
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Fig. 9—Discontinuous Brittle Cracks Originating and Terminating at Grain Bound 
aries, Note the example of intercrystalline fracture. Bar B material 200 


to link the cleavage facet into a complete fracture. Since vanadium has 
been shown to have two operable families of cleavage planes, the skew 
relationships between habit planes in adjacent crystallites will be re- 
duced as compared to other body-centered cubic metals. An example 
of “accommodation” fracture at a grain boundary is shown by Fig. 9. 
In this instance, the crack is thought to have propagated from the right 
to the left, and, on intersecting the first grain boundary, traveled 
along this boundary (intercrystalline fracture) for a short distance 
before propagating into the second grain to left-center of the figure. 
Close observation of the small grain to the left-center of Fig. 9, that 
which contains the termination point of the previously mentioned 
crack, will indicate a second fracture above the other and tilted at about 
30 degrees to it. In the grain to extreme left-center, fracture has been 
re-initiated at a grain boundary. 

The specimen from which Fig. 9 was prepared was of the Charpy 
type. It was considerably oversized, having about a 5/8-inch depth 
behind the notch. While at the liquid nitrogen temperature, the test 
piece was bent so that a crack was initiated but did not travel to any 
great depth so as not to sever the test bar. The section containing the 
initiated crack was cut out, mounted, polished, and etched; the plane 
of polish was approximately perpendicular to the V-notch. Microscopic 
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examinations were made as the mounted portion of the specimen was 
polished from full-thickness to virtually no-thickness. It was found 
that the fracture initiated at or near the apex of the machined notch 
propagated for about 3/16 inch into the vanadium behind the notch. 
The discontinuous cracks shown in Fig. 9 were re-initiated at the grain 
boundary that travels out of the picture at a position slightly above 
extreme left-center. At this particular plane of polish, a distance of 
nine grain diameters separated the terminated crack which originated 
at or near the Charpy V-notch, and the cracks indicated by Fig. 9, 
which, incidentally, terminated on intersecting the next grain bound- 
ary. Continuous examination of the specimen during the course of re- 
polishing revealed that the internal crack network depicted by Fig. 9 
extended only through the grains shown, and that at no time did these 
cracks come nearer to the V-notch crack than nine grain diameters. A 
number of other internal crack networks were also observed. 


MECHANICAL TWINS 

A survey of the literature dealing with mechanical twinning has 
failed to indicate a reference to this phenomenon for the case of vana 
dium. However, such behavior should not be entirely unexpected, 
particularly when the atomic structure of the metal, other known me 
chanical characteristics, and the methods of testing used to evaluate 
calcium-reduced vanadium are considered. Mechanical twins have 
been identified in a number of body-centered cubic transition metals ; 
from single crystal measurements it is known that for some metals the 
critical stresses for twinning are of the same order of magnitude as 
those for slip and cleavage, when temperatures are appropriately low 
With the possible exception of the tensile tests, most of the experiments 
described herein were performed under conditions which are generally 
favorable to twinning and cleavage in their competition with slip, that 
is. by impact at low temperatures. 

Examination of sectioned, ground, polished, and etched Charpy 
specimens ruptured at — 196, — 100, and — 78°C, (— 320, 148 
and — 108 °F) revealed markings that have been interpreted as being 
mechanical twins. Markings of this type could not be found in those 
Charpy specimens tested at higher temperatures, even though the 
energy transition temperature was about 130°C (265°F). As Low 
and Feustel (18) had previously observed for ferrous samples, all 
twins in vanadium were found to be present in layers of only one or 
two grains in thickness immediately adjacent to cleaved surfaces 
Equivalent behavior was observed for the ruptured tensile specimen 
tested at — 196 °C (— 320 °F). One of the twin-like structures shown 
in Fig. 9 has been severed by the cleavage crack ; even though this mi 
crograph is for the case of internal cracks not connected to the princi 
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Fig. 10—Fractograph of Charpy Specimen Tested at —196°C. The 
twin-like structures intersect at angles of about 18°, 36°, 53°, and 71°. 
500 


pal path of fracture, the only grains that contained twin markings were 
those that had experienced cleavage fracture. 

Some of the most interesting microscopic studies of mechanical 
twinning have been fractographic examinations made directly on un- 
etched cleavage facets. Fig. 10 was made from the fractured surface 
of a V-notch Charpy specimen tested at the liquid nitrogen tempera- 
ture; the energy absorption value was about two foot-pounds. Close 
examination of Fig. 10 will show that the twin-like markings intersect 
or cross at angles of about 18, 37, 53, 71, and 90 degrees. The mirror 
image cleavage facet adjacent to that shown in Fig. 10 and on the 
other half of the severed Charpy specimen, and hence from the same 
grain, could not be located. This was not the case for the example de- 
picted by Fig. 11 which was tested at — 78°C (— 108°F). The Fig. 
11 cleavage facet and its image on the other piece of the severed speci- 
men were both located and observed, and both had identical markings. 
The crossing twin-like structures intersect only at an angle of about 
53 degrees, as contrasted to the Fig. 10 example. 
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Fig. 11—-Fractograph of Charpy Specimen Tested at 8 °¢ 
The twin-like structures intersect only at an angle of about | 
53°. « 500 
Microscopic observations of twin-like markings carried out at com 
oht | 


paratively low magnification tended to indicate a parallel straight 
sidedness except near the ends of the lenticular shape. In contrast, 
however, examination at high magnification with an oil immersion 
lens showed that many of the markings had serrations at the edges 
these small steps are apparently associated with the intersection of 

twin and a slip line. With the possible exception of the complicated be 
havior at intersection points, second or higher order twins were not 


observed. 


DISCUSSIONS AND CONCLUSIONS 


The solubility of carbon in vanadium must be exceptionally 
close-packed hexagonal V2C was extracted, and identified, from vana 
dium which analyzed as little as 0.036 weight % carbon. On the other 
hand, the solubility of oxygen is, no doubt, in excess of 0,07 weight 
while that of nitrogen is probably greater than 0.08 weight per cent 
X-ray and metallographic processes, and extraction procedures, failed 
to identify oxides or nitrides. The temperatures at which the solubilities 
are applicable are som¢whet in doubt, since non-equilibrium cooling 
undoubtedly took riace. Previously hot-worked specimens were cooled 
from the 800 °C (1470 °F ) anneal for a period in excess of two hours 
but other materials were the usual product of calcium-reduction met! 
ods. 

Many of the flow and fracture characteristics of commercially pu 
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vanadium are similar to those of iron and other body-centered cubic 
metals. Just as Pugh (31) reported for rolled vanadium sheet, the cast 
vanadium samples studied here exhibited temperature-dependent ten- 
sile properties characteristic of other body-centered cubic metals. Yield 
and ultimate strength are exceedingly dependent on temperature and 
both rise rapidly as the test temperature is diminished below room 
temperature. A brittle-ductile transition occurs, even for the case of 
unnotched tensile specimens. 

If the natural logarithm of yield stress is plotted against the recip- 
rocal of the absolute temperature (Fig. 1), as proposed by Zener and 
Hollomon (12), there is a systematic deviation from linearity. While 
the degree of correlation obtained by Fig. 2 following Fisher's (16) 
proposal, may appear to be a considerable improvement, it is most 
probable that a pronounced curvature would be obtained if a wider 
range of test temperatures had been employed. The very low tempera- 
ture tensile test data of Wessel (20) for steels, molybdenum, tantalum, 
and 8 brass show a deviation from linearity, in the same direction as 
Fig. 1, for both formulations. 

The differences in tensile properties between rod “A” and bar “B” 
materials are, no doubt, a direct consequence of differences in inter- 
stitial impurity contents. In accord with the conclusions of Dunn, Ed- 
lund, and Griffin (21), and work previously accomplished at the Metals 
Research Laboratories, it is probable that oxygen and nitrogen have a 
greater effect on tensile properties than does carbon, perhaps because 
the carbon solubility is so low that the vanadium used by all investi- 
gators actually contained precipitated carbides. Room temperature 
tensile elongations in excess of 20% have been previously obtained 
with high carbon vanadium (0.20% carbon, 0.05 oxygen, and 0.04% 
nitrogen), while virt’ully no elongation resulted when high oxygen, 
high-nitrogen mate’.al was tested (0.06% carbon, 0.11% oxygen, 
0.12% nitrogen). ° ailure to find a sharply defined yield point, or the 
co-existence of upper and lower yield points, is not considered as 
particularly disturbing, since these results are substantiated by the re- 
sults of at least one other investigator (1). The lack of a yield point 
may be the result of (a) the chemical composition and structure of the 
material, (b) the comparatively narrow temperature range investi- 
gated, (c) the strain rate used, and/or (d) the conditions of the speci- 
mens; i.e., perhaps the final working pass was accomplished at a 
temperature lower than the actual hot working range, and the anneal 
failed to remove all effects of warm working. Subsequent work has 
shown that item (d) is probably the most influential factor in arresting 
the appearance of a yield point. 

As determined by notch bar impact tests of the Charpy type, calcium- 
reduced vanadium exhibits exceptionally sharply defined energy and 
fracture-appearance transition temperatures, more like those of ultra- 
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pure metais than an alloy containing a second phase. The transition 
temperatures measured by energy and by fracture-appearance are con- 
current, for a given material. Transcrystalline fracture is the usual 
mode of separation, and may occur either by cleavage or by shear. Even 
though a noncontinuous grain boundary precipitate of VeC was 
formed, intercrystalline fracture did not occur, except for the expected 
instances of accommodation failure as shown by Fig. 9. The cleaved 
surfaces were never predominately intercrystalline as has been re 
ported, for example, by Low (18) for iron heat treated to special con- 
ditions. 

Although much of the mechanical behavior of vanadium is similar to 
that of other body-centered cubic metals, the existence of both {100) 
and {110} cleavage shows that in this respect vanadium is similar to 
tantalum which Barrett and Bakish (32) have reported to possess 
{100} and {110} cleavage. Such behavior was unexpected since the 
generally reported cleavage habit plane for most body-centered cubic 
metals is the {100} (22), and since hydrogenated vanadium (25) has 
been found to cleave on this usual family of planes. In certain instances, 
however, cleavage facets of iron have been identified as being {112} 
planes, but such behavior is interrelated with mechanical twinning 

Several of the photomicrographs shown indicate that a cleaved sur 
face is not atomically smooth which corroborates the observations of 
other workers who studied other body-centered cubic metals. Con 
tained in the surface are numerous cleavage steps or tear lines which 
represent steps in the plane of the crack as it propagates through a 
crystal. Steps would be expected when the advancing crack cuts screw 
dislocations (26) ; a number of steps actually were originated ( Fig. 7 
when a low-angle twist boundary was crossed. In those instances in 
which the crossing of a low-angle boundary did not result in the for 
mation of tear lines, mostly in bar “B” Charpy specimens, it was 
concluded that the boundaries were of the tilt type, although this 
postulation was not directly verified by other findings. In many re- 
spects, the cleavage behavior for vanadium, as indicated by Figs. 6, 7, 
and 8, is quite equivalent to that found by Low (27) for a 3% silicon 
iron. 

Considerable energy would be absorbed during crack propagation in 
the highly localized deformation which occurs at the cleavage steps or 
tear lines observed in cleaved surfaces of calcium-reduced vanadium 
Even though this material has an abrupt energy and fracture 
appearance transition temperature, comparatively large energy values, 
i.e., 18 foot-pounds, have been obtained at test temperatures lower than 
the transition temperature. Perhaps, for the bar “B” material, this high 
energy value for brittle fracture is due to the many cleavage steps and 
tear lines initiated at subboundaries, grain boundaries, and second 
phase particles. 
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There are at least two possible explanations for the discontinuous 
crack behavior noted in Fig. 9. Numerous published examples show 
that microcracks can and will form in advance of a propagating princi- 
pal crack and, as Tipper (22) has pointed out, important tear steps can 
originate from the misalignment of these microcracks. The cracks of 
Fig. 9, which indeed approach macroproportions may, however, be 
related to the types noted by Low (28) that appeared to form at a 
stress equal to the yield stress. The observed internal cracks in vana- 
dium are of about the same magnitude of size as those found by Low, 
i.e., only a few grains in length. 

When consideration is given to the thinness of the twin-like struc- 
tures, perhaps it is not overly surprising that the markings could not 
be identified by available x-ray means ; Rosenhain (29) encountered a 
similar difficulty in his early work with iron. However, the authors 
have made a number of observations and have carried out a number of 
experiments that have resulted in the conclusion that the often men- 
tioned markings are indeed mechanical twins and that occurrence is 
on {112} planes. Reasons for these conclusions are as follows: 

a. The intersection angles of the markings are consistent with 
crystallographic calculations. The behavior shown by Fig. 10 
can be reconciled if it is assumed that the cleavage facet is 
predominately {100} planes and that twinning occurs on the 
{211} family of planes; {211} traces on {100} surfaces inter- 
sect at angles of 18 degrees-26 minutes, 36 degrees-52 minutes, 
53 degrees-O8 minutes, 71 degrees-34 minutes, and 90 degrees 
(19). 

b. The intersection angles of the markings are consistent with 
crystallographic calculations for the case of observations made 
on etched and polished metallographic samples with oriented 
planes of polish. 

c. Several of the bands were located in space, within the error 
of a stereographic plot and the method used, by means of the 
traces on two identified surfaces. 

d. The majority of markings have the appearance of Neumann 
bands ; that is, a thin lens shape. 

e. When several metallographic samples were repolished and re- 
etched, the resemblance to Neumann bands was again evident. 

f. The markings are tilted with respect to the untwinned sur- 
faces. 

g. Vacuum-annealing treatments, which would be expected to 
remove a low temperature martensite phase, did not remove 
the markings. 


It is considered that the observations listed above, plus those de- 
scribed in the following sentences, constitute rather conclusive evi- 
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dence that the bands are mechanical twins, particularly since {112} is 
the anticipated composition plane for deformation twins in body- 
centered cubic metals. Several samples were polished in such a manner 
as to result in the placing of very shallow, essentially straight, and 
parallel scratches on the surface of the plane of polish. After rupture 
at the liquid nitrogen temperature, the initially straight scratches were 
displaced by and at the twin. Previously polished and etched samples 
were used in a similar manner to study the intersection of twins and 
slip lines ; there were occasions in which the slip lines did not appear 
to be deflected on intersecting a twin, but in the more general case there 
was a definite deflection. Behavior of this type has previously been 
explained by Mathewson and Edmunds (30), who pointed out that 
slip in a [111] direction in any plane in the zone for which the twinning 
axis is the zone axis, can pass through a twin without a change in di 
rection. Slip in other available systems would account for the change 
of direction that was more generally observed. No positive effort has 
been made to establish the twinning direction, but there has been no 
reason to believe that it is not the [111]. 

The fractographs which indicate the presence of twins do not have 
the characteristic cell-like appearance which, for example, has been 
reported for iron by Cox, Horne, and Mehl (19). Equivalent behavior 
should not be expected for vanadium, since the mechanical twins are 
so much thinner than for the ferrous material used by the other in 
vestigators. 

Mention was previously made of the fact that twinning was not ob 
served for those specimens tested at temperatures greater than — 78 °¢ 
(— 108 °F), regardless of the lot of vanadium from which the speci 
mens were prepared. It was concluded that at the rates of strain in 
herent to the Charpy specimen, and to the other tests used to produce 
fracture, that the critical shear stress for slip was sufficiently low to 
prevent the applied stress from reaching the value required for 
twinning at these temperatures. 

In this paper several photomicrographs ( Figs. 9, 10, and 11) have 
been presented which show that twins intersect cleavage facets and, 
in at least two instances, it was shown that twins traverse the path of 
fracture. However, none of the findings or conclusions have been con 
tradictory to the current view held by many that twins form during 
the course of cleavage fracture as a result of the stress waves in the 
specimen arising from the release of elastic strain energy. The fact that 
twins match on either side of a fracture, or traverse an internal crack 
is not considered as proof that twins were formed before failure. 


ACKNOWLEDGMENTS 


The authors wish to express their appreciation to Professor R. D 


Dragsdorf of Kansas State College for many helpful discussions. The 





'w 








1960 COMMERCIALLY PURE VANADIUM 969 


assistance of R. Falvo, W. Murphy, and L. De’Aeth in gathering data 
is also gratefully acknowledged. 


? 


x} 


21 


References 


\. B. Kinzel, “Vanadium Metal—A New Article of Commerce,” METAL 
Procress, Vol. 58, 1950, p. 315. 

R. K. McKechnie and A. U. Seybolt, “Preparation of Ductile Vanadium by 
Calcium Reduction,” Journal, Electrochemical Society, Vol. 97, 1950, p. 311. 

A. P. Beard and D. D. Crooks, “Kilogram Scale Reduction of Vanadium 
Pentoxide to Vanadium Metal,” Journal, Electrochemical Society, Vol. 101, 
1954, p. 597. 

C. E. Lacy and C. J. Beck, “Properties of Vanadium Consolidated by Ex- 
trusion,” TRANSACTIONS, American Society for Metals, Vol. 48, 1956, p. 579. 

C. M. Brown, “Mechanical Properties of High-Purity Vanadium,” Spring 
Meeting, Electrochemical Society, April, 1953: Brown’s mechanical prop- 
erty data appears in Rare Metals Handbook, Reinhold Publishing Corpora- 
tion, New York, 1954, p. 594-596. 

N. Schonberg, “Composition of Phases in the Vanadium-Carbon System,” 
{cta Chemica Scandanavia, Vol. 8, 1954, p. 624. 

G. Tammann and K. Schonert, “Uber die Diffusion des Kohlenstoffs in 
Metalle und in die Mischkristalle des Eisens,” Zeitschrift fur Anorganische 
und Allgemeine Chemie, Vol. 122, 1922, p. 28. 

W. Rostoker and A. S. Yamamoto, “A Survey of Vanadium Binary Alloys,” 
TRANSACTIONS, American Society for Metals, Vol. 46, 1954, p. 1136. 

A. U. Seybolt and H. T. Sumsion, “Vanadium-Oxygen Solid Solutions,” 
Transactions, American Institute of Mining, Metallurgical, and Petroleum 
Engineers, Vol. 197, 1953, p. 292 

N. P. Allen, O. Kubachewski, and O. Van Goldbeck, “The Free Energy Dia- 
gram of the Vanadium-Oxygen System,” Journal, Electrochemical Society, 
Vol. 98, 1951, p. 417 

W. Rostoker, A. S. Yamamoto, and R. E. Riley, “The Mechanical Properties 
of Vanadium-Base Alloys,” TRANSACTIONS, American Society for Metals, 
Vol. 48. 1956, p. 500 


C. Zener and J. H. Hollomon, “Effect of Strain Rate Upon the Plastic Flow 
of Steel,” Journal of Applied Physics,” Vol. 15, 1944, p. 22 

J. H. Hollomon and C, Zener, “Conditions of Fracture in Steel,” Transactions, 
American Institute of Mining, Metallurgical, and Petroleum Engineers, 
Vol. 158, 1944, p. 283 

J. H. Bechtold, “Effect of Temperature on the Flow and Fracture Charac- 
teristics of Molybdenum,” Transactions, American Institute of Mining, 
Metallurgical, and Petroleum Engineers, Vol. 197, 1953, p. 1469. 

J. H. Bechtold and P. G. Shewmon, “Flow and Fracture Characteristics of 
Annealed Tungsten,” TRANSACTIONS, American Society for Metals, Vol. 46, 
1954, p. 397 

J. C. Fisher, “Application of Cottrell’s Theory of Yielding to Delayed Yield 


in Steel,” TRANSACTIONS, American Society for Metals, Vol. 47, 1955, p. 451. 
\. H. Cottrell and B. A. Bilby, “Dislocation Theory of Yielding and Strain 
Aging in Iron,” Proceedings, Royal Society, London, Vol. A 62, 1949, p. 49. 
J. R. Low, Jr. and R. G. Feustel, “Intercrystalline Fracture and Twinning 


in Iron at Low Temperatures,” Acta Metallurgica, Vol. 1, 1953, p. 185. 
J. J. Cox, G. T. Horne, and R. F. Mehl, “Slip, Twinning and Fracture in 
Single Crystals of Iron,” Transactions, American Society for Metals, 


Vol. 49, 1957, p 118 

E. T. Wessel, “Some Exploratory Observations on the Tensile Properties of 
Metals at Very Low Temperatures,” TRANSACTIONS, American Society for 
Metals, Vol. 49, 1957, p. 149 

H. E. Dunn, D. L. Edlund, and T. G. Griffin, “Vanadium,” Rare Metals 
Handbook, 1954. Reinhold Publishing Corporation, New York 








970 TRANSACTIONS OF THE ASM Vol 


st 
mm 


22. C. F. Tipper, “The Brittle Fracture of Metals at Atmospheric and Sub-Zero 
Temperatures,” Metallurgical Reviews, Institute of Metals, London, Vol. 2, 
1957, p. 195. 

23. C. F. Tipper and A. M. Sullivan, “Fracturing of Silicon Ferrite Crystals,” 
TRANSACTIONS, American Society for Metals, Vol. 43, 1951, p. 906. 

24. 1. P. Klier, “A Study of Cleavage Surfaces in Ferrite,” TRANSActions, 
American Society for Metals, Vol. 43, 1951, p. 935. 

25. B. W. Roberts and H. C. Rogers, “Observations on the Mechanical Properties 
of Hydrogenated Vanadium,” Transactions, American Institute of Mining 
Metallurgical, and Petroleum Engineers, Vol. 206, 1956, p. 12. 

26. C. S. Barrett, “Metallurgy at Low Temperatures,” 1956 Edward DeMille 
Campbell Memorial Lecture, TRANSACTIONS, American Society for Metals, 
Vol. 49, 1957, p. 53. 

27. J. R. Low, Jr., “Dislocations and Brittle Fracture in Metals,” International 
Union of Theoretical and Applied Mechanics, Colloquium on the Deforma- 
tion and Flow of Solids, Madrid, Spain, 1955. 

28. J. R. Low, Jr., Relation of Properties to Microstructure, 1954, p. 163. Ameri 
can Society for Metals. 

29. W. Rosenhain and J. McMinn, “Plastic Deformation of Iron and the Forma 
tion of Neumann Lines,” Proceedings, Royal Society, Vol. 108 A, 1925, 
p. 231. 

30. C. H. Matthewson and G. H. Edmunds, “The Neumann Bands in Ferrite,” 
Iron and Steel Technology in 1928, American Institute of Mining, Metal 
lurgical, and Petroleum Engineers, Iron and Steel Division, p. 311 

31. J. W. Pugh, “Temperature Dependence of the Tensile Properties of 
Vanadium,” Journal of Metals, Transactions Section, Vol. 9, 1957, p. 1243 

32. C. S. Barrett and R. Bakish, “Twinning and Cleavage in Tantalum,” 7 ransac 
tions, Metallurgical Society of the American Institute of Mining, Metal 
lurgical, and Petroleum Engineers, Vol. 212, 1958, p. 122 











0 


” 











AN EXPLORATION OF HIGH BORON ALLOYS 
By A. U. SEYBOLT 


Abstract 

About 27 high boron alloys were examined in a survey of 
the potentialities of such alloys for possible high tempera- 
ture applications. The chief tools used were x-ray diffrac- 
tion, metallographic examination, and hot hardness. It ap- 
peared that alloying boron with up to 6 atom per cent of the 
following elements provided no appreciable ductility: Ga, Y, 
Ce, Si, Sn, Ti, Zr, Cb, Ta, Mo, W, Re, Fe, Ni. and Co. 

Ti was not feastble to make any mechanical property 
measurements other than hot hardness because of the ex- 
treme brittleness of the boron alloys. 

Some preliminary information was obtained on the nature 
of the constitution of some of these binary systems. One 
rather unique complex phase was discovered in the B-Y 
system. (ASM-SLA Classification: M24b, Q29p; B-b) 


INTRODUCTION 


HIS WORK was undertaken to explore the possibility of using 

high boron alloys as a high temperature structural material. While 
pure boron has not looked promising because of its well-known brittle- 
ness, there was some hope of being able to modify this brittleness by 
alloying additions. 

Boron has several properties which make it interesting for a pos- 
sible high temperature structural material. These are high melting 
point (about 2200°C), low density (approximately 2.3 g/cc), po- 
tentially low cost, moderate to fair oxidation resistance (1)', and po- 
tentially high strength. The evidence for the latter is mainly its very 
high hardness : about 2800 VHN at room temperature 

3oron has two known allotropic modifications : the ordinary “black” 
form whose structure has been established by Sands and Hoard (2), 
and the red form identified by L. V. McCarty et al (3). The red form 
goes over to the black form at about 1500 °C, while prolonged heating 
at 1000 °C or below allows the red boron to become stable. A reversible 
transition temperature has not as yet been established. 

Boron has a strong tendency to form borides, and many refractory 
borides are known, particularly with the transition metals. There has 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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been no information, apparently, on the solid solubility of metals in 
boron. A circumstance which has impeded the study of high boron ma 
terials is the unavailability of boron, until quite recently, in fairly pure 
form. However, at least one supplier (4) claims a purity of 99.6% for 
its BCl;—hot-wire produced product, which has only become available 
in 1958. 

In the experiments to be described, several high boron alloys were 
prepared by high frequency induction melting, and were examined 
primarily by x-ray diffraction, metallography, and by hot hardness 
tests. 

BoroN PREPARATION 


The boron used here was prepared on contract by Battelle Memorial 
Institute by decomposition of BBr3; on a 0.003-inch diameter hot 
tantalum wire. The major impurity of the BBr, (American Potash 
and Chemical) was carbon in the form of phosgene. The deposits were 
about 10 inches long and were built up to about ™% inch in diameter 
before the runs had to be stopped. There was a pronounced nodulat 
growth at the surface, and in general the rods produced were rather 
irregular. It was noticed during the runs that the boron tended to sag 
somewhat at 1300 to 1400 °C (2370 to 2550 °F ), suggesting some de 
gree of high temperature plasticity. In addition, it was noted that grow 
ing the boron at 1350 °C (2460°F) or thereabout caused less trouble 
with cracking due to temperature variations than at lower tempera 
tures, for example ~ 1250°C (2280°F). 

This again indicates that there may be some appreciable plasticity at 
these temperatures 

The following analysis appears to be typical for the Battelle boron 


Oxygen < 0.01 per cent 
Hydrogen 0.02 

Nitrogen 0.003 

Carbon 0.05 

lantalum 0.02 (3-mil wire) 
Others 0.01 

B (difference) 99.9* ©; 


PREPARATION GY THE Boron ALLoys 
The alloys listed in Table I were prepared in about 10-gram amounts 
by vacuum high frequency induction melting. The power supply was a 
500-ke 15-kw vacuum tube type unit. Boron may be melted in boron 
nitride (BN) with only superficial attack of the BN, and with ap 
parently no significant contamination. It is, however, necessary to pre 
treat the ordinary, commercial hot-pressed BN to about 1700°C 
(3090 °F) in hydrogen for a short time, using a slow heating rate, in 
, 


order to reduce the B.Os content. If this is not done, the BoOs vola 
tilizes and causes serious blistering of the crucibles and other high 
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Table I 
Composition and Microstructure of Alloys 
Sample Atom % Chemical Micro- 
} 4 (approx) Weight % Analysis % structure Remarks 
Group III Solutes Including Cerium 
733 1 Ga 7 Ga <0.2 Ga volatilized 
729 a ¥ 91V 8.4 2 phases New compound 
8.2 
711 6Y 33. =O 2 phases Showed YBi: 
734 i Ce 12.5 - 2 phases 
Group IV Solutes 
732 1 Si 3.1 Si 2 phases 
735 1 Sn 11.8 Sn 0.05 1 phase Sn volatilized 
724 1 Ti S$ Ti 5.0 1 phase Ti in solution 
703 6 Ti 22 ‘Ti 2 phases 
723 1 Zr 9 Zr 9.0 1 phase Zr in solution 
704 6 Zr 34 «Zr — 2 phases 
Group V Solutes 
720 ) 9.5 Nb 2 phases 
708 6 Cb 36 Nb 2 phases 
719 1 Ta 17.5 Ta 2 phases Eutectic structure 
709 6 Ta $2 Ta 2 phases 
Group VI Solutes 
721 1 Mo 10 Mo 99 1 phase Mo in solution 
707 6 Mo 37 M 2 phases Eutectic structure 
718 1W 18 W 2 phases 
710 6W 53 W 2 phases 
Group VII Solutes 
741 1 Re 15.3 Re 2 phases 
740 5 Re 7.4 Re 2 phases 
Group VIII Solutes 
725 1 5.8 Fe 4.8 1 phase Iron in solution 
715 6 24 Fe 2 phases 
728 1 5.9 Ni 5.2 1 phase Ni in solution 
717 6 2S. Ni 2 phases 
727 1 5.9 Co 2 phases Most of Cobalt 
small amount) in solution 
716 6 25 Co 2 phases 


temperature parts. The arrangement of the furnace is shown in Fig. 1. 

3ecause of the good insulating power of the BN, only one exterior 
crucible is needed for insulation on the sides. A thick stool at the bot- 
tom and a double lid at the top completed the assembly except for the 
molybdenum or tantalum susceptor. The molybdenum susceptor is just 
a piece of 5-mil sheet rolled into a cylinder so that the opposite edges of 
the sheet do not touch when wrapped around the crucible. A complete 
circuit around the periphery of the crucible allows excessive heating of 
the molybdenum with consequent loss of control. In a few experiments 
where a complete “can” was used as a susceptor, the molybdenum 
partly melted. The susceptor is necessary since boron is a semiconductor 
and only starts appreciably conducting electricity at temperature ap- 
proaching 1000 °C (1830°F). In the early stages of a run the molyb- 
denum gets hot enough to heat the boron up to some critical tempera- 
ture. When this temperature is reached, and the boron starts conduct- 
ing, the charge literally lights up like an incandescent lamp with ac- 
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Fig. 1—High-Frequency Furnace Assembly 


companying changes in the grid and plate currents of the high fre 
quency oscillator. The time required to melt the charge was usually) 
around 20 minutes, but the charge was held molten for at least 10 
minutes to allow more complete mixing. 

Observations on the apparent melting and freezing temperature wer« 
made, but the geometry did not provide for blackbody conditions; 
hence the observed readings, mostly in the 1900 to 2000 °C (3450 to 
3630 °F) range, were probably low by at least 100°C. In one experi 


/ 


ment a '%-inch hole about % inch deep was drilled nearly through a 
pure boron chunk and the optical pyrometer sighted on the hole. The 
point at which the apparent hole temperature suddenly decreased due 
to filling with molten boron gave a reading of 2100 °C (3810°F), as 
against about 1970°C (3580°F) for a surface temperature reading 
This figure of 2100 °C (3810°F) cannot, however, be accepted as a 
true melting temperature, since the optical pyrometer was not call- 
brated, nor was a correction made for absorption by the window glass. 

The pressure reading during actual melting was ordinarily about 
1 to 5 microns, but prior to melting and after freezing the pressure was 
usually 0.1 micron or better. Most of the pressure observed was due 
to some decomposition of the BN. In one experiment where a charge 











1960 HIGH BORON ALLOYS 975 


of molybdenum was heated at 2000°C (3630°F), the pumps were 
isolated from the furnace chamber and the pressure measured with a 
McLeod gage. The pressure very quickly rose to a few hundred microns 
and remained fairly stable after the first minute or two. This decomposi- 
tion pressure, however, is not high enough to prevent its use in melting 
boron or boron-rich alloys. 

It was necessary to eliminate many possible alloying elements be- 
cause of excessive volatility. Even iron was not retained as well as could 
be desired ; from an addition of 5.8% only 4.8% was retained. Moder- 
ately high boiling elements like gallium (2070°C) and silicon 
(2600°C) were largely eliminated during vacuum melting. The use of 
inert gas might have allowed somewhat better alloy retention, but it is 
doubtful if the improvement in recovery in most cases would have 
compensated for the much poorer heating efficiency obtained under 
these conditions. 

The boron nitride crucibles did not appear to contribute any sig- 
nificant impurity to the melts. One heat containing about 6 atom % 
titanium showed the presence of only 0.0018% Ne by vacuum fusion 
analysis. However, some wetting of the crucible by the melts occurred 
in every case. This wetting was sufficiently pronounced so that it was 
practically impossible to obtain a reasonably flat, regular ingot. The 
melt almost always wet one side of the crucible more than another, so 
that the crucible charge froze in a very irregular shape. In one extreme 
case, an almost completely enclosed hollow box was formed as a result 
of the wetting of all surfaces including the cover. Because of the small 
size of the melts and their very high melting point, casting to a regular 
shape appeared unfeasible. Instead, attention was focused on the pos- 
sibility of hot pressing alloys to a desired shape. 


X-RAY DIFFRACTION OF THE ALLOYS 

Early in the work, considerable effort was expended in attempting 
to obtain structural information from the various alloys by means of 
Debye-Scherrer powder patterns. However, it is well known that the 
boron diffraction pattern is extremely complex. Because of this, most 
of the attempts to obtain useful structural information were unsuc- 
cessful. The additional lines contributed by second phases (borides) 
caused coincidences and a multiplicity of lines that generally could 
not be unraveled from those arising from boron. In addition, in cases 
where there was appreciable solid solubility involved, shifting of boron 
lines compounded the difficulties. 

However, there were a few cases where some interesting information 
was gleaned. In the 6 A/O titanium alloy, it was possible to identify 
the presence of TiBs, so that there is a fairly high degree of confidence 
in labeling the boride present in this alloy. The only other system 
where it is possible to obtain something of interest was in the B-Y 
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system. Two new phases were identified: YBi2, isomorphous with 
UBj2; and a rather unique phase of unknown composition but near 
1+ A/0 Y, with a unit cell of cubic symmetry, containing around 1700 
atoms (5). 

It would of course have been possible to throw more light on the 
identity of the borides by making up a series of alloys in the high boron 
region of each system. Metallographic selection of those alloys, which 
were nearly all boride, together with x-ray data, would then have 
yielded structural information of the kind so conspicuously lacking 
here. However, such a lengthy investigation was not considered a 
necessary part of the initial survey now being described 


METALLOGRAPHY OF MELTED ALLoys 


vs, after 


Boron pieces were picked at random from the various all 
first carefully inspecting the fractured surfaces for any sign of non 
uniform appearance. The pieces were mounted in Bakelite and given 
a standard metallographic polish which included 600 wet or dry paper, 
8, 3, and %-micron diamond paste on paper, finishing with 0.1 micron 
alumina paste on cloth for cleaning up the sample. Most of the alloys 
showed a second phase, which could be readily seen without etching 
Where etching appeared desirable, a 1 HF — 1 HNO; — 2 H20 etch 
was used. 

The photomicrographs which follow show characteristic structures 
observed in the alloys. In most cases, it is presumed that the second 
phases are borides, many of which have been described before. How 
ever, there were a few new phases found. Positive identification of the 
second phases, as stated earlier, was in general not possible 


Pure Boron 


The Battelle boron as melted showed no indication of any second 
phase (see Figs. 2 and 3). The black spots in Fig. 2, and the bright 
spots in Fig. 3, taken with polarized light, are voids. The grain struc 
ture and twins are clearly brought out in Fig. 3. 


1 A/0 Gallium Alloy 
) 


Very little gallium was retained in the boron (about 0.2 weight %), 
and there is some doubt about the effect of gallium on the microstruc 
ture. Although there was some evidence of a second phase, it was not 
a clear-cut effect, and hence no photomicrograph is shown. 


1 A/O Yttrium Alloy 
This alloy was the most interesting one from a structural viewpoint. 
It was a two-phase alloy consisting of a small amount of essentially 
pure boron, but principally of a new phase of very complicated struc 
ture. The two-phase nature of the alloy can be seen in Fig. 4 which 
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Fig. 2—Pure Boron (As Polished). x 50( 
Fig. 3—-Pure Boron (Polarized Light) 1 


shows bands of twinned boron crossing a featureless field of the new 
phase. (See above under x-ray diffraction.) The cubic nature of this 
phase is suggested in Fig. 5 which shows a series of cracks crossing at 
exactly 90 degrees. The relatively large fraction of the cubic phase in 
this alloy as seen in Fig. 4, while Fig. 5 shows only this phase, indicates 
that its composition is only slightly over 1 A/O Y. A 2 A/O alloy showed 
excess Y Bp. 
6 A/O Yttrium Alloy 

Another previously unreported phase (YBy2) was found in the 6 
A/0 Y alloy. In Fig. 6 are 1) a matrix of the cubic phase, and 2) YBie 
embedded in it, isomorphous with the compound UB)» 


1 A/O Cerium Alloy 
Fig. 7 shows a compound which looked blue under the microscope 
with the daylight filter, and a background of a eutectic structure. 
Hansen (7) indicates CeBg as the most boron-rich boride in this 
system. Since the structure shows considerable excess boride, the 
eutectic evidently contains less than 12.5 weight % cerium. 
1 A/O Silicon Alloy 


Fig. 8 shows a few needles of a second phase which could be a silicon 
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Fig. 4—1 A/O Y (Polarized Light). x 100 

5—1 A/O Y (As Polished). x 100 
Fig. 6—6 A/O Y (HF-HNOs Etch). Xx 10 
Fig. 7—1 A/O Ce (As Polished). x 100 
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Fig. 10—6 A/O Zr (As P lished 
Fig. 11—6 A/O Cb (As Polished). x 100 
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boride. SiBg has been identified in this system (6), but the composition 
of the needles is not known. 


1 A/O Tin 


Since so little tin was retained in making the melt (see Table I) no 
information on this system was obtained. 


6 A/O Titanium 


As indicated in the table, the 1 A/O titanium alloy showed only a 
single-phase boron structure. However, the 6 A/0 alloy showed needles 
of a boride; x-ray evidence indicated it to be TiBs, (see Fig. 9). If 
correct, this may throw doubt on the existence of TieB;: see Hansen 
(7). 

6 A/O Zirconium 

Here again the 1 A/O alloy showed only a solid solution structure, 
but the richer alloy showed needles of a boride together with a fine 
eutectic structure ( Fig. 10). The second phase here is presumed to be 
ZrBy2, but no positive identification was possible. Note that the needles 
are apparently more brittle and hence more readily removed during 
polishing, as compared to the needles of TiBg in Fig. 8. 


6 A/O Columbium 


Fig. 11 shows what is apparently a eutectic structure with excess 
boride, presumably CbBe; see Hansen (7). The 1 A/O Cb (9.5 weight 
%) shows only the eutectic structure with excess boron. Hence the 
eutectic composition is probably somewhere in the vicinity of 11 weight 
% Ch. 

6 A/O Tantalum 


Fig. 12 shows once more the familiar boride needles with a few 
smaller needles which were probably thrown out of the liquid during 
a eutectic freezing. The boride according to Hansen (7) is TaBs, whose 
melting point is > 3000 °C (5430°F). As in the columbium case, the 
1 A/O tantalum alloy shows the eutectic with excess boron, suggesting 
a eutectic composition around 25 weight % tantalum. 


6 A/0 Molybdenum 
] 


In the higher molybdenum alloy, a eutectic with excess boron seemed 
to be present (see Fig. 13). Possibly because of the absence of a notcl 
effect from the boride needles, this alloy appeared to be somewhat 
tougher than most. This is in agreement with the common observation 
that a finely divided and well dispersed brittle phase allows a much 
tougher structure than the same phase in large angular needles or 
sheets. The structures of the following high borides have been reported 
by Kiessling (8): MoBe and MooBs, the actual composition of the 
latter is about 70 A/O B. There is evidence that MoeB, transforms to 
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MoBz on heating above about 1600°C (2910°F). While as usual 
nothing definite can be said about the composition of the boride shown, 
it seems possible that it may be MooBs. 


6 A/O Tungsten 

According to Hansen (7) the highest boron compound in this sys 
tem is W2B, whose structure (Kiessling) (8) is closely related to 
MooB; but is not isomorphous with it. Fig. 14 shows a heavy concen 
tration of the boride, but this picture is not typical of the entire alloy 
which on the average contains much less boride. There was no obvious 
suggestion of a eutectic as in the molybdenum alloy, nor is tungsten as 
soluble in solid boron as molybdenum. 


5 A/O Rhenium 
Fig. 15 shows irregularly shaped particles of some compound. The 
boron-rhenium system is not mentioned by Hansen (7), an@ a short 
literature search failed to uncover any pertinent information. The | A/0 
alloy also showed this boride. 


6 A/O Iron 
Fig. 16 shows a background of boron with a second phase of FeB? 
(Hansen) (7). The extreme brittleness of this alloy, as in so many 
other cases, is shown by the multiplicity of cracks through the field 
It might be mentioned here that, as in some other instances, the region 
between 50 A/O B and pure boron has not been well explored. Hence, 
it is possible that some new boron phases might be present which are 
as yet unknown. The x-ray data obtained suggest that the boride is 
possibly not FeB 
6 A/O Nickel 
There appears to be considerable doubt about the identity of the 
most boron-rich boride. NiB is well established, but higher borides 
are not. Hence, any further comment about the second phase shown 
in Fig. 17 would only be conjecture. It was noted in polishing and it 
is fairly evident from the photomicrograph, that this boride is un 
usually hard. 
The 1 A/0 nickel alloy showed a single phase (solid solution) struc 
ture. 
6 A/0 Cobalt 
It is interesting to note the fine structure within the light-colored 
boride (Fig. 18), suggesting that the boride phase has a homogeneity 
range of sloping phase boundary, so that precipitation of (excess 
boron?) can occur on cooling. Another possibility is a eutectoid in 
version. The highest boride shown by Hansen (7) is CoB; but it is by 
no means certain that the boride shown is CoB. 
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Fig. 16—6 A/O Fe (As Polished). x 100 
Fig. 17—6 A/O Ni (As Polished) 
Fig. 18—6 A/O Co (As Polished). x 
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While most of the cobalt appeared to have gone into solid solution 
in the 1 A/O Co alloy, there was still some second phase left. 


Hot PrEssING EXPERIMENTS 
Two kinds of hot pressing experiments were carried out, and for 
two separate purposes. The low pressure work was aimed at normal 
consolidation by the regular techniques of powder metallurgy, but the 
high pressure work at 50,000 atmospheres was done to see if any new 
boron modifications would be stabilized. 


Low Pressure Hort PRESSING 


It has already been mentioned that the alloys as frozen in the BN 
crucibles were of no use for any mechanical property measurements 
because of their very irregular geometry. Therefore, attention was 
turned to hot pressing for obtaining some specimens for mechanica! 
property evaluation. Preliminary work was done with a small cylindri 
cal die of 54-inch ID for determining the feasibility of hot pressing. 

About 15 grams of pure boron powder crushed to 100 mesh was 
placed in the graphite die cavity. To prevent carburizing the boron, 
the graphite dies were lined with BN. The die was placed in an elec 
tronic 500-kc induction heating coil, insulated thermally by zirconium 
oxide refractory powder. The plunger of the die was lightly loaded 
during preliminary heating, and the loading was increased to 15007 
psi as the temperature rose to a maximum of around 2000 °< 
(3630 °F). It was found out early in the hot pressing experiment 
that no appreciable densification of the boron powder occurred muc! 
below 1900 °C (3450 °F), at least for short holding times of several 
minutes. 

It was generally observed that good results could be obtained 
temperature of about 1950 to 2000 °C (3540 to 3630°F) and a pre 
sure of 1500 to 2000 psi. It had been anticipated that some densification 
would occur at temperatures considerably lower than 1950 °C becauss 
of the observations made at Battelle suggesting some plasticity at 1350 
to 1400°C (see above). Possibly the sagging of the boron during 
deposition represents a negligible plasticity compared to that needed 
for hot-pressing at these low pressures. The density of one cylindrical 
pressing made in this fashion was about 2.36 g/cc. According to 
McCarty et al. (3), the density of the red boron is 2.46 g/cc while that 
of the black variety is 2.33 grams per cubic centimeter. 

While it was demonstrated that boron cylinders of good density 
could be made as outlined above, few were actually produced becaus« 
of experimental difficulties with the very high pressing temperature 
required. Furthermore, the small cylinders were of little use for me 
chanical property measurements. Two or three boron alloys were hot 
pressed, as well as the pure boron, but there was no indication that 


if 
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there was any appreciable difference in pressing behavior between 
these two classes of material. 

In order to test for any toughness or ductility, a test involving tensile 
stresses seemed necessary, and an effort was made to press some bend 
specimens 4 inch square by 1 % inches long. These attempts have 
thus far been unsuccessful because of failure of some part of the equip- 
ment, such as breaking of part of the punch assembly. The rectangular 
die is necessarily quite complex, and operation at these high tempera- 
tures leads to many possibilities of mechanical failure. 


Hicu Pressure Hort PReEssING 

The following experiments were carried out in a high-pressure 
apparatus of the type originally developed (9) to synthesize diamonds. 
The boron compositions used were 1 A/O Mo, 1 A/O Zr, 1 A/O Ni, 
1 A/O Y, and pure boron. The first three alloys are solid solution alloys 
of the black boron structure, while the 1 A/O Y alloy as mentioned 
earlier is mostly the new complex cubic phase (see Fig. 4). It was 
considered possible that at very high temperatures and pressures, some 
new phase of boron might be stabilized under ordinary conditions. As 
mentioned before, pure boron is known to exist in two different modifi- 
cations at normal pressure. 

The compacts were % inch in diameter and about '4 inch long as 
loosely packed. The pressure capsule was lined, as in the low-pressure 
experiments, with BN to prevent contamination. Outside the BN liner 
was a thin cylinder of graphite which conducted the heating current. 

To start a run, the capsule was loaded into the cavity of the pressure 
apparatus, and the pressure was controlled to produce a unit pressure 
of 50,000 atmospheres. The temperature was then raised quickly to 
2500 °C (4530°F) by controlling the voltage and amperage through 
the compact. The electrical characteristics—temperature relationship— 
had previously been established during calibration runs. After holding 
at this temperature for 1 % to 2 minutes, the charge was lowered to 
room temperature over a period of about 5 minutes to avoid thermal 
cracking of the boron as far as was possible. The boron compact in 
every case was apparently laminated along the diameter because on 
removing the boron from the capsule assembly, the compacts all broke 
into many disk-shaped pieces. These pieces carefully cleaned from any 
foreign material were ground to powder in a B,C mortar for x-ray 
diffraction powder pictures. 

The results of this examination showed no evidence of any new 
phase created by the high pressure. 


Hot HARDNESS TESTS 


A sample of pure boron and three of the 1 A/O solid solution alloys 
(Mo, Zr, and Ti) were mounted in nickel or copper holders by wedging 
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Fig. 19—Hot Hardness of Pure Boror 


Fig. 20—-Hot Hardness of B 1 A/O Me 


the pieces in a cavity with copper shot. The projecting pieces of borot 
alloy were then ground down flat to the holder level by a diamor 

grinding wheel. Then the samples were all metallographically polished 
as briefly described above. These samples were now ready for insertiot 
into a vacuum chamber-type hot hardness tester as described by West 
brook (10). Because a diamond pyramid indenter was used, the maxi 
mum temperature of test was limited to about 900°C. Only a diamond 
penetrator could be used with a material as hard as boron, and 

temperature in excess of 900°C (1650°F) could not be used because 
of too much reaction with the boron samples. The Vickers diamond 
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point was applied by a 100-gram load, and held for 15 seconds. The 
results are shown in Figs. 19 to 22 as graphs of log hardness vs tempera- 
ture as recommended by Westbre>k (11). Westbrook has found that 
for a large number of pure substances, the data plotted in this way 
give a linear relationship except where some structural change is 
occurring. For example, if some precipitation or strain-aging process 
is going on during the course of testing, this fact becomes quite obvious 
by a pronounced departure from a straight line. This linear relation- 
ship between log hardness number and temperature persists, usually, 
up to about half the melting point on the absolute scale. Beyond this 
point, a second branch of the curve of steeper slope (more rapidly 
diminishing hardness) is ordinarily observed. 

The data in Figs. 19 to 22 are plotted this way, not so much for the 
reasons given above, but principally to condense the hardness scale 
which would be exceedingly long if plotted as a linear function. The 
filled circles marked “K” on three of these figures represent room 
temperature hardness values obtained on the Kenatron hardness tester, 
for comparison purposes. It is not surprising that the agreement with 
the hot hardness tester is not perfect, since the hardness level is so 
high. This means that any very minor difference in mode of application 
of load, or slight dulling of the penetrator would have a large effect 
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on the impression diameter, compared to softer materials. As can 
readily be observed, there was a large amount of scatter, so much so 
that it did not seem justifiable to draw lines through the data. The 
reason for the rather rapid fall in hardness at temperatures above 500 to 
700 °C (930 to 1290 °F) is not known. 

Looking at the comparative hardness levels, it is at once obvious 
that the hot hardness of the solid solution alloys is considerably above 
the level of the pure boron. In the vicinity of 300 °C the titanium alloy 
appears to be about 1000 VHN harder than the pure boron, but at 
800 °C (1470 °F) this differential drops to about 700 VHN. All three 
alloys have a hardness close to 1000 VHN at 900°C (1650°F), a 
rather remarkable hardness level (more than double the hardness of 
sapphire or of TiC at this temperature ). There seems to be little doubt 
that such alloys would have great potential in the high temperature 
held if only some slight ductility were present. 


SUMMARY 

1. Several high boron alloys were prepared by high-frequen 
vacuum melting in order to evaluate them as possible 
temperature structurai materials. 

2. Some interesting metallographic information was obtained 
regarding the microstructure of such alloys, including some 
slight insight into the various phase diagrams. 

3. Several alloying elements were found to have appreciable 
(~1A/0) solid solubility in boron. These were Ti, Zr, Mo 
Fe, Co, and Ni. 

4. Three of these solutes (the only ones examined) Ti, Zr, and 
Mo, were found to greatly increase the hot hardness of boron 
up to the maximum temperature used, 900 °C (1650 °F). 

5. X-ray diffraction data in general did not yield much informa 
tion about the second phases formed in the alloys, but the fo! 
lowing phases were recognized: TiBe, ZrBi2 and a new com 
plex cubic phase of approximate composition Y Bs, with close 
to 1700 atoms in the unit cell. 


ACKNOWLEDGMENTS 
The author is indebted to several colleagues for assistance ; in pat 
ticular to F. H. Horn for the benefit of his experience in melting boron 
and to J. S. Kasper for collaboration in x-ray structural analyses. The 
somewhat unique metallographic work was competently performed | 
A. E. Wituszynski. L. S. Butler was in charge of making the alloys 


References 


1. J. W. Semmel, Jr., “Some Experiments with Boron,” General Electric R« 
search Laboratory Memo ME-46 

2. D. E. Sands and J. L. Hoard, Journal, American Chemical Society, Vol 
1957, p. 5582 


























1960 HIGH BORON ALLOYS 989 


» 
3. 


10. 


1] 


L. V. McCarty, A. E. Newkirk, F. H. Horn, B. F. Decker and J. S. Kasper, 
“A New Crystalline Modification of Boron,” General Electric Research 
Laboratory Memo C-GP-MCR-1. 


. D. R. Stern and L. Lynds, “High Purity Crystalline Boron,” Electrochemical 


Society, Vol. 105, 1958, p. 676. 
J. S. Kasper, private communication. 


_R. F. Adamsky, “Unit Cell and Space Group of Orthorhombic SiBs,” Acta 


Crystallographica, Vol. 11, 1958, p. 744. 
M. Hansen, Constitution of Binary Alloys, 1958. McGraw-Hill Book Co., 
New York. 


. R. Kiessling, “The Crystal Structures of Molybdenum and Tungsten Borides,” 


Acta Chemica Scandinavica, Vol. 1, 1947, p. 893. 


. “Man-Made Diamonds,” General Electric Research Laboratory Booklet GR 


76, (March 1955). 

J. H. Westbrook, “Microhardness Testing at High Temperature,” Proceed- 
ings, American Society for Testing Materials, Vol. 57, 1957, p. 873. 

J. H. Westbrook, “Temperature Dependence of the Hardness of Pure Metals,” 
TRANSACTIONS, American Society for Metals, Vol. 45, 1953, p. 221. 








COLUMBIUM-OXYGEN SYSTEM 
By Ropney P. ELtiott1 


Abstract 


The columbium-oxygen equilibrium system has been de 
termined by metallographic examination of arc-cast alloys 
made of electron-gun-refined columbium metal and special 
purity columbium pentoxide. Two intermediate oxides 
CbO and CbhOxz, melt without decomposition at 1945 and 
1915 °C (3533 and 3479°F), respectively. Eutectic rea 
tions exist between columbium and CbO at 1915°C 
(3479°F) and between CbO and CbO, at 1810°C 
(3290 °F). Experimental evidence supports a peritectic re 
action between CbO, and Cb,O; at 1510°C (2750°F 
The maximum solid solubility of oxygen in columbium 
metal is 0.72 weight %. (ASM-SLA Classification: M24! 

Cb, ) } 


Priok KNOWLEDGE 


HE OXIDES of columbium have been the subject of numerous 

investigations as te their number, formula, and range of homoge 
neity (1—7).' There are no published data, however, on the temperatur« 
dependence of phase equilibria. 

Seybolt (2), by «-ray and miscroscopic investigations, reported 
primary solid solubility of oxygen in columbium to be 0.25 and 1.0 
weight % at 775 and 1100°C (1427 and 2012°F), respectively 
Three oxides exist in the system: CbO, CbOs, and CbheOs5. CbO and 
CbhOz have no measurable range of homogeneity and are cubic and 
rutile structure, respectively. Three allotropic forms of CbheOs are 
reported, but the structures of these are unknown with the exception 
that the low temperature form seemingly is isomorphous with Ta2O; 

Recent investigations have clarified the allotropy of Cb2O;. Gold 
schmidt (8) by high temperature x-ray techniques has shown that the 
high temperature 8-form of CbeO,; is the only stable structure up to 
900 °C (1652 °F). Shafer and Roy (9) are in agreement but report a 


further form above 1280°C (2336°F) which cannot be retained by 





quenching. 
EXPERIMENTAL PROGRAM 


A. Alloys 


Initially, thirty-five alloys were selected based on the previous! 


1 The figures appearing in parentheses pertain to the references appended to this pa 


A paper presented before the Forty-first Annual Convention of the S 
held in Chicago, November 2-6, 1959. 

The author, Rodney P. Elliott, is research metallurgist, Metals Research 
partment, Armour Research Foundation of Illinois Institute of Technology 
Chicago. Manuscript received May 21, 1959 
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Table I 
Composition of Columbium-Oxygen Alloys 
Alloy No w/o Oxygen Chemical Analy 
1 0.5 
2 1.0 
$ 1.5 
4 2.0 
5 2.5 
6 3.0 
7 3.5 
. 4.0 
9 4.5 
10 5.0 
11 6.0 
12 70 
13 8.0 
14 90 
15 10.0 10 
16 11.0 
17 12.0 
18 13.0 
19 14.0 
20 15.0 15.05* 
1 16.0 
2? 17.0 
3 18.0 
4 19.0 
5 20.0 
26 20.5 14 
7 21.0 
7 22.0 
29 23.0 
30 24.0 
31 25.0 
32 26.0 
33 27.0 
34 28.0 
35 9.0 
A 0.05 0.07 
B 0.10 0.125 
( 0.20 0.216 0.174 
D 0.30 0.310 
F 0.40 0.400 
F 0.50 0.184 
eC 0.60 0.594 
H 0.70 0.685 
I 0.80 0.805 0.868 
| 0.90 0.820 


* By chemical oxidation; all others by vacuum fusi 


published data. Extrapolation of Seybolt’s solid solubility data indi 
cated the maximum solubility of oxygen in columbium to be 3 or 4 
weight % at the three-phase equilibrium between melt, CbO, and the 
columbium solid solution. Alloys were planned at 14% intervals to de- 
lineate this boundary metallographically. Subsequently, additional al- 
loys containing less than 1% oxygen were required for this delineation. 
Alloys that were prepared are listed in Table I. 


B. Materials 


Of utmost importance in the investigation of phase equilibria is the 
purity of the material from which the alloys are made. This was of par- 
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Table Il 
Typical Analysis of Cb:0; 
Impurity Wt% Present 
TazOs 0.005 
Si 0.04 
Mg 0.0001 
Al 0.007 
Ni 0.0005 
TiOs <0.005 
Fe <0.001 
W <0.01 
Zr <0.02 
Sn <0.005 
Yb <0.01 
Pb <0.001 
Cr <0.001 
Co <0.001 
Cu <0.0001 
Mo <0.002 
V <0.001 
Mn <0.001 
Be <0.0005 
Zn <0.0005 
B <0.0001 
Cd <0.0001 


ticular concern with reference to columbium because of its abilit 
“getter” oxygen. Three forms of columbium were available—powder 
sintered block, and extruded material. Each of these forms was | 
in interstitials than was deemed allowable. A process developed by 
Richmond Research Laboratories of Stauffer Chemical Company (10 
enables columbium to be refined by electron bombardment melting 
Processing by this technique eliminates virtually all of the oxyger 
nitrogen, and hydrogen, and the carbon when present in amounts lé 
than oxygen. Metallic impurities of low vapor pressures are likewise 
eliminated. Thus, lead, tin, 75% of the normal ambient iron, and 50° 
of the normal ambient silicon are removed. By comparing hardnesses 
of various grades of arc-melted columbium, one may see the efficien 
of the removal of interstitials by the electron-gun melting technique 
Arc-melted “Electro Metallurgical” columbium has a Vickers hardness 
of 141 compared to 55 for the refined material. 

The columbium used was purchased from Electro Metallurgi: 
Company and then refined by Stauffer. The refined ingot was col 
pressed and rolled to 0.05-inch sheet. The sheet was then cut 
pickled, and stored. 

All alloys were prepared from Cb2O; obtained from Fansteel Met 
lurgical Corporation. The grade supplied was specially processed 
minimize metallic impurities. A typical analysis is presented in Tabl 
Il. 

The CbeO; was first briquetted using water as a lubricant, dried, 
and fired at approximately 1000 °C (1832 °F). The sintered compa 
were then broken into convenient sizes for weighing charges. The si! 

for 


roher 
If ri¢ 





tering procedure was necessary to provide sufficient strengtl 
handling in preparation of charges. 
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Table Ill 
Incipient Melting Data 

Alloy, Observed Melting 
Wt% Oxygen ae Remarks 
6 1950 Re-examination of specimen indicated melting 
& 1910 
10 1915 
il 1920 
12 1945 
14 1945 
14.7 (CbO) 1925 Continued melting up to 1940°C 3524°F) 
15 1830 
15 1895 
iS 1940 
18 1835 
20.5 1820 
22 1810 
24 1810 
25.6 (CbO») 1915 No melting of specimen taken to 1900°C (3452°F 
26 1910 
26 1815 Localized melting 
27 1510 Localized melting, continued melting as tempera- 

ture rose 
28 1835 
29 1510 Appears as congruent melting 
30.1 (Cb20s) 1495 
Table IV 
Tabulation of Isothermal Annealing 

femp Time 

a hr Furnace Sample Treated 

500 720 Wire wound, V* cor capsule 1-35, A-J 

800 96 Wire wound, Vycor capsule 1-35, A—J 
1000 43 Wire wound, Vycor capsule 1-35, A-J 
1200 24 Wire wound, quartz capsule 1-35, A-] 
1400 15 Globar, quartz capsule 1-35, A-J 
1600 1 Vacuum resistance 1-11, 13, 15, 17, 19, 21, 23, 25, 28, 30, A-J 
1800 4 Vacuum resistance 1-11. 13, 18, 17, 19, A-J 


( % Melting 


Ten- and twenty-gram alloy ingots were arc-melted in a water-cooled 
copper crucible. To promote homogeneity, the alloy buttons were 
turned over and remelted five times. To minimize tungsten pickup, the 
are was initially struck on a columbium stud on the crucible. Attempts 
to melt using a water-cooled columbium electrode proved to be impos- 
sible because of the poor thermal and electrical conductivity of colum 
bium. 

Alloys 1-35 were melted directly from prepared columbium and 
sintered CbeO;. Alloys A-J were made from columbium sheet and a 
5% master alloy. 

Button ingots were weighed after melting. Negligible losses on melt- 
ing indicated that the nominal composition should be accurate. This is 
borne out by random chemical analyses presented in Table I. Losses 
because of the extreme brittleness of the alloys in the range 26 to 29% 
oxygen prevented use of reweighing in establishing the variation of the 
composition from nominal. Inasmuch as the breakup occurred after 
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cooling to room temperature, it is expected that these alloys should 
also be close to the nominal composition. 

Two methods have been used for chemical analysis: (a) chemical 
oxidation, in which the digested alloy is converted to CbhoO; (the in 
crease in weight is calculated as metallic columbium, the difference 
from the original weight being oxygen), and (b) vacuum fusion 
Neither of these is an ideally suited method of analysis. The more 
dilute alloys are high in oxygen for a vacuum fusion method; the er 
ror for the chemical oxidation method is likewise at a maximum in this 
range. 


D. Heat Treatment and Incipient Melting 


Prior to equilibrating heat treatments, alloys up to 20% oxygen were 
1 g : yg 

given an homogenization heat treatment of 48 hours at 1200°C 

(2192 °F). Because of the high hardness of the alloys, it was impos 

sible to work them before heat treatment. Samples were broken from 

the ingots for heat treatment and encapsulated in Vycor or quartz for 

isothermal annealing treatments up to 1400 °C (2552 °F) in resistance 


1 
} 


wound or Globar furnaces with temperature control of + 3°C. At the 
expiration of the annealing time such samples were quenched into cold 
water. 

Anneals at temperatures of 1600°C (2912°F) and above were a 
complished in a vacuum resistance furnace which has been previously 
described in the literature (11). Temperatures are observed and con 
trolled with the aid of an optical pyrometer. At the expiration of th 
annealing time, specimens are dropped to the cold metal floor of the 
furnace. Observations indicated that the temperature fell to below 
1000 °C (1832 °F) in about 5 seconds. Specific details of the isothermal 
annealing program are tabulated in Table IV. 

Melting curves of the phase diagram were determined by the in 
cipient melting technique. In this method a small sample is hung on a 
tungsten wire and heated in the vacuum furnace previously mentioned 
The temperature of the specimen is observed continuously with an oj 
tical pyrometer as the temperature is raised. The first signs of melting 
are taken as the incipient melting temperature. Such a temperature cor 
responds to an approximation of the solidus temperature. These in 
cipient melting data are interpreted in accordance with the observed 


metallographic structures 

The design of facilities for heat treatment of columbium alloys 
serious problem. Weight gains of 12% have been experienced in 
nealing treatments of pure columbium in a dynamic vacuum. It is ut 
likely, however, that any serious contamination would occur for an 
compositions other than unsaturated columbium. Oxidation of the more 
oxygen-rich alloys would result in the formation of a superficial fil1 
which does not alte’ the composition of the bulk of the heat treated 
specimen 





sw 
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Fig. 1—Incipient Melting Temperatures of Columbium 
Oxygen Alloys 


THE PHASE DIAGRAM 

Metallographic examination of as-cast structures verified that, in 
addition to CbhoO;, there are two suboxides of columbium: CbOz and 
CbO. As-cast structures similarly indicated that there are two eutectics, 
the compositions of which are approximately 10 and 21 weight % 
oxygen, respectively. As-cast microstructures of alloys between CbOe 
and Cb2O; gave no evidence of the three-phase freezing reaction. 

The incipient melting data are tabulated in Table III and plotted 
on the phase diagram in Fig. 1. The temperature of the eutectic reac- 
tion L— Cbg, -+ CbO is found to be 1915°C (3479°F), while the 
temperature of the reaction L— CbO + CbOg is found to be 1810 °C 
(3290 °F ). The determination of the congruent melting temperatures 
of CbO and ChOsz is difficult because of the extremely narrow range of 
homogeneity. It is almost impossible to prepare an alloy exactly on com- 
position; hence, there are small amounts of matrix eutectic which is 
observed on incipient melting studies. The melting temperature of 
CbO must be in excess of 1915°C (3479°F). The incipient melting 
temperature of alloys containing 12 and 14% oxygen was found to be 
1945°C (3533°F), while alloys containing 15% oxygen (on the 
oxygen-rich side of CbO) in some instances gave incipient melting 
temperatures below 1915 °C (3479°F). These phenomena are inter- 
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Fig. 2—Cb— O, annealed 1200 °C (2192 °F). Columbium solid solutior 
etched 
Fig. 3—Cb—1% O, annealed 500 °C (932 °F). Grain boundary Cb—CbO eutectic wit 
Cb solid solution. xX 250, etched 
Fig. 4—Cb—5 O, annealed 1200 °C (2192 °F). Pro-eutectic columbium in matrix 
Cb—CbO eutectic. * 25 etched 


preted as resulting from a very fluid eutectic liquid between CbO and 
CbOs, with a less fluid eutectic liquid between Cb,, and CbO. Thus 
1945 °C is taken as the melting temperature of CbO. Incipient melting 
studies of a stoichiometric alloy of CbO did not refine the determina 
tion. 














a 
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Fig. 5—Solid Solubility of Oxygen in Columbium 


\ congruent melting temperature of 1915 °C (3479°F) for ChOs 
is well documented by the incipient melting data. 

The terminal solid solubility of oxygen in columbium was found to be 
between 0.5 and 1.0%,. This is illustrated by Figs. 2 and 3. The amounts 
of eutectic and CbO in grain boundaries and within the grain increase 
regularly as the oxygen content increases, thus negating the possibility 
of erroneously basing the above conclusion on contaminated alloys. A 
typical microstructure of a 5% oxygen alloy is presented in Fig. 4. 

In order to ascertain the solubility limit a second series of alloys, 
A-J, were prepared. Metallographic evaluation of the microstructures 
is plotted in Fig. 5. These data indicate a variation of solid solubility 
from 0.25 at 500 °C (932 °F) to 0.72 at the eutectic temperature. From 
this metallographic investigation, the most oxygen-rich alloys that were 
single phase at the various annealing temperatures were broken from 
their mounts and chemically analyzed. These data are shown as open 
circles in Fig. 5. With the exception of the 1400 °C (2552°F) datum, 
all lie near and to the left of the solubility boundary determined metal- 
lographically. 

The positioning of the eutectic composition between Cb and CbO is 
documented by Figs. 6, 7, and 8 for alloys containing 9, 10, and 11 
weight % oxygen. Fig. 6 shows the typical structure of eutectic with 
pro-eutectic columbium. In complete contrast to this structure is Fig. 
8, with pro-eutectic plates of CbO. Fig. 7, the 10% oxygen alloy, shows 
a small amount of pro-eutectic columbium. The eutectic composition 
is therefore taken as 10.5 + 0.5 weight % oxygen. 
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Fig. 6—Cb—9% O, annealed 1200 °C (2192 °F). Cb dendrites in matrix of (¢ CbO 
eutectic. X 250, etched 
Fig. 7—Ch—10% O, annealed 1200 °C (2192 °F). Ch dendrites in matrix of Cbh—CbO 


eutectic. K 250, etched 
Fig. 8—-Cbh—11% O, annealed 1200 °C (2192 °F). CbO needles in matrix of Cbh—CbO 
eutectic. X 250, etched 
Fig. 9—C1 0% O, annealed 1200 °C (2192 °F). Pro-eutectic CbO in matrix 
CbhO—CbOs eutectic. X 250, unetched 


Similarly, the eutectic composition between CbO and CbOzs at 21 
weight % oxygen is documented by Figs. 9, 10, and 11. Pro-eutectic 
CbO appears white, while pro-eutectic CbO. appears gray in these 
inicrographs. 
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Fig. 1 Cbh—21% O, annealed 1200 °C (2192°F). CbhO—CbOs eutectic x 2a 
unetched 
Fig. 11—-Ch—22% O, annealed 1200 °C (2192 °F). Pro-eutectic CbO2 in matrix of 


CbO—CbOx2 eutectic. K 250, unetched 
Fig. 12—Cb—14% O, annealed 1200 °C (2192 °F). CbO in Cb—CbO eutectic. x 250, 
etched 
Fig. 13—Cb—15% O, annealed 1200 °C (2192 °F). CbO in ChO—CbOsd eutectic. XK 250, 
unetched. 


Figs. 12, 13, and 14 are of microstructures in the vicinity of CbO. 
The matrix of the 14% oxygen alloy is the Cb-CbO eutectic, that of 
the 15 and 16 weight % oxygen alloys is the CbO-CbOz eutectic. 
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Fig. 14—Cb—16% O, annealed 1200 °C (2192 °F). CbO in ChO—CbOs eutectic 
unetched. 
Fig. 15—Cb—25% O, annealed 1200 °C (2192°F). CbOs in degenerate ChO—CbOs 
eutectic. X 250, unetched 
Fig. 16—Cb—26% O, annealed 1200 °C (2192 °F). CbOs with crystals of CbaOs. « 2 
unetched 
Fig. 17—-Cb—27% O, annealed 1200 °C (2192 °F). CbO2 with CbeOs. x 250, unetched 


Stoichiometric CbO contains 14.69 weight % oxygen. Relative amounts 
of eutectic indicate that any solid solubility is negligible. 

Figs. 15 and 16 position CbO, at the stoichiometric composition 
25.62 weight % oxygen. Fig. 15 shows a degenerate eutectic of CbO 
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Fig. 18—Cb—28% O, annealed 1200 °C (2192 °F). CbOse with CbeOs. K 250, unetched. 
Fig. 19—Cb—29% O, annealed 1200 °C (2192 °F). CbhOe with CbheOs. x 250, unetched 


CbOzg surrounding grains of CbO2 while Fig. 16 shows CbOs with 
crystals of CboOs. 

Figs. 17, 18, and 19 of alloys containing 27, 28, and 29 weight % 
oxygen, respectively, are included to show the lack of a eutectic micro- 
structure. Interpretation of these alloys is complicated by non-ideal 
solidification. These alloys in the liquid state are very fluid. In freezing, 
they form a large, thin pancake on the copper hearth. There is then seg- 
regation as columnar freezing begins at the cold surface. 

Specimens were isothermally annealed at temperatures from 500 
to 1800 °C (932 to 3272°F) as shown in Table IV. Examination of 
the microstructures of such annealed specimens showed no phases 
formed by peritectoidal reactions nor any eutectoidal decomposition. 
Except at very high temperatures, the annealing did not substantially 
change the as-cast configuration. 

Additional experiments were undertaken in an attempt to resolve 
the nature of the three-phase reaction between CbOz and CbeO;. Pow- 
der compacts were prepared from Cb2O; and columbium powder at 
0.5% intervals between 26.0 and 29.5 weight % oxygen. These were 
suspended on tungsten wires and held in the liquid plus CbO2 phase 
field for approximately 5 minutes. The temperature of the furnace was 
then slowly cooled to 1400 °C (2552°F) in order to produce an un- 
segregated microstructure and to develop peritectic walls, if this be the 
three-phase reaction. Again, the microstructures gave no evidence of 
the mode of solidification. Arc-melted CbeOs is gray ; however, minor 
differences in oxvgen contents cause a variation in the color. 
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sy comparing the melting temperature of alloys in the CbOzs plus 
Cb2O; phase field with the melting temperature of CbhoQO;, it is theo 
retically possible to distinguish between the eutectic and peritectic re 
actions. Such samples were suspended together and incipiently melted 
Again, the results were inconclusive since the melting temperatures are 
too close together 

Incipient melting data of alloys between ChOzg and CbeQ; are, in all 
instances, greater than the incipient melting temperature of Cb2O5. On 
the basis of this temperature trend, the lack of metallographic evidenc: 
indicating eutectic freezing, and reports in the literature of solid solu 
bility of the pentoxide, a peritectic reaction is hypothesized. 

On the basis of the data described, the phase diagram is presented 
in Fig. 20. For this presentation, the melting point of columbium is 
taken as 2415 °C (4379 °F) as originally determined by Fansteel (12 
and corroborated by Armour Research Foundation (13). 


X-Ray INVESTIGATION 


Annealed specimens of the intermetallic compounds were powdered 
for Debye-Scherrer x-ray investigation. X-ray powder patterns were 
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then made with nickel-filtered copper radiation in a Straumanis camera 
of 114. 59 mm diameter. 

The complete powder pattern of CbO and the large d values of the 
powder patterns of CbOs and CbeO; are recorded in Tables V, VI, and 
VII. 

The crystal structure of CbO was corroborated as simple cubic (1,4) 
with a lattice parameter of 4.210 A. Inasmuch as density calculations 
require three molecules of CbO per unit cell, the cubic symmetry neces- 
sitates that Cb atoms lie at (004), (050), and (400) ; 0 atoms lie at 
(440), (404), and (044) ; lattice sites (000) and (444) are vacant. 

The CbOz pattern is that of the rutile structure with additional lines 
as has been recorded in the literature (1,4,7). 

No allotropy was detected in Cbe2O;5. This verifies the recent work 
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Table V 
X-Ray Pattern of CbO 

I d,A hkl 
M 4.160 100 

M 2.946 110 

M 2.416 111 

Ss 2.095 200 

M 1.873 210 

M 1.713 211 

S 1.484 220 

M 1.400 300/221 
M 1.328 310 

Ss 1.267 311 

M 1.212 222 

Ww 1.167 320 

M 1.123 321 

S 1.051 400 

W 1.020 410/322 
W 0.9911 411/330 
M 0.9652 $31 

s 0.9409 420 

W 0.9182 421 

W 0.8972 332 

Ss 0.8592 422 

W 0.8417 500/442 
M 0.8254 510/431 
S 0.8102 §11/333 
M 0.7817 520/432 


S =strong; M =medium; W =weak 
Simple cubic, ao =4.210 A. 

Cb: (0044) (0440) (4400) 

O: (4%0)(144014) (01444) 





Table VI 
X-Ray Pattern of CbO, 
I d, A I d,A 
W 3.790 VW 1.615 
Ww 3.644 VW 1.597 
S 3.455 Vw 1.574 
VVW 3.377 VVW 1.551 
Vw 3.238 M 1.536 
VW 2.816 M 1.501 
VVW 2.732 Vw 1.465 
VVW 2.649 VW 1.445 
S 2.557 M 1.424 
W 2.439 M 1.374 
VVW 2.340 VW 1.319 
Ww 2.266 VW 1.299 
VVW 2.177 W 1.276 
Vw 2.081 M 1.229 
Vw 1.981 W 1.213 
VVW 1.921 Vw 1.194 | 
Vw 1.902 Vw 1.177 | 
VVW 1.869 VVW 1.159 
Ww 1.803 M 1.144 
S 1.762 M 1.128 
S 1.717 M 1.095 
VVW 1.701 W 1.084 
Vw 1.640 W 1.071 


VS =very strong 
S =strong 
M =medium 
W =weak 
VW =very weak 
VVW =very very weak 





mw 
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Table VII 
X-Ray Pattern of Cb,.O, 

I d,A I d, A 
W 5.181 S 1.901 
M 5.049 Vw 1.850 
M 4.678 Ww 1.811 
Vw 4.081 W 1.773 
Vw 3.955 M 1.740 
Ww 3.781 WwW 1.728 
Ss 3.703 Vw 1.706 
Ss 3.571 S 1.674 

S 3.455 VVW 1.646 
Ww 3.390 Ww 1.610 
M 3.322 S 1.589 
Vw 3.216 S 1.575 
Vw 3.054 M 1.553 
S 2.814 M 1.523 

S 2.747 Vw 1.511 

S 2.686 W 1.489 
VVW 2.607 M 1.454 
M 2.518 VVW 1.433 
M 2.461 M 1.405 
Vw 2.426 M 1.394 
M 2.306 VVW 1.328 
5 2.068 Ww 1.316 
Ss 2.039 M 1.301 
Vw 1.986 M 1.278 
M 1.263 

VS =very strong W =weak 
S =strong VW <=very weak 
M =medium VVW <=very very weak 


of Goldschmidt (8) and Shafer and Roy (9). The pattern presented in 
Table VII is that of the so-called high temperature or 8-phase of 
Ch2Os. 

Contamination of columbium powders on annealing precluded estab 
lishing the lattice parameters of the solid solubility of oxygen in colum- 
bium. 

HARDNESS Data 

Vickers hardnesses were measured of the dilute oxygen alloys. A 
weight of 300 grams was employed. These data are plotted, as a func- 
tion of the quenching temperature, in Fig. 21. 


SUM MARY 


Metallographic analysis of as-cast and annealed arc-cast samples has 
enabled the Cb-Cb2O; binary equilibrium diagram to be constructed. 
Salient features of the diagram are as follows: 

1. Three oxides of columbium exist: CbO, CbOs and CbeOs. 
These melt congruently at 1945, 1915, and 1495°C (3533, 
3479 and 2723 °F), respectively. CbO and CbOz have negli- 
gible solid solubility. 

2. A eutectic reaction occurs at 1915 °C (3479°F) : 

L.10.5%0 —> Cbo.z2%0 ++ CbO 
3. A eutectic reaction occurs at 1810 °C (3290 °F): 
Leino CbO + CbO.z 
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4. A peritectic reaction at 1510°C (2750°F ) is consistent with 
experimental data: 
L<29.5%0 + ChO2 > Ch2O05 — 290%0 
5. The solid solubility of oxygen in columbium varies from 0.25 
weight % at 500°C (932 °F) to 0.72 weight % at the eutectic 
temperature 
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DISCUSSION 


Written Discussion: By W. D. Klopp, Battelle Memorial Institute, Col 
Ohio 
The author is to be commended on his careful investigation of the colum! 
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A relatively large difference exists between the oxygen solubility in columbium 
as reported here and that reported earlier by Seybolt (2). The solubilities at 800 
and 1100 °C (1470 and 2010 °F) from these two investigations are compared with 
data on tantalum (3) and vanadium (4,5) in Table VIII. The solubilities in these 
three metals may be expected to be similar, considering their positions in the pe 
riodic table and other similarities between these three metals. On the basis of com- 
parative solubilities at 800 and 1100 °C (1470 and 2010 °F), the data of the present 
investigation appear preferable 

The author mentions that variations in the oxygen content of CbeO; cause 
changes in its color. I would like to add that experiments in our laboratory 
indicate that the oxide is white when rich in oxygen (as on the surface of an 
oxidized sample) and dark gray when lean in oxygen (after vacuum heating at 


1500 °C) 


Table VIII 
Solubilities of Oxygen in Columbium, Tantalum and Vanadium 


Heat of 
Oxygen Solubility Solutior 
atomic % ffH 
Metal 800"¢ 1470°F 1100°C (2010°I cal/n Reterence 
Columbiun 1.7 5.5 11,820 Seybolt 
Columbiun 2.3 2.9 2,450 Elliott 
Tantalum 1.6 2.5 4.660 Gebhardt 
Vanadiun 1.3 2.7 7.260 a) 


a) Estimated from data of Rostokert and Seybolt' 

Written Discussion: By D. L. Douglass, Knolls Atomic Power Laboratory, 
General Electric Company, Schenectady, N. Y 

The importance of this piece of research cannot be overemphasized, particularly 
for workers in the columbium alloy development field. The phase relations are 
necessary in order to study and understand the effect of oxygen as an impurity 
on structure, constitution and properties and in an understanding of corrosion 
and oxidation behavior of columbium and its alloys. The writer would like to 
express his thanks to Mr. Elliott for making this information available prior 
to publication. 

The diagram presented appears to be consistent with the incipient melting and 
metallographic data. However, one point is puzzling, and that is the large dis- 
crepancy between the value reported here and that presented by Seybolt (6) for 
the solubility of oxygen in columbium. An extrapolation of Seybolt’s data to 
the eutectic temperature of 1915 °C (3480 °F), at which point the solubility is a 
maximum, yields a solubility value of approximately 6 w/o compared to the value 
of 0.72 obtained in this investigation. A plot of both sets of data on the basis of 
the Van 't Hoff relation shows that fair agreement was achieved at low tempera- 
tures, and that Seybolt’s work showed increasingly higher solubility with tem- 
perature above about 900 °C (1650 °F). See Fig. 22. 

There is nothing to indicate that Mr. Elliott’s data do not represent the true 
solubility of oxygen in columbium, particularly in view of the pure materials 
used and of the oxygen analyses of the alloys after equilibration and examination. 

A similar difference of the solubility of nitrogen was observed by Ang and 
Wert (7) and by Albrecht and Goode (8). The former measured the solubility by 
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internal friction techniques and the latter by metallographic and concentratio: 
gradient methods. The latter methods indicated a considerably higher solubility 
than the internal friction method indicated. 

The higher solubilities of these two interstitial solutes has prompted a further 
look into the possible solubility relations as affected by the physical properties of 
columbium. The following exposition is more of an appendix to the paper than 
a discussion and will attempt to rationalize the solubilities in terms <f strair 





energy which results from the insertion of an “incompressible” sphere into ar 
infinite elastic medium 

\ consideration of the size difference between oxygen and the available inter 
stitial sites has led to a semi-empirical relationship between solubility and strait 
energy for several transition metals (9). A straight line was obtained by plot of log 
maximum solubility versus a strain energy parameter, E/V, where E is the 
elastic modulus at a homologous temperature of 0.3, and V is the volume of the 
flattened octadehral sites. The technique has been slightly refined for this discus 
sion to a plot of the solubility at 0.5 homologous temperature (not maxi 
solubility which occurred at much higher temperatures than the T/T, 0.3 
and for corrected octahedral volumes. 

The volume was calculated by assuming a hard sphere model, taking 1/3 of the 
unit cell volume minus the volume of that portion of the atoms associated wit! 
each site to give the net unfilled volume. There are six tetrahedrons per unit 
cell (two per octahedron) or % a.* for the gross interstitial hole volu Fact 
body-centered atom is shared by six sites, and since there are two body-centered 
atoms per site the total volume of hard spheres for these atoms is 4% x 2 times the 
atom volume, and is equal to 4/3x (V3a./4)*. The contribution of the corner 

3 


atoms which should be subtracted from the gross volume may be determined as 
follows. Each corner atom is shared by 24 tetrahedrons or by 12 octahed: 
Therefore, 42 corner atom per octahedron times 4 corner sites per lure 


yields %4 times the atom volume. The net interstitial volume is then 


V = Ka." — % (%r) (V3a./4)* Equatior 
V = 0.106a.’ Equation 2 
A foreign atom when introduced into a cavity of a pure metal may be likens 


to an incompressible fluid under pressure in a small spherical cavity in a 
wall elastic solid. A volume change occurs in the large elastic containet 
is related to the work necessary to displace a volume of material outward throug! 
a spherical shell. The work expended is stored in the lattice as strain energy 
maybe written as 


AH AV?/3(1+ 7) ° E/V Equati 
where y = Poisson’s ratio 
E = elastic modulus 


\ octahedral site volume 


The volume change which occurs in several transition metals by the introd 
of oxygen is identical to a first approximation, and Poisson’s ratio is also roug 
the same. A plot of solubility versus the parameter E/V then gives a mea 
relating solubility with strain energy 
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Fig. 22—The Dependency of the Solubility of Oxygen on a Strain 
Energy Parameter in Several B.B.C. Metals at T/T 0.5 


\lthough this technique is not rigorous, a straight line plot was obtained as 
shown in Fig. 22, the scatter of points not being excessive. The higher value for 
the oxygen solubility in columbium appears more reasonable on the basis of this 
analysis. 

An alternative method of writing the strain energy leads to another plot for 
the interstitials, carbon (10), nitrogen (8), and oxygen, in columbium. This re- 
lationship is given as 


AH = 8rR.(R: — R.)*GN Equation 4 
where R, = the hole radius 
R, = the interstitial atom radius 
G =the shear modulus 
N = Avogadro’s number 


The only variable in this equation for a given material is the term (R: — Ro)? 
which can be used as a strain energy parameter. The hole radius was taken as % 
(1 — V3/2)a. or 0.22 A°. This is the smallest distance in the flattened octahedral 
site and is the distance between the surfaces of two body-centered atoms. The 
other dimension, the distance between two atoms in the <110> direction, is much 
larger and should be unaffected by insertion of a foreign atom into the site. Fig. 23 
shows a plot of the solubility of carbon, nitrogen, and oxygen in columbium at 
1600 °C (2910°F) against the strain energy parameter, (R: — R.)*. A straight 
line was obtained by using Seybolt’s value for the solubility of oxygen 
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Written Discussion: By Frank J. Huegel, physical metallurgist, Pratt & Whit 
ney Aircraft, CANEL, Middletown, Connecticut. 

We have been interested in this system, primarily in the columbium oxyge! 
solid solution region of the diagram. The able study of this system by Mr. Elliott 
bringing about an understanding of the phase equilibria involved, is to be com 
mended 

It was thought surprising that no mention was made of any etching attempts 
specimens beyond 11% oxygen, in view of the universal practice of employing 
some manner of etching or staining to develop microstructural features 

In general, our microstructural data are in accord with the features of the dia 
gram put forth in the paper up to stoichiometric CbOz. Beyond this compositior 
we have observed some apparent anomalies 

We have employed an electrolytic stain etch to help delineate microstructura 


features of columbium-base alloys and in particular to help us arrive at a metal 


graphical means of identification of extra phases such as interstitial and inter 
metallic compounds 

The solution used is one originally reported by Ence and Margolin (11) a 
their solution “H”. We generally use the solution at 20 volts for the order of a 


second which colors various phases by forming an anodization film over them. W< 
find columbium solid solutions to be colored a pink purple, Cbz (C,N) yell 
orange, Cb (C,N) yellow, CbO blue. Other electrolytes, voltages and times may 
be used to formulate different color schemes. 

In the relatively few melts we have studied in the two phase region of CbO 


Cb20s, we have observed, on etching for 2 seconds at 20 volts, a third phas« 
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Fig. 24—Cb-27% 0, annealed 2600 °F (1427 °C) Stain etched electrolytically in Ence- 
Margolin solution “H" for 2 seconds at 20 volts. * 500 


Cbh-27% 0, as-cast stain etched electrolytically in Ence-Margolin solution “H” 
A 0. 


for 2 seconds at 20 volts. x 25 








nm 
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), as-cast stain etched electrolytically in Ence-Margolin solut 


for 2 seconds at 80 volts. x 150¢ 


Fig. 26—Cb-27% 


has a pronounced tendency to occur around and also segmenting the dendriti 
Cb2Os phase (Fig. 24). The effect of the phase segmenting the Cb2Os is qu 
general whereas the surrounding effect is not as complete or consistent 
also observed as threads in the CbOz without any particular connection with the 
Cb20s. This phase was unobserved in the unetched condition—at least, it coul 
not be distinguished from the CbOz. It has not been detected by an x-ray f 
fraction examination as yet. 

We believe the dark lines in Fig. 17 of the paper, penetrating the dendrit: 
may be a manifestation of this phase in your 27% oxygen alloy. In view of the 
fact that we used similar starting materials as reported in the paper, we aré¢ 
wondering if you could verify this observation on at least your 27% oxyge 
alloy. 

It seems rather unusual that the as-cast condition, as we have observed, should 
display a similar structure as in Fig. 17 of the paper. This would mean that the 
dendritically growing properitectic CbOz for this alloy was completely trans 
formed to Cbh2O; by the peritectic process which normally would be expected to 
slow down the rate of phase change. Also, the fact that a third phase is found 
around the dendrites of Cb2Os, even if an impurity phase, should also be expected 
to retard the formation of the peritectic phase being evolved. Thus it seems rea 
sonable to suspect that the CbzO; was growing dendritically in the melt and is not 
the product of a peritectic type reaction. 

Stain etching also clearly reveals the grain structure of the CbO2 phase 
can also be seen under polarized lighting, and a noteworthy amount of 





wn 
hm 
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banding in these grains for alloys of oxygen contents slightly above the stoichio- 
metric CbOz composition (Fig. 25). There also appears to be a significant dif- 
ference in the behavior of the CbOz to this etchant, depending on whether it is 
proeutectic CbOz, as in the alloys of oxygen composition less than that of CbOz2, 
or if it is CbOz formed in the higher oxygen alloys. The former, although stained, 
remains smooth and bright whereas the latter takes on a highly mottled or pitted 
character. Perhaps this is because of an unresolvable finely dispersed precipitate. 

The Cb2Os displaying the dendritic pattern also shows, both in the as-cast and 
homogenize annealed conditions, a fine crystallographic precipitate in the major 
arm of the dendrite when a stain etch is applied for 2 seconds at 80 volts (Fig. 
26). If this is CbOsz, then a line in the diagram is indicated denoting a decreasing 
solid solubility of columbium rich CbO2 in the Cb2Os. 

It is hoped that these metallographic observations may help in re-evaluating 
and arriving at a more completely satisfactory conclusion as to the nature of the 
three phase reaction taking place beyond 26% oxygen 
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Author’s Reply 

The analytical treatment made by Mr. Douglass on the solubility of interstitials 
in columbium is interesting. No evidence whatsoever in the present investigation 
tends to support the higher solubility limit obtained by extrapolating Seybolt’s 
data. Such an analysis as advanced by Mr. Douglass does not require discussion on 
the part of the author in an attempt to explain why the present data do not fit 
the empiricism. The author would encourage Mr. Douglass to do a limited amount 
of experimental work to verify the present data. It is possible that the technique 
which he described in a recent publication * could be used advantageously. 

It is encouraging that the heats of solution calculated from the present data are 
in general agreement with other similar heats of solution, as compiled by Mr. 
Klopp. 

In reply to Mr. Huegel, no attempts were made to etch alloys richer in oxygen 
than stoichiometric CbO. In the unetched condition the phases in equilibrium could 
be distinguished with no difficulty. Although metallographic ev’dence could not 
be obtained to support the proposed three-phase relationship between CbO, and 
CbeOs, there was no difficulty in differentiating the co-existing phases. 

Because of the extreme sensitivity to operating conditions, metallographic struc- 





* D. L. Douglass and R. E. Morgan, “The Determination of Solid Solubilities by Quantita 
tive Metallography of a Single Alloy,”” Transactions, American Institute of Mining and 
Metallurgical Engineers, Vol. 215, p 869 
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tures delineated by stain etching must be considered tentative until there is ay 
accumulation of data for comparison with conventional metallographic techniques 
in well-established systems 

The sequence of photomicrographs in Figs. 16 through 19 of the paper are 
misleading. In Fig. 16 there appears but a small quantity of white crystals in a 
pearl-gray matrix. The white crystals are CbO2; the gray matrix, CbeOs. Because 
of the extreme fluidity of molten alloys in this region, there is gross segregatior 
during solidification. On rechecking the samples of the alloy containing 26% 
oxygen annealed at various temperatures, it was found that, inadvertently, in the 
interest of selecting a microstructure illustrating that the 26% oxygen alloy was 
on the oxygen-rich side of CbOs:, a portion of ingot not typical of the volume per 
centage of microconstituents was selected. Therefore, with the exception of Fig 
16, alloys in the sequence of increasing oxygen show decreasing amounts of 
properitectic dendritic CbO2 which appears white in the unetched metallographic 
specimen. 

With respect to the micrographs supplied, it would appear that the dark-etching 
constituent is the CbsOs solid solution, the light-etching constituent dendritic CbO, 
If, as contended by Mr. Huegel, “the dendritically growing properitectic Cho, 
for the 27% oxygen alloy was completely transformed to Cb2Os by the peritectic 
process,” the gray material by such logic would have to be the liquid from which 
the original CbO: dendrites grew. 

It is possible that the white constituent outlining the dendrites in the discusser’s 
Fig. 24 is evidence of peritectic reaction. This would tend to support the thre 
phase equilibrium conditions proposed by the author. The lines bisecting the 
dendrites are, in the opinion of the author, etching effects since they appear to ru 
across the crystal into the dark matrix. The “threads in the CbO,.” appear to be 
metallographic scratches 

The dark lines in the CbOz in Fig. 17 of the paper are believed to be cra 

Apparently stain etching techniques are successful in bringing out grain struc 
ture as in the discusser’s Fig. 25. However, in the opinion of the author, this is the 
Cb:2Os solid solution rather than CbO>. 

Although the dendrites in Fig. 26 of the discussion are believed to be CbO 
by the author, it is uncertain whether the precipitate referred to is real. However 
the author did indicate in the presentation of the phase diagram that there probably 
was decreasing solid solubility of Cb in CbeO;; the lack of the exact solubility 
was indicated by dotted line construction 

















THE HIGH TEMPERATURE OXIDATION 
OF TUNGSTEN-COLUMBIUM ALLOYS 


By J. W. SEMMEL, Jr. 


Abstract 

The presence of an inner, continuous oxide and an outer, 
porous oxide on unalloyed tungsten leads to oxidation which 
begins parabolically and soon becomes linear with respect to 
time at 2000°F. At 2300 °F, the outer oxide is liquid and 
semiprotective, resulting in only parabolic oxidation. 

Tungsten alloys with less than 15 atomic % columbium 
oxidize according to the same kinetic laws as unalloyed 
tungsten. However, the oxidation rate is slower at 2000 °F, 
and parabolic oxidation at 2300 °F results from oxide sinter- 
ing or deformation rather than melting. Alloys with more 
than 15 atomic % columbium have a different oxide struc- 
ture and oxidize parabolically at both 2000 and 2300 °F. The 
oxidation of these alloys compares favorably with other re- 
fractory metals. 

Columbium and tantalum additions reduce the as-cast 
grain size of arc-cast tungsten. (ASM-SLA Classification: 
Rih, 2-62; W-b, Cb) 


INTRODUCTION 


HE OXIDATION of tungsten up to 1850°F has been described 

by Webb, Norton, and Wagner, (1)! and earlier investigators. In 
this temperature range, the presence of a continuous, inner oxide and 
a porous, outer oxide results in oxidation which begins parabolically 
and eventually becomes linear with respect to time. The author has re- 
ported similar behavior up to 2100°F and only parabolic oxidation at 
2300 °F (2). This unusual transition in oxidation kinetics to the para- 
bolic type with increasing temperature was associated with melting of 
the porous, outer oxide and the formation of a semiprotective liquid 
layer. The present results with tungsten alloys indicate that the transi- 
tion to parabolic oxidation also occurs when the outer oxide layer is 
solid. 

Several tungsten-base alloy systems were explored and tungsten- 
columbium alloys were selected for more extensive investigation. Alloy- 
ing has a pronounced effect on the melting of the outer oxide layer, and 
columbium has the advantage of raising the melting point several hun- 

1 The figures appearing in parentheses pertain to the references appended to this paper. 

A paper presented before the Forty-first Annual Convention of the Society, 
held in Chicago, November 2-6, 1959. 

The author, J. W. Semmel, Jr., is associated with the Flight Propulsion Labora- 
tory Department, General Electric Company, Evendale, Ohio. Manuscript received 


March 23, 1959. 
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dred degrees. Columbiurn additions also result in slower oxidation and 
parabolic oxidation in the 2000 to 2300 °F temperature range. 


EXPERIMENTAL METHODS 


Alloys were prepared by arc-melting compacted commercial powders 
which were sintered at 2200°F in a vacuum. A thoriated tungsten 
cathode was used for melting at 1400 to 3000 amperes and 21 to 37 volts 
in an argon atmosphere which contained 15% hydrogen. The electrode 
losses were nil. 

One or more specimens were cut and surface ground from ingots 
which were about 3.5 inches in diameter and 0.5 inch thick. Oxidation 
was performed in flowing dry air (75 ft. */hr), and repeated measure 
ments were made on the same specimen by recording the thickness 
change between two parallel faces. All specimens were polished on 180 
grit silicon carbide paper prior to each oxidation. 

The as-cast grains were large and columnar in alloys containing less 
than 5 atomic % columbium, and only a few oxidation measurements 
could be made on a specimen because grains separated from the bulk 
material, resulting in a rapid decrease in specimen size.* However, 
reliable measurements were made on specimen surfaces normal to the 
columnar axis. The other tungsten-columbium alloys were relatively 
fine grained and could be oxidized repeatedly. Alloys between 35 and 60 
atomic % columbium were difficult to arc-cast into a regular shape free 
of cracks, and only small specimens were obtained. As a result, the 
oxidation data for alloys containing 5 to 25 atomic % columbium repre 
sent the average of two measurements, whereas data for the other alloys 
are limited and represent only one measurement at each time and 
temperature. 


RESULTS AND DIscussION 

An exploratory study of binary alloys of tungsten and Co, Ti, Zr, V, 
Cb, Ta, Cr, and Mo indicated that alloys with columbium and tantalum 
warranted further investigation. Less than half of a 10 atomic per cent 
addition of Co, Ti, Zr, V, or Cr was retained during arc-melting, and 
the resulting alloys did not exhibit promising oxidation characteristics 
The addition of 10 atomic per cent of molybdenum did not improve the 
oxidation resistance, and it resulted in a liquid oxide at 2000 °F. Co 
lumbium and tantalum additions reduced the oxidation rate, and colum 
bium was selected for further investigation with the expectation that 
tantalum would behave similarly because of its chemical similarity to 
columbium. 

Oxide Melting 

Prior investigation has shown that the outer oxide layer of unalloyed 

W melts between 2200 and 2300 °F (2), which is lower than the normal 


* These alloys fractured at the grain boundaries and the grains possessed some ductility 
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melting point of WO; (2690 °F). Alloying has a pronounced effect on 
the melting point of the outer oxide layer. For example, the alloys with 
0.3 atomic % titanium and 2.6 atomic % zirconium had a liquid oxide at 
2000 °F, whereas the addition of 0.25 atomic % columbium raised the 
melting point above 2500 °F, and none of the alloys containing colum- 
bium had a liquid oxide at 2400 °F. This may account for the different 
results of the author (2) and Arkharov and Kozmanov (3), who did 
not report melting at 2460°F. Previously, it was uncertain whether 











) 


Fig. 1—The Oxidation of Tungsten-Columbium 
Alloys at 2000 °F. 
oxide melting was related to the oxide structures and the possible for- 
mation of a low melting eutectic or to the increased specimen tempera- 
ture resulting from the heat of oxidation. Because the alloy with 0.25 
atomic % columbium oxidizes similarly to tungsten at temperatures 
below the unalloyed oxide melting point, the heat of oxidation probably 
is similar in each case and, therefore, not the cause of oxide melting. 


Oxidation of Tungsten-Columbium Alloys 


The oxidation results shown in Figs. 1-3 indicate two interesting 
ranges of alloying. Those alloys with 2.5 to 10 atomic % columbium 
oxidize more slowly than unalloyed tungsten at 2000 °F. Also, the oxi- 
dation at 2000 °F is predominantly linear with respect to time, and at 
2300 °F it is parabolic. On the other hand, the alloys with more than 15 
atomic % columbium oxidize parabolically at 2000 and 2300°F, as 
illustrated in Figs. 2 and 3. 
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Fig. 2—The Parabolic Oxidation of Tungsten 
20 Atomic % Columbium at 0 °F 
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Fig. 3—-The Oxidation of Tungsten-Columbium 
Alloys at 2300 °F 
It would be especially valuable to understand the conditions whi 


promote parabolic oxidation because it is frequently possible to reduc 
the oxidation rate substantially by small alloying additions when th 
oxidation is of this type (4). A complete description of the transitions 
to parabolic oxidation requires a knowledge of the structure of the 
oxides. Unfortunately, several oxides of complex structure are formed, 
and x-ray diffraction studies did not lead to a satisfactory identification 
of all the oxides. Instead, comparative results were obtained. 
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Table I 
Hardness of Tungsten-Columbium Alloys 
Before and After Oxidation 


Columbium Addition Rockwell ‘‘15-N" Hardness 
(atomic %) Before Oxidation One Hour at 2000 °F 

0.25 76.5 76.5 

1.0 76.0 77.0 

2.5 77.0 77.5 

5.0 77.5 78.0 

7.5 79.0 79.5 

10 80.0 77.0 

15 81.5 81.5 

20 81.5 82.0 

25 82.0 80.0 

35 83.5 82.0 

50 83.5 83.0 

60 82.0 88.5 

70 79.5 87.0 

80 78.5 91.5 
90 72.0 91.5 


95 64.5 90.0 


Concerning the alloys which oxidize linearly at 2000°F and para- 
bolically at 2300 °F, x-ray patterns from the 10 atomic % columbium 
alloy after oxidation at both temperatures are similar, indicating that 
there is no major difference in the oxide structures. Also, microscopic 
examination showed the same oxide layers after oxidation at both 
temperatures. The significant difference between the oxides at the two 
temperatures is that the oxide formed at 2300°F is harder and more 
dense. For example, the oxide thickness divided by the metal thickness 
decrease is 5.1 at 2000°F and 3.5 at 2300°F. This difference is par- 
tially, but not completely, a result of increased volatilization of the oxide 
at 2300 °F. (Tests with several alloys showed that 10% of the oxide 
which forms in one hour evaporates between 2300 and 2400 °F.) 

The absence of structural changes in the oxide layers and the densi- 
fication indicate that the transition to parabolic oxidation with increas- 
ing temperature may occur by sintering of the oxide at a sufficient rate 
to limit the porosity in the outer oxide layer. This will lead to parabolic 
oxidation, provided that the sintering rate is sufficiently rapid compared 
to the oxidation rate. An alternate interpretation is that deformation 
of the oxide occurs at the higher temperature and relaxes stresses which 
may cause fracture and porosity at the lower temperature. 

The alloy with 20 atomic % columbium oxidizes parabolically at 
2000 °F and 2300 °F, and x-ray patterns as well as density measure- 
ments reveal an oxide formation which is different from the 10 atomic 
% columbium alloy. These complex oxides have not been identified, 
and no reports on the tungsten-columbium-oxygen system have been 
found in the literature. 


Internal Changes During Oxidation 


In addition to the loss of metal by the formation of an oxide, a serious 
limitation to the use of refractory metals is the hardening and embrittle- 
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Metal Metal Thickness Decrease 
atomic %) Per Side (mils) 
2000 °F 2300 °F 
Mo 1 hr 32.6 1 hr 39.6 
8 hr 261* 6 hr 238* 
W 1 hr 5.4 1 hr 5.7 
8 hr 27.4* 6 hr 15.0 
Cb 1 hr 43 1 hr 13 
8 hr 31* 6 hr 75* 
W-20Cb 1 hr 14 1 hr 4.2 
8 hr 3.4 6 hr 13.6 
Cb-17.5 Ti 1 hr 0.7 1 hr 3.7 
8 hr 3.8 (22 6 hr 17.0 (35 
* Obtained by extrapolation 
22) and (35) Thickness of base metal hardened more than 50 KHN 


ment of the base metal by the absorption of gas during oxidation 
Columbium is drastically hardened, and with some alloys hardening is 
more serious than scaling (5). On the other hand, tungsten is not 
greatly hardened and can be hot-bent after several hours oxidation 
above 2000 °F. No measurements have been made to determine whether 
there is an increase in the ductile to brittle transition temperature after 
oxidation. In view of the behavior of columbium, the hardness of the 
tungsten-columbium alloys was determined before and after oxidation 
As shown in Table I, the alloys do not exhibit the behavior of colum 
bium below 50 atomic % columbium. However, more sensitive hardness 
traverses on sectioned specimens revealed small changes in hardness 
after oxidation of the more dilute alloys. The influence of these hardness 
changes on ductility and the ductile to brittle transition temperature 
must await the development of techniques to fabricate ductile alloys. At 
present, the slight changes in hardness suggest that the alloys will ex 
hibit the more favorable behavior of tungsten. 


A Brief Comparison of Refractory Metals 

Because of the need for high temperature structural materials, the 
oxidation of the more abundant refractory metals is compared in Table 
IT. While these data have been obtained under similar oxidizing condi 
tions, it must be realized that different conditions could alter the results 
For example, molybdenum can oxidize more rapidly in a direct air blast 
(2). Also, it must be recognized that these materials oxidize according 
to different rate laws. 

Tantalum is not included in the table, but preliminary indications are 
that it oxidizes about 1.5 times as rapidly as columbium in this tem 
perature range. The columbium alloy was selected to represent one of 
the more oxidation-resistant binary alloys (5). As shown in the table 
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hardening of the base metal is an important part of the oxidation 
damage. 

With respect to scaling, the tungsten alloy is comparable to the co- 
lumbium alloy, and it will be significantly more oxidation resistant if 
it is not seriously embrittled during oxidation. As discussed in the pre- 
vious section, there are indications that tungsten is superior to colum- 
bium in resisting embrittlement. 


SUMMARY AND CONCLUSIONS 


The addition ot columbium to tungsten decreases the oxidation rate 
and raises the melting point of the outer oxide layer. For alloys con- 
taining less than 15 atomic % columbium, the transition from linear 
to parabolic oxidation with increasing temperature is attributed to 
oxide sintering or deformation. Alloys with more than 15 atomic % 
columbium have a different oxide structure and oxidize parabolically 
between 2000 and 2300°F. The oxidation of these alloys compares 
favorably with other refractory metals. 

Columbium additions can reduce the as-cast grain diameter to the 
vicinity of 0.01 inch, and tantalum has a somewhat similar affect. 
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DISCUSSION 


Written Discussion: By C. T. Sims, Knolls Atomic Power Laboratory, General 
Electric Company, Schenectady, N. Y. 

It is gratifying to see progress toward improved oxidation resistance of tung- 
sten, the most refractory metal, and one useful strength-wise to extremely high 
temperatures. The work presented is a sound basis for further studies. However, 
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the results of the paper itself suggest that some of the binary addition eliminated 
by initial screening possibly should be re-examined. 

The paper shows that tungsten alloys with more than 15 a/o columbium 
oxidized in a parabolic manner. This is apparently a result of new oxide structures 
created by the presence of columbium, a strong oxide-former, in amounts above 
its solubility limit in WOs. Behavior was less promising at lower concentrations, 
where WO-type structures predominated and columbium may have been com 
pletely soluble in the oxide lattice. Ti, Zr, V, and Cr were discarded when addi 
tions of less than 5 a/o did not show promise. If it can be assumed that at 5 a/o 
these elements are completely soluble in the scale, then only valency or crystal 
atom size mechanisms would be expected to effect oxidation. These characteristics 
are more or less unfavorable for the elements cited, but like columbium, these el: 
ments are stronger oxide-formers than tungsten. Large amounts, 20 a/o or more, 
are probably needed so that complex oxides, which might be protective, can have 
a chance to form. Also, if complex oxides can be made to occur, the oxide melting 
point-lowering observed for small Ti and Zr additions might be avoided. This 
discusser agrees that tantalum is also promising, and further suggests that hafnium 
be investigated. The latter should have an extremely strong tendency to form 
complex oxides with tungsten 

Dr. Semmel’s interest and observations on contamination-hardening are im 
portant. Although columbium is hardened by the interstitial presence of oxygen 
and nitrogen, tungsten-columbium alloys appear less drastically affected. Oxygen 
and nitrogen (2,3) are both considerably more soluble in columbium (O 0.5! 
@ 1200°C, Ne= 0.05% @ 1100°C) than in tungsten, (Oz negligible, N 
0.000017% @ 1200 °C) which may account for the differenc« 


Written Discussion: By R. J. Wasilewski, research supervisor, FE. 1. du Pont de 
Nemours & Company, Wilmington, Del 

The data presented by Dr. Semmel are a very welcome addition to our limite: 
knowledge of the oxidation of refractory metals. I would like to ask Dr. Semmel 
the following 
1) What was the purity of the commercial powders used? 

2) Was the coring obtained by the single melt procedure considered insignifi 
(In our experience, similarily produced buttons have both very pronour 
ing, and, a gross tungsten segregation between the top and bottom surfaces 
3) What was the specimen size and shape used ? 

4) Were the hardness values taken at the core/inner oxide interface? And what 
were the results of the more sensitive hardness traverses taken? Were similar 
results obtained for the specimens oxidized at 2300 °F? 

I would also like to make a comment as regards the tentative explanation of 
the transition from linear to parabolic oxidation. The semi-protective characte 
of a liquid outer oxide must surely be ruled out on the basis of the author’s ol 
servations on low Columbium alloys, where no liquid phase is present. The sug 
gestion of a sintering process, by which the porosity of the outer layer is limited 
may appear attractive for the alloys. On the other hand, it can scarcely be ap 


plicable to pure tungsten. Yet one is inclined to think that the parabolic oxid: 


itio 
is likely to be caused by the same phenomenon in both cases 
In a recent paper Kolski and Hicks (4) have reported oxidation data for pure 


Columbium, and its lower oxides. The similarities between their observations on 
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the outer oxide appearance variations, and those made by Dr. Semmel, are quite 
striking. 

I would suggest that the appearance of the outer oxide, and, more specifically, its 
apparent density (as indicated by the ratio of the metal thickness decrease to the 
thickness of the oxide) is one of the effects of the phenomenon, which also causes 
the transition from linear rate to parabolic. This phenomenon, therefore, has to be 
looked for at the stage of oxidation preceding the formation of the outer oxide— 
whether it be solid or liquid. The logical stage to examine critically in this respect 
is that of the oxidation of the lower oxide (inner oxidation layer) 

Specifically, we are attempting to account for the observed features in 
Columbium oxidation by including an “oxide nucleation and growth” step in the 
usual rate equations. Preliminary results indicate qualitative agreement between 
the predicted and observed oxidation rates. In the case of Columbium, where the 
lower oxides oxidize much faster than the pure metal, the effect of the introduction 
of this factor is to increase the oxidation rate after an incubation period. Since 
the reverse is true for W and its alloys, one is tempted to suspect that the lower 
oxide (WO:?) may well oxidize appreciably more slowly than the metal itself, 
and that it may well be stabilized by small Columbium additions 
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Author’s Reply 

The author agrees with Dr. Sims’ comment that the possibilities for improved 
oxidation resistance by additions of titanium, zirconium, vanadium and chromium 
have not been exhausted. The problem of preparing reliable specimens with large 
alloying additions was a major deterrent to more extensive investigations with 
these elements. Additions of hafnium are conspicuously absent, owing to restric- 
tions on the availability and use of hafnium at the time these experiments were 
conducted. More recent work, at another laboratory, has shown that large hafnium 
additions improve the scaling resistance of tungsten (5) 

As Dr. Sims suggests, the different hardening behavior of tungsten and 
columbium during oxidation may be related to the different solubilities of O2 and 
Nz in these metals. Of course, the alloys present a more complicated situation. 
One must consider the possibility that columbium additions to tungsten increase 
the solubilities of Os and Ne. Also, thermodynamic considerations indicate that 
the tungsten-columbium alloys could be internally oxidized or nitrided by forming 
columbium compounds in the alloy matrix. This presents the possibility of both 
particle and solid solution hardening during oxidation. The observed results for 
alloys depend upon several factors, including the solubilities, diffusivities and 
chemical potentials of O2 and Nz at the oxide/metal interface 

The following remarks are made in response to Dr. Wasilewski’s questions. 

1) The tungsten powder was made to a specification allowing the following 
maximum impurity levels: Na, K, Ni, and Cr, 0.005 w/o; Al and Ca, 0.003 w/o; 
Cu and Si, 0.002 w/o: Mg and Mn, 0.001 w/o; Fe, 0.015 w/o; Mo, 0.010 w/o; Sn, 
Co, Ti, Ag, Pb and Li, undetected (0.001 w/o); absorbed Ne and Ox, about 0.005 
w/o. The columbium powder was made from crushed, sintered bar, with the 
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following vendor's analysis: Ti, 0.014 w/o; Si, 0.011 w/o; C, 0.071 w/o; Ta, less 
than 0.16 w/o; Fe, less than 0.005 w/o. Our analyses of the powder revealed 
0.11 w/o Ns (Kjeldahl) and 0.38 w/o 02 (vacuum fusion). Other contaminants 
may have been present, and changes must be expected during arc-melting, leaving 
the purity of the powder and the alloys unknown. 

2) The possibility of top-to-bottom segregation does not offer a serious prob 
lem because its influence can be observed directly. The oxide thickness on each 
surface corresponding to the ingot top and bottom was measured after each 
oxidation exposure. No allvy consistently showed differences in the top and 
bottom oxide thickness greater than 10% of the total oxide thickness. The first 
exposures of the 15 a/o columbium specimen at 2000 °F showed that one surface 
was oxidizing parabolically, and the other was oxidizing the predominantly 
linear fashion. After oxidizing less than 60 mils from th surface, both sides 
oxidized parabolically. This may have been a sign of segregation, and one would 
conclude that it is most influential when the variation in composition corresponc 


to a change in the oxidation kinetic laws over the same composition range. Since 
these effects were observable, they presented no difficulties 

Coring and the general consequences of using cast structures are not as easi’y 
evaluated. Ideally, one would like to examine homogeneous, wrought and 
crystallized structures, but the fabrication techniques for these alloys were not 
known. It should not be inferred that the single melting procedure makes corin; 
especially severe. The degree of coring is more a matter of the freezing and cool 
ing rate than the number of times the alloy is melted, provided that one obtains a 
homogeneous liquid. Some care was taken to freeze and cool the W alloys more 
slowly than usual since this was also necessary to minimize the shrinkage cavity 
and to obtain only a few cracks in the alloy castings. Using an etchant of equal 
parts of saturated NaOH and saturated KsFe (CN)., diluted with additional 
water to etch in about 12 seconds, metallographic examination at 100 x magnifi 
cation showed that the W-25 a/o Cb alloy had pronounced coring, the alloys with 
15 a/o and 20 a/o Cb had faint traces of coring, and coring was not observed 
with the more dilute W alloys. Observations like these depend upon the sensi 
tivity of the etchant, and it should be assumed that the more dilute alloys were 
also cored to some extent. All things considered, including past experience wit! 
wrought and cast binary alloys of columbium, it is reasonsble to expect that a 
series of homogeneous alloys would show similar behavior wit respect to hardet 
ing during oxidation, oxide melting, changes in oxidation kinetic laws, and the 
extent of oxidation. This is an assumption which requires verification as hon 
geneous materials become available 

3) Measurements were taken from the oxidized surfaces which were paralle 
to the top and bottom of the ingot. For the alloys containing up to 25 a/o Ch 
the specimen thicknesses varied from about 0.2 to 0.4 inch. Widths and lengt! 
varied from about 0.4 to 1.5 inch, usually depending upon how the ingot cracked 
Ingots with 35 a/o and 50 a/o columbium were irregular in shape and more badly 
cracked. Specimens from these ingots had dimensions greater than 0.1 inch and 
less than 0.5 inch. 

4) The reported hardness measurements were taken on the oxidized surface at 
the metal/oxide interface, after removing the oxide. No change in average hard 
ness greater than +1.3 RHN “15-N” was observed after oxidizing the alloy 
with 2.5 a/o and 20 a/o Cb for 8 hours at 2000 °F and 6 hours at 2300 °! 

For the hardness investigation, it was believed that a Knoop microhardness 
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traverse of the cross section normal to the oxidized surface would be sensitive to 
detecting slight hardening a few mils deep. However, the microhardness meas- 
urements were also sensitive to other variables, probably grain orientation, grain 
boundary intersections and coring. Data are shown for two alloys in Table ac- 
companying this reply. While a statistical treatment indicates that the surface 
layer hardness changes could be significant, it did not appear that data of this 
kind would permit a definite statement regarding the influence of oxidation on 
mechanical properties, and a direct measurement, like the determination of the 
ductile to brittle transition temperature of wrought alloys, would be required. 
The larger Rockwell indentation was then chosen as adequate for locating the 
composition range in which oxidation results in the substantial hardening ob- 
served with columbium. 

Dr. Wasilewski’s comments on the oxidation studies of columbium and the 
possible relation to the tungsten alloys are most welcome 

To avoid eventual confusion, it should be stated that there are many oxides 
which may form on tungsten, and there is still a question as to whether only two 


= — = = x —— 
Knoop Hardness (500 gm Load) vs. Distance from Oxide / Metal Interface 
Alloys Oxidized for 4 Hours at 2300° F 


W-10 a/o Columbium W-2.6 a/o Zirconium 
Side A Side B Side A Side B 
Depth KHN Depth KHN Depth KHN Depth KHN 
5 (mils) 281 5 408 2 547 4 494 
10 421 10 408 5 470 12 599 
15 363 15 373 10 478 22 462 
20 368 25 470 15 455 42 427 
25 470 35 434 20 441 62 384 
30 485 45 274 25 448 82 462 
35 448 55 329 30 441 102 434 
40 441 65 408 35 441 122 441 
45 448 85 343 40 434 132 478 
50 434 105 373 50 494 142 448 
55 427 125 373 
60 414 145 408 Specimen thickness= 202 mils 
70 455 165 390 
80 485 185 414 
90 441 205 462 
100 455 225 485 
120 470 


Specimen thickness= 365 mils 


oxide layers are present on tungsten and the alloys in the entire range of time 
and temperature considered (1-2, text). However, it is a convenience to think 
in terms of one inner and outer oxide layer. Furthermore, examination of the 
oxides shows two predominant layers, a blue, inner oxide and a yellow, outer 
oxide. 

Basically, Dr. Wasilewski is interested in the relative oxidation rates of the 
metal and the inner oxide, or the relative thicknesses of the inner and outer 
oxide. A reversal in these relative values, with increasing time or temperature, 
could account for a transition in the oxidation kinetic laws. This is like the 
explanation provided for the transition from parabolic to linear oxidation with 
increasing time at 2000 °F. Reference 1 of the text provides a detailed description 
of the kinetics for this case. Dr. Wasilewski wonders if the transition from pre 
dominantly linear oxidation at 2000 °F to parabolic oxidation at 2300 °F may also 
be of this nature. Apparently, this is not the case, inasmuch as the outer oxide 
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of the 10 a/o columbium alloy formed 68 to 88% of the total oxide at all the 
times and temperatures reported. No outstanding differences in the oxide stru 
tures were observed, except the density change. 

The tentative conclusion involving sintering or plastic flow of the oxide at the 
higher temperature stil! appears most attractive to the author. An alternative is 
that an undetected, middle oxide layer was present at the higher temperature only 
and that it had a special characteristic, such that the outer oxide which formed 
from it was nonporous. Conversely, an undetected, middle oxide, which formed 
at the lower temperature only and caused the outer oxide to be porous, could als 
account for the transition in oxidation kinetic laws. These explanations appear 
more speculative than the possibility that the observed change in the bulk char 
acteristics of the outer oxide is directly responsible for the transition 


| 
| 
| 
| 





_ 








COMPATIBILITY OF A NUMBER OF METALS 
AND ALLOYS WITH GRAPHITE 


By ARNOLD F. Gerps AND MANLEY W. MALLETT 


Abstract 


The interaction between graphite and a number of metals 
and alloys was studied at 1850 °F in 250-hour tests. Some 
materials were also tested at 1650 and 1850 °F in 1000-hour 
tests. The graphite was heated in intimate contact with the 
test metal in welded metallic capsules. The extent of the re- 
action was judged on the basis of metallographic examina- 
tions and hardness traverses on cross sections of the reacted 
elements. 

Copper was the least reactive material tested in contact 
with graphite. Nickel was only slightly more reactive. Out- 
side of avery hard carbide band at the graphite-metal inter- 
face, no evidence of interaction of carbon with molybdenum 
was found. 

Inconel X was the most compatible alloy tested in contact 
with graphite, although some pickup was observed. Alnicro 
was the next best alloy. Nichrome V, Inconel, and Types 
316 and 318 stainless steels were all much more reactive. 
Copper and chromium plating reduced the rate of diffusion 
of carbon into Type 316 stainless steel. Nickel plating was 
less effective for this purpose. (ASM-SLA Classification: 
V1; Cu, Ni, Mo, SS, NM-k36) 


INTRODUCTION 


HE TEMPERATURE ofa reactor using graphite in contact with 
metal may be limited by a reaction between the graphite and the 
metal. Diffusion of carbon may result in deterioration of the desired 
properties of the metal. This paper summarizes the results of a study 
(1)! of the compatibility of a number of metals and alloys with graphite 
on the basis of 250- and 1000-hour tests at 1850 °F. Results of a 1000- 
hour test with several of the materials at 1650 °F also are included. 
The metals and alloys tested were chosen for this study on the basis 
of their physical and mechanical properties and economic considera- 
tions. It was recognized that some materials would not be compatible 
with graphite, and others that were may be borderline in respect to 
other properties. Composites of these two types of materials in the form 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
Work performed under AEC Contract No. W-7405-eng-92 


Of the authors, Arnold F. Gerds is Assistant Consultant and Manley W. Mallett 
is Consulting Physical Chemist, Battelle Memorial Institute, Columbus. Manu- 
script received April 15, 1959. 
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of one plated on the other may produce a useful material. The available 
phase diagrams and other literature references were examined, and 
gave the following information on a number of metals and alloys to be 
studied : 


Molybdenum-Carbon (2). The melting point of molybdenum is 
4790 °F. Molybdenum dissolves about 0.1 w/o carbon at 3600 to 
3800 °F (two carbides, MosC and MoC, are reported). The 
carbide can be formed (3) by reaction of molybdenum powder or 
molybdenum oxide with carbon black at 2200 to 2900 °F. 


Nickel-Carbon (2). The melting point of nickel is 2651 °F. At 
the eutectic temperature, 2400 °F, the solid solubility of carbon in 
nickel is 0.65 w/o. This decreases to about 0.25 w/o at 1750 °F 
No stable carbides are reported for this system. 


Copper-Carbon (2). Copper forms no stable carbides. The solid 
solubility of carbon in copper is very low (about 0.0001 w/o) 
However, copper melts at 1981 °F and this may limit its useful 
ness as a structural material at high temperatures. 


Chromium-Carbon (2). The melting point of chromium is 


3430 °F. Chromium is a carbide former, the system showing three 
stable carbides, CrogCe, CrzCs, and CrsC2. The solubility of carbon 
in chromium is less than 0.1 w/o. 


Stainless Steel-Carbon (2). Since iron is the base for the stainless 
steels, its properties are of interest. The melting point of iron is 
2802 °F. The iron-carbon system contains the stable carbide 
FesC. Only 0.025 w/o carbon is soluble in the low-temperature 
ferrite at the eutectoid temperature (1360 °F). However, 1.7 w/o 
carbon is soluble in austenite at the eutectic temperature 
(2075 °F). At 1750 °F, the solubility of graphite in austenite is 
about 1.3 w/o. 


Stainless steels are essentially iron-chromium-nickel alloys. The 
addition of chromium and nickel to iron decreases the solubility of 
graphite in austenite from about 1.3 w/o to about 0.1 w/o at 1750 °F 
(3). Thus, any carbon in excess of this amount would be present as a 
carbide. Only a few references were found in the literature on the 
carburization of stainless steels. On the basis of a limited number of 
200-hour tests at 1382°F, the stabilized stainless steels, Types 321 
and 347, were reported (4) to be more resistant to carburization than 
Type 316 and much more resistant than Type 310, both of which are 
unstabilized. One-hour exposures at 1900 °F of a number of stainless 
steels to carburizing compounds in vacuum indicated (5) that Type 
347 stainless steel absorbed less carbon than Types 304 or 316. A 
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surface oxide on the stainless steel was reported (5) to retard the 
carbon absorption. The penetration of carbon into stainless steel at 
1382 °F also was reported to be greatly retarded by copper plating the 
steel. 

MATERIALS 

Graphite 


The graphite used in these tests was prepared by hot mixing Texas 
coke with standard pitch. The mixture was pressed at 120°F in a 
molding die at 12,000 psi into a bar 1 inch thick by 4% by 2 inches. The 
compact was heated very slowly to 2500°F in 7 days in a gas-fired 
f: nace to permit the volatile constituents to be evolved, and then baked 
at 2500 °F for 4 hours. Following this, the material was graphitized at 
4500 °F for 4 hours. 

The pitch-bonded compacts had a baked density of 1.50 g per cm* 
and a density of 1.47 g per cm® in the graphitized condition. 


Metallic Materials 


The metals and alloys heated in contact with graphite were com- 
mercially available materials. Their nominal compositions are listed in 
Table I. 

PROCEDURE 


Sandwich-type elements were used for this study. These comprised 
cups of Type 303 stainless steel containing disks of the test metal and 
graphite in intimate contact with each other. The cups were ¥% inch 
high, % inch in OD, and contained cavities 4% inch in diameter and 
Y4 inch deep. The test metals were machined into disks 4% inch in 
diameter and up to 50 mils thick. Those made from sheet stock were 
the thickness of the sheet. A disk to be tested was inserted into a cup. A 
graphite cylinder, 4 inch in diameter and \% inch high, was placed on 
the disk and a second metal disk was placed on top of the graphite. A 
stainless steel cap then was pressed into the open end of the cup and 
welded tight in an argon-filled dry box. 

After the excess weld metal was removed, the elements were loaded 
in a graphite die containing three drilled holes. For the 1000-hour runs, 
the outside surfaces of the stainless steel elements were plated with a 
1-mil thickness of copper to retard diffusion of carbon from the graphite 
restraining die into the elements. Elements for the 250-hour runs were 
not plated. Two elements, separated by a 4-inch-long graphite spacer, 
were placed in each hole of the die. Thus, six elements were heated in 
one experiment. A dead load of 2000 to 3000 psi was transmitted to 
the elements from a lever-arm device by means of graphite plungers. 
A Mullite furnace tube contained the dies in a protective atmosphere 
of argon gas. Globar-resistance furnaces supplied the heat. Tempera- 
ture was regulated with a recording controller. 
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Preliminary screening tests were made at 1850 °F for 250 hours. The 
most compatible materials then were tested for 1000 hours at 1650 °F 
and also at 1850 °F. At the end of a run the dead load was removed and 
the die containing the test elements was quenched in cold water. 

Results of the tests were evaluated by means of metallographic 
examinations and hardness tests of longitudinal sections through the 
reaction zones. 

RESULTS AND DISCUSSION 
Screening Tests at 1850 °F for 250 Hours 

Unalloyed Metals. The compatibility of a number of commercially 
pure metals with graphite was determined by 250-hour screening 
tests at 1850°F. These metals included copper, molybdenum, and 
nickel. The tops of the photomicrographs in Fig. 1 show at & 100 the 
microstructures at the interfaces in longitudinal sections after re- 
action. Molybdenum formed a very hard (about 1400 Knoop) light- 
etching band adjacent to the graphite. This layer is evidence of the 
molybdenum-carbide phases. No evidence of penetration of carbon 
beyond this band is shown in the photomicrograph or in the hardness- 
traverse results in Table II. The copper appears to have reacted only 
very slightly if at all on the basis of the photomicrograph and the 
hardness traverses. The slightly darkened metallic phase adjacent 
to the graphite may be evidence of worked metal. No evidence of 
reaction between nickel and graphite was noted except for a very 
thin layer of bright and apparently hard material at the interface. How- 
ever, Table II shows roughly a 50-point increase in hardness in the 
nickel near the interface which may be evidence of carbon dissolved to 
the solubility limit, 0.25 w/o. 

Nickel-Base Alloys. Four nickel-base alloys, Nichrome V, Alnicro, 
Inconel, and Inconel X were tested in contact with graphite at 1850 °F 
for 250 hours. Photomicrographs of the reaction interfaces between 
graphite and the four alloys are shown at X 100 in Fig. 2. Carbon ap- 
pears to have penetrated to an appreciable extent into all of these 
alloys on the basis of the photomicrographs and the hardness traverses 
in Table Il. The greatest penetration was in the Nichrome V and the 
least in the Inconel X. Of the other two alloys, Inconel was penetrated 
more deeply than Alnicro. 

For comparison, the hardnesses of samples of these alloys heated at 
1850 °F for 24 hours in the absence of carbon are shown in the last 
column of Table II. All of the materials tested, except Inconel X, 
showed at least a slight increase in hardness. 

Stainless Steels. The microstructures at X 100 of Types 316 and 318 
stainless steel after heating at 1850 °F for 250 hours are shown in Fig. 3. 
Both materials contain a thin reaction layer adjacent to the graphite 
and much evidence of inward diffusion of carbon beyond this layer. 
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Fig. 1—Microstructures of the Regions of Contact Between Graphite and 
Commercially Pure Metals After Reaction at 1850 °F for 250 Hours 
molybdenum, Murakami’s etch; (b) copper, etchant: 30 ml of lactic acid, 


nitric acid; (c) nickel, etchant: 10 ml of sodium cyanide, 10 ml of ammonium sul 


80 ml of water. 
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Fig. 2—Microstructures of the Regions of Contact Between Graphite and Four 
Base Alloys After Reaction at 1850 °F for 250 Hours. Etchant: 4 parts hyd 
acid and 1 part nitric acid. x 10 (a) Nichrome V; (b) Alnicr« 


\lthough the amount of gray carbide precipitate decreases slightly wit} 
increasing distance from the interface, almost complete saturation 
the specimens with carbon is evident. Results of hardness traverses 
shown in Table II, appear to verify this observation. No evidence 
precipitated grain boundary carbides were noted in stainless steel 
samples heated at 1850 °F in the absence of carbon. 

Plated Type 316 Stainless Steel. Type 316 stainless steel in contact 
with graphite permitted carbon to diffuse into the steel during 250 
hour tests at 1850 °F. In contrast, both nickel and copper reacted ver 
slightly, if at all, under the same conditions. However, copper and 
nickel are soft and readily deformed at 1850 °F. Hence, it was decided 
to take advantage of their protective properties by using them to plate 
the stainless steel, which has adequate structural strength. Chromium 
also was tested as a plating material. 

Fig. 4 shows the microstructures at the metal-graphite interfaces of 
the nickel-, copper-, and chromium-plated Type 316 stainless steel 
after reaction at 1850°F for 250 hours. The nickel plating has re 
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Fig. 2 (continued)—Microstructures of the Regions of Contact Between Graphite and 


Four Nickel-Base Alloys After Reaction at 1850 °F for 250 Hour Etchant: 4 parts 
hydrochloric acid and 1 part nitric acid. X 100. (c) Inconel; (d) Inconel X. 


mained in the final graphite-metal interface, but carbon has diffused 
through it irito the stainless steel. The depth of penetration is somewhat 
less than that which took place in the absence of the nickel (see Fig. 3 
and Table II). A 0.5-mil-thick copper plate is more effective than a 
2.5-mil nickel plate and an 8-mil copper foil was still more effective in 
preventing diffusion of carbon into the stainless steel, as is shown in 
Fig. 4 and Table II. The presence of carbides in grain boundaries in 
the stainless steel is evidence that some carbon had diffused through 
the copper. 

A 4-mil chromium plate on Type 316 stainless steel was at least as 
effective as an 8-mil copper foil in reducing diffusion of carbon into 
stainless steel at 1850°I in a 250-hour test. Fig. 4d shows only a 
relatively small amount of grain-boundary carbide beneath the hard 
chromium-carbide interfacial layer. The hardness traverse (Table IT) 
also shows only a slight increase over that of the material heated in the 
absence of carbon. 
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Fig. 3—Microstructures of Types 316 and 318 Stainless Steel, Heated at 1850 °F f 


250 Hours in Contact with Graphite. Etchant: 4 parts hydrochloric acid and 1 part nitr 
acid. X 100. (a) Type 316 stainless steel; (b) Type 318 stainless steel. 


Tests AT 1850 °F For 1000 Hours 


The materials shown to be more resistant to carburization on th 
basis of the screening tests were subjected to 1000-hour simultaneous 
tests at 1650 and 1850 °F. Copper was not included in these tests be 
cause its melting point is only slightly higher than the test tempera 
ture. Commercially pure nickel and molybdenum also were omitted 
from the tests. Materials tested for 1000 hours at 1650 and 1850 °F 
were Alnicro, Inconel X, copper-plated Inconel X, Type 316 stainless 
steel, and copper- and chromium-plated Type 316 stainless steel. Data 
on the 1850 °F tests follow. 

Alnicro and Inconel X. Somewhat more carbon diffused into Alnicro 
and Inconel X at 1850 °F in 1000 hours than in 250 hours. However, 
the microstructures shown in Fig. 2 for the 250-hour tests are very 
similar to those found after the 1000-hour tests. Larger grains, more 
carbide precipitated in grain boundaries, and a slightly broader carbide 
layer at the interface were found in the 1000-hour than in the 250-hour 








wm 
Nm 


Ee 








1960 COMPATIBILITY OF CARBON AND ALLOYS 1037 


specimens. The hardness data in Table II substantiate this observation 
showing both a harder final product and deeper hardening in the 1000- 
hour specimens. 

The microstructures at X 100 of samples in which graphite was 
separated from Inconel X by copper foil are shown in Fig. 5 after re- 
action for 1000 hours at 1850°F. Both the 1.5-mil and the 8-mil foils 
at the graphite-Inconel X interface lost their integrities by interdif- 
fusion with elements from the Inconel X, since neither foil retained its 
characteristic coppery color. Again, the 1.5-mil foil was less effective 
as a barrier for carbon than the 8-mil foil. However, it is obvious from 
the carbides in the grain boundaries in the Inconel X that diffusion of 
carbon did occur. The 1.5-mil foil apparently was somewhat effective 
as a diffusion barrier for carbon, as seen from comparative hardness 
data in Table II. 

Type 316 Stainless Steel. The microstructure in Type 316 stainless 
steel after reaction at 1850 °F for 1000 hours was very similar to that 
shown in Fig. 3a for the 250-hour exposure. As might be expected, a 
wider reaction zone at the interface and a more dense and slightly 
more coarse carbide precipitate in the stainless steel was produced. 

Copper- and chromium-plated Type 316 stainless steel also were 
examined after reacting for 1000 hours at 1850°F in contact with 
graphite. Both copper and chromium are somewhat effective as bar- 
riers for the diffusion of carbon as can be seen from the hardness data 
in Table Il. However, rather large grains resulted and rather heavy 
carbide precipitation in grain boundaries and within grains occurred. 
A 1.5-mil copper plate lost its characteristic coppery color during these 
tests. A heavier 8-mil foil retained its coppery color but permitted 
carbon to diffuse through the copper. 

Chromium-plated Type 316 stainless steel specimens formed a very 
hard layer of chromium carbide at the chromium-graphite interface. A 
2.5-mil plate appeared to be completely converted to carbide in the 
1000-hour exposure. However, a 6-mil chromium plate still showed 1 
to 2 mils of uncarburized chromium in the center of the plated layer. 
Table II shows that slightly lower hardnesses were obtained in copper- 
plated than in chromium-pla.ed specimens after the 1000-hour ex- 
posure to graphite at 1850 °F. 


Tests AT 1650 °F ror 1000 Hours 


Alnicro and Inconel X. The microstructures in the Alnicro and In 
conel X, after the 1000-hour exposure to graphite at 1650°F, were 
quite similar to those shown in Fig. 2 for the 250-hour tests at 1850 °F. 
A slightly smaller grain size and a slightly greater amount of carbide 
precipitation occurred in the vicinity of the interface in the specimens 
heated at 1650°F than in the specimens heated at 1850°F for 250 
hours. However, in the 1650 °F tests, the carbon penetrated less deeply 
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Fig. 4—Microstructures of Nickel-, Copper-, and Chromium-Plated Type 316 Stainless 

Steel After Reaction with Graphite at 1850 °F for 250 Hours in Argon. Etchant: 4 parts 

hydrochloric acid and 1 part nitric acid. X 100. (a) 2.5-mil nickel plate; (b) 0.5-mil 
copper plate. 


into the alloy as might be expected. This can be seen by comparing the 
hardness data in Table III with those in Table II. The hardness of the 
Inconel X was 20 to 30 Knoop numbers higher generally after the 
1650 °F test than after the shorter 1850 °F exposure to graphite, but 
about 20 to 50 Knoop numbers lower than after the 1000-hour exposure 
to graphite at 1850 °F’. Alnicro was very slightly softer after the 1000- 
hour test at 1650 °F than after a similar test at 1850 °F. 

Inserting copper foil between the Inconel X and the graphite at the 
original interface slowed down the diffusion of carbon into Inconel X. 
An 8-mil foil was a more effective barrier than a 1.5-mil foil. In both 
cases, there was strong interdiffusion between the copper and elements 
from the Inconel X that destroyed the copper color. No grain bound- 
ary carbides were found in the Inconel X beneath the 8-mil foil, al- 
though a Widmanstatten precipitate was evident. 

Type 316 Stainless Steel. About 70% or more of the surface area 
near the graphite interface of Type 316 stainless steel was converted to 
carbide during a 1000-hour reaction at 1650 °F. Although the amount 
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Fig. 4 (continued)—Micrestructures of Nickel-, Copper-, and Chromium-Plated Ty 

Stainless Steel After Reaction with Graphite at 1850 °F for 250 Hours in Argon. Et 

4 parts hydrochloric acid and 1 part nitric acid. X 100. (c) 8-mil copper plate; 
chromium plate 


of carbides decreased with increasing distance from the graphite, carbon 
penetrated entirely through the 50-mil disk. The results of the hardness 
traverses, shown in Table III, bear out this observation. Hardness in 
excess of 400 Knoop were measured 35 mils from the interface con 
pared with a hardness of 173 Knoop for the uncarburized stainless steel 
At 1650 °F, either copper or chromium is a rather effective barrie: 
for the diffusion of carbon into stainless steel. This opinion is based on 
the results of microscopic studies and hardness traverses. Table II] 
shows that a 1.5-mil copper plate was capable of reducing the hardness 
in the stainless steel from over 600 to less than 300 Knoop number. A 
rather heavy grain boundary carbide precipitate was found beneath the 
plate in this specimen. An 8-mil copper plate or a 2.5- or 6-mil chro 
mium plate on the stainless steel prevented the hardness from exceeding 
200 Knoop number. Only a small amount of carbide precipitated in 
grain boundaries in the stainless steel was evident in these specimens 
The 6-mil chromium-plated specimen contained about 3.5 mils of un 
carburized chromium after the 1000-hour exposure to graphite 
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Fig. 5—Interfaces of Graphite-Inconel X Initially Separated by Copper Foil After 
Reaction at 1850 °F for 1000 Hours. Etchant: 4 parts hydrochloric acid and 1 part 
nitric acid. K 100. (a) 1.5-mil copper foil; (b) 8-mil copper foil 


CONCLUSIONS 
3ased on metallographic and hardness studies, the following con- 
clusions may be drawn about the reaction of graphite with metals and 
alloys on the basis of the 250 and 1000-hour tests at 1850 °F and the 
1000-hour test at 1650 °F: 


1. Of the several metals and alloys tested, copper is the material 
most resistant to attack by carbon. Nickel is only slightly more 
reactive than copper in the 250-hour test. Molybdenum forms 
carbides at the interface but shows no evidence of penetration 
of carbon into molybdenum beyond the carbide layer. 

Of the alloys studied, Inconel X appears least affected by re- 
action with carbon when heated in contact with graphite. 
Alnicro is less resistant than Inconel X but better than 
Nichrome V, Inconel, and Types 316 and 318 stainless steel. 
Both Inconel X and Alnicro appear promising materials for 
use in contact with graphite up to about 1850 °F. 


i 
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3. Copper, chromium, and, to a much lesser extent, nickel are 
effective as barriers for the diffusion of carbon into stainless 
steel. Several mils of copper or chromium plated on Type 316 
stainless steel retards diffusion of carbon into the stainless 
steel for extended service up to about 1650 °F. 

4. The effectiveness of Inconel X, plated with copper as a barrier 
to the diffusion of carbon, is limited by interdiffusion of copper 
with elements from the Inconel X. This destroys the useful 
ness of copper as a barrier at temperatures as low as 1650 °F 
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DISCUSSION 


Written Discussion: By Ivor E. Campbell, director of Research and Deve 
ment, National Steel Corporation, Weirton, W. Va 

Although there are obvious reasons why silicon could have only limited usage 
at best as a barrier material it might be pointed out that silicon is almost 
pletely resistant to graphite at the temperatures investigated and might be 
efficient barrier material under those conditions where (a) its reactivity witl 
the metal is not excessive or harmful (as in the case with siliconized metal 
(b) the silicon can be supplied in a form suitable for a barrier 

Since the amounts of the metals under investigation were quite small, is it 
possible that residual oxygen or hydro carbons may have acted as effective 
transfer agents through CO formation? It would have been interesting to have 
first removed all possible reactive gases from the graphite by placing it ir 
heated evacuated chamber, then bringing the chamber to one atmosphere pres 
with argon. 


Written Discussion: By J. C. Bokros, John Jay Hopkins Laboratory for P 
and Applied Science, General Atomic Division of General Dynamics Corp 
tion, San Diego, Calif 

The authors are to be commended for their interesting contribution to a1 
which has become increasingly important to high temperature graphite reactor 
technology. We have conducted very similar experiments using a helium 
tective atmosphere and about the same bearing pressure between the graphit 


VA 


metal couples. Our results in general confirm those reported by the authors. W« 
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Fig. 6—Room temperature hardness change versus chromium content for 
iron-chromium alloys after 2000 hours at the indicated temperatures in 
contact with graphite in helium 


did, however, make a number of observations which are pertinent and supple- 
ment those reported in this article 

We find, as the authors point out, that the austenitic stainless steels and the 
nickel-base alloys carburize rapidly at 1650 and 1850 °F. Further, we have found 
that the majority of the austenitic stainless steels and the nickel-base alloys 
which contain carbide formers, e.g., chromium, iron, molybdenum etc., carburize 
at temperatures as low as 1300 °F. The ferritic stainless steels on the other hand 
are attractive since they offer a relatively low coefficient of expansion (desirable 
for a graphite cladding alloy) and exhibit a superior resistance to carburization 
which depends on the chromium content. As an example the hardness increase 
due to carburization for a series of ferritic iron-chromium alloys exposed for 
2030 hours at 1300 and 1500 °F have been plotted in Fig. 6 against their chromium 
content. These data together with metallographic results indicate that for a given 
reaction temperature a minimum chromium content is required to confer carburi 
zation resistance. A comparison of these results with available equilibrium data 
for the Fe-Cr-C system at 1500 °F suggests that the presence of austenite in the 
microstructure accelerates carburization. The ferritic steels in the 0 to 27% 
chromium range carburize at 1600 °F. 

The authors find that nickel and copper do not react appreciably with graphite 
at 1650 and 1850 °F. We have found that thermal cycling from a relatively low 
temperature to 1700 or 1800°F results in deterioration of nickel by a graphiti- 
zation mechanism, i.e., carbon goes into solution in nickel at the high tempera- 
ture and precipitates in the form of graphite at the low temperature. Fig. 7 
illustrates the graphitization which occurred in nickel cladding after 150 cycles 
from room temperature to 1700°F. The addition of copper to nickel markedly 
reduces this graphitization by decreasing the solubility of carbon in nickel and, 
most important, by decreasing the rate of graphite precipitation from super 


saturated solid solution. 
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7. 
' a bd 
Fig. 7—Graphitization of nickel which had been thermal cycled 15¢ 
times from 100 to 1700 °F in contact with graphite. x 500 
The authors state that, although some carburization was observed, Inconel X 


was the most compatible alloy tested in contact with graphite and that the 
metals, copper, nickel, and molybdenum, were only slightly reactive with graphit 
at 1650 and 1850 *F. I would like to obtain the authors’ opinion as to whether or 
not they feel that these materials could be considered useful as structural or 
cladding materials in contact with graphite at 1650 or 1850°F in a heliun 
cooled reactor system ? 


Authors’ Reply 

The authors wish to thank Mr. J. C. Bokros and Dr. Ivor E. Campbell for 
their valuable additions and discussions. The cycling tests of Mr. Bokros are 
certainly a desirable adjunct to any compatibility study. We believe that tempera 
ture cycles even of the order of 200°F might prove deleterious to nickel and 
other metals and alloys of comparable carbon solubility 

We are not in position to evaluate Inconel X, copper, nickel, and molybdenun 
as structural or cladding materials except in regard to their compatibilities witl 
graphite at 1650 or 1850 °F. We feel that copper is too near its melting point t 
be very useful in structural application. At 1650°F, it may serve for cladding 
Because of its appreciable carbon solubility, nickel probably would be less useful 


than copper except when alloyed with copper as indicated by Mr. Bokros. Bot! 
molybdenum and Inconel X may have satisfactory short-life application at 
1650 °F, although molybdenum might be readily embrittled by low level ga 
impurities in helium 

We agree with Dr. Campbell that silicon might have possibilities under the 
ditions stated, although it was not considered in our original list of materials of 
interest. The possibility of carbon being transferred to the metal by the formatior 
of CO by reaction with residual oxygen also was raised by Dr. Campbell. It 
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appears that the amount of residual oxygen present would be extremely small 
since the chamber containing the unsealed capsules first was evacuated and then 
filled with argon. We also observed no extensive carburization on the edges of 
the small discs not in contact with the graphite as certainly would be the case if 
any appreciable CO cycle had been set up. The same observation can be made 
with respect to the formation of hydro-carbon by reaction with residual hydrogen. 

We agree with Dr. Campbell that first removing the reactive gases from the 
graphite by placing in a heated, evacuated chamber and then filling the chamber 
with argon would be an extremely interesting theoretical experiment. However, 
our study was a practical one in which the operating conditions did not call for 
removal of the small amount of occluded gases. Thus, the definition of the prob- 
lem did not permit us to eliminate this possible mechanism of carbon transfer. 








CONSTITUTION STUDIES OF THE ANTIMONY 
AND BISMUTH-RICH PORTIONS OF THE 
Sb-Bi-In SYSTEM 


By E. A. PERETTI 


Abstract 

The system has been investigated by thermal analysis, 
microscopic and x-ray methods. Of the three possibilities 
only the InSb-InBi isopleth is a true quasi-binary. 

A eutectic valley runs from the InSb-Sb binary eutectic 
(494°C) to a point whose composition and melting point 
approach that of Bi (271°C). 

Alpha, having the antimony and bismuth crystal stru 
ture, is the primary phase to precipitate for alloys in the 
Sb side of the eutectic valley. Beta, with the crystal lattice of 
InSb, crystallizes first from alloys lying in the InBi side of 
the valley. 

Solid alloys consist of alpha plus beta or alpha, beta and 
gamma, depending upon composition. (ASM-SLA Classifi 
cation: M24C, 2-60, In, Bi, Sb) 


PRELIMINARY survey of indium-antimony-bismuth alloys 
showed that in the low indium area a true quasi-binary system 
occurred at the isopleth terminating in the two intermediate phases, 
InSb and [nBi. The latter system was investigated, and the results 
reported (1).' It is the purpose of this paper to present the results of 
studies of the Bi-Sb-InBi-InSb area of the Sb-Bi-In ternary system 


Previous Work 

The bounding binary systems are shown schematically in Fig. | 
The phase diagram of the indium-antimony alloys is based on th¢ 
work of Liu and Peretti (2). An intermediate phase, whose composi 
tion corresponds closely to InSb, melts congruently at 525 °C (970 ° I 
and forms eutectics with both antimony and indium. The antimony 
rich eutectic contains 69.5% antimony and melts at 494 °C (920 °F 
InSb has a zinc blende-type structure with a lattice parameter of 
6.476 A. 


Antimony and bismuth alloys have been widely studied (3). The 


+ 


two elements form an uninterrupted series of solid solutions. The dif 
fusion rate is not very high, and most investigators have found it neces 


1 The figures appearing in parentheses pertain to the references appended to this paper 





The author, E. A. Peretti, is associated with the Department of Metallurgical 
Engineering, University of Notre Dame, Notre Dame, Indiana. Manuscript re 
ceived June 23, 1958. 
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Fig. 1—Terminal Binary Systems and Location of Alloys Studied 
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Fig. 2—Vertical Section 1. (See Fig. 1 for location) 


sary to use long heat treatment periods to homogenize the solid alloys. 
Carapella and Peretti (4) and Badwick and Henry (5) reported 
work on the indium-bismuth system. Two intermediate phases are 
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Fig. 3--Vertical Section 2. (See Fig. 1 for location) 


present corresponding to In,Bi and InBi. The latter melts at 110° 
(230 °F) and forms a eutectic with bismuth at 67% bismuth having a 
melting point at 109.5°C (229.1°F). Makarov (6) and Binnie (7 
found the crystal structure of InBi to be tetragonal with a = 5.005 A 
and c = 4.771 + .003 A. 

In the quasi-binary section InSb-InBi (1) the liquidus consists of an 
uninterrupted line running from the freezing point of InSb to a eutectic 
point experimentally indistinguishable from the freezing point of InBi 


EXPERIMENTAL METHODS 


All compositions were made from materials of the highest purity 
available. The bismuth was obtained from the American Smelting and 
Refining Company from a lot which analyzed as follows : 0.001% lead, 
0.0005% copper, 0.0001% silver, and 0.0001-% iron. Spectrograph 
analysis failed to detect the presence of any other elements. 

The indium was loaned to us by the Indium Corporation of America 
and had a guaranteed purity of 99.97% with the following chemical 
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analysis: 0.006% lead, 0.01% tin, 0.002% copper, and 0.01% zinc. 

The Bradley Mining Company supplied us with the antimony 
which contained 0.001% arsenic, 0.0002% copper, 0.0002% lead, and 
0.0003 % iron. 

Alloys were made by melting together antimony, bismuth and 
indium in evacuated, sealed Pyrex glass tubes at a temperature of 
600 °C (1110 °I*) with vigorous agitation. Each melt weighed about 
80 grams and was allowed to solidify in the sealed glass tube. It was 
then transferred to a glass crucible for thermal analysis. 

Cooling curves were taken at rates of 0.5 to 3°C per minute under a 
protective atmosphere of helium while the contents of the crucible were 
stirred mechanically. Temperatures were measured with calibrated 
iron-constantan and chromel-alumel thermocouples and were recorded 
graphically on a Minneapolis-Honeywell extended range recorder 
working in conjunction with a Leeds and Northrup type K-2 
potentiometer. 


In preparing specimens for metallographic examination, conventional 
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Fig. 5—Vertical Section 4. (See Fig. 1 for lo 
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Fig. 8 


Liquidus Isotherms. 
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polishing techniques gave satisfactory results. Etching solutions used 
were Vilella’s reagent, aqueous solutions of chromic oxide with 
either nitric or sulphuric acid plus dichromate. Mixtures of 30% aceti: 
acid and a 10% solution of amonium persulphate in water were also 
employed as they stain the InSb-rich phase black. 

To confirm conclusions deduced from the thermal analysis and 
microscopic examinations x-ray phetograms were taken using cobalt 
K-alpha radiation. 


EXPERIMENTAL RESULTS 

Systematic investigations were carried out along the eight isopleths 
shown in Fig. 1. The data are given in Figs. 2-11 and Table I. As can 
be seen in Fig. 11 (Section 8) the InBi-Sb isopleth definitely does not 
form a quasi-binary section. The InSb-Bi join, Fig. 5, on the other 
hand, comes close to being quasi-binary ; however, all of the alloys in 
this section exhibited a thermal arrest at 109.5°C (229.1°F), the 
ternary eutectic temperature. Typical of microstructures in this region 
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Table I 


Thermal Arrests in the InSb-InBi-Sb-Bi System 


Weight % 
Bi 


59.58 
64.28 
72.91 
80.64 
87.60 
89.56 
91.47 
15.00 
30.00 
42.75 
70.95 
75.00 
12.75 
25.50 
39.95 
51.00 
59.50 
79.90 
8.86 
16.34 
29.90 
39.95 
45.00 
50.00 
60.00 
70.00 
80.00 
90.00 
95.00 
20.00 
25.00 
35.00 
42.00 
45.00 
55.00 
60.00 
65.00 
70.00 
75.00 
16.37 
25.08 
30.49 
38.06 
42.79 
48.37 
53.60 
58.48 
12.00 
15.00 
18.00 
20.00 
22.00 
26.00 
30.00 
34.00 
12.91 
20.66 
28.60 
36.80 
41.96 


26.69 
24.26 
21.83 
16.98 
12.13 
7.28 
7.09 
11.34 
15.70 
20.20 
23.04 
47.21 
45.90 
44.58 
43.27 
41.96 
40.96 


Liquidus, 


386.5 
381.5 
366.5 
351.0 
327.0 
292.0 
300.5 
505.0 
497.8 
455.0 
315.6 
153.0 
508.3 
504.0 
488.2 
443.0 
420.6 
307.0 
514.8 
508.3 
499 8 
463.3 
454.8 
446.0 
434.8 
410.0 
369.0 
313.0 
271.0 
496.0 
484.6 
481.0 
463.0 
450.0 
433.0 
402.8 
413.0 
406.5 
409.5 
500.3 
483.5 
462.2 
448.5 
451.8 
459.5 
470.6 
479.5 
497.5 
496.3 
491.8 
476.4 
472.4 
495.2 
509.8 
529.5 
581.5 
546.0 
$00.0 
447.0 
455.0 
518.5 
510.5 
501.8 
497.0 
479.3 
463.4 
446.7 
390.3 


Secondary 


116.8 
158.8 
198.5 
229.5 
273.0 
273.0 


149.3 
150.3 
149.5 


199.5 
199.5 
197.5 
193.5 
198.2 
208.5 
268.8 
263.3 
266.3 
271.0 
273.8 
272.0 
269.7 
271.3 
271.0 
2796 


398.0 
397.0 
398.0 
398.0 
397.5 
403.6 
397.8 
394.8 
336.0 
286.5 
437.6 
446.0 
442.0 
444.0 
431.8 
397.0 
364.0 
322.4 
467.0 
467.0 
467.3 
467.0 
465.8 
446.0 
436.0 
400.8 
436.0 
437.8 
437.8 
438.0 
399.0 


C 


Solidus, °C 
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are Figs. 12 and 13, photomicrographs of an alloy along the InSb-Bi 
join containing 50 weight % each of InSb and Bi. Fig. 12 shows the 
as-cast alloy, and Fig. 13 is that of the same alloy after being held for 
750 hours at 250°C (482°F). Each shows the three phases, alpha, 
beta and gamma. Hence the InSb-Bi join does not encompass a quasi 
binary section. 

Fig. 8 is a projection of some liquidus isotherms, and Fig. 6 is a 
drawing of an idealized space model. Typical microstructure en 
countered in various regions of the system are illustrated in Figs 
12-18. 

SUMMARY 

The liquidus and solidus for the Sb-Bi-InSb-InBi portion of the 
In-Bi-Sb system have been determined. Neither of the pairs InSb-Bi 
or InBi-Sb form true quasi binary systems. Solid alloys lying approxi 
mately in the area bounded by InSb, Sb and Bi consist of alpha and 
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beta and complete their solidification at temperatures ranging from 
494°C to 109.5°C (920 to 229.1°F), depending upon composition. 
Alloys whose compositions lie in the area bounded by InSb, Bi and 


InBi all complete their freezing at 109.5 °C (229.1 °F). 


On the antimony side of the binary eutectic line alpha is the primary 
phase of solidification, while beta crystallizes first on the InBi side of 


the eutectic valley. 
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Vilella’s reagent. x 50. 
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THE SYSTEM TITANIUM-BISMUTH 
By I. OprnaTaA, Y. TAKEUCHI AND S. SAIKAWA 


Abstract 

By means of microscopic observation, x-ray diffraction 
examination and differential thermal analysis, the Ti-Bi 
alloys of less than 65% of bismuth were studied in the tem- 
perature range below 1350°C (2460°F). The B-transus of 
titanium is lowered by addition of bismuth and a eutectoid 
reaction Bz2a-+ TisBi occurs at Bi:29% and tempera- 
ture : 725°C + 10°C (1335°F + 20°F). An intermedi- 
ate phase TisBi exists at around 60% of bismuth in this 
system, which is formed by the peritectic reaction liquid +- 
Baz TisBi at 1340°C + 20°C (2445°F + 35°F). TisBi 
was found to be tetragonal crystals with the lattice 
constants of a= 6.020 A, c = 8.204 A and c/a = 1.375. The 
solubility of bismuth in a- and B-titanium is 1.5% and 33% 
at the maximum respectively. (ASM-SLA Classification: 
M24b; Ti, Bi) 


INTRODUCTION 

eo YRDING to the investigation carried out by Nowotny and Pesl, 

(1,2)! there exists an intermetallic compound Ti,Bi in the sys- 
tem Ti-Bi. Although the crystal structure of Ti,Bi is not determined 
with certainty, it is said to be of lower symmetry than hexagonal. It 
has been also indicated by Craighead et al. (3) that bismuth is soluble 
in titanium at least to 0.3% in the range 790-900 °C. In the present 
investigation, alloys containing up to 65% bismuth have been studied 
by microscopic observation, x-ray diffraction method and differential 
thermal analysis in the range 700-1350 °C (1290-2460 °F). 


EXPERIMENTAL PROCEDURES 

Materials and Preparation of Alloys—The titanium used in the 
present investigation was sponge titanium produced by Kroll’s method 
at the Osaka Titanium Co. Typical analysis of this sponge titanium 
showed the following results: O = 0.03%, N =0.01%, H = 0.005%, 
C= 0.02%, Fe = 0.04%, Si= 0.03%, Mg = 0.02% and Cl = 0.03%, 
and its as-received Brinell hardness number was about 110. The bis- 
muth used was made by Yokogawa Chemical Co. Ltd. and was of the 
guaranteed purity of 99.9%. 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


Of the authors, I. Obinata is professor and director and Y. Takeuchi is research 
assistant, the Research Institute for Iron, Steel and Other Metals, Tohoku Uni- 
versity, Sendai, Japan; S. Saikawa is research metallurgist, Furukawa Electric 
Co., Tokyo, Japan. Manuscript received April 1, 1959. 
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Table I 
Schedule of Heat Treatments of Titanium-Bismuth 
Alloys 
Temperature Time: hours 
( °F 
1200 2190 2 
1000 1830 10 
900 1650 20 
875 1610 24 
850 1560 48 
825 1515 96 
800 1470 120 
775 1425 144 
725 1335 168 
700 1292 168 


The Ti-Bi alloys were prepared by melting weighed charges of 10 
30 grams in a tungsten-tipped electrode arc furnace using a water 
cooled copper hearth under argon atmosphere. The button ingots were 
remelted several times. The button ingots of pure titanium or with bis 
muth content of 1-20% were hot-rolled at 800°C (1470°F) into 
sheets of 2mm thickness, while the ingots of alloys containing 25-65% 
of bismuth, being unsuitable to hot rolling, were cut into 2-4 pieces as 
cast. 

Heat Treatment—The specimens were always sealed in carefully 
evacuated silica capsules, for preventing gaseous contamination and 
vaporization of bismuth during the heat treatment. The temperature 
and time of heat treatment were as shown in Table I. When heat treat 
ment below 900 °C (1650°F) was to be applied, it was preceded by a 
homogenization treatment for 20 hours at 900°C (1650°F), from 
which temperature the specimens were allowed to cool down to the pro 
jected temperature of heat treatment and kept there for projected dura 
tion. After the heat treatment, the specimens were quenched by crushing 
the capsules under water. 

Determination of Melting Point—The non-variant reaction temper 
ature in which the liquid phase takes part was determined by the ob 
servation of changes in form and microstructure of Ti-Bi alloy speci 
mens containing 52-60% of bismuth, upon heating to 1200-1350 °C 
(2190-2460 °F) and water quenching. 

Metallographic and X-Ray Diffraction Study—The alloy structure 
after heat treatment was determined by microscopic observation and 
x-ray diffraction analysis. For microscopic observation, the specimens 
were usually mechanically, but sometimes electrolytically, polished. As 
etching reagent, a mixed solution of HF, HNOx; and H2O was used in 
the main. The x-ray diffraction patterns were taken by Debye 
Scherrer’s method, using nickel-filtered CuK. 

Differential Thermal Analysis—-F or determining the temperatures of 
B-decomposition, differential thermal analysis of the alloys containing 
7.68, 21.31 and 30.14% of bismuth, respectively, was carried out. As 





1960 TITANIUM-BISMUTH SYSTEM 1061 
































R0 T 
700 ~ } 
ag 
~ ~ 
>, ul 
“s] ~n q 
~ ro, 
r- —_ 
‘ 
\ 
‘ 
\ 
‘ 
BOK | 
| 
| 4 
a/ + 
2 | B 
= | 
o 1% it 
- “4 | 
ry 
a 
3 
F 4 
! 
| ! 
! 
| 
| ! 
( do Oo0-0-©O r o + 
900 90-0-0-0-0-—0 o 
©0090 «(«O 9 
» Be O° -) o re ~ 
ao0 ) Q 
B009deo > 
aos 1) 
i 
' a+B 
Geone—3-—" 
700 Core-©-2e@——® © 
{~i.5 
k 1+ 3B 
' 
600 l i 
) iO 20 3( 40 5 + 70 
Bismuth, Weight % 
Fig. 1—Titanium-Bismuth Phase Diagram 


neutral bodies, substances with thermal conductivity and specific heat 
equal to those of tested specimens are desirable. In this study, high 
purity titanium was used with excellent results. The specimens and the 
neutral body were annealed at 900°C (1650°F) for 20 hours, and 
then the differential thermal analysis curves when the cooling rates of 
0.5 °C/min or of 2 °C/min were applied were plotted. 
Hardness Test—Specimens quenched from 700, 800 and 1000 °C 
(1290, 1470 and 1830 °F ) were tested for their Vickers hardness under 
the load of 500 grams. 
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Table I! 
Analysis of Titanium-Bismuth Alloys Used 
Nominal Content Analysed Content Nominal Content Analysed (¢ 
weight % Bismuth weight % Bismuth weight % Bismuth weight Bis 
1 1.52 35 34.91 
; 3,62 35 35.02 
5 5.63 40 41.71 
7 8.06 40 39.53 
7 7.68 45 44.18 
10 10.04 45 41.97 
15 14.48 50 49 67 
20 19.97 50 51.62 
25 28.85 52 52.34 
25 28.18 55 55.57 
25 21.31 57 56.99 
30 29.39 60 59.55 
30 29.39 65 64 82 
33 30.14 


RESULTS AND DiscussION 
The Phase Diagram—From the results of microscopic observations 
and the various tests stated above on the Ti-Bi alloys containing less 
than 64.82% of bismuth, the equilibrium diagram of the Ti-Bi system 
given in Fig. 1 was obtained. 
The analytical results of the bismuth contents of the alloys used were 
- 


as shown in Table II. The chemical analysis was car*ied out on the 

specimens upon completion of all the tests. Table II ciearly indicates 

that the loss in bismuth content during melting of the ailoys is exceed 

ingly low, and also that the vaporization of bismuth during heat treat 

ment is very small. 
Microstructure—The as-cast structure of 1.52-19.97% bismuth a / 

loys is of the so-called martensite type, but in the specimens of 28.18 | 


j 


29.39% bismuth alloys, the 8 =a transformation was suppressed and 
the B-phase alone retained. The as-cast structure of alloys containing 
more than 34.02% of bismuth consisted of the primary 8 and a matrix 
(Fig. 2). The matrix surrounding this primary 8 was found micr: 
scopically to be entirely of one single phase. With the increase of the 
bismuth content, the primary 8 decreases and the surrounding matri» 
increases in quantity. With this as-cast microstructure as basis 
solubility of bismuth in B-titanium was computed to be about 33: 
Fig. 3 shows the as-cast structure of 59.55% bismuth alloy. Here, 
though a small quantity of primary £ is finely scattered in the matrix 
the whole is a nearly single-phase structure. The composition of this 
alloy nearly coincides with that of TigBi. Accordingly, it may be su 
posed that the following peritectic reaction occurs at this composition 
liquid + 8 = TisBi. In the 64.82% bismuth alloy, a structure consist 
ing of primary crystals (intermediate tone appearing in upper part of 
the picture, tentatively called 8 phase hereunder) and a eutectic matrix 
(8+ TigBi), as shown in Fig. 4, was observed. 
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Fig. 2—-49.67% Bismuth Alloy, As-Cast. Primary 8 + TisBi. Etchant: HF + HNOs 4 


H:O. x 100 
Fig. 3—59.55% Bismuth Alloy, As-Cast. Primary 8 (fine particle) + TisBi. Etchant: 
HF + HNOs + H2O. x 100. i 
Fig. 4—64.82% Bismuth Alloy, As-Cast. Primary 5 (black) + eutectic (TisBi + 5). No 
etch. xX 100 
Fig. 5—28.85% Bismuth Alloy, Water-Quenched After Annealing 10 Hours at 1000 °C 
Retained 8. Etchant: HF + HNOs+ HeO. x 100 


The quenched structure from the 8 phase of alloys containing less 
than 19.97% of bismuth, like the as-cast structure, was of martensite 
type, and that of 28.18-29.39% bismuth re showed a single-phase 
structure of retained 8, as shown in Fig. 5. The eutectoid a begins to 
appear in 1.52% bismuth alloy quenched ios 875 °C (1610°F), and 
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Fig. 6—29.39% Bismuth Alloy, Water-Quenched After Annealing 160 Hours at 700 °( 
(1290 °F). Eutectoid (a + TisBi). Etchant: HF + HNOs + H2O. x 100 
Fig. 7—35.02% Bismuth Alloy, Water-Quenched After Annealing 10 Hours at 
(1830 °F). 8 matrix + TisBi. Etchant: HF +HNOs + H2O. x 100 
Fig. 8—52.34% Bismuth Alloy, Water-Quenched After Annealing 10 Hours at 1 *( 
(1830 °F). 8 matrix + TisBi. Etchant: HF + HNOs +H2O. x 100 
Fig. 9—35.02% Bismuth Alloy, Water-Quenched After Annealing 168 Hours at 700 °( 
(1290 °F). TisBi + eutectoid (a + TisBi). Etchant: HF + HNOs + H20 l 


the B/(a+ 8) solvus falls the lower, the higher the bismuth content 
The specimen of 1.52% bismuth alloy quenched from temperatures 
below 725 °C (1340 °F) showed a single a phase. In the alloys contain 
ing more than 3.62% of bismuth, a eutectoid structure appears. As il 


7 
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Fig. 10—51.62% Bismuth Alloy, Water-Quenched After Annealing 168 Hours at 700 °C 
(1290 °F). TisBi + eutectoid (a+ TisBi). Etchant: HF + HNOs+ H2O. xX 100. 
Fig. 11—64.82% Bismuth Alloy, Water-Quenched After Annealing 10 Hours at 1000 °C 
(1830 °F). y + eutectic (TisBi + 7). Etchant: HF + HNOs+ H2O. xX 100. 


lustrated in Fig. 6, the 29.39% bismuth alloy quenched from 700 °C 
(1290 °F) consists of nearly 100% eutectoid structure. Thus, at about 
29% of bismuth and 725 °C (1340 °F), the eutectoid reaction B =a + 
TigBi takes place. 

In the alloys of 34.91%-56.99% of bismuth quenched from temper- 
atures above 725 °C (1340 °F), the structure consists of the two phases 
B and TisBi in coexistence. Fig. 7 and Fig. 8 show the structure of 
35.02% bismuth and 52.34% bismuth alloys quenched from 1000 °C 
(1830°F ), respectively. In these, rounded primary 8 are found sepa- 
rated out in the TigBi matrix. 

Nowotny et al. (1,2) reported that in the Ti-Bi system, the inter- 
metallic compound Ti,Bi exists at 52% of bismuth, but Fig. 8 shows 
that the structure of the alloy of such a composition consists of B and 
TigBi. 

The structure of alloys of 34.91-56.99% of bismuth quenched from 
temperatures lower than 725°C (1340°F), as shown in Fig. 9 and 
Fig. 10, consists of TigBi and eutectoid (a + TisBi). 

Fig. 11 shows the structure of 64.82% bismuth alloy annealed at 
1000 °C (1830°F) for 10 hours and quenched. The structure consists 
of an intermetallic compound (tentatively called y phase hereunder) and 
a small quantity of eutectic. As seen from Fig. 11, the quenched struc- 
ture of 64.82% bismuth alloy differs remarkably from the as-cast struc- 
ture of same alloy (Fig. 4). This difference between both structures is 
probably due to the decomposition of 8 phase in as-cast structure to the 
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Table III 
X-Ray Diffraction Data of Titanium-59.55% Bismuth Alloy 
Diffraction Observed hkl 
Line Intensity dinA Tetragonal Hexagonal! (H.C _P 
1 m-w 4.140 (0 0 2) 
2 Ww 3.897 . 8 & 
3 m 3.410 1 0 2) 
4 m-s 3.004 1 1 2) 
5 1-W 2.912 20 1) 
6 w 2.784 12 0) 
7 8 2.434 2 0 2) 
8 s 2.334 11 3) 00 
9 w 2.243 101 
10 2.156 > 20) 
11 w 1.965 10 4) 
12 m-w 1.918 13 1) 
13 m-wi(d 1.864 1 1 4) 
14 m-w(d 1.761 Fz 
15 wid 1.711 10 
16 w 1.638 125 
17 w 1.616 005 
18 N 1.464 110 
19 w 1.438 (2 0 §) 
20 w (d) 1.414 1 3) 
21 m (d 1.387 0 0 6) 
a =6.020A i 2 YIgA 
ri ~ 27.4 6604 
c/a =1.375 i 1.59 
Table IV 
X Ray Diffraction Data of Titanium-—52.34% Bismuth Alloy 
| 
Diffractior Observed hkl 
Line Intensity din A Tetragonal Hexagonal (H< 
1 I 4.141 0 0 2) 
w 3.911 (1 1 1) 
3 n 3.410 1 0 2) 
4 m-s 3.016 es 2 
5 m-W 2.927 201 
6 w 2.784 1 2 0) 
7 w 2.540 100 
8 w 2.564 103 
9 8 2.435 2 0 2) 
10 a 2.336 (1 1 3) 0 0 2 
11 m 2.240 101 
12 rT 2.167 220 
13 w 1.921 131) 
14 w 1.766 231 
15 m-Ww 1.715 102 
16 w (d 1.625 005 
17 m-w(d 1.460 110 
18 m-w(d 1.412 (1 3 3) 
19 m-w(d 1.366 (0 0 6) 
a =6.01;A a =2.93,A4 
c =8.28:A4 C =4.6604 
c/a =1.377 c/a =1.59 
y + eutectic by heat treatment. The intermetallic compound y has a 





lower bismuth content than 8 and lies at nearly 65% of bismuth 
Determination of Melting Point—For determining the temperature 
of the reaction : liquid + 8 = TisBi, the melting points of 55.57, 56.99 
and 59.55% bismuth alloys were measured. The former two alloys 
showed incipient melting by heating to 1340°C + 20°C (2445 °F 
35 °F), while the last alloy (TisBi) melted down completely at same 
temperature. Thus, it was confirmed that the peritectic reaction : liquid 
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+ B= TisBi takes place at 1340°C + 20°C (2445 °F + 35°F) and 
that the peritectic point and liquidus point are very close. 

X-Ray Diffraction Pattern—The x-ray diffraction patterns of the 
following alloys were obtained by Debye-Scherrer’s method : 


2.34% bismuth alloy, annealed at 700 °C (1290 °F) 
9.55% bismuth alloy, annealed at 700 °C (1290 °F) 
4.82% bismuth alloy, as-cast state; water-quenched from 1000 °C (1830 °F) 


S 
5 
6 


In Table III are shown the spectral data of the x-ray diffraction pat- 
terns obtained from 59.55% bismuth alloy. The figures in the table 
show that the 59.55% bismuth alloy consists of tetragonal crystals 
and a very small quantity of titanium crystals. Accordingly, it was 
concluded that the intermetallic compound exists at a composition very 
closely approaching that of 59.55% bismuth alloy and corresponding to 
TisBi in composition. The lattice constants of this tetragonal phase 
Ti,Bi were determined to stand at a=6.020 A, c=8.204 A and 
c/a = 1.375 as shown in Table III. 

From the result of x-ray diffraction examination of 52.34% bismuth 
alloy, the existence of Ti,Bi (52% Bi) claimed by Nowotny et al. 
(1,2) has been denied, for, as shown in Table IV, the 52.34% 
alloy consists of the two phases of titanium crystals and the simple 
tetragonal phase TisBi, which also appears in 59.55% bismuth alloy. 
This fact agrees well with that of microscopic observation. The x-ray 
diffraction patterns of 64.82% Bi alloy quenched from 1000°C 
(1830 °F), as shown in Table V, do not contain the patterns of TigBi. 
Thus, it is clear that another intermetallic compound besides Ti;Bi does 
exist, at least in the temperature range below 1000°C (1830°F). 
Seeing the difficulty of analyzing its complicated crystal structure, 
only the observed intensities of diffraction lines and the lattice spacings 
are shown in Table V. 

Differential Thermal Analysis—In Fig. 12 are shown the cooling 
curves obtained by differential thermal analysis of specimens of 7.68, 
21.31 and 30.14% bismuth alloys cooled at the rates of 0.5 °C/min and 
2.0°C/min. The point A in the figure indicates the temperatures of 
B/(a+ 8) solvus or B/(8+ TisBi) solvus and the point B the 
eutectoid reaction B=2a-+ Tis;Bi respectively. The point C corre- 
sponds to the 8 =2a transformation point of pure titanium used as the 
neutral body. From these results, the temperatures of the B/(a+ B) 
solvus or B/(8+ TisBi) solvus and of the eutectoid reaction of the 
tested alloys were determinated as follows: 


7.68% bismuth alloy, 8/(a + 8) 840°C + 10°C (1540 °F + 20°F) 
21.31% bismuth alloy, 8/(a + 8) 740°C + 10°C (1360°F + 20°F) 
30.14% bismuth alloy, 8/(8 + TisBi) 740°C + 10°C (1360 °F + 20°F) 
eutectoid temperature 725 °C + 10°C (1335 °F + 20°F) 
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Fig. 13--Hardness Versus Composition of Titanium-Bismuth Alloy 
The boundary lines of B/(a+ 8B) and B/(8 + TigBi) and eutect 


horizontal in Fig. 1 have been determined on the basis of these mea 
ured values and the results of microscopic examinations. 
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Table V 
X-Ray Diffraction Data of Titanium-—64.82% Bismuth Alloy, 
Quenched from 1000°C (1830°F 








Diffractior Observed 
Line Intensity din A k | 

1 w-m 821 
2 w 3.516 
; m 3.053 
+ r > 843 
5 N > 640 
6 w-n 364 
7 ».224 
- n 020 
9 " 1.829 
10 Ww 1.760 
11 r 1.692 
12 s 1.545 
13 w-mi(d 1.433 
14 w-rr 1.357 
15 n 1.280 
16 w-mi(d 1.233 
1 ! 1.213 
18 w 1.172 
19 w-mi(d 1.132 
0 Ww 1.101 
1 v-m(d 1.062 
22 w-mi(d 1.021 
3 Ww d 0.991 
24 1 d) 0.960 
5 Ww 0.944 
6 N 0.931 
27 n 0.916 


Hardness of Ti-Bi Alloys—The Vickers hardness of pure titanium 
and 1.52%-56.99% Bi alloys quenched from 700, 800 and 1000 °C 
(1290, 1470 and 1830 °F) is shown in Fig. 13, as functions of the bis- 
muth content of the respective alloys. Generally speaking, the hardness 
rises with the increase of the bismuth content in Ti-Bi alloys. The hard- 
ness of the alloy of the retained 8 structure is, however, considerably 
lower than that of the alloys with the two-phase structure (a + TigBi). 
The 59.55% bismuth alloy, nearly the Ti,Bi phase, was too brittle for 
hardness measurement. The Ti;Bi phase is a!so highly pyrophoric and 


when left exposed in air, is subject to gradual collapse. 


SUMMARY 


The Ti-Bi system was studied in the composition range of less than 
65% of bismuth and the temperature range of below 1350°C 
(2460 °F), by application of microscopic examination, x-ray diffraction 


examination and differential thermal analysis, and the equilibrium 
diagram as shown in Fig. 1 was obtained. 

The £-transus of titanium is lowered by addition of bismuth and the 
at bismuth: 29% and 


eutectoid reaction 8 =a-+ TigBi takes place 
725°C + 10°C (1335 °F + 20°F). The existence of the Ti,Bi phase 
reported by Nowotny et al. (1,2) has not been affirmed in this study, 
but it was found that at about 60% of bismuth there exists an inter 
metallic compound TigBi, which is formed by the peritectic reaction: 


liquid + B= TisBi at 1340°C + 20°C (2445°F + 35°F) and has 
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a tetragonal lattice with the lattice constants of a — 6.020 A, c = 8.204 
A and c/a = 1.375. It seems that another intermetallic compound 
probably Ti2Bi, existed in about 65% of bismuth, though its crystal 
structure has not been determined. The solubility of bismuth in 
8-titanium is around 33% at 1340 °C + 20°C (2445 °F + 35°F). On 
the other hand, bismuth is soluble in a-titanium at least to 1.5% at 
725°C + 10°C (1335 °F + 20°F). 
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DISCUSSION 

Written Discussion: By J. Gordon Parr, professor of Metallurgy 
of Alberta, Edmonton, Alberta, Canada 

I cannot understand the right hand side of the phase diagram (Iie. 2 
64.82% alloy quenched from 1000 °C (1830°F) should contain principally 
(according to the diagram), yet the photomicrograph Fig. 11 describes the stru 
ture of the quenched alloy of this composition to be gamma plus a eutecti 
TisBi and gamma. How is a eutectic introduced into the diagram in such a wa 
that an alloy quenched from 1000 °C (1830°F) shows a primary constituent plu 
the eutectic ? Reference to the x-ray data for the 64.82% alloy (Table V) further 
confuses, rather than clarifies, my attempts to understand the phase diagram. The 


point out). Yet the examined alloy was given the same heat treatment 
one whose photomicrograph is said to show TisBi 

The x-ray data for the 64.82% alloy should, if they are to mean anything at all 
to us, be analysed. My own approximate attempts show that many of the refl 
tions index in conformity with a body-centred tetragonal phase, with “a” about 
4.0°A and “c” about 7.0 °A. However, some expected reflections are absent 
several reflections are not accounted for. If the unaccountable reflectior 
from another phase, what is this phase? Obviously not Ti,sBi (despite the mi 
graph). Obviously nothing but TisBi according to this most unsatisfactor lia 


gram. 





Nm 
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Finally, two small points: first, the solid solubility limits of the alpha phase 
must be corrected so that the projections of the boundary lines extend into two- 
phase regions ; second, the use of the expression “annealed at 1000 °C (1830 °F) 
and quenched” is self contradictory. 


Written Discussion: By K. Anderko, Metall-Laboratorium der Metallgesell- 
schaft, Frankfurt, Germany. 

The paper on the constitution of titanium-bismuth alloys was of great interest 
to me and I would like to make the following comments: 

a) According to my interpretation of the published microstructures there is no 
need to postulate the existence of a 5 phase. In my opinion the as-cast unetched 
microstructure of Fig. 4 simply shows two different grain orientations of pri 
mary y phase and a small amount of dark eutectic (TisBi + y). The more uniform 
appearance of the same alloy after recrystallisation (and etching) does not prove 
that a phase change took place during the annealing treatment 

b) In the legend to Fig. 8 it should read “8 + TisBi matrix.” 

c) It would be of interest to investigate roentgenographically whether w forma- 
tion plays a role in the 6a transformation of Ti-Bi alloys. The weak maximum 
at 20 wt. % Bi in the hardness vs. composition curves (Fig. 13) of 8-quenched 


alloys could be indicative of it 


Authors’ Reply 

The authors deeply appreciate the discussion by Drs. J. Gordon Parr and K 
\nderko on this paper. 

First, concerning the subjects pointed out by Dr. J. Gordon Parr, we fear 
there have been some misunderstanding, though of course we must apologize for 
the defects in our expressions. 

For example, the terms y + eutectic (TisBi + 7) in the caption beneath Fig. 11 
seem to have led to misunderstanding, for in reality there is only an infinitesimally 
small eutectic phase at the grain boundary, as shown in the photo, nearly the en 
tire part of the specimen consisting of sheer y phase. Therefore, the content of 
TisBi is very, very small, far too small to cause its own diffraction line to appear 
in the diffraction data. It is, however, an error, strictly speaking, to have set 
the boundary of the y phase at Bi 64.82%. It should be shifted a little more to the 
Bi side, somewhere to the vicinity of, say, Bi 65%. 

It is to our regret that we did not succeed in analysing the x-ray data for the 
64.82% alloy, and many future studies must be conducted on the equilibrium in 
the high bismuth side. The wording “annealed at 1000°C and quenched” is 
faulty, as you have pointed out, a translator’s error we have overlooked, and 
should read “heated at 1000 °C and quenched.” 

We appreciate with pleasure to hear that Dr. K. Anderko has agreed with us 
on the needlessness of postulating the existence of a 5 phase in view of the 
authors results. But we cannot entirely agree with him in seeing a “8 + TisBi 
matrix” in Fig. 8, as he has suggested. We feel we must wait for the results of 
future studies to decide whether a w formation occurs near 20 wt% Bi 











THE SYSTEM TITANIUM-CALCIUM 
By I. Oprnata, Y. TAKEUCHI AND S. SAIKAWA 


Abstract 


The system titanium-calcium up to 1300°C (2370 °! 


has been investigated by means of the microscope, x-ray dif 
fraction and by chemical analyses. The titanium-calciun 
alloys were prepared by heating a sealed titanium containe) 
filled either with calcium or calcium and titanium powde? 
No intermediate phase exists in this system. The solubilit 
of titanium in molten calcium decreases from 0.18% at 
1250 °C (2280 °F) to 0.05% at 860°C (1580 °1 On tl] 
other hand, calcium is soluble in titanium to the extent of 
least 0.13% at 1300 °C (2370°F ). On the basis of these ri 
sults, a tentative phase diagram of the titanium-calcium sy 
tem is proposed. (ASM-SLA Classification: M24b; Ti, Ca 


INTRODUCTION 

HE DIFFICULTIES of alloy preparation have prevented up t 

now any reliable study of Ti-Ca alloys. The production of su 
alloys by heating a titanium container, packed with magnesium o1 
magnesium and titanium powder, has previously been described by th 
present authors.' The results have shown that the method may also 
be usable for the investigation of the systems of titanium with other 
alkaline-earth metals. Therefore, the same experimental method was 
used for the present investigation. 


EXPERIMENTAL PROCEDURES 

Materials and Preparation of Specimens—The Ti-Ca alloys were 
prepared by the same method employed for the study of the Ti-Mg 
system. The two cylindrical containers made of titanium as shown in 
Fig. 1, were filled either with calcium granules or with calcium granules 
and titanium powder of about equal weights. They were plugged with 
titanium stoppers and sealed tight by inert-gas arc welding. The « 
tainer marked (a) was used for heat treatment above 950 °C (1740 °I 
and (b) for heat treatment below 950 °C (1740°F). 

The containers were made of Kroll-titanium sponge of Japanes¢ 
origin with a guaranteed purity of 99.7%. The chemical composition 


11, Obinata, Y. Takeuchi and R. Kawanishi, “Uber das System Titan-Magnesium,” Mé 
Vol. 13, May, 1959, p. 392 


Of the authors, I. Obinata is professor and director and Y. Takeuchi is resear 
assistant, the Research Institute for Iron, Steel and Other Metals, Tohoku Uni 
versity, Sendai, Japan; S. Saikawa is research metallurgist, Furukawa Electri 
Co., Tokyo, Japan. Manuscript received April 1, 1959 
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Fig. 1—Dimensions of the Two Kinds of Titanium Containers Made. Unit; mm. 


Table I 
Chemical Analysis of the Titanium used 


Composition, weight ‘ 


Element Electrolytic Titanium Sponge Titanium 
( 0.010-0.020 0.02 
oO 0.013-0.025 0.03 
N 0.002-0.005 0.01 
H 0.006—0.008 0.005 
Fe 0.003-—0.009 0.04 
Cr 0.021-0.050 
Ni 0.004—0 .0009 
Si 0.009 0.03 
Mg 0.008 0.02 
Cl ~~ 0.03 


of the sponge is shown in Table I. These sponge samples were melted 


into 1—-3kg ingots in an argon-are furnace within a wz 


iter-cooled copper 


crucible and then they were forged into round bars and machined into 
the shape shown in Fig. 1. The average Brinell hardness of the con- 


tainers so prepared was 120. The titanium powder | 


vacked in the con- 


tainer was a high purity electrolytic titanium of about 20 mesh made 
by a fused-electrolyte process established in our institute. Results of a 
typical analysis of the powder are also shown in Table I. The hardness 
of the titanium used was found to be 80-85 in the as-cast state. The cal- 





n 
Nm 
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Table Il 

Analysis of the Calcium used 

Element Composition, ppn 
Mg 1000 
Si 250 
Al 40 
N 25 
Mn 9 
Fe 8 
Cr 5 
Ni 2 | 
Cr 1 

B, Li, Cd 1 

Total of Impurities 1341 


cium used was made by Société Electro-Métallurgique du Planet 
France. The approximate analysis of the purest calcium is shown 
Table II. 

In order to obtain the equilibrium state, the titanium containers thus 
prepared were heated to various temperatures for various times 
shown in Table III, in an argon atmosphere. The heat treatment at 
temperatures above 950°C (1740°F) was carried out in a high fr 
quency induction furnace and an ordinary electric resistance furnac 
was used for the heat treatment up to 950°C (1740°F). Those « 
tainers, packed with calcium only (specimen C1—C11), were cool 
the furnace after switching off the current. The specimens CT 1— 


Table Ill 
Heat Treatment of the Specimens Packed 
with Calcium (Series C) or Calcium and Titanium Powder 
Series CT) in the Titanium Container 





Notation of Temperature 
Specimens a °F Time, Hours 
= % 1250 2280 25 
es 1200 2190 3 
& ~@ 1150 2100 4 
. «@ 1100 2010 5 
ez 1050 1920 7 
C 6 1000 1830 + 
S 2 930 1705 12 
Cc 8 910 1670 16 
oe 890 1635 22 
Cc 10 875 1605 25 
C 11 860 1580 30 
cr 2 1300 2370 3 
Gr. 2 1250 2280 3 
CT 3 1200 2190 4.5 
cr 4 1150 2100 6 
cz & 1100 2010 s 
cz 6 1050 1920 10 
cs fF 1000 1800 12 
CT 8 930 1705 18 
cs ©@ 910 1670 22 
CT 10 890 1635 27 
Cr os 875 1605 30 
CT 12 860 1580 35 
CT 13 845 1555 45 











a 
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packed with calcium and titanium powder were also cooled in the fur- 
nace, but the specimens CT8-CT13 were quenched in water. 

Metallographic- and x-Ray Diffraction Study—The heat-treated 
specimens were bisected longitudinally and then subjected to a metallo- 
graphic examination after mechanical, or in some cases electrolytic 
polishing. The electrolyte used consisted of ethyl alcohol 90cc, butyl 
alcohol 10cc, zinc chloride 28 grams and aluminum chloride 6 grams. 
The etching reagent used for titanium was a solution containing Icc 
hydrofluoric acid, 12cc nitric acid and 87cc of water. Any metallographic 
tests for calcium, however, were unsuccessful. 

To confirm the existence of an intermediate phase, x-ray diffraction 
patterns were taken by using Cu-K, radiation filtered through a nickel 
foil, at 30K V and 15mA. 

Determination of Titanium in Calcium—After heat-treatment, the 
containers packed with calcium (specimen C1l—Cl1) were bisected 
and immersed in distilled water to dissolve the calcium and then treated 
with ammonium chloride solution and hydrochloric acid. After filtering, 
the titanium precipitate was dissolved with sulphuric acid. This solution 
was used to determine titanium in calcium by the spectrophotometric 
measurement of the light absorbed by the dissolved reaction product of 
titanium in hydrogen peroxide plus phosphoric acid. 

Determination of Calcium in Titanium—The specimens from the 
calcium-titanium powder compacts (specimen CT1-—CT13) were 
treated with distilled water to dissolve the calcium. The titanium 
powders thus obtained were collected as residues. These powders were 
dissolved with hydrochloric acid and then a solution containing calcium 
was separated from that by adding ammonium rhodanide and ether. 
The titanium content in this solution was then removed as titanium 
hydroxide by adding ammonium hydroxide. The residual solution thus 
obtained was adjusted to PH12-13 and then titrated with E.D.T.A. 
solution, using N.N. indicator. 


RESULTS OF EXPERIMENTS 

Microstructure—Fig. 2a and 2b show the structure of the inner wall 
of the titanium containers of specimens Cl and C11, which were heated 
at 1250 and 860°C (2280 and 1580°F) respectively, after dissolving 
the calcium with distilled water. Of these pictures, (a) shows merely 
an acicular transformed £ structure, while (b) shows a homogeneous a 
structure. From the pictures, it is clear that there exists no intermediate 
phase between titanium and calcium. It is difficult, however, to deter- 
mine how far calcium diffused into the titanium on the basis of these 
pictures alone. 

Fig. 3a, 3b, and 3c show the structure of the titanium powder in 
specimens CT3, CT5 and CT11, which were heated with calcium at 
1200, 890 and 875 °C (2190, 1630 and 1610 °F) respectively. The sur- 
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Fig. 2—Micrestructures of the Inner Wall of the Titanium Container. T ( 

(Contained in It Has Been Dissolved. (a) After heating to 1 » *¢ 228 I t 

Hours (specimen C 1); (b) After heating to 860 °C (1580 °T f Hours 
C 11). Etchant; HF HNOs. & 15 


rounding calcium was dissolved with distilled water. From these 
tures, it may also be concluded that no intermediate phase is present 
even at the external boundary of the titanium powder. The titaniu 
powders heated at 1200°C (2190°F) (a) and 890°C (1630 °F 
respectively show a large, transformed 8-structure, which may oftet 


Table IV 
X-Ray Diffraction Data of the Titanium-Calcium System 


Notation of Specimens and Equilibrium Temperature 


Originz.l CT 13 CT9 CT 7 CT 

titanium 845 °¢ 910°C 1000°¢ 1200°% 

powder 1555°} (1670°F) (1830°F 190° 
d,A I* d,A I* d, A I* d,A I* d, A 
2.540 m-s 2.540 m-s 2.542 m-s 2.540 m-s 2.538 10 
2.331 m 2.331 n ? 333 m 2.333 2.327 00 
2.236 ~ 2.233 . 2.236 s 2.237 2.244 10 
1.721 w-m 1.720 m 1.722 w-r 1.757 w-r 1.719 A 10 
1.465 m 1.468 1.471 w-m 1.472 w-m 1.466 11 
1.326 m 1.326 n 1.327 m 1.328 n 1.325 10 
1.243 m 1.245 w-m 1.245 w-m 1.244 w-m 1.244 1 
1.233 w 1.227 w 1.229 w 1.229 Ww 1.227 \ 0 
0.985 w N.9ORS v.w.(d) 0.986 v.w.(d 1.011 v.w.(d 0.986 w » 0 
0.943 w-m 0.942 wid) 0.943 v.w.(d) 0.944 v.w.(d) 0.943 12 
0.914 w 0.915 v.w.(d) 0.914 v.w.(d) 0.916 v.w.(d) 0.916 114 
0.891 wi(d) 12 
0.877 w(d) 0.877 10 
0.821 w-m 12 
0.8903 w 30 

2 =2.940A 4 =2.937A a=2.941A 1 =2.946A 1 =2.93 

c=4.671A c =4.669A4 c =4.668A c =4.668A 4.66 

a =1.589 c/a =1.589 c/a =1.587 c/a =1.585 c/a =1.588 


* Observed intensity (1); s =strong, m =medium, w =weak, v.w very weak, d =diffused 
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0! Fig. 3—Microstructures of the Titanium Powder Heated With Calcium. The Surround- 
03 ing Calcium Has Been Dissolved. (a) After heating to 12 C (2190 °F) for 4.5 
21 i Hours (specimen ( 3): (b) After heating to 890 °C (1630 °F) for 27 Hours (speci- 
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02 | , F ' ‘ aii aw 
detected in the purest titanium, while that heated at 875 °C (1610 °F) 


(c) shows a homogeneous a phase. 
X-Ray Diffraction Pattern—Although the existence of intermediate 
phases between titanium and calcium is doubtful even from the observa- 
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Fig. 4—Solubility of Titanium in Calcium 


tion of microstructures already mentioned, the x-ray diffraction pat 
terns were taken in order to confirm this conclusion. The specimens 
CT3, CT7, CT9 and CT13, which were heated at 1200, 1000, 910 and 
845°C (2190, 1830, 1670 and 1550°F) respectively, were treated 
with distilled water to dissolve the calcium content and the titaniun 
powder was collected. The spectral data obtained from these titanium 
powders is summarized in Table IV. For the sake of comparison, the 
results obtained from the original titanium powder are also indicated 


Table V 
Chemical Analysis of Titanium Dissolved 
into Liquid Calcium 


Notation of Equilibrium Titanium 
Specimens Temperature Content, weight 
~~ °F 

S 3 1250 2280 0.18 

( 2 1200 2190 0.14 

( 3 1150 2100 0.10 

( 4 1100 2010 0.13 

( 5 1050 1920 0.12 

( 6 1000 1830 0.08 

S 2 930 1705 - 

( 8 910 1670 0.04 

i 890 1635 0.06 

C 10 875 1605 0.08 

j 33 860 1580 0.05 
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Solubility of Calcium in Titanium 


From the table, it can be seen that thes« 
only of the titanium lattice and no intermediate phase 

Solubility of Titanium in Calcium 
in Table III, the calcium contained in the specimens C1—C11 was dis 


Chemical Analysis of Calcium Dissolved 
into Titanium at High Temperature 


* powders consist 


After heat treatment as shown 


Equilibrium 
Temperature 
°C: oF 


1300 
1250 
1200 
1150 
1100 
1050 
1000 
930 
910 
890 
875 
860 
845 
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Fig. 6—Phase Diagram Titanium—Calciur 


solved with distilled water and the content of titanium was determined 
The results are shown in Table V. The solubility curve of titanium in 
molten calcium thus obtained is given in Fig. 4. Titanium is soluble in 
molten calcium to the extent of 0.18% at 1250°C (2280°F) and th 
solubility decreases gradually as the temperature becomes lower 
Solubility of Calcium in Titanium—After the heat treatment shown 
in Table III, the batch of the containers CT1—CT13, packed with cal 
cium and titanium powder, was dissolved out with distilled water and 
the calcium content in the residual titanium powder was determine 
The results obtained are shown in Table VI and Fig. 5. According t 
these results, calcium dissolves in titanium to the extent of 0.13% 


{ 


1300 °C (2370 °F), but in the temperature range 1150 io 890 °C (2100 


mn 
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to 1630 °F) the solubility falls to 0.007 +2%. Thus, it may be assumed 
that the solubility of calcium in B-titanium is reduced with dropping of 
the temperature. The attainment of the equilibrium state, however, be- 
tween calcium and titanium depends on the diffusion rate of calcium 
into solid titanium. Therefore, it is difficult to conclude that the present 
results show the true state of equilibrium. From the above results, how- 
ever, it may safely be concluded that not less than 0.13% of calcium is 
soluble in titanium at 1300°C (2370°F), and that the solubility of 
calcium in a-titanium is larger than that in B-titanium at the temper- 
ature in the vicinity of a-8 transformation of titanium, say, at about 
845-950 °C (1550-1740 °F). Besides, it may be explained that the 
break at 875-890 °C (1610-1630 °F) in Fig. 5 is due to the a8 trans- 
formation of titanium. 

Phase Diagram—Based on the metallographic examination, x-ray 
diffraction patterns and chemical analyses, a tentative phase diagram 
of titanium-calcium system is proposed as shown in Fig. 6. Titanium is 
soluble in liquid calcium to the extent of 0.18% at 1200 °C (2190 °F), 
0.08% at 1000°C (1830°F) and 0.05% at 860°C (1580°F) re- 
spectively. On the other hand, calcium is soluble in titanium to the 
extent of at least 0.13% at 1300°C (2370°F). A horizontal of non- 
variant reaction may be drawn between 875 °C (1610°F) and 890°C 
(1630 °F). . 

SUMMARY 

In order to obtain equilibrium conditions between calcium and 
titanium at high temperature, sealed titanium containers packed with 
calcium or with calcium and titanium powder were heated to various 
temperatures up to 1300 °C (2370°F). The results of microscopic ex- 
amination and x-ray diffraction examination confirm that no inter- 
mediate phase exists in the system titanium-calcium. The solubility of 
titanium in calcium was found to be 0.18% at 1250°C (2280°F), 
0.08% at 1000°C (1830°C) and 0.05% at 860°C (1580°F) re- 
spectively. As to the solubility of calcium in titanium, it is questionable 
whether the results obtained show the true equilibrium state. It may 
be concluded, however, that calcium is soluble in £ titanium to at 
least 0.13% at 1300°C (2370°F). A tentative phase diagram of the 
titanium-calcium system is proposed. 
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DISCUSSION 


Written Discussion: By J. Goldak and J. Gordon Parr, Department of Mining 
and Metallurgy, University of Alberta, Edmonton, Alberta, Canada. 

One of the most positive proofs of the validity of phase equilibria data is the 
construction from the data of a meaningful constitutional diagram. If the data 
cannot be used to construct a diagram that obeys the generally accepted tenets 
of the phase rule, then the data are suspect. 

A first glance at Fig. 6, described as a phase diagram, would imply that the 
the authors have collected are unacceptable—for the diagram contains so many 
travesties of the phase rule that one cannot decide whether to censure the auth 
or the referee. These include: two one-phase regions that adjoin each other along 
a boundary line; two three-phase isotherms that are not each associated witl 
three two-phase regions—and, consequently, untenable invariant points have 
been shown ; a two phase isotherm joining a solubility limit (Ca-rich) that shows 
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Fig. 7 


no change in direction at the point of intersection; finally, the sudden change 
curvature of a solubility limit (Ti-rich) with no associated isotherm is unlike 

However, many of these irregularities can be rectified with a change of data 
that might, perhaps, be within the limits of experimental accuracy. Our Fig. 7 
indicates one possible solution—others involving a eutectic and eutectoid instead 
of peritectic and peritectoid are possible 

Our purpose in making this criticism 1s not simply that the authors’ diagran 
defies the laws of thermodynamics—for the authors have been careful to call 
construction a “Phase” diagram. It is, however, essential that phase equilibria data 


should be evaluated by their conformity to the phase rule 


Authors’ Reply 
The authors deeply appreciate the discussion by Drs. J. Goldack and 
Gordon Parr on this paper and thank them for the trouble of showing us a sup 
posed diagram drawn up as thermodynamically correct. 
The authors are well aware of the suggested fact that the Fig. 6 does 
represent the final equilibrium diagram in compliance with the phase rule 
fact, only the solubility lines on both sides drawn in solid lines are based 


experimentally obtained data. But in such processes, e.g., as of reducing titaniun 
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compounds by means of calcium, we deemed it an important question to know the 
solubility and have reported the data, though we know they are not final. 

We need not emphasize that titanium and calcium have widely different melt- 
ing points and vapor pressures and besides the high chemical activity of calcium 
makes the determination of the true equilibrium, especially, the equilibrium at 
low temperature of this system a very difficult task. We believe a special experi- 
mental device is required for tackling this problem 








THE YTTRIUM-MAGNESIUM ALLOY SYSTEM 
By E. D. Gipson AND O. N. CARLSON 


Abstract 


The yttrium-magnesium alloy system was studied by 
thermal, microscopic and x-ray methods. Three peritectic 
compounds, y(Y-Mg), 8(Y-Mg) and «(Y-Mg) have been 
identified from microstructures and x-ray data. y(Y-Mg 
has the formula YMg (21.5 wt. Y magnesium) and de 
composes at 935 °C (1715 °F). The phase 8(Y¥Y-Mg) occurs 
at approximately 41 wt. % magnesium and decomposes at 
780°C (1425°F), and «(Y¥Y-Mg) occurs at approximately 
60 wt. Yo magnesium and decomposes at 605°C (1120 °F} 
There ts a eutectic at 74 wt. % magnesium and 567 °( 
(1050°F) and a eutectoid reaction associated with an 
allotropic transformation in yttrium at 11 wt. % magnesium 
and 775°C (1425°F). The maximum solid solubility of | 
yttrium in magnesium is 9 wt. % yttrium at 567 °¢ 
(1050 °F). (ASM-SLA Classification: M24b; Y, Mg 


INTRODUCTION 
PROCESS DEVELOPED at the Ames Laboratory for prepat 
ing yttrium metal on a large scale (1)! consists of the reduction 
of yttrium fluoride with calcium in the presence of magnesium metal | 
to form a low melting yttrium-magnesium alloy. This reaction 
carried out in a titanium vessel under an inert atmosphere at 950 ° 
(1740 °F). The magnesium is subsequently removed by sublimation 
at this same temperature in vacuo which yields yttrium metal in spong: 
form. Because of the interest in and possible application of the mag 
nesium alloy process, an investigation of the phase equilibria of th 
yttrium-magnesium system was undertaken. 
An additional interest is derived from studies currently in progr 
on the use of yttrium or yttrium alloys as container materials for 


liquid metal fuels in nuclear reactors (2). This specific application call 





for an alloy of yttrium with high temperature strength and corrosion 
resistance. Whether yttrium-magnesium alloys have any potential as 
structural material may be ascertained from a knowledge of the phas¢ 
relationships. 


1 The figures appearing in parentheses pertain to the references appended to this 


Contribution No. 754. Work was performed in the Ames Laboratory of the U. S. Ator 
Energy Commission 

The authors, E. D. Gibson and O. N. Carlson, are associated with the Institut 
for Atomic Research, Iowa State College, Ames, Iowa. Manuscript receive 
May 4, 1959. 
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EXPERIMENTAL PROCEDURE 

Materials—The magnesium used in this investigation was obtained 
from the New England Lime Co. and was further purified by vacuum 
distillation prior to its use in preparation of the yttrium-magnesium 
alloys. Yttrium sponge, which was prepared by the intermediate alloy 
process, was also used in this investigation. The results of chemical 
and spectrographic analyses of yttrium sponge and distilled magnesium 
are given in Table I. 

Alloy Preparation—All alloys were prepared in sealed tantalum 
containers in order to avoid loss of magnesium by volatilization. The 


Table I . 
Chemical Purity of Yttrium and Magnesium Used in This Investigation 


Impurity Content (ppm) 


Metal S N Fe Ti Si B O Ni Cu 
Yttrium 290 250 90 2000 140 10 1680 40 200 
Magnesium 200 100 50 10 1 om i 


tantalum crucibles were designed to accommodate a thermocouple so 
that thermal analyses could be run on the alloy directly in the sealed 
crucible. The alloying constituents were accurately weighed, placed 
in the tantalum crucible, and a tight closure was made by welding in 
an argon atmosphere. The crucible was encased in a stainless steel 
jacket and placed in an oscillating resistance furnace. This assembly 
assured adequate mixing of the molten magnesium with the yttrium 
sponge during the alloying step. Alloys containing more than 90 wt. % 
yttrium required higher temperatures than were attainable in this 
furnace and were, therefore, heated in an induction furnace. The nomi- 
nal compositions of the alloys were assumed to be close to the actual 
compositions since the mixing crucibles were sealed and homogenous 
alloys were obtained. Qualitative spectrographic analysis of several 
alloys showed no tantalum contamination during the alloying procedure. 

Thermal Analysis—Differential cooling curves were run on the 
alloys by inserting a thermocouple into a well in the bottom of the 
sealed mixing crucible. This crucible, together with one containing 
a vanadiun. reference specimen, were sealed in a stainless steel retort 
and an argon atmosphere was maintained in the retort during the 
thermal investigations. An electrically heated resistance furnace was 
employed in the thermal analysis. The specimen temperature and the 
temperature differential as measured by a chromel-alumel thermo- 
couple were plotted simultaneously on a Leeds and Northrup X-X re- 
cording potentiometer. A cooling rate of between twv and four degrees 
Centigrade per minute was maintained. 

Heat Treatment and Microscopic Examination of Alloys—Because 
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Fig. 1—Proposed Phase Diagram and Plot of Experimental Data of Yttr 
Magnesium System. 


of the volatility of magnesium, all annealing and quenching treatments 
were carried out in an inert gas atmosphere. Samples were quenched 
by heating in a resistance furnace at the desired temperature for several 
hours and dropping them into water. 

Specimens were prepared for microscopic examination by grinding 
on silicon carbide papers through 600 grit size. They were given a 
final polish on a microcloth-covered lap using a soap suspension of 
Linde “A” abrasive. The etchant used for all alloys consisted of a 
solution of one percent nitric acid in absolute ethanol. The etchant was 
applied by swabbing the surface of the specimen for five to thirty sec 
onds, followed by a rinse with ethanol. 














1960 YTTRIUM-MAGNESIUM SYSTEM 1087 


EXPERIMENTAL RESULTS 


Thermal, microscopic and x-ray data obtained from twenty-two al- 
loys are plotted on Fig. 1 and form the basis for the construction of 
the proposed yttrium-magnesium phase diagram presented in that 
figure. Thermal analyses were run on nineteen alloys and provide 
unusually fine evidence for the location of the liquidus and the peritec- 
tic, eutectic, and eutectoid horizontals. The microscopic and x-ray 
evidence were also exceptional in the ease and clarity of their inter- 
pretation. 

For purposes of this presentation the discussion of the data has been 
arbitrarily divided into three sections ; the eutectic reaction, the inter- 
mediate phases and the eutectoid reaction. 

Eutectic Reaction—A eutectic reaction occurs in the magnesium- 
rich end of the system at 567 °C (1050°F) and 74 wt. % magnesium 
as can be seen from microscopic observations and the results of thermal 
analysis. A photomicrograph of a 75 wt. % magnesium alloy which 
lies close to the eutectic composition is shown in Fig. 2. 

The limits of primary solid solubility of yttrium in magnesium have 
been estimated from microscopic examination of annealed and 
quenched alloys. As can be seen from the plot of microstructural data 
in Fig. 1, the maximum solid solubility of yttrium in magnesium at 
the eutectic temperature was determined to be 9 wt. % yttrium. This 
limit is also confirmed by the intersection of the eutectic horizontal and 
the magnesium-rich solidus at this approximate composition. The solu- 
Lility decreases with temperature as is represented by the slope of the 
solvus curve. This solubility dependence upon temperature is illustrated 
in Figs. 3 and 4. These are photomicrographs of an 8.5 wt. % yttrium 
alloy quenched from 555 °C (1030°F) and 450°C (840°F), respec- 
tively. At the higher temperature it can be seen that the alloy has been 
quenched from within the a(Mg) field, but at 450°C (840°F) a 
small amount of e( Y-Mg) has precipitated from solid solution. 

Intermediate Phases—Three intermediate phases occur in the 
yttrium-magnesium system and are designated as e( Y-Mg), 8( Y-Mg) 
and y( Y-Mg). All these phases are peritectic in nature as determined 
from the thermal and microscopic data. 

One of the constituent phases of the magnesium-rich eutectic is the 
first of the intermediate phases to be discussed, «( Y-Mg). This phase 
occurs at approximately 60 wt. % magnesium and decomposes peri- 
tectically at 605 °C (1120°F). The composition of the phase was de- 
termined from isothermal annealing experiments carried out at 540 °C 
(1005°F) on 58, 60 and 62 wt. % magnesium alloys. Microscopic 
examination of these alloys revealed that the 60 wt. % magnesium 
alloy lies very close to a one phase region as is shown by a photomicro- 


7 


graph of the 60 wt. % alloy presented in Fig. 5. The empirical formula, 
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Fig. 2—75 w/o Magnesium Slow Cooled Eutectic Mixture of a(Mg) and e(Y-Mg 
Nital etch. x 250 

Fig. 3—91.5 w/o Magnesium Annealed 44 Hrs at 555°C (1030°F) and W 
Quenched. Nital etch. x 235 

Fig. 4—91.5 w Magnesium, Annealed 44 Hrs at 450 °C (840 °F), Water-Qu 

Small areas of e(Y-Mg) in matrix of a(Mg). Nital etch. x 5 
Fig. 5—60 Wt. % Magnesium Alloy Annealed at 540 °C (1005 °F). e(Y-Mg) 
few MgO or Y2Os inclusions. Nital etch. x 25( 


7 


Mgi7Y3, with a theoretical composition of 60.06 wt. % magnesium is 
the probable formula of «( Y-Mg), but this has not been confirmed by 
a complete structure determination. A powder x-ray diffraction pattern 
of a 65 wt. % magnesium alloy was indexed on the basis of a body 

centered cubic cell with a, — 11.26 A. Pertinent diffraction data for 
the «( Y-Mg) phase are given in Table II. The crystal symmetry of 
this phase was also confirmed by Weissenberg patterns of a single 
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Table Il 
X-ray Powder Diffraction Data for BCC « (Y-Mg) Phase 
Relative 
Intensity Interplanar Spacing hkl 
S 7.93 110 
Ww 5.59 200 
Ss 4.57 211 
M 3.96 220 
Ss 2.99 321 
Vs 2.64 411 
S 2.39 332 
s 2.29 422 
WwW 2.05 §21 
M 1.92 530 
M 1.87 600 
Ww 1.82 6ll 
M 1.73 541 
M 1.69 622 
Ss 1.62 444 
M 1.58 710 
M 1.52 721 
M 1.42 732 
M 1.38 800 
M 1.36 820 
W 1.32 822 
W 1.30 831 
W 1.18 930 
M 1.13 941 
W 0.970 882 
Ss 0.957 875 
Ww 0.930 974 


crystal isolated from the 65 wt. % magnesium alloy. The density of the 
«e(Y-Mg) phase was determined by pycnometric methods and found 
to be 2.3 g/cc. 

Continuing across the system the occurrence of the two phase field 
designated as 8 plus ¢ is readily seen from the microstructure of a 50 
wt. % magnesium alloy (Fig. 6). This alloy contains approximately 
equal amounts of e( Y-Mg) and a second intermediate phase 8( Y-Mg). 

Isothermal annealing treatments were carried out at 700°C 
(1290°F) on a series of alloys containing 38, 40, 42 and 44 wt. % 
magnesium in an attempt to determine the stoichiometric composition 
of the 8( Y-Mg) phase. The 40 wt. % magnesium alloy of this series 
was found to contain only a small amount of second phase as can be 
seen from the photomicrograph of this alloy shown in Fig. 7. In the 
same annealing series the 42 and 44 wt. % magnesium alloys showed 
evidences of a liquid phase at the annealing temperature indicating 
that these alloys had been in the 8+ L region. Based on these micro- 
scopic examinations, the empirical formula Mg;Y.2 corresponds most 
simply to the stoichiometric composition of the 6( Y-Mg) phase. MgsY2 
has a theoretical composition of 40.6 wt. % magnesium. Powder x-ray 
diffraction patterns of the 40 wt. % magnesium alloy were too complex 
to be indexed by conventional methods. However, a single crystal of the 
8 Y-Mg) phase was isolated from the 50 wt. % magnesium alloy which 
was quenched from 650°C (1200°F), and Weissenberg diffraction 
patterns of the crystal were indexed on the basis of an orthorhombic 
lattice with a, — 5.9 A, b, 11.0 A and c, = 9.8 A. The space group 
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Fig. 6—50 Wt. % Magnesium Alloy, Slow Cooled. 6(Y-Mg) (dark phase) plus «(Y-Mg 
Nital etch. x 250 
Fig. 7-40 Wt. % Magnesium Alloy Annealed at 700 °C (1290 °I N 
5(Y-Mg) plus small area of y(Y-Mg). Nital etch. x z 
Fig. 8—30 Wt. % Magnesium Alloy, Slow Cooled. y(Y-Mg) (dark phase) pl Y-Ng 


Nital etch. ( 
Fig. 9—21.5 Wt. % Magnesium Alloy Annealed at 700 °C (1290 °F Near! 
7 (CY-Mg) plus small area of 8(¢Y-Mg). Nital etch 


of the phase could not be determined uniquely but was shown to be 
either Cmcm or Cmc2). 

As the yttrium content of the alloys is further increased, anotiiet 
two phase field is encountered as is illustrated by the photomicrograp! 
of a 30 wt. % magnesium alloy shown in Fig. 8. This alloy contains 
approximately equal quantities of 8(Y-Mg) and a new phase 
y( Y-Mg). 


The third intermediate phase y(Y-Mg) occurs at 21.5 wt. % mag 
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surrounded by y(Y-Mg) in matrix of quenched liquid. Nital etch. x 250. 
Fig. 11—10 Wt. % Magnesium Alloy, Slow Cooled. Lamellar eutectoid structure. Nital 
etch. X 1000 
Fig. 12—10 Wt. % Magnesium Alloy, Quenched from 850°C ( 
retained B(Y) solid solution. Nital etch. « 25( 
Fig. 13—20 Wt. % Magnesium Alloy, Slow Cooled. Small amounts of eutectoid in 
-y(Y-Mg) matrix. Nital etch. « 250 


> 


Fig. 10—20 Wt. % Magnesium Alloy Quenched from 935 °C (1715 °F). Islands of B(Y) 
; 50 


1560 °F). One phase, 


nesium and is formed by a peritectic reaction at 935°C (1715°F). 
The composition of this phase was established from the microstructures 
of annealed and furnace cooled alloys. The nearly one phase structure 
of a 21.5 wt. % magnesium alloy annealed at 700°C (1290°F) can 
be seen in Fig. 9 in which a small amount of 8( Y-Mg) is present in a 
matrix of y(Y-Mg). The peritectic nature of y(Y-Mg) was confirmed 
by the microstructures of a 20 wt. % magnesium alloy quenched from 
just above the horizontal at 935 °C (1715°F). A photomicrograph of 
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able Ill 
Powder X-ray Diffraction Data for the Simple Cubic y(Y-Mg) Phase 
Relative 

Intensity Interplanar Spacing, d hkl 
Ss 3.77 100 
Vs 2.68 110 
M 2.19 111 

M 1.89 200 

M 1.69 210 

S 1.54 211 

M 1.34 220 

M 1.26 300 

M 1.20 310 

W 1.01 321 

Ww 0.919 410 

W 0.894 411 

Ss 0.870 331 

W 0.849 420 

M 0.828 421 

M 0.809 332 


this alloy, Fig. 10, shows islands of B(Y) surrounded by a peritectic 
rim of y( Y-Mg) in a matrix of quenched liquid. A powder diffraction 
pattern of the 20 wt. % magnesium alloy was readily indexed on the 
basis of a simple cubic cell with a, = 3.80 A. The pertinent diffraction 
data for the y(Y-Mg) phase are given in Table III. From both the 
simple cubic structure of the y(Y-Mg) phase and the microstructure 
which places its composition very close to the equiatomic composition, 
it is assumed that this compound is YMg isomorphous with the AB 
type compounds previously reported in the La-Mg and Ce-Mg(3) and 
Pr-Mg(4) systems. 

Eutectoid Reaction—A eutectoid reaction occurs in the yttrium 
magnesium system at 11 wt. % magnesium and 775°C (1425 °F 
The positions of the phase boundaries in this region of the diagram 
were established by thermal analyses and from the microstructures of 
annealed and quenched alloys. A 10 wt. % magnesium alloy in the 
furnace-cooled condition possesses a typical pearlitic or eutectoid 
microstructure which is resolvable only at high magnifications (se« 
Fig. 11). Quenching of this alloy from 850°C (1560°F) above the 
horizontal temperature retains a one phase microstructure (F z. 12 
and appears so even when examined with a high power microscope 
Based on these and other similar observations, the presence of a 
eutectoid horizontal in the yttrium-rich end of the system was postu 
lated. Heat treated specimens of a 20 wt. % magnesium alloy exhibit 
typical hypereutectoid behavior as is shown by the photomicrographs 
in Figs. 13-15. The eutectoid in the slow cooled alloy is the minor con 
stituent and appears only as dark areas at low magnification (see Fig 
13) but are seen to contain lamellae when observed under high power 
(Fig. 14). The 20% alloy contains a dispersion of retained 8( Y ) solid 
solution in a matrix of y(Y-Mg) after quenching from 850 °< 
(1560°F) (see Fig. 15). A 9 wt. % magnesium alloy shows a typical 
hypoeutectoid structure in the furnace cooled condition (Fig. 16) 
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Fig. 14—20 Wt. % Magnesium Alloy, Slow Cooled. Viewed at higher magnification. 


x<_ 500. 
Fig. 15—20 Wt. % Magnesium Alloy Quenched from 850°C (1549°F). BC(Y) in 
7 (Y-Mg) matrix. Nital etch. * 500 
Fig. 16—9 Wt. % Magnesium Alloy, Slow Cooled. a(Y) needles ii. eutectoid matrix. 
Nital etch. X 250 


The needle-like precipitate of a( Y) in a eutectoid matrix is similar to 
the Widmanstatten structure observed in hypoeutectoid iron-carbon 
alloys. 

The microscopic data obtained from the examination of alloys 
quenched from various temperatures in this region of the system are 
summarized by plotted points in Fig. 1. 

An unusual characteristic of alloys in this composition region is the 
ease with which the crystal structure of the high temperature B(Y) 
phase is retained upon quenching. An x-ray powder pattern of the 
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Fig. 17—-X-Ray Diffraction Powder Patterns of Y-Mg Alloys. (top) 10 Wt. % Magne 

alloy quenched from 850°C (1560 °F); body-centered cubic pattern of B(Y). (center 

15 Wt. % Magnesium alloy quenched from 850 °C (1560 °F); body-centered cubic 8() 

plus simple cubic y(Y-Mg). (bottom) 20 Wt. % Magnesium alloy quenched from 8 ( 
(1560 °F); simple cubic pattern of y(Y-Mg). 


10 wt. % magnesium alloy quenched from within the 8(Y) region 
was indexed as a body-centered cubic lattice with a, = 3.90 A. The 
powder diffraction pattern of a 15 wt. % magnesium alloy which was 
quenched from 850°C (1560°F) contained the BCC lines of the 
B(Y) phase and simple cubic reflections of the y( Y-Mg phase). This 
is readily seen by comparison of the powder pattern of this alloy with 
those for the 8( Y ) and y( Y-Mg) phases (see Fig. 17). The similarity 
in the lattice constants of these two cubic phases gives rise to broad 
lines with the appearance of doublets in the diffraction pattern of the 
two phase alloy. 

From x-ray diffraction data, the 10 wt. % alloy was found to con 
tain three phases, a( Y), B(Y) and y(Y-Mg), in the furnace cooled 
condition. These data indicate that the eutectoid decomposition reac 
tion is a sluggish one and suggest the possibility of heat treatable alloys 
in this composition region of the system. 


DISCUSSION OF RESULTS AND CONCLUSIONS 


The dashed lines in the yttrium-rich end of the proposed diagram 
indicate uncertainty in the positions of these boundaries. The melting 
point of yttrium was not determined in this investigation but the value 
of 1515°C (2760°F) reported by Eash (5) was employed in the 
construction of this phase diagram. Eash also reported a high tem 
perature body-centered cubic allotrope in yttrium which is stabie above 
1490 °C (2715 °F). The occurrence of a eutectoid in the yttrium-ric! 
end of this system is offered as confirmatory evidence for the existence 
of a high temperature allotrope in yttrium. The stabilization of a body 
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centered cubic phase by the addition of magnesium makes possible 
retention of the high temperature crystal structure upon quenching. 
Assuming a linear decrease in the cell dimension of beta yttrium due 
to the addition of the smaller magnesium atom, an approximate value 
for the lattice constant of 8 yttrium can be calculated from that of the 
quenched 10 wt. % (30 at %) magnesium alloy. In this way, a value 
of 4.04 A is obtained for the lattice constant of yttrium which is in 
reasonably good agreement with Eash’s extrapolated value of 4.11 + 
02 A for body-centered cubic yttrium at the transformation tempera- 
ture. 

Several similarities may be noted between the Y-Mg system and 
the analogous La-Mg, Ce-Mg and Pr-Mg systems. As has been pointed 
out earlier in this paper, all of these systems form a simple cubic AB 
type compound. However, there was no evidence of isomorphism with 
the other intermediate phases in these systems. All four systems ex- 
hibit eutectics at the magnesium-rich end of the system as well as 
limited solid solubility. The maximum solid solubilities of the rare 
earths in magnesium are as follows: 0.35 at. % lanthanum, 0.40 at. % 
cerium (6) and 2.7 at. % yttrium. The solubility of praesodymium in 
magnesium has not been determined. It thus appears that yttrium is 
extensively soluble in solid magnesium by comparison with the other 
rare earths. Eutectoid reactions similar to that postulated for Y-Mg 
are also reported for the other systems. 

The possibility of heat treatable alloys at either end of the Y-Mg 
system is suggested by the phase diagram. The extensive solid solu- 
bility of yttrium in magnesium and the appreciable temperature depend- 
ence of that solubility afford a basis for expecting aging or precipitation 
hardening. Likewise, the similarities between the yttrium-rich alloys 
and iron-carbon alloys suggest the feasibility of studying the trans- 
formation kinetics of alloys with small additions of magnesium. Because 
of the differences in volatility of these metals, attempts to prepare alloys 
with low percentages of magnesium have been unsuccessful. However, 
once a technique is developed for preparing these alloys, their proper- 
ties could prove interesting and perhaps useful. These investigations 
are currently in progress. 


SUMMARY 

A phase diagram for the yttrium-magnesium binary alloy system 
has been constructed from thermal, microscopic and x-ray data. The 
characteristic features of the yttrium-magnesium system are as follows: 
1. There is a eutectic reaction at 74 wt. % magnesium and 567 °C 

(1050°F). 
2. The maximum primary solid solubility of yttrium in mag- 
nesium is 9 wt. % yttrium at the eutectic temperature 567 °C 

(1050 °F). 
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3. There are three intermediate phases identified as y( Y-Mg) 


at 21.5 wt. % magnesium, 8( Y-Mg) at 41 wt. % magnesium 
and e( Y-Mg) at 60 wt. % magnesium. All are peritectic com 
pounds and decompose at 935°C (1715°F), 780°C 
(1435 °F) and 605 °C (1120°F), respectively. The phase at 
21.5 wt. % magnesium was tentatively identified as Y Mg. 
A eutectoid reaction occurs at 775°C (1425°F) and 11 wt 
% magnesium. The reaction is associated with a high tempera 
ture allotropic transformation of yttrium. 
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INVESTIGATION OF THE THORIUM-YTTRIUM 
SYSTEM 


By D. T. EAsH anp O. N. CarLson 


Abstract 

The thorium-yttrium alloy system was investigated by 
thermal, electrical resistance, x-ray and microscopic 
methods. On the basis of the data obtained from this investi- 
gation a high temperature body-centered cubic allotrope of 
yttrium was identified above 1490 °C (2710°F). A region 
of complete solid solubility occurs at elevated temperatures 
in this system and a eutectoid at 1375 °C (2510 °F) and 25 
wt. % yttrium. The solid solubility limits of the a (Th) and 
a (Y) regions are approximately 20 and 30 wt. % yttrium, 
respectively. (ASM-SLA Classification: M24b; Th, Y ) 


INTRODUCTION 

HIS INVESTIGATION was undertaken to determine the phase 

relationships between thorium and yttrium and to propose an 
equilibrium diagram for the system. An examination of the known 
properties of the two metals suggested that complete miscibility was 
probable at elevated temperatures should yttrium show an expected 
crystalline transformation from the hexagonal to a body-centered 
cubic structure. For this reason the allotropy of yttrium was also of 
major interest in this investigation. 

A literature search was made for evidence for the existence of a 
high temperature transformation in yttrium but none was found, nor 
was there a report of any previous work on the thorium-yttrium alloy 
system. 

From an application of the Hume Rothery rules of alloying based on 
the physical properties of yttrium and thorium (1)! presented in 
Table I, it was predicted that extensive solid solubility would occur in 
this system. However, since thorium and yttrium have incompatible 
space lattices complete miscibility is impossible between the room 
temperature phases. Most hexagonal metals, particularly the rare earth 
metals to which yttrium is closely related, have a high temperature 
body-centered cubic allotrope. Should yttrium exhibit similar allo- 
tropic behavior, complete solid miscibility with beta thorium would be 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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Table I 
Some Physical Properties of Thorium and Yttrium 
Property Thorium (1) Yttrium 
Crystal structure 
Alpha (R. T. form) FCC HCP 
Beta (H. T. form) BCC None reported 
Atomic radii 1.788 A 1.827 A 
Lattice constants 
Alpha 5.086 A ao =3.647 A 
S.731 A 
Beta 4.11+001 A 
Melting point 1750°¢ 1515+ 35°¢ 
Electronegativity or 1.3 1.1 


Pauling's scale 


possible at elevated temperatures. The presence of a continuous one 
phase field at elevated temperatures in this system would be taken as 
evidence for a body-centered cubic allotrope of yttrium 


EXPERIMENTAL METHODS 
Alloys were prepared by arc melting and the phase reactions wer: 
investigated by differential cooling curves, electrical resistivity meas 
urements, x-ray diffraction studies and microscopic examination 
Materials—Alloys were prepared from crystal bar thorium ar 
yttrium sponge, both of which were prepared in the Ames Laboratory 
The yttrium sponge was prepared by a process similar to that described 


by Carlson, et al. (2). This process involves the reduction of YF, with 


Table Il 
Chemical Purity of Thorium and Yttrium Employed 
in This Investigation 


Crystal-bar Yttrium Reduced 
Thorium in Tantalum 
Impurity (Wt. % Crucible (Wt 
( 0.01 0.05 
0 0.003 0.20 
N 0.01 0.01 
H : 0.005 
\ 0.003 
0.005 0.01 
Fe 0.002 0.02 
Be 0.002 
Zr 0.02 
Meg 0.001 0.003 
Ca 0.001 0.001 
Ni , 0.03 
Ta 0.001 0.01 


Total Rare Earths less than 0.05 


1] 
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calcium at 950°C (1740°F). A low melting Y-Mg alloy is formed in 
the reduction step which is carried out in a titanium crucible under 
an inert gas atmosphere. The magnesium is subsequently removed by 
vacuum sublimation yielding a sponge product. Since metal thus pre- 
pared contains 0.2 wt. % titanium, a special reduction was carried out 
in a tantalum crucible. Analyses of the crystal bar thorium and the 
specially reduced yttrium are given in Table IT. 

Alloy specimens were prepared by are melting weighed amounts of 
yttrium and thorium into small buttons. Melting was carried out under 
an atmosphere of helium in a water-cooled copper crucible employing a 
tungsten electrode. Since a negligible weight change was encountered 
during melting, the compositions of the alloys used in this system have 
been taken as the nominal composition. 

Thermal Analysis—Portions of the arc melted alloy buttons were 
arc-cast into tantalum crucibles for use in thermal analysis. Cooling 
curves were obtained using a differential thermocouple with one junc- 
tion in the alloy specimen and the other in a reference specimen. The 
temperature of the specimen and the temperature difference between it 
and the reference specimen were recorded simultaneously on a Brown 
Electronik X-X potentiometer. 

Since the phase transitions in this system were found to occur at 
temperatures between 1250 and 1600°C (2280 and 2910°F), a 
thermocouple capable of attaining these temperatures was required. A 
tungsten-columbium thermocouple was selected for this purpose, al- 
though its usefulness is limited by its inherent inaccuracy. Data ob- 
tained from thermal analysis were employed, in conjunction with that 
obtained from other physico-chemical methods, to establish the posi 
tion of portions of the liquidus and upper solvus curves 

Points on the solidus were obtained by observing the temperature at 
which melting first occurred during heating in alloy bar specimens. 
This was determined by sighting with an optical pyrometer on a small 
hole in the bar and observing the temperature at which liquid first ap- 
peared in the hole. The alloy was heated by passing a high current 
through the bar which was clamped between two water-cooled elec- 
trodes. 

Electrical Resistance Measurements—The electrical resistances of 
the various alloys were measured as a function of temperature by use 
of a continuous recording apparatus designed and constructed by 
Chiotti (3). The alloy specimen in the form of a rod was clamped be 
tween two water-cooled electrodes and heated by passing a high cur 
rent through the rod. The potential developed between two tungsten 
probes in contact with the specimen was recorded directly, as resistance, 
on a specially adapted Brown Electronik potentiometer. The tempera 
ture of the sample was determined at frequent intervals by sighting 
with an optical pyrometer on a small hole in the specimen. After meas- 
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uring the cross sectional area of the rod and the distance between the 
probes, the specific resistivity of the alloy was calculated and plotted 
graphically as a function of temperature. 

X-Ray Investigations—Power diffraction patterns were obtained on 
alloy filings with a Debye-Scherrer camera. The lattice constants ob- 
tained from the cubic patterns were refined by an extrapolation of the 
Nelson-Riley function, ™%[cos*@/sin @+ cos*6/@|, to @=90° and 
those obtained from hexagonal patterns were calculated by Coh 
(4) least squares method which has been programmed on an IBM 650 
computer. 

High temperature x-ray investigations were carried out by use of a 
specially designed x-ray camera the details of which have been de 
scribed in a paper by Chiotti (5). The camera is an adaptation of the 
North American Philips high angle goniometer in which a flat speci 
men cut from the alloy is positioned in a groove in the surface of a 
tantalum specimen holder. The mounted specimen is surrounded 
tantalum tube furnace and enclosed within an evacuated chamber. The 


temperature is measured by an optical pyrometer sighted through 


en s 


glass window in the vacuum chamber 

Examination of Microstructures—All alloys were homogenized by 
heating in a tantalum tube furnace at a temperature of a few degrees 
below the solidus. They were subsequently held at the desired tempera 
ture for thirty minutes prior to quenching. These heat treatments wer« 
carried out ina vacuum of 10° mm. of mercury. Samples were quenched 
in a stream of helium gas. 


Samples were prepared for microscopic examination by grinding 
on successive silicon carbide papers. The final polish was accomplis 
by either of two methods. In one method the specimen is polished first 
with 600 grit silicon carbide abrasive on a silk cloth wheel and this 
followed by a brief polish using one micron diamond dust on metclot! 
This produces a surface free of the “blue film” which is generally en 
countered on yttrium and yttrium-rich alloys. Residual scratches are 
removed by etching the specimen with a solution of nitric and citric acid 
in a water and glycerine suspension of Linde B on silk velvet cloth. 


1 


The second method utilizes a Syntron vibratory polisher which was 


acquired for this investigation. This technique has been described by 


Long and Gray (6). Some of the advantages of this method are; the 
large number of specimens which can be polished at one time, the ability 
to obtain a flatter surface with better edge detail and inclusion retention 
and the automatic features which require little operator attention 

The etching of the alloys in this system was a difficult and complex 
problem with several different etchants being used throughout tl 
course of the investigation. These etchants and the composition range 
over which they are effective are listed in Table I11. This table, how 


ic 


ever, is a general guide only. Considerable trial and error was often re 
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Table Il 
Compositions of Etching Reagents Used on Thorium- Yttrium Alloys 


Useful Alloy 
Composition 
Etchant Compositior \pplication Procedure Range (Wt. % Y) 
100 pts. HCOOH Electrolytic: 10-20 Pure Th 
2 pts. HC1 secs. at 10 volts 
1 pt. HI 
3 pts. HNOs, 5 pts Immersion: rapid dip 60 to pure Y 
10% citric acid rinse immed.utely with 
5 pts. glycerine water 


4 pts. H2O, saturatec 
with NasSiFs 


1 pt. HNOns, 2 pts Immersion: time re 5 through 50 
H-O saturated wit! juired decreases with 

NasSiFs and NA nereasing Y concen 

CaHaOr tratior 

Con. HNO. Immersion: rapid dip 30 to pure Y 


rinse immediately 
with water 
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Fig. 1—Proposed Thorium-Yttrium Phase Diagram and Plot of Experimental Data 


quired to obtain a well defined structure, and sometimes a combination 
of two etches was used to improve the contrast in a two-phase alloy. 


PRESENTATION OF DATA AND INTERPRETATION OF RESULTS 


Data obtained on the thorium-yttrium system from resistance, melt- 
ing point, and thermal measurements are plotted on the phase diagram 
shown in Fig. 1. These data form the primary basis for the establish- 
ment of the boundaries shown on the diagram. The location of these 
boundaries and identity of the various phase regions in this system were 
confirmed by microscopic and x-ray evidence. 
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Fig. 2—Resistance Versus Temperature Curves of Three Repre 
sentative Th-Y Alloys 


Phase Boundary Determinations—The solidus was constructed from 
melting point data as is shown in Fig. 1. 

The lower solvus boundaries of the a + £8 fields were established by 
constructing smooth curves through a plot of the transformation 
temperatures obtained for the various compositions from resistance 
vs temperature measurements. The a@ transition in crystal bar thoriun 
was observed at 1380°C (2515 °F). This is in good agreement with 
Chiotti’s (7) reported value of 1375°C (2510°F) for thorium con 
taining small amounts of carbon. Resistivity data indicate the presence 
of a rather unusual maximum in the solvus curve of the a (Th) phase 
field at approximately 6 wt. % yttrium and 1435 °C (2615 °F). The 
horizontal which occurs at 1375 °C (2510 °F) in the composition range 
of 21 to 28 wt. % yttrium results from a eutectoid reaction at that 
temperature. Microscopic evidence for this reaction will be presented 
in a later section of this paper. The terminal solid solubility limits of the 
a (Th) and a (Y) regions at the eutectoid temperature were obtained 
by extrapolating the lower solvus curves to the composition at which 
they intersected the eutectoid horizontal. 

Resistance versus temperature curves (see Fig. 2) are reproduced 
for three alloys the compositions of which lie in each of the low tempera 
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Fig. 3—Resistivity of Yttrium Plotted as a Function of 
Temperature 
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ture phase fields. These curves represent the best fit of data from both 
heating and cooling runs. Alloys lying in the a (Th) region undergo an 
increase in resistivity upon transforming to 8, suggesting a volume ex- 
pansion, whereas the decrease in resistivity of alloys in the a (Y) region 
suggests a volume decrease upon transforming. The 28 wt. % alloy, 
consisting of a mixture of a (Y) and a (Th), exhibits only a slight 
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change in slope at the eutectoid horizontal. Fig. 3 is a plot of the re 
sistivity of yttrium as a function of temperature obtained during heat- 
ing and cooling. There is a small, reproducible change in resistivity at 
1490 (2715 °F) +10 °C which is interpreted as the transition tempera 
ture for yttrium of the purity used in this investigation. 

Data obtained from cooling curves were used to establish those por 
tions of the liquidus and upper solvus curves that are shown as solid 
lines in Fig. 1. The differential cooling curves, although unreliable as 
to the specific temperature due to the inz uccuracy of the tungsten 
columbium thermocouples, provided data on the temperature range of 
a thermal arrest. This provided a means for determining the upper 
solvus boundaries of the two a plus B regions once the lower solvus 
curves had been established from electrical resistance measurements 
Points on the upper solvus were determined by adding the tempera 
ture difference between the beginning and end of a thermal arrest ob 
tained from a differential cooling curve to the lower solvus. A similar 
procedure was used in the construction of the liquidus. 

Microscopic evidence—The microstructures observed in alloys 
quenched from various agri en in this system are summarized by 
a plot of these data in Fig. 4. Photomicrographs representing typica 
structures observed in ae quenched from temperatures within the 

various phase regions are shown in the following series of photomicro 
graphs. The structure of thorium in the as-arc-melted condition is 
shown in Fig. 5 and that of a 5 wt. % yttrium.alloy, quenched 
within the a (Th) region, is shown in Fig. 6. 

A series of alloys containing 20, 25, and 30 wt. % yttrium quenched 
from 1200°C (2190°F) show the limited composition range of th 
a (Th) plus a (Y) eutectoid region. The 20 wt. % alloy ( Fig. 7) con 
tains a small amount of eutectoid in an a (Th) matrix. The 25 wt 
alloy (Fig. 8) contains a fine eutectoid structure and the 30 wt 
alloy (Fig. 9) has a small amount of a (Th) in an a (Y) matrix. The 
lamellar eutectoid structure of the 25 wt. % alloy has been considerably 
coarsened as a result of heat treating and quenching from 1370 
(2500 °F) (see Fig. 10). Fig. 11, a 35 wt. % alloy quenched from 
1200 °C (2190°F) shows the typical one phase structure of alloys 
quenched from within the a (Y) region. The structure of unalloyed 
yttrium as quenched from 1300 °C (2370 °F) is shown in Fig. 12. The 
twinned structure observed in this photomicrograph is characteristi 
of yttrium and yttrium-rich alloys. The precipitate visible within the 
grains is believed to be yttrium oxide. 


1 


from 


As can be seen from the plot of microstructural data (Fig. 4), a series 
of alloys quenched from 1400 °C (2550 °F ) confirmed the nature of the 


phase fields above the eutectoid horizontal. The existence of the a 


(Th) + 8 region is evident in the microstructure of the 23 wt 
alloy (Fig. 13) in which large areas of a (Th) are present in a trans 
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Table IV ; ; 
Lattice Constants of the FCC Phase in Th-Y Alloys 
Alloy Composition Lattice Constant 
Wt. % Y) (Angstroms 
crystal bar 
thorium 5.0846 
5.0 5.0854 
15.0 5.0854 
20.0 5.0854 
23.0 5.0857 
25.0 5.0858 
27.0 5.0851 
30.2 5.0855 
Table V 
Lattice Constants of the HCP Phase in Th-Y Alloys 
Alloy Composition Lattice Constants c/a Ratio 

Wt. % Y) tofin A) co (in A) 

Yttrium 4.666 + 0.001 5.797 +0.001 1.581 
90.3 3.665 + 0.001 5.798 + 0.003 1.582 
80.3 3.662 +0.001 5.799 +0.001 1.583 
70.2 3.664 + 0.003 5. 808 + 0.002 1.584 
60.2 3.650+0.001 5 819+0.002 1.589 
50.0 $.647+001 5.818+0.006 1.590 

Table VI 


Reflections and Lattice Constants of the BCC 
Phase Detected Between 1375° (2510°F 
and 1500°C (2730°P) 


Alloy composition hkl Lattice ynstant 
(Wt. % A 
5.0 110 410+0.01 
10.2 110 410+0.01 
211 4.10+0.01 
34.7 110 411+001 
211 4$12+001 
20 +.11+0.01 
310 $13+001 
50.0 110 4.11+0.01 
211 4$11+0.01 
220 $.12+0.01 
R004 no positive identification 
90.3 no detected 
yttriur no detected 
thoriun 4$11+001 


c 


formed 8 matrix. The one phase appearance of the 25 wt. % alloy 


indicates that it has been quenched from the one phase 8 region ( Fig. 
14). A 30 wt. % alloy ( Fig. 15) has been quenched from the a (Y) + B 
region as can be seen from its two-phase appearance 

The microstructures of alloys quenched from 1450, 1500°C 
(2640-2732 °F) and higher temperatures provided conclusive evidence 
for the existence of a continuous series of solid solutions across the sys 
tem at elevated temperatures. Typical one phase structures obtained by 
quenching from temperatures within this region are shown in alloys 
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Fig. 5—Thorium, As-Arc-Melted. aTh. HCOOH-HCI-HI electrolytic etch 


5% Yttrium Alloy, Quenched from 1700 °C (2190 °F). One phase. a(Th) 
HNOs-H2O-NazSiFe-NazCsHiO« etch. « 100 
Fig. 7—20% Yttrium Alloy, Quenched frem 1200 °C (2190 °F). Eutectoid in a(Th 
matrix. As-polished. K 250 
Fig. 8—25% Yttrium Alloy, Quenched from 1200 °C (2190 °F). Eutectoid. As-polishe 
x 450. 


Fig. 6 


containing 23, 50 and 90 wt. % yttrium (Figs. 16, 17 and 18). The 
outline of the primary 8 grains are readily discernible in all three 
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Fig. 930% Yttrium Alloy, Quenched from 1200 *C (2190 °F). a(Th) in a(Y) matrix. 
HNOs-H2O-NasSiFe-NasCaHsOc etch and HNOs etch. x 100 
Fig. 10—25% Yttrium Alloy, Quenched from 1370 °C (2500 °F). Eutectoid. HNOs 
HeO-NaeSiFo-NasCsHsOe etch. x 500 
Fig. 11—35% Yttrium Alloy, Quenched from 1200 °C (2190 °F). One phase a(Y) 
d HN Os-HeO-NaeSiFe-NasCsHsOc etch. X 101 
Fig. 12—Yttrium Metal, Quenched from 1300 °C (2370 °F). Narrow twin bands and 
small oxide inclusions within grains. HNOs etch. x 250. 
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Fig. 13—23% Yttrium Alloy, Quenched from 1400 °C (2550 °F). a(Th) (light 
in transformed 8 matrix. HNOs-HeO-NasSiFe-NaeCsHiOe« etch. » 
Fig 4—25 Yttrium Alloy, Quenched from 1400 °C (255 F). Quenched 8 st 
HNOs-H2O-NaeSiFe-NazCsHiOn etch. * 25 ' 
Fig. 15—30% Yttrium Alloy, Quenched from 1400 °C (2550 °F). Blight phase Y : 
matrix. HNOs-H2O-NaeSiFe-NaeC«HsOn etch 10 ; 
Fig. 16—23% Yttrium Alloy, Quenched from 1500 °C (2550 °F). One phase tra rme : 
structure. HNOs-HeO-NaeSiFe-NaeCsHsOc etch. « 25 i 
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Fig. 17—50% Yttrium Alloy, Quenched from 1500 °C (2730 °F). Transformed B struc 
ture. HNOs-H2O-NaeSiFe-Na2CsHsOc etch and polished to remove film. x 100. 
Fig. 18—90% Yttrium Alloy, Quenched from 1530 °C (2785 °F). Transformed 6 struc 
ture. HNOs-glycerine-citric acid-H2O-NaeSiFs etch. « 100. 





photomicrographs with the transformed structure within the grains 
especially apparent in the 23 and 50 wt. % yttrium alloys. The micro- 
structure of the 90 wt. % alloy quenched from 1470 °C (2680 °F) in 
the a (Y) region (Fig. 19), when compared with Fig. 18, emphasizes 
the difference in grain size as a result of quenching from below and 
above the a (Y ) + £ region. 

During the high temperature homogenization, yttrium sublimes from 
the surface of the specimen producing a concentration gradient at the 
edge of the alloy. This treatment produces a structure which, in es- 
sence, represents a diffusion couple between yttrium and thorium when 
the alloy is quenched from just below the eutectoid horizontal. A corner 
of a 30 wt. % yttrium alloy which was homogenized at 1600°C 
(2910°F) and subsequently quenched from 1375°C (2510°F) is 
shown in Fig. 20. The a (Th) structure is visible in the lower left-hand 
corner of the photomicrograph and a(Y) in the upper right. The 
eutectoid structure lies between these phases. 

X-Ray Diffraction Data—Powder diffraction patterns of alloys in 
the composition range from thorium to 30 wt. % yttrium were indexed 
as face-centered cubic. The 30 wt. % alloy also contained three weak 
reflections of the hexagonal a (Y) phase. These were not observed in 
the patterns of other alloys examined in the [a (Th) + a ( Y)] region. 
Apparently the a (Th) reflections tend to mask out the reflection from 
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20 
Yttrium Alloy, Quenched from 1470 °C (2675 °F). One phase a(Y) 


Fig. 19—90% 
polished. X 100. 

20—30% Yttrium Alloy, Quenched from 1375 °C (2505 °F). a(Th) in lower 

eutectoid in center; and a(Y) in upper right. HNOs-H2O-NaseSiFs- NasCsHiOr 


Fig. 2 


the a (Y ) phase in this region. The lattice constants of the face-centered 
cubic a (Th) phase, calculated from these patterns, are shown in Table 
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IV. An inspection of this table shows that the lattice constant of thorium 
increases slightly with the first 5 per cent additions of yttrium but 
shows little change thereafter. A small expansion in the cell dimensions 
is expected since the yttrium atom is slightly larger than the thorium 
atom. 

The powder patterns obtained from alloys in the a (Y ) solid solution 
region were indexed on the basis of the yttrium hexagonal close-packed 
structure. The lattice constants and c/a ratio calculated from these pat- 
terns are shown in Table V. Since c, increases and a, decreases with 
decreasing yttrium content, the c/a ratio increases toward the theoreti- 
cal ratio of 1.633 for hexagonal close packing. 

Data obtained from the high temperature x-ray studies were used 
primarily for identification of the high temperature phases in this 
system. Body-centered cubic diffraction peaks were identified in alloys 
containing 25, 30, 35 and 50 wt. % yttrium in the temperature range of 
1375 (2510°F) to 1500°C (2510 to 2730°F). The observed reflec- 
tions and their respective lattice constants are shown in Table VI. The 
lattice constant of 8 thorium from Table I is repeated here for ease of 
comparison. There appears to be little change in the lattice constant 
with composition across this region which indicates that the atomic 
radii of beta yttrium and beta thorium are also similar in size. Body- 
centered cubic reflections may have been present in an 80.3 wt. % alloy 
but they were not of sufficient intensity to be certain of their identifica- 
tion. The presence of this phase was not detected in a 90.3 wt. % alloy 
nor in three pure yttrium specimens, probably because of extreme grain 
growth and the temperature effects that tend to decrease intensities at 
high temperatures. 

The hexagonal diffraction peaks obtained in alloys in the a (Y) 
region were usually observed to diminish in intensity and finally to 
disappear at approximately 1300°C (2370°F) due to extreme grain 
growth. Upon continued heating into the [a (Y) + 8] region the hex- 
agonal diffraction peaks reappeared and the B reflections were also ob- 
served. Cycling the temperature through the [a (Y) + 8] region in- 
creased the intensities of the reflections due to nucleation of a larger 
number of grains. This behavior was observed in all but the 90.3 wt. % 
alloy and the unalloyed yttrium specimens. Once the pattern disap- 
peared with these samples, it was not observed again even after cooling 
to room temperature. The highest temperature at which the hexagonal 
pattern was observed in yttrium was approximately 1400 °C (2550°F). 

Diffraction peaks of both the a (Th) and a (Y) phases were identi- 
fied in a 30.2 wt. % yttrium alloy up to 1250°C (2280°F). At this 
temperature the a (Th) reflections disappeared and the a (Y) peaks 
became more intense and remained so up to the transformation temper- 
ature. The disappearance of the a (Th) pattern probably occurred upon 
crossing of the boundary between the a (Y) and the [a (Th) + 
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a (Y)] regions. Intense a (Th) reflections existed in a 25 wt. % 
yttrium alloy up to the temperature of the eutectoid horizontal where 
the peaks disappeared abruptly due to formation of the 8 phase 


DISCUSSION OF RESULTS 


A high temperature allotrope of yttrium was shown to exist between 
1490°C (2714°F) and the melting point of yttrium at 1515°C 
(2760 °F) as is indicated in the phase diagram presented in Fig. 1 
Although a body-centered cubic diffraction pattern was not observed in 
an yttrium specimen in this temperature range, the authors submit that 
the following observations justify this conclusion. 

An examination of the microstructures of quenched alloys showed 
the existence of a continuous series of solid solutions across the system 
at high temperatures. This could not occur without the existence of a 
high temperature body-centered cubic allotrope of yttrium. Also, x-ray 
data of alloys examined in the 8 region indicated that the allotrope has 
a body-centered cubic structure with a lattice constant of 4.11 + 0.02 A 
The lower solvus curve established from a plot of resistivity versus com 
position extrapolates to 1495 °C (2723 °F) at pure yttrium. This tem 
perature was substantiated by a resistivity break in yttrium at 1490 
10°C (2715 + 18°F) as was shown by the data plotted in Fig. 3 

The significance of the maximum in the solvus curves at 6 wt 
yttrium was the subject of considerable speculation by the authors. It 
suggests a tendency toward ordering in the a thorium solid solution 


region. However, the alloys of this composition exhibited no unique 


chemical or physical properties. 


SUM MARY 
On the basis of the data obtained in this investigation a phase dia 
gram was proposed for the thorium-yttrium system with the following 
salient features : 
1. Complete solid miscibility exists at high temperatures 
2. An allotropic transformation from a HCP to a BCC structur 
occurs in yttrium at 1490 °C (2715 °F). 


3. A eutectoid reaction takes place at 1375°C (2510°F) and 


25 wt. % yttrium. 


+. A maximum in the a (Th) to @ transformation occurs at 
1435 °C (2615 °F) and approximately 6 wt. % yttrium 

5. The room temperature terminal solid solubility limits of the 
a (Th) and a (Y) regions are approximately 20 and 30 wt 
yttrium, respectively. 
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DISCUSSION 


Written Discussion: By Karl A. Gschneidner, Jr., Los Alamos Scientific Labo- 
ratory, Los Alamos, N. Mex 

It was of great interest to see the results reported in this paper. Many scientists 
interested in the rare earth and related metals have felt that yttrium and the 
heavy rare earth metals would some day be shown to have a high temperature 
body-centered cubic allotrope. The data given in this paper indicate without 
doubt that the high temperature allotrope of yttrium is body-centered cubic. 
Since this paper was submitted to the 7ransactions of the American Society of 
Metals, alloy studies of other yttrium systems, which have been or are being 
submitted for publication to various journals, confirmed the results reported in 
this paper concerning the high temperature yttrium allotrope (2,3,4) 

There are two questions which I should like to direct to the authors concerning 
two points of interest not mentioned in this paper. Because of the peritectoidal 
formation of 1:1 compounds in the La-Y, Ce-Y, and La-Gd systems, there is a 
possibility that a 1:1 Y-Th compound might also form peritectoidally in the 
aTh plus aY region. The first question is: Have the authors examined alloys in 
the region between 18 and 32 w/o Y for the possible existence of a 1:1 Y-Th 
compound, if so, what were the conditions under which this examination was 
made? The second question is: Have the authors been able to retain beta phase at 


room temperature by a rapid quench: 
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Authors’ Reply 
The authors would like to thank Mr. Gschneidner for his comments and ques 


tions concerning this paper. 


In answer to his first question, alloys encompassing the composition range of 18 
to 32 wt % yttrium were examined microscopically after the completi f re 
sistivity measurements. These measurements employed a cooling rate of approxi 
mately 5°C per minute from the maximum temperature down to 900% 
(1650 °F). No new phase was observed in the microstructures. Also x-ray-dif 


‘ if ( 


fraction patterns taken of powder specimens that were annealed a 
(1575 °F) and furnace cooled showed no evidence of a new phas« 
In reply to Mr. Gschneidner second question, no beta phase was retained by the 


rapid quenching of any alloy investigated in this system 























THE SYSTEM ZIRCONIUM-IRON.-TIN 
By L. E. TANNER AND D. W. LEVINSON 


Abstract 

The zirconium-rich corner of the zirconium-tron-tin sys- 
tem has been determined up to the intermetallic compounds 
ZrFe, (55% iron) and Zr,Sn (24.5% tin) between the 
temperatures 200 and 1100°C (392 and 2012 °F). The al- 
loys were prepared from high purity materials by noncon- 
sumable electrode arc melting techniques under an inert 
atmosphere. Heat treatments were carried out in V ycor 
bulbs either evacuated or under a partial pressure of argon. 
The quenched samples were examined by metallographic 
and x-ray diffraction techniques. Visible melting determina- 
tions were also made. 

A ternary phase, 6, was found between 7 and 8% iron at 
about 24.5% tin. Four invariant reactions are believed to 
take place as follows: a ternary eutectic, liquid = B+ 6+ 
ZrFe., between 930 and 935°C (1706 and 1715°F): two 
successive ternary peritectoids, B+ Zr,Sn=~a+ Zr;Snz 
and B + Zr;Sn3=a-+ 6 between 980 and 900 °C (1796 and 
1652 °F ) ; and, finally, another ternary peritectoid, B + 60= 
a+Zrle, between 790 and 800°C (1454 and 1472°F). 
(ASM-SLA Classification: M24c; Zr, Fe, Sn 


INTRODUCTION 
HE zirconium-iron-tin system was investigated as a part of an 
Atomic Energy Commission program on the heat treatment of 
zirconium-base alloys. The area of interest was the zirconium-rich 
corner bounded by the binary compounds ZrFes and Zr4Sn in the tem- 
perature range of 200 to 1100 °C (392 to 2012 °F). 

The binary zirconium-iron system (based on sponge zirconium) has 
been established by Hayes, Roberson, and O’Brien (1)' and bears 
strong resemblance to the iron-carbon system. The solubility of iron in 
a-zirconium is reported to be quite small while B-zirconium is stabilized 
to lower temperatures with increasing iron content. A eutectoid reaction 
B=a+y, at about 2.2%* iron was found in the range of 800°C 
(1472°F), while a eutectic reaction, liquid—= B+ y, at 16% was 
observed at 934 °C (1713.6 °F). The compound y or Zr2Fe; was iden- 





Sponsored by the Atomic Energy Commission, Washington, D.C., under Contract No 
AT(11-1)-315. 

1 The figures appearing in parentheses pertain to the references appended to this paper 

* All alloy compositions referred to in this paper are in weight % 
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tified as face-centered cubic with a, = 7.04 A appearing at about 47% 
iron. It was reidentified ZrFez by Hayes et al. in the discussion to their 
paper (2), thus being consistent with Wallbaum’s early results that 
indicated a Laves-type structure, Ci5(MgCuz), of this stoichiometry 
(3). The work of Jordan and Duwez (4) confirmed that of Wallbaum 
Also, the present authors rechecked this system using iodide zirconium 
and found the compound ZrFe,g at its proper stoichiometric composition 
(55% iron) (5). 

In the binary zirconium-tin system determined by McPherson 
Hansen (6) the a= 8 transformation temperature is increasedl by in 
creasing tin additions. The peritectoid reaction, 8 + ZrySn =a, was 
found to occur at 980°C (1796°F) at about 9% tin. Increasing tin 
content also stabilized B-zirconium to higher temperatures. A tentative 
tetragonal structure was assigned to the compound Zr,Sn (24.5: 
having lattice constants: a = 7.645 A and c= 12.461 A; c/a= 1.63 
This compound is produced by the peritectoid reaction, 8 + Zr;Snz = 
Zr4Sn, at 1325 °C (2418 °F). At about 1590 °C (2895 °F) a eutecti 
reaction, liquid = 8 + Zr;Sng, at 23.5% tin takes place. McPherson 


and Hansen originally identified the last compound as ZrgSne (46 


tin) ; however, Pietrokowsky (7) claimed it appeared at 43.8% tit 
was thus Zr;Sn3. He indexed the compound as a hexagonal D8g stru 


Jiir 


ture of the Mn;Si; type having a = 8.461 A, c = 5.795 A; c/a = 0.685 
Nowotny and Schachner (8) reported a compound in the composition 
interval ZrSno 55005 (39.1 to 43.8% tin) with the D&s structure 


EXPERIMENTAL PROCEDURES 
Materials 


Westinghouse “Grade 1” (hafnium-free) zirconium crystal bar, as 
received, was the base material for most of the alloys in this study. The 
extremely dilute alloys that remained were prepared with crystal bar 
refined by electron bombardment melting.* The zirconium was cleaned 
by sand blasting and pickling in an HF-HNOs solution. It was then 
cold-rolled to sheet, sheared, pickled again, washed with acetone, and 
stored for melting. High purity, gas-free iron was obtained from Na 
tional Research Corporation, and high purity tin was received { 
Vulcan Detinning Company. The iron and tin ingots were cold rolled 
to sheet, sheared, and cleaned as above. Typical analyses for thes« 
terials appear in Table I. 

Melting Practice 
Zirconium-iron-tin alloys were prepared by nonconsumable electrode 


(tungsten-tipped) arc melting in a water-cooled copper crucible. The 





* Electron bombardment melting by Temescal Metallurgical Corporation, Richmond, ( 
fornia 
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Table I 
Analyses of Materials 





Concentration in 
Element Iodide Zirconium. ppm Iron, % Tin, % 
N <0.001 
oO 0.02 
H <0.005 
Al <35 <0.001 
c 33 <0.005 
Cr <0.001 
Co <0.001 
Cc 25 <0.001 nil 
Fe 27 0.0020 
Mg <10 
Mr <0.001 
Mo <0.001 
Ni <0.001 
Pb <0.001 nil 
Sb 0.0002 
Si nil 
Sn <0.01 
T 25 <0.001 
W <0.001 
Table II 


Schedule of Annealing Treatments 
of Zirconium-tIron-Tin Alloys* 


Annealing Time in He 
Annealing Temperature Homogenized Homogenized Homogenized 
50 hr at 800°C 35 hr at 850°C 313 hr at 900°C 
(°C) F) Iced-Brine Quenct Water Quench Water Quench 
1100 2012 1/12 to 4,25 96 
1000 1832 1/12 to 14.40 9% 
900 1652 96 
800 1472 264 264 
700 1292 508 508 
600 1112 744 744 
500 932 1456 1008 1008 
400, 450 752, 842 1600 
300, 350 572, 662 1768 
200, 250 392, 482 1800 
*Certain critical alloys were annealed at 775, 780, 790, 920, 930, 935, 940 and 950°C (1427 


1436, 1454, 1688, 1706, 1715, 1724 and 1742°F) for periods of time co tent with this schedule 


material was rapidly melted under a protective atmosphere of helium 
or argon gas. A drawing of the furnace and description of general melt 
ing techniques have been published previously (9). Control melts of 
unalloyed zirconium were prepared and checked for hardness and 
microstructure throughout the melting program. The alloys weighed 
from 15 to 25 grams. Chemical analyses of selected alloys indicated that, 
in general, there was close agreement with nominal compositions. The 
nominal compositions are plotted in Fig. 1. 


Annealing Treatments 


Prior to regular isothermal equilibration annealing treatments, the 
alloy ingots were given homogenization anneals. Cold pressing was em- 
ployed to speed the approach to equilibrium of alloy compositions which 
were ductile. 
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Annealing treatments were carried out with specimens sealed in 
Vycor bulbs which were either evacuated or under a partial pressure of 
argon. Samples to be annealed above 900 °C (1652 °F) were individu- 
ally wrapped in molybdenum sheet for protection in the event of in- 
cipient melting of some of the compositions. In the cases where samples 
melted completely, subsequent short-time treatments were made with 
alloys encapsulated in individual Vycor bulbs. Time schedules for the 
equilibration anneals are given in Table II. Quenching was accom- 
plished by breaking the bulbs under cold water. 

Resistance-type, porcelain tube furnaces were used for anneals from 
800 to 1100°C (1472 to 2012 °F) ; lead or solder bath furnaces were 
employed for treatments at 200 to 700 °C (932 to 1292 °F). Tempera- 
ture was maintained within +3 °C. 


Melting Range Determinations 


Visible melting studies were made with a vacuum resistance furnace 
which has been described in detail (10). Specimens supported by tung- 
sten wire were heated rapidly until visible melting occurred. Tempera- 
tures were determined with an optical pyrometer calibrated against the 
melting points of several metals. 


X-Ray Diffraction Determinations 
A 14-centimeter Debye-Scherrer powder camera and nickel-filtered 
copper radiation served for all x-ray work on this system. Minus 320 
mesh powders were prepared by crushing heat treated samples and were 
examined without stress-relief annealing. This was possible since most 
of the alloys examined were fairly high in alloy content and therefore 
quite brittle. 


RESULTS AND DISCUSSION 


Partial isothermal sections were constructed at 100-degree intervals 
between 500 and 1100 °C (932 and 2012 °F ), inclusive, up to the binary 
intermetallic compounds ZrFeg and Zr4Sn. Five of these sections corre- 
sponding to 700, 800, 900, 1000 and 1100 °C (1292, 1472, 1652, 1832 
and 2012°F) levels are presented in Figs. 2 to 6, documented with 
data points. Not all data points have been included for the sake of 
clarity. Dashed lines represent a best estimate of the location of bound- 
aries in instances where no actual data permitted precise location. Phase 
determinations were made by metallographic observations with cor- 
roboration provided by x-ray diffraction data obtained from critical 
samples. 

A ternary phase, 6, was found in the composition range of 7 to 8% 
iron with about 24.5% tin. It was observed to coexist with ZrFe2 but 
not Zr4Sn. A single-phase structure quenched from 900 °C (1652 °F) 
is seen in Fig. 7, and a 6+ ZrFee structure quenched from 1100 °C 
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a . - 
7 * sa if cl hed 
Ke NAC Pe ae ee 
Fig. 7—8.05 Tin-24.67% Iron Alloy Water quenched After Annealing 313 Hours at 
900 °C. Single-phase @ structure. Etchant: 20% HF, 20% HNOs in glycerine. Oblique 
light. « 500 
Fig. 8—Nominal 25% Iron-15.5% Tin Alloy W ate r-quenched After Annealing 25 Hours 


at 1100 °C. A two-phase structure of @ (dark) and ZrFee (white and twinned). Etchant 


20% HF, 20% HNOs in glycerine x 506 


(2012°F) appears in Fig. 8. The ternary eutectic reaction, liquid = 
B+ 6+ ZrFes, was found to occur between 930 and 935 °C (1706 and 
1715 °F) by both metallographic and incipient melting determinations. 
This temperature is below that of the binary zirconium-iron eutectic 
(which lies between 945 and 950°C, or 1733 and 1742°F, as estab- 
lished in current work with iodide-base alloys (5)). A nominal 13% 
iron-7.5% tin alloy quenched from various temperatures illustrates the 
liquid-to-solid transformation. At 1000 °C (1832 °F) primary crystals 
of @ are rejected from the liquid (Fig. 9), while at 935 °C (1715 °F) 
the alloy is in the 6+ ZrFe2 + liquid field and primary crystals of 
ZrFe, are also rejected from the melt (Fig. 10). A eutectic structure of 
8+ 6+ ZrFez is seen in this alloy quenched from 930°C (1706 °F) 
in Fig. 11. 

Zr,4Sn and @ were observed to be remarkably similar metallographic- 
ally. Since both are found in equilibrium with Zr;Sng, x-ray diffraction 
determinations were necessary to delineate their phase fields. Three- 
phase ZrgSn + Zrs;Sny +a and 6+ ZrsSng3 + a structures quenched 
from 900 °C (1652 °F) are presented in Figs. 12 and 13, respectively. 
To account for the change in the phase relations in this compositional 
region from 1000 to 900 °C (1832 and 1652 °F ) as seen in Figs. 4 and 
5, two successive invariant reactions are proposed to follow the intro- 
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Fig. 9—Nominal 13% Iron-7.5% Tin Alloy Water-quenched After Annealing 5 Minute 
at 1000 °C. Primary crystals of @ being rejected from the melt. Etchant: 20% *, 20% 
HNOs in glycerine. X 250. 

Fig. 10—Nominal 13% Iron-7.5% Tin Alloy Water-quenched After Annealing 5 Minutes 

at 935 °C. Primary crystals of @ and ZrFes being rejected from the melt. Etchant: 20 
iF, 20% HNOs in glycerine. X 250 
Fig. 11—Nominal 13% Iron-7.5% Tin Alloy Water-quenched After Arnealing 96 Hour 
at 930 °C. Eutectic structure of 68 +6+ ZrFes. Etchant: 20% HF, 20% HNO: in 
glycerine. X 500. 

















1960 ZIRCONIUM-IRON-TIN SYSTEM 1127 
Table Ill 
Diffraction Pattern of @ Phase* 

i d 5” d 

1 5.75 4 1.17 
1 §.35 4 1.14 
1 4.99 1 1.10 
1 4.56 2 1.08 
1 3.95 4 1.06 
10 2.60 4 1.04 
7 2.45 6 1.01 
. 2.28 4 0.959 
7 2.08 ; 0.951 
3 2.04 5 0.934 
4 1.91 1 0.925 
5 1.72 2 0.917 
6 1.67 2 0.901 
3 1.58 1 0.886 
2 1.54 1 0.871 
6 1.49 3 0.866 
9 1.44 1 0.895 
8 1.38 2 0.846 
2 1.33 1 0.842 
3 1.28 ; 0.821 
; 1.24 ; O.811 
3 1 22 


* Alloy: 8.05% iron—24.67% tin 
+ Observed intensity; 1: very faint to 10: very strong 





Fig. 12—0.54% Iron-22.67% Tin Alloy Water-quenched After Annealing 313 Hours at 
900 °C. A peritectoid formation of ZrsSns surrounded by ZraSn plus a. Etchant: 20% 
HF, 20% HNOQs in glycerine. x 500 
Fig. 13—5.13% Iron-24.25% Tin Alloy Water-quenched After Annealing 313 Hours at 
900 °C. A peritectoid formation of ZrsSns surrounded by @ plus a. Etchant: 20% ¢ 
20% HNOs in glycerine. x 500 


duction of a into the system at 980°C (1796°F) (6). These are the 
four-phase ternary peritectoid transformations : 

B + Zr.Sn = a + ZrsSns and 

8 + ZrsSns =a + 0 
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Fig. 14—Nominal 2% Iron-9% Tin Alloy W ee hed After Annealing 96 Hour 
00 *¢ An « 8+ @ st ructure Etchant: 20% HF, 20% HNOs in glycerine. 
Fig. 1 Nominal Iron-9% Tin Alloy W ater q juenched After Anne ali ng 64 Hou 
800 °C. Widmanstatten and equiaxed @ in an a matrix Etchant: 20% HF HN‘ 
in glycerine. x 1000 
> : J ' -_ 
ay a a im 
ral ¥ ict a 7 
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16 417 


Fig. 16—3.14% Iror 66 Tin Alloy Water-quenched After Annealing 

800 °C. ZrFee particles in a’ (transformed 8) matrix Etchant: 20° Hf 
in glycerine. x 750 

Fig. 17——-1.21 [ror 8 Tin Alloy Water-qu enched After 

HF t 


Anne aling 64 H 
R00 *¢ An a +8 structure. Etchant 


20% , 20% HNOs in glycerine 
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The diffraction pattern of the @ phase from an 8.05% iron-24.67% tin 
alloy is presented in Table III. Attempts were made to index this pat 
tern on Hull-Davey charts for various lattices. There appeared to be a 
fit on the tetragonal chart; however, it was not considered satisfac 
tory to provide a positive identification (11). 

Ana-+ 8 + 6 structure of a nominal 2% iron-9% tin alloy quenched 
from 900 °C (1652 °F) appears in Fig. 14. This alloy has a two-phase, 
a+ @, structure at 800 °C (1472 °F) with 6 in the form of a Widman- 
statten precipitate (Fig. 15). The B field is quite small at this tem 
perature and is inferred to be present between the observed 8 + ZrFe. 
and a + £B fields as illustrated by the structures of the 3.14% iron-0.66% 
tin and 1.21% iron-1.08% tin alloys (Figs. 16 and 17, respectively ) 
The £ phase enters into a fourth invariant reaction below 800°C 
(1472 °F) which appears to be the ternary peritectoid: 


B+ é@=2a+ ZrFe2 
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Fig. 19—Nominal 10% Iron-10% Tin Alloy Water-quenched After Annealing 508 H 

at 700 °C. A three-phase a + 6 + ZrFee structure. Etchant: 20% HF, 20% HNO 
glycerine. x 500 

Fig. 20—Nominal 2% Iron-2% Tin Alloy Water-quenched After Annealing 744 Hours 

600 °C. A three-phase a+ 6+ ZrFee structure. Etchant: 20% HF, 20% HNO 
glycerine. x 500 


at+Zr,Sn 


Fr 
46 
2a 
, F 
4 e 
And 
Below 





Fig. 21—Zirconium-Rich Corner at 600 °C (1112 °F) and 
Below (Tentative), System Zirconium-Iron-Tin 


This would occur prior to 8 disappearing in the binary zirconium-iron 
eutectoid reaction (between 790 and 800 °C or 1454 and 1652 °F (5) ). 
To define the four proposed phase transformations more closely a 
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“ * a . 
22 ' 23 : . 
Fig. 22—0.008% Iron-0.070% Tin Alloy Iced-brine Quenched After 508 Ho urs at 700 °C 
Single -phase a structure with some hydride platelets in evidence. Etchant: 20% HF, 20% 
HNOs in «yr 50% He2Oe, 45% HNOs, and 5% HF. x 1000 


Fig. 23—0.028% Iron-0.369 Tin Alloy Iced-brine Quenched After 508 Hours at 700 °C 
@ and/or ZrsSns particles in an a matrix; hydride platelets also observed. Etchant: 20% 
HF, 20% HNOs in glycerine; 50% H2Oe2, 45% HNOs, and 5% HF. x 1000 


vertical section at 90% zirconium has been constructed which passes 
through the planes of the four-phase reactions. It is found in Fig. 18. 

The isothermal sections at 500 and 600°C (932 and 1112°F) are 
identical to the one at 700°C (1292°F) with the exception of the di- 
minishing a phase field as temperature decreases. Typical three-phase, 
a+6-+ ZrFes, structures are seen in Figs. 19 and 20 of a nominal 
10% iron-10% tin alloy quenched from 700 °C (1292 °F) and a nomi- 
nal 2% iron-2% tin alloy quenched from 600 °C (1112 °F). 

A close examination of the solubility limits of iron and tin in the a 
solid solution was made down to 200°C (392°F). The results are 
summarized in Fig. 21 as well as in Figs. 2 and 3. The dilute alloys 
used were all analyzed. It is seen that the solubility of iron is “g: the order 
0.02% at 800 °C (1472 °F) and less than 0.01 2% at 700 (1292 °F) 
and below. The decrease in solubility of tin is not as extreme, and thus 
the a field lies close to the zirconium-tin binary system. A single-phase 
a structure of a 0.008% sige tin alloy quenched from 700 °C 

(1292°F) appears in Fig. 22. The precipitate particles were impos- 
sible to identify except where the samples were of binary alloys. A 
typical multiphase structure is found in Fig. 23 of a 0.028% iron-0.36% 
tin alloy also quenched from 700°C (1292 °F). The particles could be 
§ and/or Zr;Sng. Hydride platelets were also observed. 
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SUM MARY 
The important features of the zirconium-rich portion of the zir 
conium-iron-tin system between 200 and 1100 °C (392 and 2012 °F) 


up to the binary compounds ZrFee and Zr,Sn are as follows: 


1 


1) A ternary phase, 6, appears between 7 and 8% iron and about 
24.5% tin 

2) The four-phase ternary eutectic reaction, liquid = + 6 
ZrF es, is believed to occur between 930 and 935 °C (1706 and 
1715 °F). 

3) The two successive four-phase ternary peritectoid reactions 

B+ ZrgSn=a+ Zr;Snz and B+ Zr5Sng—a+ 6, are in 

ferred to follow the appearance of a at 980°C (1796°F) and 

be complete above 900 °C (1652 °F). 

The four-phase ternary peritectoid reaction, 8 + 6=—a 

ZrF eg, is believed to take place between 790 and 800 °C (1454 

and 1472 °F). 

5) There appears to be no solubility of tin in ZrFee nor iron in 
Zr45n 

6) The solubility of iron in a is less than 0.012% at 700 °%¢ 


(1472°F) and below. Tin solubility does not decrease as 


drastically. It is about 2.5% at the above temperature and less 
than 0.060% at 400 °C (752 °F ) and below. 
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DISCUSSION 


Written Discussion: By D. K. Deardorff, United States Department of the In- 
terior, Bureau of Mines, Albany, Ore 

The authors have undertaken a big task in determining as much of the zirconium 
corner of this system as they did, and apparently have done a first-class job. The 
finding of the ¢ phase is most interesting, and their micrograph of it appears re 


markably single phase 
We have two minor objections to raise, as follows 


Three different reversible reactions are reported in which two solid phases 
transform into two different solid phases. In our opinion these reactions are 
erroneously referred to as peritectoid reactions. Dr. Frederick Rhines, in 
his text, “Phase Diagrams in Metallurgy,” states on pages 206 and 207 
that no name has been assigned to the above type reaction and that a re- 
action of the type a + 8 + y——> S would be the logical choice to label as 


ternary peritectoid 


Brief mention is made of a technique for determining melting ranges which 
can give erroneous results. Although the results of the visible melting 
studies were not stated, and probably no errors incurred at the isotherm 
temperatures selected, we wish to encourage use of an improved version 
of the technique. Eutectic melting can occur between specimens and con- 
tacting tungsten wire (used as a suspension or support) and be mistaken 
for melting of the specimen alone. This was reported (2) by Deardorff and 
Hayes in regard to the melting point of hafnium, and an improved tech- 


nique was described for prevention of eutectic alloying 


Written Discussion: By M. L. Picklesimer, metallurgist, Metallurgy Division, 
Oak Ridge National Laboratory, Oak Ridge, Tenn 

The authors have accomplished an investigation much needed by the zirconium 
industry. Immediate application of the results of this excellent study can be made 
by the users of sponge zirconium and Zircaloy-2 mil! products 

Two errors noted in the manuscript caused some confusion to the discusser. 
The composition of the alloy whose structure is shown in Fig. 7 should be, ac- 
cording to the text. 8.05% Fe—24.67% Sn. The figure legends of Figs. 14 and 15 
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and the discussion in the text pertaining to them are not consistent, both appearing 
to be in error. 

As the authors do not state the analyses of the alloys for hydrogen content 
the discusser would like to inquire if any special precautions were used to control 
the hydrogen content and if the hydrogen analyses of the specimens are known 
It has been shown (3) that the alpha/alpha plus beta temperature in Zircaloy-2 


is lowered from 832 to 812 °C (for the particular specimen) by the addition of 50 
ppm Ho, an amount normally present in commercial material and in as-received 
iodide zirconium bar. While such a small amount of hydrogen should not ap 
preciably affect the phases found, the critical temperatures may be shifted rather: 
appreciably. 

\ vertical section of the ternary system at 0.5 wt % iron, as presented in the 
authors’ reference 11, would be of cons.uerable aid to workers in the field if it 
were included in the present paper 


Written Discussion: By R. L. Carpenter, United States Department of the 
terior, Bureau of Mines, Albany, Ore. 

This is a well done paper. The main features of the diagram are substantiat 
by the microstructures. The use of thermal analyses techniques for verifying 
transformation temperatures would have added to the paper. Also, electrical ri 
sistivity measurements could have been used to establish solubility limits 
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Authors’ Reply 


We thank the discussers for their interest in and comments on this work. Dr 
Picklesimer is correct concerning the errors in the preprint. These have beer 
corrected in the TRANSACTIONS 

The control of hydrogen content in the alloys was recognized as an important 
matter at the inception of the program. The analysis received with the “Grade I 
iodide zirconium crystal bar indicated that the presence of hydrogen was no 
detectable. However, it was noted that test arc-melts of the pure material picked 
up as much as 30 ppm He. Thus, the alloy buttons were annealed at 850 °( 
(1560°F) for 6 hours under dynamic vacuum to attempt to remove hydroget 
absorbed in inelting 

The maximum hydrogen pick-up after the iodide material was electron 
bardment melted was 4 ppm. The dilute alloys based on this stock were 
melted with utmost care to minimize contamination. Test melts made at regul 
intervals during their preparation contained no greater than 10 ppm Hoe. Va 
annealing was considered unnecessary in this case. Therefore, with the above 
mind, it is safe to assume that the hydrogen level for the system presented is les 
than 30 ppm. 

In compliance with Dr. Picklesimer’s request a tentative partial vertical 
tion at 0.5% iron (parallel to the zirconium-tin binary system) is presente 
Fig. 24. This was constructed to depict approximately the phase fields bel 
700 °C (1290 °F) in proximity to zircaloy compositions. 

The authors are delighted to have Mr. Deardorff raise a point about which 
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Fig. 24—-Tentative Partial Vertical Sectior 


yf the Zirconium-Iron-Tin System at 0.5 
ron 


there has been (and still is) a charming difference of opinion. Four phase in 
variant reactions in ternary systems are either, typically, 
a+B+ys38 
or a+ 

in which any and all combinations of phases may be liquid. Each of the iwenty 
eight possibilities (ignoring participation of a gas phase) ought properly to have 
a name in spite of the lack of agreement on categorical names for the above two 
basic reaction types. 

Masing,* for example, defines a reaction of the type a+ S8s7y+65 as a 
peritectoid reaction (peritectic if one of the phases is a liquid) and regards 
a+8++7<8 as a eutectoid (or eutectic if 5 is a liquid). The question of 
naming this latter reaction if either the a, 8 or y is a liquid is honestly avoided if 
one chooses to prefix the two phase—two phase reactions with “peri” and one 
phase—three phase reactions “eu” regardless of which way they go with de- 
creasing heat content, using the suffix “oid” only if one is referring to a solid 
state reaction 

It now is our feeling that still less confusion would occur by simply referring 
to them as four phase invariant reactions, simultaneously writing the equation 
and naming or otherwise characterizing the phases participating 

In any case our use of the word peritectoid was based on Masing’s definition. 

The authors are familiar with the improved technique for determining melting 
temperatures cited by Mr. Deardorff. He is correct in assuming that no problems 


*G. Masing, Ternary Systems (B. A. Rogers translation) Reinhold Publishing Co., 1944, 
p. 145 
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arose in using the method described in the text at the temperatures studied. The 
determinations were made to find the highest temperature for homogenization 


of ternary alloys such that melting would not occur. Additional observations for 
melting at certain predetermined temperatures were carried out with samples 
encapsulated in Vycor. These results were always checked by subsequent metal 


lographic examination of the quenched structures 

In one case the visible incipient melting technique was used at higher tempera 
tures when checking the stoichiometry of Zr Fes. The results were consistent 
earlier determinations and there was no apparent reaction between the t 
wire and the iron-rich binary alloys (5).** 

Mr. Carpenter’s points regarding auxiliary and, certainly, more defi 
techniques is well taken and the authors regret that time did not permit their 
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